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Abstract 

Titanium and its alloys are materials of great interest because of their unique combination of 

low density, high specific strength, biocompatibility, and excellent corrosion resistance. 

However, the high production cost of titanium components limits their applications. Powder 

metallurgy (PM), especially near-net-shape technologies, offers a promise to reduce the 

manufacturing cost of titanium products. Among PM manufacturing techniques, metal 

injection moulding (MIM) has the ability to produce articles with complicated geometry; 

conventional press-and-sinter is a simple, cost-effective and most common powder 

metallurgical route; and hot pressing is a fast process in which elevated temperature and 

compressive stress are simultaneously applied to the powders, leading to the fully dense 

resultant product. Nevertheless, the titanium and its alloys MIM (Ti-MIM) technology has 

not seen significant breakthroughs because these materials are easily contaminated by the 

binders during debinding and sintering. The press-and-sinter routes are able to achieve > 97 % 

of theoretical density in Ti-6Al-4V alloys; however, when applied to other titanium alloys, 

for example Ti-Ni alloys, the commonly obtainable sintered density is low, with the presence 

of unwanted secondary intermetallic phases. Hot pressing, despite its ability of achieving full 

density, requires relatively complicated equipment, which increases the cost and energy. 

This research explores the above three PM techniques with emphasis on Ti-MIM and press-

and-sinter. In selecting titanium alloys, a special interest is in TiNi – a typical shape memory 

alloy (SMA) because of its exceptional properties. Due to the increasing interest in using 

titanium hydride (TiH2) powder in recent years, this project extensively investigated the use 

of TiH2. The binder development and understanding how TiH2 affects sintering are our major 

research focuses. In this project, we are interested in fabrication and evaluation of porous 

TiNi alloys. Only does Chapter 10 deal with full densification by hot pressing. All these 

chapters together are to provide a big picture to the current powder metallurgical research in 

titanium and its alloys. 

X-ray diffraction (XRD), scanning electron microscope (SEM) either ex situ or in situ, 

thermal analysis and mechanical tests have been extensively used to investigate the three PM 

techniques with an attempt of establishing relationship among processing parameters, 

microstructure and mechanical properties. The main findings can be summarised below. 
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(1) A water-soluble polyethylene glycol (PEG) based binder system was developed for 

formulating Ti-6Al-4V and pre-alloyed TiNi feedstocks. In relation to the PEG debinding 

mechanism, the work presented in this thesis corrected a misunderstanding commonly 

reported in the literature. A mathematical model to elucidate the water debinding of PEG 

was proposed and in this new debinding model, PEG does not form a gel. 

(2) Porous TiNi alloys were compared using different MIM feedstocks. The feedstocks were 

formulated either with the PEG-based or an agar-based binder system and elemental 

powders. Two batches of powder mixture were prepared and compared: Ni/Ti and 

Ni/TiH2. After being sintered at 1100 °C for 2 h, the TiNi samples demonstrated an 

average open porosity ca. 40 %.  The as-sintered TiNi samples revealed multiple phases: 

B2 TiNi phase along with B19‟ TiNi, Ti-rich, Ni-rich phases, oxides and carbides. The 

effect of TiH2 powder and binder on the pore characteristics and the resultant mechanical 

properties are discussed. It is found that the use of TiH2 powder in the feedstock not only 

promotes densification but also enhances chemical homogenisation in the sintered 

samples. The sintered samples made from the Ni/TiH2 feedstock exhibited a lower 

porosity, smaller pore size and higher fracture strength, as compared to those made from 

the Ni/Ti feedstock. The sintered porous TiNi alloys made from the agar-based feedstock 

demonstrated a one-way shape memory effect. 

(3) The investigation was made into effect of backbone polymers in the binder system by 

comparing a newly developed polymer „Q‟ with polymethyl methacrylate (PMMA). It is 

found that the decomposition temperature of Q is almost 100 °C lower than that of 

PMMA, a significant achievement in Ti-MIM. The resulting oxygen pick-up in the 

sintered Ti-6Al-4V alloys made from the Q-feedstock was significantly lower than that 

from the PMMA-feedstock. As expected, better ductility was observed in the sintered Ti-

6Al-4V alloys prepared from the Q-feedstock compared with the PMMA-feedstock. 

(4) Porous TiNi alloys were also fabricated by a traditional press-and-sinter process. Again 

two batches of powder mixture were prepared and compared: Ni/Ti and Ni/TiH2. The 

powder mixtures were pressed under different compaction pressures and subsequently 

sintered in vacuum at three different temperatures (i.e., 1000, 1100 and 1200 C) for 2 h. 

A post-sintering treatment was carried out at 1000 C for 6 h. An open porosity from 

10.2 % to 33.8 % was observed with the largest pore size ranging from 3.5 to 27.4 µm. In 

comparison with the Ni/Ti sintered samples, the samples sintered from the Ni/TiH2 
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mixture exhibited a higher porosity, smaller pore size, higher fracture strength, smaller 

cyclic residual strain, higher recovery pseudoelastic strain and lower secant modulus. 

(5) To minimise the effect of particle size of TiH2 powder on densification, Ti and TiH2 with 

similar particle size were used in the press-and-sinter route. An in situ observation of 

TiNi powder sintering from TiH2 powder was presented, for the first time, using an 

environmental scanning electron microscope (ESEM). It is found that hydrogen release 

during dehydrogenation significantly affected the sintering behaviour and resultant 

microstructure. In comparison to the blended Ni/Ti powders, dehydrogenation occurring 

in the Ni/TiH2 blend led to a higher porosity, less densification and a lower degree of 

chemical homogenisation after being sintered at relatively low temperatures, e.g., 900 °C. 

However, with increasing the sintering temperature (i.e., over 942 °C) the sintered 

Ni/TiH2 blend showed better chemical homogenisation, although it exhibited even a 

higher porosity, lower densification, larger pore size, lower fracture strength, lower close-

to-overall porosity ratio and lower Young‟s modulus as compared with the Ni/Ti sintered 

sample. 

(6) A fully dense TiNi alloy was produced by hot pressing of elemental powder mixture 

(Ni/Ti) with two different compositions at 1200 °C for 2 h under 25 MPa flowing argon. 

Despite full sintered density being achieved, the hot-pressed TiNi alloys still attained 

multiple phases: B2 TiNi phase along with B19‟ TiNi, NiTi2 and Ni3Ti phases. Post 

sintering at 1000 °C for 6 h did not result in a single B2 TiNi phase. Even worse, the post-

sintering treatment led to a higher porosity and inferior mechanical property compared 

with the hot-pressed samples without the post-sintering treatment. 

In summary, powder metallurgical TiNi and Ti-6Al-4V alloys have been investigated in this 

study, with focus on three specific techniques – MIM, press-and-sinter and hot pressing. 

Porous TiNi alloys are readily obtained with the feasibility of controlling porosity. However, 

it was difficult, if not impossible, to obtain single B2 phase TiNi SMA through powder 

metallurgical routes. The binder developed in this study has a potential to be transferred to 

industry. This project also opens some more questions for future investigations.
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Chapter 1 Introduction 

1.1 Background 

Great interest has been shown in the use of titanium and its alloys in a large spectrum of 

applications because of their superior properties [1, 2]. The combination of high strength, 

stiffness, good toughness, low density and good corrosion resistance provided by various 

titanium alloys at very low to moderately elevated temperature allows weight savings in 

aerospace structures and other high-performance applications. The high corrosion resistance 

together with good strength cause titanium and its alloys useful in chemical, petrochemical 

and marine environment applications [1, 2]. Among metallic biomaterials such as stainless 

steels and Co-Cr alloys, titanium and its alloys exhibit the most suitable characteristics for 

biomedical applications because of their high biocompatibility, nontoxic, specific modulus 

and corrosion resistance [3]. They are currently utilised as metallic structural biomaterials for 

use in implants such as artificial hip joints and dental roots; they are mainly used in implants 

that replace hard issue. 

However, the application of titanium and its alloys is still limited in aerospace, chemical and 

biomedical industries; its wide use in commodity applications has not yet been realised. This 

is mainly because of its affordability which stems from their poor cold workability, costly 

and multi-step processing and difficulty of machining. Powder metallurgy (PM) method is 

such a near-net-shaping technique that offers a pathway to overcome this problem. Some 

widely used PM fabrication methods of titanium alloys include self-propagating high-

temperature synthesis (SHS) [4], hot isostatic pressing (HIP) [5], spark plasma sintering (SPS) 

[6], microwave sintering [7], metal injection moulding (MIM) [8] and conventional press-

and-sinter (P&S) [9]. This project looks at three different PM techniques for consolidating 

titanium powders: MIM, P&S and hot pressing. 

MIM has been practised for a few decades and there have been many MIM products available 

on the market, mainly of steel, stainless steel and ceramics. This technology is ideal for 

producing large volumes of small-to-medium sized complex engineering components. 

Considering the high price of quality titanium powder, it is even more attractive when it is 

applied to titanium metal injection moulding (Ti-MIM). Simply this forming technique is a 

combination of conventional plastic injection moulding and powder sintering. Although MIM 

on common engineering materials e.g., steel has been practised since early 1970s [10], Ti-

MIM is a fairly new technology; the first report of its use was published in Japan in the late 
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1980s [11]. Optimistic metallurgists claim that the Ti-MIM technology has been ready for 

industry to take up [12, 13]; however, industry is still wary of its adoption. There is no 

titanium products massively produced by MIM at this time, even though many demonstration 

titanium products have been showcased for many years. The lack of industrial confidence in 

Ti-MIM is because of the very limited availability of commercially viable Ti-MIM 

feedstocks and probably more likely because of the limited understanding of binder chemistry. 

Compared with other powder consolidation technologies, P&S is the oldest yet most widely 

used and successful powder metallurgical route. When P&S is used for consolidating pre-

alloyed (PA) powder, the process is very simple and straightforward, i.e., making use of 

diffusion to metallurgically bond the individual powder particles. The consolidation is 

achieved during sintering through eliminating the pores in the green compact. However, 

when it is applied to a blended elemental (BE) powder mixture, the consolidation involves 

not only inter-particle metallurgical bonding but more importantly compositional 

homogenisation (alloying). In this regard, the sintering parameters need to be more carefully 

designed and controlled. 

Hot pressing is a fast powder consolidation process in which elevated temperature and 

compressive stress are simultaneously applied to the powders. Sintering, in this case, is 

accompanied by mechanical pressing. Under pressure and at elevated temperature, powder 

densification is therefore achieved by synergic thermo-plastic deformation of the powders 

and subsequent creep densification [14]. 

This project aims to investigate the feasibility of these three powder metallurgical routes to 

produce titanium alloys. The processing parameters in each case are looked at in order to 

provide guidance for practicable applications. Since these three routes are operated in 

different ways, we need to focus different aspects on each of them. For example, in MIM our 

specific interest is to develop a novel binder that is potentially used to formulate titanium 

alloy feedstocks. 

In terms of starting powder selection, there are some special considerations. In general, one 

could choose PA powders or BE powders to start a powder metallurgical process. However, 

the availability of PA powders is very limited because of the high manufacturing cost. 

Especially, in the case of TiNi PA powder, it is very difficult to compact such powder 

because of its superelasticity. BE powders are not only more affordable but also with much 
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better compressibility. Recently, the use of TiH2 replacing Ti powder has attracted much 

attention, because the dehydrogenation of TiH2 powder might cleanse the powder surface and 

promote densification [15, 16]. In this project, we are interested in using BE powders, and 

particularly intend to investigate the suitability of using TiH2 powder for fabricating titanium 

alloy products. 

The research scope of this project is indeed broad: three different powder processing 

techniques, different types of starting powder, two types of titanium alloy – TiNi and Ti-6Al-

4V, and different aspects of powder densification are investigated. The titanium end-products 

in this project are either porous (cellular) or fully dense titanium alloys. The approach in this 

thesis is rather uncommon, but it could provide a “big picture” of titanium powder metallurgy 

development. It is also necessary to point out that the project is an important part of a major 

government-funded research programme. 

1.2 Objectives 

The broad objective of this project is to investigate the feasibility of several powder 

densification techniques for titanium alloys. The specific objectives are dependent on these 

three different techniques and summarised below. 

(1) Investigation of water debinding kinetics and mechanism, and development of new 

binders for Ti-MIM 

Investigation of Ti-MIM constitutes the major proportion of this thesis. Developing or 

identifying some suitable binders for Ti-MIM binder systems is the main consideration for 

Ti-MIM study. Water-soluble binders have attracted our special interest, for example, PEG-

based and agar-based binders. The objectives of Ti-MIM in this project are (i) investigating 

the PEG debinding mechanism and the interaction of PEG and water, (ii) investigating the 

agar debinding mechanism and rheological behaviours, and (iii) developing a new binder 

material that has a significantly reduced decomposition temperature. In particular, the aim is 

to develop a binder that can be completely removed at a temperature < 200 °C. 

(2) Investigation of the feasibility of using TiH2 powder in synthesising TiNi SMA 

In recent years there has been increasing interest in using TiH2 to fabricate titanium alloys 

[15, 17-20]. In this project, the specific objective is to investigate how the dehydrogenation of 
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TiH2 affects the sintering behaviour of TiNi alloys and compare with the TiNi alloys made 

from elemental Ti powder. 

(3) Investigation of porous TiNi alloys 

Compared to fully dense TiNi SMA, porous TiNi materials demonstrate some additional 

advantages for biomedical applications, such as further reducing elastic modulus (stiffness) 

and promoting bone tissue ingrowth. These extra advantages can be achieved through 

adjusting the porosity and pore size in the as-synthesised products. 

1.3 Thesis outline 

This thesis is divided into 12 chapters. Most of the chapters are based on the published or 

submitted works by the author [8, 21-29]. Chapter 1 provides an overview of this thesis. 

Chapter 2 is a literature review on powder metallurgical titanium and its alloys, with 

particular emphasis being on MIM and TiNi SMA. Methodology used in this project is 

presented in Chapter 3. Chapter 4 discusses the development of a PEG-based binder system, 

with a focus on water debinding kinetics and mechanism. The detailed property investigation 

of porous TiNi alloys produced by MIM from the PEG-based feedstock is presented in 

Chapter 5. Chapter 6 looks at the use of an agar-based binder in producing porous TiNi by 

MIM, while Chapter 7 discusses the development of an easy-to-decompose polymer (named 

„Q‟) for Ti-MIM. The subsequent chapters continue to explore other powder metallurgical 

techniques. Chapter 8 studies the comparison of microstructure and tensile properties of TiNi 

alloys synthesised by the P&S method from Ni/Ti and Ni/TiH2 mixtures. The effect of the use 

of TiH2 powder and the hydrogen release from the TiH2 powder is investigated using an in 

situ technique and discussed in Chapter 9. Chapter 10 explores the feasibility of hot pressing 

in order to achieve full densification of TiNi alloys. The microstructure and mechanical 

properties of fully dense TiNi alloys are presented and the influence of composition and post-

sintering treatment is also discussed. Chapter 11 presents an overall discussion on the aspects 

arising from the previous chapters, while Chapter 12 opens some new questions and 

suggestions for future research. 
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Chapter 2 Literature Review 

2.1 Introduction 

Titanium (Ti) has been regarded as an expensive high-end metal. It has found wide 

applications in aerospace, offshore oil, medical/surgical, chemical processing industries; 

aerospace industry consumes ~50 % of Ti shipment. The applications in these industries are 

mainly due to its excellent mechanical properties, unrivalled corrosion resistance and 

outstanding biocompatibility [30, 31]. 

As with all other engineering materials, titanium‟s mechanical and physical properties largely 

depend on its chemistry and microstructure [32-34]. One exemplar Ti material is Ti-6Al-4V, 

whose application accounts for 90 % of total titanium consumption. Ti-6Al-4V is a typical 

/ duplex alloy with a strength of up to 1100 MPa and tensile elongation of approximately 

12 %. Ti is a well-known reactive metal and its mechanical properties are significantly 

affected by the trace impurity elements. Fig. 2.1 gives one example of how the ultimate 

tensile strength (UTS) and elongation (%EL) are affected by the equivalent oxygen content in 

pure Ti [35]. 

 

Fig. 2.1 Effect of oxygen content on the strength and ductility of commercially pure titanium [35]. 

Another titanium alloy of interest in this project is TiNi. Near-equiatomic TiNi, or NiTi – 

more commonly known as Nitinol – exhibits many unusual mechanical properties such as 

superelasticity (up to 8 % reversible elasticity), shape memory effect (SME) and high 

damping capacity. These unique properties attained in one single material is exceptional only 

in TiNi and therefore makes it a useful structural material and an important functional 
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material, such as actuator, mechanical couplings and medical devices [36]. It is noted that, 

despite some concerns about Al, V and Ni, Ti-6Al-4V and TiNi are two of the very few 

metals approved by US Food and Drug Administration (FDA) for medical and surgical 

applications. 

Although titanium alloys are promising in many application fields, their utilisations have 

been limited to aerospace, medical/surgical implants, offshore oil drill and chemical 

processing, mainly due to their high raw material and manufacturing costs [37-41]. The 

relatively low thermal conductivity of titanium and the spring-back characteristics make 

titanium extremely difficult-to-machine. In the aerospace industry, a fly-to-buy ratio of 

titanium of 1:50 is common, which means that one needs to buy 50 kg of titanium to make a 

1kg flight component. In other words, 98 % of titanium is wasted during machining. Also 

titanium scraps are difficult to recycle. In order to mitigate these problems, one useful and 

generally accepted approach is through the use of a near-net-shaping (NNS) process such as 

powder metallurgy (PM) [32-34, 42, 43]. 

There have been extensive researches on consolidating titanium powders, in an attempt to 

achieve fully sintered density [44, 45]. In contrast to fully dense titanium, this thesis focuses 

on porous or cellular titanium alloys because of two main considerations when titanium 

alloys are used as an implant material. First, the implant material should have a matched 

elastic modulus to human bones; otherwise a phenomenon of stress shielding occurs, 

resulting in implant loosening [46]. Titanium is a biometal that has by far the lowest elastic 

modulus; however, its modulus of 110 GPa is still too high as compared with that of the 

bones (~30 GPa) [46]. By incorporating pores and adjusting pore size, titanium implants‟ 

stiffness could be manipulated to satisfy the implant requirement to reducing stress-shielding 

[47]. 

The following literature review first discusses powder densification of titanium alloys in 

general (Section 2.2). In Section 2.3, the technologies developed for producing porous TiNi 

alloys are presented. As MIM is the major objective of this project, Section 2.4 details 

titanium injection moulding. Section 2.5 reviews the mechanical properties of powder 

metallurgical titanium and its alloys and the medical applications. Section 2.6 is a summary 

of this chapter. 

2.2 Recent development of titanium powder densification 
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The important PM fabrication methods for densifying titanium alloys include conventional 

press-and-sinter (P&S) [18, 48, 49], metal injection moulding (MIM) [8, 50], hot pressing 

[14], self-propagating high-temperature synthesis (SHS) [4], hot isostatic pressing (HIP) [5], 

spark plasma sintering (SPS) [6, 51], microwave sintering (MS) [7], selective laser sintering 

(SLS) [52-56] and selective electron beam sintering (SEBS) [57-59]. 

2.2.1 Press-and-Sinter 

Conventional press-and-sinter (P&S) is the oldest yet still most widely used powder 

metallurgical technique. As the name suggests, conventional uniaxial powder compaction is 

performed with pressure applied uniaxially, as shown in Fig. 2.2. The powder is first pressed 

into a green compact at ambient temperature. In terms of powder selection, one generally has 

two options for choosing the starting powders: pre-alloyed (PA) and blended elemental (BE) 

powders. Depending on the particle size, morphology and impurity level, the pressing 

pressure normally ranges from 100 to 1100 MPa. Subsequently, the Ti green compact is 

sintered either in a protective atmosphere or under vacuum at a high temperature usually over 

1000 °C. 

                                

Fig. 2.2 A conventional punch and die set for powder compaction. 

Recently, a significantly increasing interest in BE powders is the use of TiH2 to replace 

normal Ti particles. It is reported that the use of TiH2 could result in a significant increase in 

the sintered density (Fig. 2.3) and a relatively small β grain size in Ti-6Al-4V [60]. 

Importantly, the high density obtained in Ti-6Al-4V is virtually independent of the 

compaction pressure used, which is of great significance for complex components. 

It has been a long time effort for PM titanium products being accepted in the structural 

components on commercial aircraft. Only until recently is there an important breakthrough on 

this development. Dynamet Technology Inc., Burlington, USA, has received qualification 

① ④ 

② 

③ 

① 

① Die 

② Upper punch 

③ Lower punch 

④ Powder 
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approval from Boeing for the supply of Ti-6Al-4V alloy products for structural components 

on commercial aircraft in 2012 [61]. Dynamet‟s advanced PM manufacturing technology 

involves cold consolidation of blended elemental titanium and alloy powders and vacuum 

sintering, with or without subsequent HIP, to produce powder metal products in basic shapes 

and near-net shape product forms. After years of development and qualification effort 

including establishing design database from Dynamet supplied materials, a Boeing Material 

Specification has been released with Dynamet Technology as the only qualified manufacturer 

for PM Ti-6Al-4V product for Boeing Commercial Airplanes. This major milestone now 

permits Boeing Commercial Airplanes and their component supply chain to begin the process 

of substituting the PM Ti-6Al-4V alloy product as an alternative to machining from standard 

grades of Ti-6Al-4V, for example bars, plates, castings, forgings or extruded products. 

 

Fig. 2.3 The density of Ti-6Al-4V compacts after sintering. Conditions 5 and 7 used hydride powder and 

exhibited by far the highest and most uniform densities after sintering [60]. 

2.2.2 Metal injection moulding 

Metal injection moulding (MIM) is a new development of the traditional powder 

metallurgical process and is rightly regarded as a branch of powder technology [62-64]. As 

discussed above, the standard P&S process is to compact a lubricated powder mix in a rigid 

die by uniaxial pressure, eject the compact from the die and sinter it. Mass production of 

components by P&S has had a long history; however, there is one significant limitation with 

regard to the component geometry. After compacted in the die the green parts must be ejected, 

i.e., pushed out of the die cavity. It is obvious that the green parts with undercuts or 

projections at right angles to the pressing direction cannot be made directly. This limitation 

can be substantially removed by the MIM process. MIM is an intelligent technology for the 

large scale production of high standard parts, which combines the geometrical complexity 
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known from injection moulded plastic parts with the material properties of high performance 

metals [65]. The benefits of using MIM process are material flexibility, precision surface 

finish, shape complexity and design flexibility, low cost production and good properties [66]. 

Fig. 2.4 provides a schematic description to help visualize the important processing steps [63]. 

These steps involved in forming a component by MIM include: (1) selecting and tailoring a 

powder for the process; (2) mixing the powder with a suitable binder system; (3) producing 

homogeneous granular pellets of mixed powder and binder; (4) forming the part by injection 

moulding in a closed die („green‟ parts); (5) removing the binder from the green parts (to 

produce „brown‟ parts); (6) densifying the compact by high-temperature sintering; and (7) 

post-sintering processing if necessary, including heat treatment or further densification. 

 

Fig. 2.4 Schematic diagram of MIM [63]. 

The binder often consists of more than one polymer and the amount of polymers ranges from 

15 vol.% to 50 vol.% of the mixture with the remainder being metal powders. In formulating 
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powder feedstock, small particle size is preferred because it leads to fast densification by 

sintering. The injection moulding step involves heating and pressurisation cycles. After 

moulding, removal of the binder from the powder compact can be a slow step and a number 

of problems could arise from debinding. In sintering, the void space after removal of the 

binder is eliminated with concomitant shrinkage. The resulting compact usually has 

microstructural homogenisation and isotropic properties superior to that available from many 

other processing routes. 

Reports on Ti-MIM have been focused on Ti-6Al-4V alloys using the elemental or PA 

powder since the first paper on Ti-MIM was published in the late 1980s in Japan [67]. Many 

studies followed suit. Regular reviews on Ti-MIM have been published [12, 13, 63, 66, 68] 

with the most recent one being published by Cao et al. [68]. A general conclusion is that 

MIM can achieve a comparable sintered density and hence mechanical properties to the other 

PM techniques. An example is listed in Table 2.1. 

Table 2.1 Properties of Ti-6Al-4V sintered alloys using BE powder and/or PA powder by MIM [69]. 

*HDH means titanium powder is made by the hydrogenation-dehydrogenation (HDH) method. 

2.2.3 Hot pressing 

Hot pressing is a fast process in which elevated temperature and compressive stress are 

simultaneously applied to the powders. The compressive pressure increases the driving force 

for powder densification and atomic diffusion [14]. The powder densification during hot 

pressing is therefore achieved by synergic thermo-plastic deformation of the powders and 

subsequent creep densification [14, 70, 71]. 

In making TiNi SMA, the use of blended elemental (BE) powders is a common option. The 

use of BE powers, however, has difficulty of achieving high sintered density, compositional 

homogenisation and particularly single-phase B2 TiNi. According to the work of Uehara et al. 

[72], 10 h is required to obtain single-phase B2 TiNi by sintering BE powders at 1000 C. 

Sekiguchi et al. [73] reported the first study on hot pressing of equiatomic TiNi alloy using 

Material powder* 
Relative 

density/% 

Tensile 

strength/MPa 
Yield strength/MPa Elongation/% 

Gas-atomised (GA) Ti 96.8 800 950 12 

15%HDH+85%GA Ti 97.0 830 975 15 

30%HDH+70%GA Ti 97.5 850 1000 12 

PA Ti-6Al-4V 95.9 800 960 11 
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BE powders. They hot pressed the BE powders at 1050 °C and a relative sintered density of 

95 % was achieved if the hot pressing was at 20 MPa for 1 h. SME was demonstrated in the 

as-pressed TiNi, even though they encountered difficulty in attaining single B2 phase. The 

follow-up researches [8, 23, 24, 26, 74] mainly focused on improving the compositional 

homogenisation, increasing sintered density and minimising the intermetallic phases other 

than the austenitic B2 phase. For example, in the work of Esaki et al. [6], the BE powder was 

first subjected to mechanical alloying for 300 h and then the compact was hot pressed at 950 

C for 1 h under 150 MPa. Full densification, satisfactory mechanical strength and 

recoverable strain were achieved. However, the contamination of Fe and Cr from the milling 

media seems a concern with regarding to the control of phase transformation temperatures 

[75]. In addition, the persistent NiTi2 and Ni3Ti cannot be avoided even under quenching 

conditions [75]. Recently, Li et al. [76] increased the hot pressing temperature to 1100 C. 

Their X-ray diffraction (XRD) and energy dispersive X-ray spectrometry (EDX) results 

appeared to point to a possibility of eliminating the unwanted intermetallic Ni3Ti and NiTi2. 

Kim and Yang [14] produced dense Ti-6Al-4V alloys using PA powders by hot pressing at 

750, 850, 950 and 1050 °C for various times with an applied pressure from 30 to 60 MPa. 

Experimental data were compared with the finite element calculations using the model of 

Fleck et al. [77] and the modified Gurson [78] for thermo-plastic densification and of Abouaf 

[79] and co-workers for subsequent creep densification. 

2.2.4 Self-propagating high-temperature synthesis 

Self-propagating high-temperature synthesis (SHS) is a method for producing metal or 

inorganic compounds by exothermic reactions. Since the process occurs at high temperatures, 

the method is ideally suitable for the production of refractory materials with unusual 

properties, for example: powders, metallic alloys, or ceramics with high purity, corrosion-

resistance at high-temperature or super-hardness. 

Novák et al. [80] studied Ti-Al-Si alloys with different alloying elements (Fe, Ni, Cr, Mo, Co, 

Cu) using SHS technique sintered at a temperature of 900 °C for 0.5 h in vacuum. They 

found that alloying elements did not form their own phases in detectable amounts, being 

dissolved in titanium silicide or aluminide, as shown in Fig. 2.5. Co, Cu and Ni were detected 

mainly in aluminide, while iron was found predominantly in the silicide phase. Chromium 

and molybdenum dissolved in both aluminide and silicide in comparable amounts. 

http://en.wikipedia.org/wiki/Inorganic_compound
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Fig. 2.5 Microstructure of (a) TiAl15Si15, (b) TiAl15Si15Co15, (c) TiAl15Si15Cr15, (d) TiAl15Si15Cu15, 

(e) TiAl15Si15Fe15, (f) TiAl15Si15Mo15, (g) TiAl15Si15Ni15 produced by reactive sintering at 900 °C for 

0.5 h [80]. 

2.2.5 Hot isostatic pressing 

The method of hot isostatic pressing (HIP) is often employed in the fabrication of fully dense 

products. The consolidation of powder compact through HIP is usually applied by high 

pressure gas, such as argon or nitrogen, transferring heat and pressure to the compact. 

Temperature up to 2200 °C and pressures up to 200 MPa are possible using HIP. It is most 

useful for large components where full density and isotropic properties are required [81]. 

Over the years, a number of improvements to the BE approach to produce Ti-6Al-4V alloys 

have been made including secondary operations such as hot forging or HIP. These 

 (d) (c) 

 (f) 

 (a) 

 (e) 

 (b) 

 (g) 
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improvements are aimed at increasing the density of the product (Fig. 2.6) to improve the 

mechanical properties [82]. 

 

Fig. 2.6 (a) A photomicrograph of a Ti-6Al-4V alloy produced from commercial-purity titanium sponge 

fines blended with Al-V master alloy, followed by CIP and sintering to a nominal 95 % of theoretical 

density, and (b) The same material after HIP. The porosity is no longer apparent [82]. 

2.2.6 Spark plasma sintering 

The main characteristic of spark plasma sintering (SPS) is that the pulsed DC current directly 

passes through the graphite die, as well as the powder compact, in case of conductive samples 

[83]. Therefore, the heat is generated internally, in contrast to the conventional hot pressing, 

where the heat is provided by external heating elements. This facilitates a very high heating 

or cooling rate (up to 1000 °C/min), hence the sintering process generally is very fast (within 

a few minutes). 

Zhao et al. [6] produced porous TiNi alloys with 13~25 % porosities by SPS from PA TiNi 

powders. The sample with a porosity of 25 % was found to be weak, due to the formation of 

undesirable intermetallics, while the sample with a porosity of 13 % and a maximum 

compressive stress of 950 MPa induced a strain of 4.6 %, which was fully recovered 

superelastically on unloading in one superelastic loop. 

Kon et al. [84] fabricated porous Ti-6Al-4V alloys using SPS for biomimetic surface 

modification. Porosity was approximately 30 % and the bending strength and elastic modulus 

were 128~178 MPa and 16~18 GPa, respectively. 

2.2.7 Microwave sintering 

100µm  100µm 

(a) (b) 
 (a)  (b) 

http://en.wikipedia.org/wiki/Direct_current
http://en.wikipedia.org/wiki/Graphite
http://en.wikipedia.org/wiki/Electrical_conductivity
http://en.wikipedia.org/wiki/Hot_isostatic_pressing
http://en.wikipedia.org/wiki/Heating_element
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Microwave processing has received much research interest in recent years for materials 

synthesis and sintering owing to its intrinsic advantages, such as high heating rates, short 

processing time, substantial energy savings, improved mechanical properties and 

environmental friendliness [7]. 

Luo et al. [85] used microwave sintering method to fabricate Ti-6Al-4V alloys at 1300 °C for 

3 h. The resultant products showed over 95 % of density and they found that the tensile 

properties of sintered Ti-6Al-4V alloys are similar or better than those of conventional 

sintered products. 

2.2.8 Additive manufacturing 

Additive manufacturing, or recently more commonly called 3D printing, is a process of 

making a three-dimensional solid object virtually with any geometry from a digital model. It 

is achieved using an additive (cf. subtractive processes such as machining) process, where 

successive layers of material are built. It normally uses a computer controlled laser or 

electron beam as the energy source [86, 87]. Additive manufacturing technology, which 

involves a comprehensive integration of materials science, mechanical engineering, and laser 

technology, is regarded as an important revolution in manufacturing industry [86, 87]. A 

number of additive processes are now available. They differ in the materials to be deposited 

and in the way how the layers are built. Selective laser melting (SLM), selective laser 

sintering (SLS), fused deposition modelling (FDM) melt or soften material to produce the 

layer, while stereo-lithography (SLA) cures liquid materials (e.g., polymer). In making metal 

components, SLS and selective electron beam (SEBS) are two of such technologies that have 

been receiving great exploration and development in recent years [52-54, 56-58, 88, 89]. The 

development of SLS and SEBS processes has led to the emergence of new manufacturing 

design methodologies [86, 87]. These processes allow rapid prototyping and rapid 

manufacturing of components that cannot be produced by conventional additive or 

subtractive techniques. 

Shishkovsky et al. [55] successfully used SLS method to produce three-dimensional TiNi 

parts for the dental implants (Fig. 2.7). It shows that the process has some advantages over 

the conventional routes including higher level of control of composition and homogenisation, 

pore formation as well as the possibility of a NNS process. 
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Parthasarathy et al. [59] reported that porous Ti-6Al-4V parts with porosities ranging from 

49.75 % to 70.32 % were fabricated using an electron beam process. The electron beam 

instrument and processing is represented in Fig. 2.8. The resultant structures with pore sizes 

ranging from 765 to 1960 µm and strut sizes of 466~941 µm that facilitate tissue ingrowth 

were fabricated. Compression tests of the samples showed effective stiffness values ranging 

from 0.57 (±0.05) to 2.92 (±0.17) GPa and compressive strength values of 7.28 

(±0.93)~163.02 (±11.98) MPa. 

 

Fig. 2.7 Physical configuration of the sintered articles: (a) monolayer and (b) 3D part “tooth”. The 

distance between neighbouring bars is 1 mm [55]. 
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Fig. 2.8 Schematic working of an SEBS machine [59]. 

2.3 Porous TiNi alloys 

Porous or cellular metals have been extensively developed, typically aluminium metal foams.  

Because of its low melting temperature (i.e., 662 °C) and low reactivity of molten aluminium, 

the aluminium metal foams usually use the liquid-state processing techniques [90-94]. 

Titanium metal foams, unfortunately are difficult to make using liquid processing due to its 

very high melting temperature (1670 °C) and extremely high reactivity [95]. Further, liquid 

titanium is easily reacted with most crucible and die materials, which renders liquid 

processing an almost impossible route for producing Ti metal foams. Powder metallurgy, 

therefore, seems to be the only one possible solution [91]. It is our interest to develop porous 

TiNi alloy in this thesis, thus fabrication and properties of porous TiNi alloys are reviewed. 

Recently, there has been an increasing interest in the porous TiNi alloy because of additional 

characteristics associated with porosity. Porous TiNi alloys find applications in bone implants 

[3, 46, 96, 97], energy absorption [98], light-weight actuators [99] and hydrogen isotope 

separation [100]. Biomedical applications remain the main target for porous TiNi due to the 

following properties: (i) good biocompatibility [101]; (ii) a combination of high strength, 

relatively low stiffness and high toughness [96, 102]; and (iii) shape-recovery behaviour 

facilitating implant insertion and ensuring good mechanical stability within the host tissue 

[102-104]. 
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Porosity on the implant surface not only benefits the bone tissue ingrowth, but also provides 

an effective way of reducing stiffness of the implant. The reduction in the implant stiffness to 

a level of bone stiffness helps mitigate a phenomenon of stress shielding that usually leads to 

the implantation failure [46, 96]. Technically, the mechanical properties of porous TiNi can 

be adjusted to match those of replaced bones by manipulating the porosity and pore sizes 

through controlling synthesis conditions and/or selecting raw materials. It is suggested that 

porous titanium alloys with 30~80 % open porosity,  100 MPa strength at 2 % strain and 

low Young‟s modulus are suitable for the implant applications [46]. 

2.3.1 Properties and principles of TiNi 

The equiatomic TiNi SMA was first found by Buehler et al. accidentally [105]. Its unique 

properties have been attracting continuous extensive research soon after its accidental 

discovery, which can be reflected by the number of publications related to TiNi alloys every 

year up to 2009 (Fig. 2.9) [106]. 

 

Fig. 2.9 Number of publications on TiNi alloys per year [106]. 

The principal properties of SMA could be explained by a two-phase transformation process 

which is from the austenitic phase to martensitic phase and vice versa. There are four 

characteristic phase temperatures: (1) martensite start, Ms, the temperature at which the 

martensitic phase starts to appear; (2) martensite finish, Mf, the temperature at which the 

entire sample is transformed into martensitic phase; (3) austenite start, As, the temperature at 

which the austenitic phase starts to appear; (4) austenite finish, Af, the temperature at which 

the entire sample is transformed into austenitic phase. In general, the martensitic phase B19‟ 

(with monoclinic crystal structure) is stable only at low temperatures while the austenitic 
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phase B2 (with cubic crystal structure) is stable only at high temperatures [107]. The mystery 

of TiNi can be explained in Fig. 2.10 [36]. 

  

Fig. 2.10 Schematic of one-way SME after deformation [36]. 

As the martensite can be easily deformed, the SME is observed when the temperature is 

below Mf and the phase is transformed into martensite completely. After the deformation, the 

deformed shape can be recovered to the original shape through heating up over the 

temperature of Af. In addition, the martensitic transition can be induced by stress. When the 

sample consists of austenitic phase and this sample is deformed under a load, the austenitic 

phase can be transferred to the martensitic phase. However, this stress-induced martensitic 

phase is not stable at a temperature over Af. Upon unloading, the induced martensite transfers 

back to austenite and the sample recovers its original shape, which can be called 

superelasticity or pseudoelasticity. 

It has long been realised that the compositions and metallurgical treatments remarkably 

influence these four phase transformation temperatures [108]. Fig. 2.11 presents one example 

where 0.1 at.% variation in Ni concentration could change Ms by about 18 °C. Fig. 2.12 

illustrates the Ti-Ni binary phase diagram according to which thermodynamically stable 

phases exist in the proximity of equiatomic percentages of Ni and Ti. Applying heat 

treatments such as annealing, solution treatment, and aging can have significant effects on 

types of microstructural phases in the final products and also on thermo-mechanical 

properties of TiNi products. 
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Fig. 2.11 Ms temperature of TiNi alloys as a function of nickel content [108]. 

 

Fig. 2.12 Binary Ti-Ni phase diagram [109]. 

2.3.2 Fabrication methods 

The powder metallurgical methods have been reviewed in Section 2.2 for production of 

titanium and its alloys. Those methods are applicable to produce TiNi alloys. This section is 

therefore devoted to presenting a few examples of porous TiNi fabrication by several 

different methods. 

Press-and-sinter (P&S) 
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P&S was first used to prepare the porous TiNi alloys since 1969 [110]. Elemental Ti and Ni 

or PA TiNi powders were mixed and pressed into compact under a pressure of 200~1100 

MPa. The green compacts were then sintered in a protective atmosphere or under vacuum at a 

temperature of 900~1200 °C for a certain time. The pores in the sintered TiNi alloys are 

caused by several factors such as original pores in the green parts [111], Kirkendall effect 

[111, 112], transient liquid phase [111] and phase transformation (alloying) [113]. The 

Kirkendall effect was discovered by Ernest Kirkendall and Alice Smigelskas in 1947 [114], 

which is the motion boundary of layer between two metals that occurs as a consequence of 

the difference in diffusion rates of the metal atoms. The Kirkendall pores will be formed at 

the side of metal whose diffusion rate is larger. 

It has been reported that the overall porosity of porous TiNi alloys prepared by the P&S 

method is in the range of 30~57 % and it is feasible to obtain higher porosity using pore-

forming agents [17-19, 48, 115, 116]. The P&S porous TiNi alloys exhibit small pore size 

and irregular pore shape. The pore size depends on the sintering temperature and the particle 

size of the elemental metal powders of Ni and Ti. Normally, the pore size of porous TiNi 

alloys produced by this method is in the range of 30~150 µm [17-19, 116]. In addition, the 

microstructures of sintered alloys are extremely sensitive to the sintering conditions. For 

instance, after vacuum sintering blended Ni and Ti powders at temperatures from 600 to 

900 °C for 2~20 h, B2 TiNi with the presence of martensitic B19‟ TiNi and secondary phases 

such as NiTi2 and Ni3Ti are observed. A post-sintering heat treatment (solid solutionizing) is 

useful to eliminate the unwanted intermetallics such as NiTi2 and Ni3Ti, and hence improving 

the shape memory or pseudoelastic effects. This has been demonstrated in Biswas‟s work 

where a post-synthesis heat treatment with a 1°C/min heating rate to 1150 C resulted in a 

single B2 phase in the porous TiNi sample [117]. It is expected that a higher sintering 

temperature and/or a longer sintering time are needed to promote a further densification, 

however, at the expense of reduced porosity. 

Metal injection moulding (MIM) 

MIM can be used to produce porous TiNi alloys with complicated shapes from either BE or 

PA powders. Krone et al. [118, 119] utilised MIM technique to synthesize a stable implant. 

However, the most common problem in MIM producing porous TiNi alloys is the impurity 

take-up especially oxygen. For instance, the level of oxygen in the sintered sample increased 

from 0.11 wt.% (in the virgin powder) to 0.23 wt.% (in the final product). The formation of 
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TiO2 or TiC consumes Ti and thus leads the original equiatomic TiNi to a final Ni-rich 

composition. As shown in Fig. 2.11, such slight compositional variation could result in 

significant change in the phase transformation temperatures [120]. 

Mentz et al. [121] have investigated the TiNi alloy preparation by MIM using the PA 

powders with different Ni contents and particle sizes as the starting materials. The 

microstructure of the materials in an as-sintered state is shown in Fig. 2.13. Hu et al. [122] 

reported the fabrication of TiNi SMA by MIM. The pores are almost three dimensionally 

interconnected, which forms an open porous structure. The MIM process results in the 

formation of several intermetallic compounds such as TiNi and NiTi2, and no reflections 

corresponding to either of the reactants are observed. The B2, an austenitic phase and B19‟, a 

martensitic phase is predominantly present in the porous TiNi specimen [122]. 

 

Fig. 2.13 SEM pictures (backscattering mode) of polished cross sections of (a) MIM with smaller particle 

size and (b) MIM with larger particle size in the as-sintered state [121]. 

Self-propagating high-temperature synthesis (SHS) 

Li et al. [4] investigated the reaction mechanism and characteristics of the porous TiNi alloys 

fabricated by SHS. The porous TiNi alloy exhibited as unusual linear-aligned elongated 

porous structure with about 60 % porosity and a channel size of approximately 400 µm. 

Another paper [102] reported that the SHS-processed porous TiNi alloys had a homogeneous 

distribution of spherical pores with a porosity of 70 %. It should be noted that the 

microstructures of porous TiNi alloys produced by SHS include the predominant phases of 

B2 TiNi and B19‟ TiNi, as well as some secondary phases such as NiTi2, Ni3Ti and Ni4Ti3 

[123]. 

SHS is the method which can produce porous TiNi alloys with large pore size and open 

porosity [46, 117, 123]. The pore size is usually in the range of 100~600 μm; open porosity 

(a) (b) 
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ranges from 30~80 %; the Young‟s modulus is quite low (i.e., close to that of cortical bone, 

10~20 GPa, or cancellous bone, < 3GPa) and the strength is relatively high (i.e., > 100 MPa 

at 2 % strain). 

Hot isostatic pressing (HIP) 

Porous TiNi can be also produced by HIP from elemental powders and may contain other 

intermetallic phases of NiTi2 and Ni3Ti (Fig. 2.14) [124]. If a higher density and dense 

microstructure is required, secondary processing such as remelting or extrusion can be used 

for this purpose. 

 

Fig. 2.14 Microstructure of HIPed TiNi samples at (a) 850 °C (b) 950 °C (c) 1050 °C for 5 h each at 195 

MPa [124]. 

Spark plasma sintering (SPS) 

SPS is a method used to fabricate the porous TiNi alloys. The sintered porosity ranges from 

25 % to 40 % and the reported maximum compressive stress and strain is about 950 MPa and 

4.6 % [6], respectively. 

Microwave sintering (MS) 

Tang et al. [7] produced porous TiNi alloys using MS method. The optical micrographs of 

porous TiNi alloys after being sintered at different temperatures are shown in Fig. 2.15. The 

sintered parts exhibited porosity from 27 % to 48 % and pore sizes from 50 to 200 μm. The 

predominant B2 TiNi and B19′ TiNi phases were identified in the porous TiNi alloys. 

 (a)  (b)  (c) 
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Fig. 2.15 Optical micrographs of porous TiNi alloys sintered at (a) 850 °C, (b) 900 °C, (c) 950 °C and (d) 

1000 °C [7]. 

Comparison of the fabrication methods 

Table 2.2 Advantages and disadvantages of PM processes to produce porous TiNi alloys [120]. 

Method Advantages Disadvantages 

P&S Low cost, good dimensional precision, high 

production rate, availability of wide variety of 

materials, elimination of the need for 

secondary machining operations. 

Products contain large amount of pores (as 

high as 40 %), no good control on pore size 

and amounts, creation of secondary phases is 

probable, presence of residual porosity, size 

and shape limitations, long heating time. 

 

MIM Good shape complexity, high production rate, 

products with mechanical properties nearly 

equivalent to wrought materials, good 

dimensional tolerance control. 

 

Products with residual pores, high sintering 

temperature (large amount of impurity phases, 

costly tooling, part size limitations. 

 

SHS Low energy requirement, relative simplicity of 

the process and equipment, higher purity of 

the products, low cost. 

Products contain large size and amount of 

porosities (as high as 65 %), samples often not 

fully reacted or contain precipitates due to the 

short forming time and high heating rates, 

incomplete reactions between elemental 

powder particles, creation of secondary phases 

probable. 

 

HIP Pressure applied to the material from all 

directions when heating making full dense 

components, improves fatigue resistance of 

the component. 

High energy cost, complicated procedures. 

  

  

(d) (c) 

(a) (b) 
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SPS Low sintering temperature and short 

processing time; avoiding any undesired 

reaction by-products, different materials 

(metals, ceramics, composites) could be 

processed, high energy efficiency, precision 

control over heat, cooling and pressure, 

uniform sintering, ease of operation. 

Expensive pulsed DC generator is required, 

samples with simple shapes. 

MS high heating rates, short processing time, 

substantial energy savings, improved 

mechanical properties, and environmental 

friendliness 

Not suitable for all metals and the ability of 

microwaves to generate heat varies during the 

process. 

 

The advantages and disadvantages of these above-discussed fabrication methods are tabulated 

in Table 2.2 above. 

2.4 Development of titanium metal injection moulding 

2.4.1 Metal injection moulding technology 

Although titanium materials with the unique properties are used extensively in aircraft, 

chemical processing and medical applications, they are limited by the high costs of titanium 

products. The high costs are partially related to the very high material wastage associated 

with conventional wrought and machined products e.g., many aerospace applications involve 

the removal by machining of over 90 % of the starting material. Machining costs are also 

high with this difficult-to-machine material [125]. The high cost of titanium derives from 

three sources: high extraction cost, high alloying cost and high processing cost (Fig. 2.16 

[126]) and the poor material utilisation in conventional processing of many titanium products 

was emphasised [126]. MIM offers a low energy process, compared with casting, press 

forming, forging and machining. It offers low waste through low production numbers of high 

complexity at near net shape with little machining requirements and best suited for small to 

micro-scale parts. MIM is an approach of choice when a large number of small parts of 

highly complex configuration are required as seen in Fig. 2.17 [35]. Although MIM is 

increasingly being used to produce metal parts with and in many cases the only process able 

to produce complex geometries, titanium powder usage is less than 1 % of the MIM market 

[127]. Researchers and industries are working together to increase the awareness of the 

benefits of using Ti-MIM [128]. 

Titanium can be classified by the impurity level. The grade number and strength increase 

with impurity level, for instance, in the Aerospace Materials Standards grade 1 Ti has < 1800 
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ppm oxygen and a tensile strength of 240 MPa and 30 % elongation while grade 4 has < 4000 

ppm oxygen and a tensile strength over 660 MPa and 20 % elongation. The most common 

alloy, Ti-6Al-4V, in the annealed grade 5 condition with < 2000 ppm oxygen has a tensile 

strength of 950 MPa and 14 % elongation [13]. There are four factors dominate the properties 

of Ti-MIM products: porosity, impurity, composition, microstructure and second phase 

(inclusions, polymorphs or composites) [13]. 

Ti-MIM was already demonstrated in the late 1980s and early 1990s [11, 129-131]. The early 

applications are in spectacle frames, firearm trigger guards, sporting equipment, watch cases 

and now the most demanding biomedical implant field. After the initial demonstrations, 

several reports emerged detailing means to control oxygen, improve microstructure 

homogenisation and better refine the processing cycles in light of the impurity sensitivities 

[132-134]. Much effort was required to isolate the processing variables and their interactions. 

Although commercially pure titanium (CP Ti), and Ti-6Al-4V [131] and Ti-6Al-7Nb are the 

most common MIM alloys, research efforts have spilled over to include alloys such as TiAl 

[135], TiNi [8, 26, 136, 137] and Ti-4Fe-7Cr [138]. The following is a detailed outline of Ti-

MIM processing with emphasis on the binder development. 

 

 

 

 

 

 

Fig. 2.16 Three sources of titanium machining high cost (a) forging and rolling, (b) metal extraction and 

(c) alloy melting [126]. 

a 49% 
b 39% 

c 12% 
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Fig. 2.17 Diagram showing where Ti-MIM(PIM) is most appropriately used in comparison with other 

fabrication processes [35]. 

2.4.2 Titanium powders 

Titanium powder for MIM is available from several firms, some being retailers and others 

providing primary fabrication. The powder offerings fall into a few categories and 

micrographs are used to illustrate these categories: sponge fines, gas-atomised (GA) variants 

(Fig. 2.18(a)), plasma-atomised and plasma rotating electrode, hydride-milled-dehydride 

(HDH) (Fig. 2.18(b)), hydride (TiH2) and mechanical or thermal spheroidised variants of the 

above, etc. 

In MIM, the four key powder attributes are the particle size distribution (quantified by the 

median particle size), particle shape (quantified by the tap density), oxygen level and carbon 

level [13]. Because of the difficulty in removing oxygen and carbon during MIM processing, 

it is important to start with impurity levels below the final requirements for the application. 

Final oxygen levels depend on the starting level (powder purity) and change encountered in 

each MIM step. In some studies, the change in oxygen and carbon from the initial powder to 

the final product was large, in excess of 0.15 wt.% oxygen and 0.10 wt.% carbon. To 

minimise impurities, powder selection favours a large particle size with less surface area to 

limit reaction [139]. However, a small particle size is usually favourable in MIM because 

small particles could attain high green density and high sintered density. Also the penalty 

with larger particle size is less dimensional precision, slower sintering densification and a 

rough sintered surface [13]. 
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Fig. 2.18 Scanning electron micrograph of (a) GA TiNi PA powders (b) HDH-Ti-6Al-4V PA powders. 

2.4.3 Binders 

Although MIM has a long history, the first practice of this process on titanium and its alloys 

did not begin until 1988 [11]. Early attempts at developing a viable Ti injection moulding 

process was plagued by the limited availability of suitable powders (in terms of powder size, 

impurities and cost), inadequate protection of titanium during elevated temperature 

processing and less than optimum binders for reactive materials such as titanium. 

Logically, the development of a binder for Ti-MIM draws on the knowledge about the 

binders developed for other common materials, e.g., stainless steel. The early choices for Ti-

MIM were to use the existing binder systems. However, titanium is a well-known universal 

solvent for many impurities such as oxygen, carbon, hydrogen and nitrogen [13]. The 

contamination issue and its effect on mechanical properties is therefore most challenging for 

Ti-MIM and is always the biggest hurdle in convincing the product designers to use this 

technology. 

2.4.3.1 The design criteria for the binder system 

The homogenisation of a powder feedstock is of great importance to MIM processing. Any 

inhomogenisation, including bubbles or cracks, left during the mixing step will be carried on 

to the subsequent processing steps. An inhomogeneous feedstock usually leads to a poor 

flowing behaviour during moulding and difficulty of densification and dimensional stability 

in the final products. To achieve a homogeneous feedstock, the significance of binder 

selection cannot be over-emphasized. The binder in the powder feedstock is a temporary 

vehicle for shaping the feedstock into the required geometry and holding the particles in that 

 (a)  (b) 
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shape until the start of sintering. Although the binder should not dictate the final composition 

of the moulded materials, it has a major influence on the MIM processing. Ideally, the binder 

should meet the following criteria [12, 13, 68, 140]: 

- Have a low melting temperature and quickly solidify. 

- Have sufficient strength at room temperature (≥ 4 MPa), a low viscosity (≤ 10 Pa.s) 

[12, 13] and good fluidity at the moulding temperature. Its viscosity should not be 

altered during the injection moulding process. 

- Be chemically passive and able to wet the particle with a low contact angle (< 5) and 

ideally adhere to the particle surface. 

- Be easy to remove after shaping and ideally not leave a residue that potentially causes 

contamination. The decomposed by-products should be non-corrosive and nontoxic. 

- Be commercially available and practically affordable. 

It is very difficult to find or develop a single material to meet all of the above criteria. In 

general, the binder formulations consist of at least two components: a major component (e.g., 

wax) and a secondary component that is usually a high molecular-weight polymer (e.g., 

PMMA). The major component is used to wet the metallic powder particles and provide 

necessary flowability, while the polymeric component, also called backbone component, 

ensures a sufficient green strength after injection moulding and/or after the major component 

is removed. In most cases, the binder system also contains a third component such as a 

surfactant, which improves compatibility between the metallic powders and the polymer. All 

of the binder components should be compatible with each other. 

2.4.3.2 Binder systems for Ti-MIM 

A general classification of binder systems for Ti-MIM shows three types [12, 141]: 

thermoplastic system, polyacetal system and gelation system as shown in Table 2.3.  

The most popular binder systems are based on paraffin wax (PW) with approximately 25 wt.% 

polypropylene (PP) (low molecular weight and often a copolymer with ethylene vinyl acetate 

(EVA)), up to 15 wt.% polyethylene (PE) (low density and molecular weight) and from 1 wt.% 

to 12 wt.% stearic acid (SA) [142]. SA is a plasticiser used for mould release and viscosity 

adjustments. 

 

http://en.wikipedia.org/wiki/Polypropylene
http://en.wikipedia.org/wiki/Polyethylene
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Table 2.3 Binder systems for Ti-MIM [12, 141]. 

 

2.4.3.3 PEG-based water-soluble binder systems 

Conventional wax-based binders have been widely used in MIM. However, organic solvents 

are involved to extract the wax from the green parts such as heptanes and hexanes. Thus, the 

use of these solvents causes toxicological and environmental concerns and necessitates the 

development of new environmentally friendly binders that are extracted by an 

environmentally friendly solvent such as water. Water-soluble binders which can be removed 

by an environmentally friendly solvent (water) have received increasing interest in recent 

years. 

Polyethylene glycol (PEG) is most commonly used binder component because of its safe and 

ecological advantages and commercial availability. PEGs are soluble in water at a relatively 

low temperature, nontoxic and have a simple structure, -(CH2CH2O)n- [143]. Depending on 

the molecular weight (< 10,000), PEGs are in the state of either liquid or low-melting-point 

solid at room temperature, which means PEGs are very similar to wax. PEGs with low 

molecular weight can be rapidly and near-completely removed in water at up to 60 C. The 

molecular weight of PEG used in formulating MIM feedstock is usually in the range from 

500 to 2000 g·mol
-1

. 

In PEG-based binder systems, PMMA is widely used as the backbone polymer with a 

molecular weight of about 10
6
 g·mol

-1
. Research on MIM using a PEG/PMMA binder system 

was first reported in 1992 [144] and it was observed that after solvent debinding the green 

parts remained rigid and had excellent shape retention, and sintering shrinkage was uniform 

and isotropic. Recently, the use of PEG-based binder system is increasingly performed in 

MIM [12, 21, 50, 64, 140, 143, 145-149]. PMMA decomposition can produce almost pure 

Binder Main ingredients 
Polymer 

backbone 
Additives 

    

Thermoplastic 

binders 

paraffin/ 

microcrystalline/carnauba/beeswax/vegetable/peanut 

oil, acetanilide, antipyrine, naphthalene, 

PEG 

PE, PP, PS, PA, 

PE-VA, PE-A, 

PP-A, PMBA-

E-VA, PMMA 

stearic/oleic acid 

and esters 

thereof, phthalic 

acid esters 

Polyacetal 

binder 

polyoxymethylene  proprietary 

Gelation 

binders 

water methyl 

cellulose, agar 

glycerine, boric 

acid 
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gaseous MMA monomer and leave no residue in vacuum and inert atmosphere, unlike other 

polyolefins [150-152]. For example, Sidambe et al. [147] reported that Ti-6Al-4V alloy parts 

were injection moulded with 69 vol.% solid loading by using PEG/PMMA/SA (87 %, 11 %, 

and 2 % in weight percentage). PEG was completely removed by distilled water at 55 C 

after 5 h and PMMA was removed at a temperature ranging from 300 to 440 C by thermal 

debinding under flowing argon. However, Baril [95] has pointed out that the binder 

components have to be selected so as to be efficiently removed at temperature below 400 °C. 

Otherwise, the oxidation will significantly increase above 400 °C. As a result, the water 

debinding step for removal of PEG is usually below 80 °C [12, 13], which is perfect for the 

low temperature debinding requirement. However, all the backbone polymers (e.g., PMMA) 

in the widely used PEG-based binder systems have relatively high complete decomposition 

temperature which is usually over 400 °C. Thus, selecting one backbone polymer, whose 

decomposition temperature is below 400 °C, is of great importance to minimise the oxygen 

pick-up opportunities. 

2.4.4 Mixing and feedstock preparation 

Feedstock is a term for the mixture of powder and binder. Several high-shear mixer designs 

are used for MIM feedstock preparation. These include double planetary, single screw 

extruder, plunger extruder, twin screw extruder, twin cam extruder, shear roll compounder, 

rotorstater, and sigma or z-blade mixers as shown in Fig. 2.19 [63]. 

The mixed feedstock is then pelletised into granulates or pellets, usually via an extruder. The 

rheological properties of the feedstock are of major importance. The viscosity at the 

moulding temperature must be such that the mix flows smoothly into the die without any 

segregation or separation, and the viscosity should be as constant as possible over a range of 

temperature. 

In Ti-MIM, the feedstock solid loading depends on the powder tap density. Spherical 

particles with the high tap density lead to high solid loading formulations. However, the 

powder is warmed during mixing, ideally it is protected by an inert gas e.g., argon to prevent 

oxygen and nitrogen reactions. Mixing usually takes place in the 120 to 180 °C temperature 

range depending on the binder formulation [13]. 

High shear mixing is preferred, as is attained in shear roll mixers or twin screw mixers. When 

the GA and small HDH powders are mixed, a solid loading of 72 vol.% has been realised. A 
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higher solid loading directly gives a higher sintered density [13]. All of the feedstocks are 

shear thinning. At a shear strain rate of 500 s
-1

 a typical feedstock viscosity is between 150 

and 250 Pa·s at 160 °C [142]. Most importantly, because of particle shape effect 51 vol.% 

HDH powders give a viscosity almost twice that of 67 vol.% GA powder under the same test 

conditions [13]. 

 

Fig. 2.19 Sketches of some typical mixer geometries [63]. 

2.4.5 Moulding 

Some general parameters of moulding practice for Ti-MIM are apparent. Firstly, the nozzle 

temperature is in the 120 to 180 °C temperature range. The mould is usually heated from 30 

to 60 °C. Packing pressure generally ranges from 70 to 100 MPa. All of the parameters tend 

to be in the neighbourhood of 165 °C injection temperature, 30 °C mould temperature, 

intermediate injection speeds and 80 MPa packing pressure. For example, E. Schöller et al. 

[153] mixed PA TiNi powders with two-component binder consisting of polyamide wax and 

PE, and injection moulded the feedstock. They found that the optimized parameters for the 

injection moulding are as follows: nozzle temperature is 145 °C; mould temperature is 50 °C; 

injection pressure 70 MPa; and mass flow rate is 30 cm
3
/s. 

There are very few reports focused on green strength, and they tend to be in the 10 MPa 

range. Particle shape greatly impacts the ease of moulding. S.J. Park et al. [142] compared 

different feedstocks, finding spherical atomised powder was twice as easy to mould when 

compared to a tumbled HDH powder, and that was twice as easy to mould as the raw angular 

HDH powder. 

2.4.6 Debinding 
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After moulding, attention shifts to debinding and the binder becomes a disposable component; 

its major role is in moulding. In this operation, there should be no warping or cracking of 

articles. The method of binder removal has a considerable effect on article continuity, 

uniformity of shrinkage and material mechanical properties. The most commonly applied 

debinding techniques include thermal debinding, vacuum debinding, catalytic debinding and 

solvent-thermal debinding [154-157], which are currently the most widely used process. The 

diagram debinding techniques used in companies is now shown in Fig. 2.20 [66]. 

 

Fig. 2.20 Debinding practice in companies [66]. 

To minimise contamination for Ti-MIM, first stage solvent debinding is critical. For PW this 

is usually performed with immersion in heptanes at 60 °C, but several other solvents have 

been used, including chlorinated hydrocarbons and mixtures such as heptanes and ethanol. 

Penetration rates are in the 2 mm per hour range. For PEG it is possible to use warm water or 

water-ethanol for the first stage debinding with a slightly slower penetration rate. After 

solvent debinding, the compacts are slowly dried to avoid cracking. 

It is more difficult for secondary debinding as contamination is common in this stage. The 

successful option is to initially use argon to remove moisture and oxygen and then to heat up 

to a certain temperature to decompose the remaining binders. This step is called thermal 

debinding. The decomposed gaseous by-products escape from the interconnected open pores 

facilitated by the previous solvent debinding. Impurity contents increase with higher thermal 

debinding temperature. 

For impurity control the current best practice is to use a wax-polymer binder with first 

solvent immersion followed by sweep gas thermal debinding up to a peak temperature of 

450 °C to minimise the impurity pick-up. Fig. 2.21 is based on the study of Guo et al. [158], 

comparing vacuum debinding with argon debinding. The Ti-6Al-4V powder samples were 

first debound by solvent immersion and 75 % of the binder was removed. The second stage 
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thermal debinding was carried out at 600 °C followed by final sintering in vacuum at 1230 °C 

for 3 h. In this case flowing argon seems unable to prevent oxygen pick-up. This study also 

shows how the oxygen content increased with an increase in the debinding temperature or 

with prolonged holds, as shown in Figs. 2.22(a) and 2.22(b) [158]. The carbon content was 

initially 0.056 wt.% in the raw powder mixture, increased due to exposure to the binder and 

subsequently decreased during debinding. Oxygen content continued to increase with the 

debinding process. 

 

Fig. 2.21 A plot comparing final oxygen and carbon levels from thermal debinding using vacuum and 

argon [158]. 

 

Fig. 2.22 Carbon and oxygen contents vs. (a) high debinding temperature and (b) high temperature 

holding time [158]. 

2.4.7 Sintering 

Vacuum sintering is crucial to Ti-MIM. Although the sintering cycle often consists of a 

sequence of heats and holds, key considerations are the peak temperature, holding time at that 

High debinding temperature /°C 

(b) (a) 
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temperature, vacuum level and rack material. Reported peak temperature ranges from 1100 to 

1450 °C. The median particle size is 42 µm, starting with 0.36 wt.% oxygen and 0.01 wt.% 

carbon. This powder was mixed with a wax-polymer binder at 55 vol.% solid, and first stage 

solvent debound with a peak temperature of 450 °C thermal debinding in vacuum. If a lower 

temperature is chosen then a longer holding time is needed. Increasing sintering temperature 

generally gives rise to a higher sintered density and higher strength [13]. On the other hand, a 

higher sintering temperature also leads to more oxygen contamination and hence reducing 

ductility. The optimal sintering cycle depends on the powder characteristics, alloying 

approach, desired density, microstructure and final impurity level [13]. Lower temperature 

and shorter sintering time is favoured if HIP is used to reach full density. For the TiNi SMA, 

a similar temperature and time is effective for densification [119, 121, 159, 160]. However, 

for the TiAl intermetallic the required sintering temperature is higher, approaching 1450 °C 

[135, 161, 162]. Smaller powder particle size could lower the sintering temperature, but 

usually with a penalty of increased oxygen pick-up. 

Titanium reacts with most materials at high sintering temperatures and therefore adheres to 

the support. Graphite or alumina supports are not acceptable. It seems only less than five 

materials are suitable for racking. Zirconia and yttria are most successful, and to reduce cost 

some firms rely on plasma sprayed coatings on alumina setters. Research by Uematsu et al. 

[163] found that the zirconia substrates required a 1250 °C 2 h vacuum prebake to remove 

impurities prior to first use. An assessment of the lining material used for handling molten 

metal confirmed that Y2O3 was the most promising material [164]. Similarly, CaO might be a 

suitable and crucible material for Ti melt handling. The only metal that is suitable for sinter 

racking support is molybdenum; however, it is susceptible to grain coarsening at high 

temperatures and thence its service time is relatively limited. 

2.4.8 Post-sintering 

HIP is a preferred final densification treatment in Ti-MIM. An HIP temperature between 850 

and 1100 °C is usually able to result in full density [13]. A higher temperature causes more 

grain coarsening and worsens mechanical properties. Other post-sintering treatments for Ti-

MIM components include coining, bead blasting, anodising and polishing [13]. 

2.4.9 Challenges for Ti-MIM 
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Currently, the worldwide Ti-MIM production is about 3 to 5 ton per month. This market is 

about to expand. What is needed is low cost (less than US $44/kg) powder with the right size 

(less than about 40 µm) and good purity [35]. For non-aerospace applications, the purity level 

of Ti-6Al-4V alloy can be less stringent. For the CP grades, oxygen levels can be even higher, 

up to at least 0.4 wt.% (grade 4 CP titanium has a specification limit of 0.4 wt.% [42]). In fact, 

the grade 4 CP titanium having a UTS of 550 MPa may well be a good choice for many 

potential MIM parts where cost is of great concern. The grade 4 CP-Ti would allow the use of 

a lower cost starting stock and a higher oxygen content in the final part. 

Except CP Ti and Ti-6Al-4V, many other titanium alloys, in particular, -Ti and titanium 

aluminides are also potential candidates for Ti-MIM practice. Further development on 

binders and debinding/sintering furnaces would lead to a reasonable growth of Ti-MIM 

products. The acceptance of Ti-MIM products by aerospace industry would be an ultimate 

goal for Ti-MIM development in the future. 

2.5 Mechanical properties of PM titanium 

This section will feed some basic information about the factors affecting mechanical 

properties of titanium. Wang et al. recently reviewed the mechanical properties of PM Ti and 

its alloys [165]. This section is mainly based on the report from Wang et al. [165]. 

2.5.1 Mechanical properties of PM titanium and its alloys 

The mechanical properties of PM Ti-6Al-4V alloys are summarised in Figs. 2.23 and 2.24. 

Fig. 2.23 illustrates the tensile strength as a function of ductility of PM Ti-6Al-4V processed 

by different routes [165-167]. ASTM Standard B348 is included for comparison. Most of the 

data in Fig. 2.23 reflects information published during the time between 1980s and 1990s 

[167]. Data from the literature after 2000 is labelled separately for comparison. Plus, recent 

data of Ti-6Al-4V alloys produced by the Armstrong process [168], MIM (or PIM) [158, 169, 

170], and direct sintering of TiH2 [171] is included in Fig. 2.23. As shown in Fig. 2.23 the 

tensile strength varies between 900 and 1100 MPa, while elongation changes significantly 

from 4 % to 30 %. These variations, especially in ductility, are attributed to differences in 

porosity and microstructure in the PM alloys. For instance, Sun et al. [172] reported that a 

near-fully dense BE Ti-6Al-4V alloy sheet (> 99 % pore-free density) with a uniform fine 

equiaxed microstructure exhibited a sound combination of tensile strength (1104 MPa) and 

elongation (19.7 %). Meanwhile, Anderson et al. [173] showed that the elongation of Ti-6Al-
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4V BE parts is 6 % with 96 % of the pore-free density. Furthermore, Eylon et al. [167] 

reported a high tensile elongation of 22 % for Ti-6Al-4V PA parts. This is due to the fine and 

fully equiaxed alpha-phase microstructure. Although PM Ti-6Al-4V usually achieves equal 

or higher tensile strength, the ductility is usually lower than what is required according to 

wrought materials (ASTM B348). By analysing data in the literature after 2000, it is found 

that there is a trend toward improved strength/ductility combinations. 

According to the original chart by Froes et al. [166, 167], Fig 2.24 demonstrates the dynamic 

(strength vs. cycle number) properties of PM Ti-6Al-4V. The comparison of fatigue life 

between PM and ingot metallurgy (IM) is made for the BE and PA Ti-6Al-4V alloys. It can 

be noted that the fatigue response of the PA alloy is comparable with that of IM Ti-6Al-4V. 

However, the BE alloy exhibits lower fatigue strength and life compared with the PA and IM 

alloys. The inferior fatigue properties of the BE alloy are attributed to residual porosity 

and/or contaminants in the sintered alloy. It is well known that porosity [77, 78, 174] and 

contaminants are detrimental to mechanical properties, because it has been proved that tensile 

or fatigue cracks usually initiate from pores at the surface of the specimen [174]. Thus, the 

fatigue performance of BE alloy parts can be improved by using powder with a low chloride-

contaminant level [78, 175, 176] as illustrated in Fig. 2.24. 

It should be pointed that there are several factors interacting with each other and thus 

simultaneously affecting the mechanical performance of sintered titanium parts. These factors 

include raw materials, processing routes, sintering conditions or post-sintering treatments, all 

contribute to diversity in the microstructures, which result in variations in mechanical 

properties (Figs. 2.23 and 2.24). 



37 

 

 

Fig. 2.23 Tensile strength as a function of elongation of PM Ti-6Al-4V alloys produced by different routes 

[165]. 

 

Fig. 2.24 Fatigue data of Ti-6Al-4V fabricated by BE, low-chloride BE, treated BE, and PA compared 

with wrought annealed Ti-6Al-4V [165-167]. 

2.5.2 Factors affecting mechanical properties 

Besides the microstructure, there are other two factors also affecting the mechanical 

properties of titanium and its alloys i.e., porosity and oxygen level. The interstitial impurity 

such as oxygen pick-up is one of the most important issues regarding to the properties of 

titanium. Hereafter, a simple review of these three effects on mechanical properties of 

titanium and its alloys is presented. 
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Fig. 2.25 shows the ultimate strength and elongation of sintered Ti-6Al-4V alloys concluded 

from Ref. [78, 86, 177-179]. It can be seen that both the strength and elongation of Ti-6Al-4V 

alloys increase linearly with the increase of relative density, which means that they increase 

with the decrease of porosity. It also can be found that the PM titanium products should have > 

98 % relative density to achieve similar properties with ASTM B348 for IM products. The 

porosity of sintered titanium parts usually results from original pore inside of the green parts, 

sinter/reaction process and even the evaporation of chlorine in the raw powders [24, 165]. In 

addition, the processing routes such as P&S, HIP or hot rolling also influence the resultant 

porosity. For instance, with higher compaction pressure the green porosity decreases, 

resulting in lower porosity [24]. 

The control of oxygen content is another important issue in the manufacture of titanium 

products. The interstitial impurity of oxygen is the most detrimental element in titanium, 

which can increase the strength but significantly degrade the ductility of titanium and its 

alloys. This is shown in Fig. 2.26 [165]. Standards require that the oxygen level be < 0.3 wt.% 

for PM Ti-6Al-4V products (ASTM B817), and < 0.2 wt.% for IM Ti-6Al-4V products 

(ASTM B348). Thus, the oxygen level of titanium should be controlled as low as possible. 

The oxygen level of sintered titanium depends on several factors such as the powder 

producing process, particle size, compaction method, sintering condition and even the use of 

TiH2 powder. 

Microstructure of sintered titanium and its alloys depends on both composition and 

processing route [165]. When the BE powders are used to produce titanium alloys, the 

sintering temperature should be higher than the beta transus temperature at which the alpha 

phase with hcp structure of titanium transforms to beta phase with bcc structure (e.g., 882 °C 

for pure titanium) [2]. This is because the diffusion of elements increases significantly if the 

temperature is over the beta transus temperature, which enhances alloying and sintering. The 

typical as-sintered microstructure of the alpha+beta alloys consists of an alpha plate colony 

structure (beta-transformed microstructure) [166, 167]. Two characteristics of this 

microstructure that affect mechanical properties are the size of the lenticular alpha plates and 

the aspect ratio of the plates. Studies have shown that small lenticular alpha plates are 

beneficial to both tensile strength and fatigue strength [167]. In contrast to the BE approach, 

when HIP is processed the PA powders are usually used. The HIP temperature is normally 

under the beta transus temperature i.e., 1020 °C for Ti-6Al-4V alloys [24, 165-167]. The 
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HIPed microstructure of PA powders reflects the characteristics of the phase transformation 

from martensite to alpha+beta, giving rise to a fine microstructure in which the size of the 

alpha plates depends on the HIP temperature [180]. HIP usually applies high pressure and 

this causes high strain energy to the powders, which will decrease the aspect ratio of the 

alpha. This is preferred for enhanced mechanical properties, especially fatigue strength [77-

79, 167]. 

 

 

Fig. 2.25 Ultimate strength and elongation as a function of relative density of sintered Ti-6Al-4V alloys 

[78, 86, 165, 177-179]. 
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Fig. 2.26 Ultimate strength and elongation as a function of oxygen content of sintered Ti-6Al-4V alloys 

[165]. 

2.5.3 The use of TiH2 powder 

The use of TiH2 powder has been proved to promote densification and chemical 

homogenisation for the as-sintered titanium and its alloys e.g., Ti-6Al-4V [181-186], 

although some reports presented a negative effect on the densification in Refs. [24, 187]. As 

summarised by Wang et al. [165], the primary advantages of using TiH2 powder instead of Ti 

powder are: (a) Compactability: TiH2 powder has shown to be readily compacted due to 

reduced cold welding between TiH2 particles and fragmentation of the TiH2 powder during 

compaction [183]. Thus, a high green density can be reached. (b) Oxygen control: TiH2 helps 

reduce the oxygen content in sintered PM Ti. Possible reasons are (i) the interstitial sites in 

the titanium lattice are occupied by hydrogen atoms, and this reduces the chance of 

dissolution of oxygen, and (ii) hydrogen released during sintering is assumed to have a 

cleansing effect by removing oxygen from the particle surfaces [164]. (c) Enhanced 

sinterability: it is easier to sinter TiH2 to > 99 % of the pore-free density than sintering Ti 
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powder; this may be the result of the defects formed during the dehydrogenation process, 

which accelerates mass transport for densification [183]. 

Figs. 2.23 and 2.24 show that the tensile and fatigue properties of PM Ti produced by 

sintering TiH2 powder are competitive with those of IM Ti. 

2.5.4 Tensile and fatigue properties of Ti-MIM alloys 

Mechanical properties of Ti-MIM alloys reflect variation in oxygen content, sintered density, 

impurities and microstructure. In general, the critical issue of Ti-MIM is to find a suitable 

polymeric binder that does not result in interstitial contaminants such as carbon, hydrogen, 

and oxygen during subsequent debinding and sintering [13, 68]. In recent years several 

studies have been investigated the Ti-MIM chemical and mechanical properties. Prof. 

Randall German, Dr. David Whittaker and Dr. Éri Baril have published comprehensive 

reviews of the current status of Ti-MIM including the mechanical properties of Ti-MIM 

alloys [13, 95, 126]. 

Whittaker [126] noted that the prior publications on the ductility of MIM Ti-6Al-4V alloys 

gave values ranging from 1 % to 15 %. In CP Ti synthesised by MIM, the reported properties 

are also highly variable. The typical product is in the 98 % density range with 0.3 wt.% 

oxygen, exhibiting a tensile strength of 525 MPa with 17 % elongation [13]. If the oxygen 

content is lowered, a higher ductility is possible. Common Ti alloys deliver tensile strength in 

the 700 to 900 MPa range, but ductility varies from 1~3 % for high oxygen content to 12~15 % 

for the low oxygen content. Post-sintering treatments such as HIP could improve the 

mechanical property to give a slightly higher strength (over 1000 MPa) and ductility (over 

18 % EL) if surface contamination is avoided. The current main reports on the tensile 

properties of Ti-MIM alloys are shown in Table 2.4. 

Table 2.4 Examples of tensile properties of Ti-MIM alloys [13, 22, 25, 74, 109, 188-191]. 

Alloy Powder* Density/% Oxygen/wt.% Strength/MPa EL/% 

CP-Ti GA 98 0.32 575 25 

CP-Ti GA 98 0.20 510 20 

CP-Ti GA 93 0.32 550 26 

CP-Ti reaction / 0.30 530 15 

CP-Ti HDH 98 ~0.40 350 6 

CP-Ti GA+HDH 98 0.30 640 20 

Ti-6Al-4V GA+HDH / / 970 12 
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Ti-6Al-4V GA 97 0.12 710 5 

Ti-6Al-4V GA 97 0.20 850 12 

Ti-6Al-4V GA 100 0.25 850 12 

Ti-6Al-4V GA+HDH 100 0.26 1025 12 

Ti-6Al-4V GA+master 96 0.26 940 9 

Ti-6Al-4V HDH 98 0.46 1120 8 

Ti-6Al-4V GA 94.6~98.0 / 801~861 14 

Ti-6Al-4V HDH 96.3 2.51 927 14.7 

Ti-6Al-7Nb GA 98 0.22 800 11 

Ti-6Al-7Nb GA 97 0.26 920 14 

Ti-6Al-7Nb GA 97 0.20 760 13 

Ti-6Al-7Nb GA+master 97 0.25 770 12 

Ti-6Al-7Nb GA+master 97 0.31 830 11 

Ti-12Mo HDH 95 1.13 960 nil 

Ti-15Mo-5Zr-

3Al 
HDH 97.4 1.94 877 5.3 

Ti-5Fe-2.5Zr HDH 95 / 1025 4 

Ti-5Fe-5Zr HDH 97 0.40 715 1 

TiAl GA 100 0.18 440 1 

TiNi GA 97 0.23 1005 17 

TiNi GA 90 0.35 760 2 

 

*GA=gas-atomised, HDH=hydride-dehydride, reaction=produced by reaction with calcium, master=alloying 

ingredients are concentrated into an additive powder. 

There are very few studies of the fatigue behaviour of Ti-MIM alloys. Ebel et al. [189-191] 

measured fatigue endurance limit in four-point bending increased from 450 to 640 MPa 

(comparable with wrought material), which is shown in Table 2.5, and the tensile properties 

achieved were consistent with the requirements of the ASTM B348 grade 23. 

Table 2.5 Fatigue and tensile properties of samples by MIM [189-191]. 

Material 
Yield 

strength/MPa 
UTS/MPa EL/% 

Endurance 

limit/MPa 

Ti-6Al-4V, 1400 °C 744 852 15 / 

Ti-6Al-4V, 1350 °C 720 824 13 450 

Ti-6Al-4V-0.5B 787 902 12 640 

Ti-6Al-4V+HIP 841 937 17 500 

ASTM B348 grade 23 >760 >825 >10 / 
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ASTM B348 grade 5 >828 >895 >10 / 

Typical range of wrought Ti-6Al-4V alloy 500 to 800 

 

Wu et al. [192] demonstrated the influence of surface finish on the fatigue strength of 

samples made by Ti-6Al-4V powder HIP process. It was observed an increase in four-points 

bending fatigue strength after electro-polishing the as-HIPed surface. The as-HIPed surface 

gave fatigue strength of 360 MPa while the electro-polished surface exhibited 510 MPa. The 

fracture surfaces confirmed that the initiation sites were the sintering necks on the as-HIPed 

surface. These necks were smoothed out or eliminated by electro-polishing. 

The potential of an alternative compositional adjustment to enhance the fatigue properties of 

MIM Ti-6Al-4V was assessed by Miura [193]. He concluded that the remaining large internal 

pores were the dominant factor influencing fatigue endurance and these should be eliminated 

(usually by a subsequent HIP treatment) to improve fatigue endurance. 

2.6 The medical applications of titanium and its alloys 

Metallic biomaterials have the longest history among the various biomaterials. Stainless steel 

was first successfully used as an implant material in the surgical field, as shown in Fig. 2.27 

[194]. Research and development in metallic biomedical, dental, and healthcare materials has 

expanded rapidly in the world in recent years [195]. Allergy-free metallic biomaterials 

composed of nontoxic elements are receiving considerable attention. New processes for 

fabricating nickel- and manganese-free stainless steel have been proposed. Now, low-

modulus, high-strength beta-type titanium alloys are being developed targeting biological as 

well as mechanical biocompatibility. Very recently, nickel-free shape memory and/or 

superelastic beta-type titanium alloys have been developed or are in the process of being 

developed for biomedical applications. Titanium and its alloys exhibit the most suitable 

characteristics for biomedical applications because of their high biocompatibility, specific 

strength, and corrosion resistance [196]. They are currently utilised as metallic structural 

biomaterials for use in implants such as artificial hip joints and dental roots; they are mainly 

used in implants that replace hard tissue. 
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Fig. 2.27 History of metals, plastics and ceramics for biomedical applications [194]. 

2.6.1 α+β-type titanium alloys (Ti-6Al-4V alloys) 

α+β-type titanium alloys, including the Ti-6Al-4V ELI and Ti-6Al-4V, were originally 

designed for use as general structural materials, especially for aerospace structures, and only 

later adopted for biomedical applications. However, the toxicity of the β-stabilising element 

of V was later pointed out [197]. Therefore, V in the Ti-6Al-4V has been replaced by other β-

stabilising elements, Fe or Nb, both of which are considered to be safer for the living body 

compared with V. 

The elastic moduli of biomaterials have been said to be equal to that of cortical bone because, 

if the elastic moduli of biomaterials are much greater than that of cortical bone, bone 

resorption occurs. The elastic modulus of α+β-type titanium alloy, Ti-6Al-4V, is much lower 

than those of stainless steel and Co-based alloy, as shown in Fig. 2.28 [198], which shows a 

comparison of elastic moduli of representative plastic, ceramic, and metallic biomaterials, 

and cortical bone. However, the elastic modulus of Ti-6Al-4V is still much greater than that 

of cortical bone. The elastic moduli of β-type titanium alloys are known to be smaller than 

those of α- or α+β-type titanium alloys. Therefore, mainly β-type titanium alloys have been 

introduced [31, 199-202], and most of them are aimed at low modulus of elasticity. 

Low-modulus beta-type titanium alloys composed of nontoxic and nonallergic elements, such 

as Ti-29Nb-13Ta-4.6Zr [203] (all compositions are in wt.%), have been developed for 

medical and dental applications. The low modulus of this alloy effectively accelerates the 

healing of bone fracture and regrowth of bone, which has been experimentally proven by 

implanting an intramedullary rod for fracture fixation in a fracture model constructed from 

the tibia of a rabbit. The morphologies of bones 24 weeks after implanting intramedullary 

rods made of Ti-29Nb-13Ta-4.6Zr, Ti-6Al-4V ELI, and SUS 316L stainless steel into 

Year 
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fractured tibias of rabbits are shown in Fig. 2.29 [204]. Excellent bone restoration is achieved 

with Ti- 29Nb-13Ta-4.6Zr. This type of alloy is also expected to be used in dental implants as 

well as in fixed dental prostheses such as crowns, inlays, bridges, and dentures, which are 

mainly produced by the dental precision casting process. On the other hand, low-melting 

titanium alloys applicable for casting fixed dental prostheses using conventional magnesia-

based investment materials have been investigated, as shown in Fig. 2.30 [205]. Titanium and 

its alloys, useful in the dental field for not only implants but also fixed dental prostheses, are 

being investigated. A dental precision casting process is predominantly used to make the 

described dental products. 

 

Fig. 2.28 Elastic moduli of UHMW polyethylene, PMMA bone cement, bone, Ti-6Al-4V, 316L stainless 

steel, and Co-Cr-Mo alloy [198]. 

 

Fig. 2.29 The CMR of a cross section of a tibia at 24 weeks after implantation of intramedullary rods 

made of Ti-29Nb-13Ta-4.6Zr, Ti-6Al-4V ELI, and SUS 316L stainless steel [204]. 
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Fig. 2.30 The cooling curves of various designed titanium alloys and TNTZ [205]. 

2.6.2 TiNi alloys 

The near-equiatomic TiNi alloy exhibits unusual mechanical properties (e.g., the 

superelasticity, SME and superior biocompatibility) that enable multifunctional applications, 

such as materials for orthopaedic and dental devices, involving high recovery strain, high 

strength as well as a relatively low Young‟s modulus and sound biocompatibility [107, 199, 

206]. 

The stent is reserved for devices used as scaffold or brace, the inside circumference of tubular 

passages or lumens, such as the esophagus, biliary duct, and most importantly, a host of 

blood vessels including coronary, carotid, iliac, aorta and femoral arteries. Most stents today 

are 316L stainless steel, and are expanded against the vessel wall by plastic deformation 

caused by the inflation of a balloon placed inside the stent [207]. TiNi stents, on the other 

hand, are self-expanding and they are shape-set to the open configuration, compressed into a 

catheter, then pushed out of the catheter and allowed to expand against the vessel wall. TiNi 

stents are now available in both Europe and USA. They are made from knitted or welded 

wire, laser cut or photoetched sheet, and laser cut tubing. Clearly, the preferred devices are 

laser cut from tubing, thus avoiding overlaps and welds as shown in Fig. 2.31 [207]. 

To allow the efficient deployment of a medical device, TiNi alloy could be used as the trocar 

which consists of a TiNi wire hook and a stainless steel cannulated needle [208]. The wire 

hook is withdrawn into the needle cannula, and then the cannula is inserted into the heart or 

brain, etc. The hook is then advanced, reforming a tight hook configuration. If necessary, the 

device can be withdrawn into the needle, repositioned, and re-deployed until the position is 
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verified to be marked correctly for the surgeon. A stainless steel device would require the 

wire diameter to be much smaller, assuming the hook geometry is to remain fixed. Such a 

fine wire would be too flimsy to anchor the hook effectively. 

 

Fig. 2.31 Stents of the medical device (a) the Hemobahn product incorporates a superelastic TiNi wire 

into a PTFE and (b) TiNi stent made from laser cut tubing [207]. 

The concept of elastically deploying a curved device through a straight needle or cannula is 

probably the most common use of TiNi for medical instrumentation. Among the newer 

devices are the TUNA prostrate ablation device, the Daum deflectable puncture needle, and 

the RITA tissue ablation device (Fig. 2.32) [207]. While the latter two devices deliver curved 

needles, other devices such as suture passers, retractors, deflectable graspers and scissors 

have been in use since the early 1990‟s in endoscopic surgery. 

 

Fig. 2.32 The RITA tissue ablation device uses four sharply curved tubular needles which are deployed 

from a straight needle after insertion through a trocar [207]. 

TiNi wires were first used in orthodontics by Andreasen & Hilleman in 1971 [209], who 

observed differences in the physical properties of TiNi and stainless steel orthodontic wires 

that allowed lighter forces to be used. The strength and resilience of TiNi wires meant there 

was a reduction in the number of arch wire changes necessary to complete treatment. 

Rotations of teeth could be accomplished in a shorter time, without increasing patient 

(a) (b)  (a)  (b) 
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discomfort. TiNi wires showed better resistance to corrosion so were felt more appropriate 

for intraoral use than stainless steel. The use of TiNi alloy in the construction of dental 

prostheses was first investigated by Civjan et al. in 1975 [210] who cast 55-Nitinol into 

phosphate-bonded investment moulds. The shape memory properties of the alloy were 

investigated for construction of partial denture clasps. It proved difficult to adapt TiNi wires 

to the cast, overbending was necessary and resilience was lost in fixing the shape; however, 

shape recovery occurred within 2~5 s in the mouth and was improved on further warming. 

2.7 Summary 

In the last 30 years, the powder metallurgical titanium and its alloys have been greatly 

developed and the market is increasing year by year. However, the applications of titanium 

are limited by its high manufacturing costs. In this regard, PM, as a well-known cost-

effective manufacturing technique, offers the promise to address this issue and therefore 

helps the expansion of titanium applications to other industries other than aerospace. The PM 

process includes MIM, P&S and hot pressing, etc. MIM has the ability to produce articles 

with complicated geometry and large quantity. Meanwhile, it is simple, energy saving and 

widely used for P&S. Hot pressing provides a fast way to fabricate fully dense titanium. 

According to the review above, we can summarise the key issues of this thesis as follows. 

(1) In general, Ti-MIM consists of four main steps: mixing, injection moulding, 

debinding and sintering, where debinding is a critical step and introduces 

contamination from the binders to titanium. This is because titanium is a notoriously 

universal reservoir of the common impurities such as H, O, C and N. Therefore, to 

ensure the success of Ti-MIM, the debinding step must be controlled more stringently. 

(2) Since the debinding for Ti feedstocks should be taken at a temperature as low as 

possible, such a stringent debinding requirement has boosted the development of 

water-soluble binders for Ti-MIM. The PEG/PMMA binder system has proven to be 

promising for Ti-MIM, in which case there simply involves a variant of the well-

established solvent-thermal debinding. However, very limited investigations have 

been carried out on water debinding behaviour and mechanisms by which the binder 

is removed in Ti-MIM. Even more, misleading information of debinding mechanism 

of PEG is presented in the literature. 

(3) As titanium can be significantly oxidised when the temperature is over 400 °C, the 

thermal debinding following water debinding in Ti-MIM should be carried out at a 
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temperature lower than 400 °C. However, in most cases the widely used backbone 

polymers e.g., PMMA have a complete decomposition temperature higher than 

400 °C. Therefore, selecting one backbone polymer, whose decomposition 

temperature is below such temperature, is of great importance to minimise the oxygen 

pick-up opportunities. 

(4) The resultant mechanical properties of sintered alloys are influenced by porosity, 

oxygen level and microstructure. To achieve similar properties with standard, the raw 

powder, processing route, sintering condition and even post-sintering heat treatment 

should be selected as an optimal combination. 

(5) TiH2 powder is found to be useful to enhance densification and promote chemical 

homogenisation when sintering titanium and its alloys. When it is used in PM TiNi 

alloys, a porous structure usually results. However, some works reported the 

decreased densification using TiH2 powder to produce TiNi alloys. As a result, it still 

remains a question that is whether TiH2 powder helps densification, which needs to be 

investigated in further. 

(6) Most reports of sintering TiNi alloys use elemental Ni/Ti powder mixture. By contrast, 

the work on the use of TiH2 powder is very limited. More specifically, a 

comprehensive investigation to compare the two types of powder has not been 

available e.g., phase transformation, pore structure and mechanical properties, etc. 

Thus, it is our interest to find out whether TiH2 powder can be used as a replacement 

for elemental Ti powder and result in an equivalent sintering quality of TiNi. If this is 

the case, the use of TiH2 may draw more interest from the industrial sector.
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Chapter 3 Experimental design and procedures 

3.1 Experimental design 

The three main technologies explored in this thesis are MIM (Chapters 4~7), P&S (Chapters 

8 and 9) and hot pressing (Chapter 10).  

This chapter introduces the experimental design with the following two specific 

considerations. 

3.1.1 Binder selection for the Ti-MIM 

Three binder systems for Ti-MIM used in this project are studied: PEG/PMMA, agar/sucrose 

and PEG/Q where Q is a new chemical identified having a decomposition temperature as low 

as 180 C. The first binder system (PEG/PMMA) is newly developed, in which the PEG can 

be debound by water while the PMMA can be removed by thermal pyrolysis. The second 

binder system (agar/sucrose) is a special binder in which water is an essential part to 

formulate feedstock. The third binder system (PEG/Q) is in further development during this 

project where some preliminary results are presented in this thesis and further investigation is 

still underway. 

3.1.2 Comparative study of using Ti and TiH2 powders 

A significant portion of this thesis is devoted to investigate the feasibility of using TiH2 

powder to synthesize titanium alloys in comparison to the use of Ti powder. Exploring TiH2 

powder is motivated by recent discovery and confirmation that the release of hydrogen during 

dehydrogenisation could cleanse the particles and hence promote densification of powder and 

its chemical homogenisation [15, 19, 184, 186, 187, 211]. TiH2 powder is used in both MIM 

and P&S processes. 

3.2 Experimental procedures 

3.2.1 Materials 

The starting metal powders include elemental Ti powder produced by hydrogenation-

dehydrogenation (HDH thereafter), TiH2, Ni, pre-alloyed (PA) TiNi and HDH-Ti-6Al-4V 

alloy powders. The chemicals used for preparation of powder feedstock include PEG, PMMA, 

Q, stearic acid (SA), agar and sucrose. The basic characteristics of the metal powders and raw 
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chemicals are listed in Tables 3.1 and 3.2, respectively. The morphologies of metal powders 

are shown in Fig. 3.1. In the binder systems, PEG and agar are the primary polymers, which 

are to provide necessary fluidity properties; PMMA, Q and sucrose are the secondary 

(backbone) polymers, which are to supply green strength and rigidity of the injection 

moulded samples; SA is used as lubricant. The compositions of the PEG/PMMA binder 

system used for preparing the feedstocks consists of 87 wt.% PEG, 11 wt.% PMMA and 2 wt.% 

SA [212], while it is 75 wt.%, 23 wt.% and 2 wt.% for PEG, Q, and SA respectively in the 

PEG/Q binder system. However, the agar-based binder system used in this study consists of 

agar, sucrose and distilled water, whose composition will be disclosed in Section 3.2.3.2. The 

starting metal powders and raw chemicals used, and the sample designation in the subsequent 

chapters are summarised in Table 3.3. 

Table 3.1 Basic characteristics of starting metal powders. 

Powder 

type 
Supplier 

Particle size* (µm) 
O 

(wt.%) 

C 

(wt.%) 

N 

(wt.%) 

Powder 

morphology d10 d50 d90 

HDH-Ti Beijing HoldForture 

13.6 35.4 66.0 0.49 0.080 0.023 irregular 

1.3 5.9 12.6 0.81 0.120 0.041 irregular 

TiH2 Beijing HoldForture 3.9 24.6 63.3 0.26 0.057 0.025 irregular 

Ni Vale Inco 4.2 11.6 34.0 0.11 0.071 0.033 spherical 

PA TiNi Titanox 20 60 100 0.08 0.100 0.10 spherical 

PA HDH-

Ti-6Al-

4V 

Xi‟an Baode 16.8 42.3 74 <0.34 <0.260 <0.18 irregular 

*Note: d10, d50 and d90 correspond to the particle size at the 10, 50 and 90 percent points on the cumulative 

distribution, respectively. 
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Table 3.2 Basic characteristics of raw chemicals. 

Chemical Supplier Density (g·cm
-3

) Average Mw (g·mol
-1

) 
Melting or softening 

point (°C) 

PEG Sigma Aldrich 1.20 4000 58~61 

PMMA Chimei 1.19 1*10
6
 190 

Q  1.26 1.5*10
5
~3.5*10

5
 160 

SA Sigma Aldrich 0.87 284.5 70 

Agar BD 0.85~0.9 10
5
 85 

Sucrose Kermel 1.59 342.3 186 

 

  

  

 (a) 

 (d) 

  (a) 

 (c) 

 (b) 
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Fig. 3.1 Morphologies of metal powders (a) HDH-Ti-6Al-4V (<74 µm), (b) HDH-Ti-6Al-4V (<47 µm), (c) 

PA TiNi (80~100 µm), (d) PA TiNi (20~40 µm), (e) HDH-Ti (35.4 µm mean size), (f) HDH-Ti (6 µm mean 

size), (g) TiH2 (24.6 µm mean size) and (h) Ni (16.4 µm mean size). 

 

 

 

 

 

 

 

 

 

 

 

 

 

10μm 

 (h)  (g) 

 (f)  (e) 
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Table 3.3 The basic characteristics of samples in each chapter. 

Chapter 
Sample 

No. 
Powder 

Mean size 

(µm) 
Binder system 

Solid loading 

(vol.%) 

Ni/Ti in 

at.% 

4 #4A HDH-Ti-6Al-4V <74 PEG/PMMA/SA 69.5 -- 

#4B HDH-Ti-6Al-4V <47 65 -- 

#4C PA TiNi 80~100 60 -- 

#4D PA TiNi 20~40 60, 65 -- 

5 #5A Ni/Ti blend 11.6/35.4 60 51/49 

#5B Ni/TiH2 blend 11.6/24.6 60 

#5C Ni/Ti blend 11.6/35.4 50 

6 #6A Ni/Ti blend 11.6/35.4 Agar-based 65 

#6B Ni/TiH2 blend 11.6/24.6 60 

7 #7A HDH-Ti-6Al-4V <47 PEG/PMMA/SA 60 -- 

#7B HDH-Ti-6Al-4V <47 PEG/Q/SA 60 -- 

8 #8A Ni/Ti blend 11.6/35.4 -- -- 51/49 

#8B Ni/TiH2 blend 11.6/24.6 -- -- 

9 #9A Ni/Ti blend 16.4/32.2 -- -- 

#9B Ni/TiH2 blend 16.4/24.6 -- -- 

10 #10A Ni/Ti blend 11.6/6 -- -- 

#10B Ni/Ti blend 11.6/6 -- -- 50.6/49.4 

 

3.2.2 Powder mixing 

The elemental powders, i.e., Ni and Ti or TiH2 powders, should be mixed homogeneously 

before the preparation of feedstock and pressing. The powders were gently mixed as per the 

prescribed compositions in a mixer for 10 h with a ball-to-powder weight ratio of 3:1. Both 

batches of powder mixture, i.e., Ni/Ti and Ni/TiH2, have a nominal composition of 51 at.% 

Ni and 49 at.% Ti in the following chapters, only except Chapter 10 where two batches of 
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Ni/Ti blend have different nominal Ni/Ti compositions, 51/49 and 50.6/49.4 in atomic 

percentage, respectively. The nominal compositions are presented in Table 3.3. 

3.2.3 Preparation of feedstock 

3.2.3.1 PEG-based feedstock 

The PEG and PMMA were sequentially charged into a compounder (Kistler-4700 CoMo 

Torque) as shown in Fig. 3.2 or a simple mixer (XSM1/20-80). The compounder is also able 

to measure the mixing torque. For powder feedstock formulation represented in Fig. 3.3, the 

backbone polymer (i.e., PMMA) was first charged in the compounder at ~190 °C (in the case 

of Q backbone polymer, the temperature is 160 °C) [213]. Once the backbone polymer was 

softened or melted, the temperature was reduced slightly and other chemicals (PEG, SA and 

other minor additives) were added at the mixing speed of 40 rpm. Next, the metal powders 

were added to the chamber and allowed to mix with binders for 1 h at 190 °C (in the case of 

Q, the temperature is 160 °C) until the mixing torque was stabilised, indicating 

homogenisation of the feedstocks. After they had solidified, all feedstocks were crushed into 

pellets. The solid loading using the PEG-based binder system in the following chapters is also 

listed in Table 3.3. 

 

Fig. 3.2 A photo of the Kistler-4700 CoMo Torque compounder. 
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Fig. 3.3 Schematic of formulation of the PEG/PMMA-based feedstock. 

3.2.3.2 Agar-based feedstock 

When preparing the agar-based feedstock, a critical consideration is the gel strength. 

Therefore, the first step is to identify a proper gel solution by varying the amount of sucrose 

(from 0 to 2 wt.%). A 2 wt.% agar gel solution is used. Based on the rheological 

characterisation of the gel (reported in Section 6.1), a 2 wt.% sucrose-2 wt.% agar gel is used 

to formulate powder feedstocks. An identical agar gel composition (2 wt.% agar + 2 wt.% 

sucrose) was reported in Ref. [214]. 

The preparation of agar-based feedstock as shown in Fig. 3.4 is different from the PEG-based 

binder system. In this case, the powdered agar and sucrose were slowly shaken into the cold 

water with continuous gentle agitation. The stirring continues when the mixture is heated to 

90 °C. The mixture becomes viscous as the agar dissolves. The metal powder mixture was 

then added into the gel and mixed manually for 30 min at 90 °C to form a „paste‟. In practice 

a slight excess of water is used to compensate water loss due to evaporation. The feedstock is 

obtained simply by cooling the paste to room temperature. After solidification, the feedstock 

was pelletized. The agar-based binder system is only studied in Chapter 6 and the solid 

loading is illustrated in Table 3.3. 
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Fig. 3.4 Schematic of formulation of the agar-based feedstock. 

3.2.4 Moulding 

3.2.4.1 Compression moulding 

In the early stage of this project, a simple compression moulding is used to produce titanium 

compacts from powder feedstock. Compression moulding uses traditional pressing die and 

can be regarded a simpler and quicker version of injection moulding. The moulded compacts 

were then subjected to the water debinding to study its kinetics and mechanism (only in 

Chapter 4). The removal kinetics of the PEG in water was studied by varying debinding 

temperatures, time and specimen thicknesses. The pellets were ground into powders and 

loaded into a compaction die that was pre-heated to 60 °C. Green parts of 12-mm diameter 

with various thicknesses were pressed at compaction pressures of 300 MPa. The thickness 

varied from 1.5 to 10 mm, where the 10-mm-thick samples with the sealed lateral walls are to 

study the effective diffusivity and activation energy, depending on the amount of powder 

charged. The green parts e.g., Ti-6Al-4V feedstock with the PEG/PMMA binder system were 

fully compacted and no surface defects such as crack or blister were observed as shown in 

Fig. 3.5. 
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Fig. 3.5 Micrograph of the compact surface after compression moulding. 

3.2.4.2 Injection moulding 

Once the feedstock pellets were prepared, they were charged into an injection moulder either 

a twin-screw HTF80X/1 (Haitian, China) or a BOY 15S (BOY, Germany). The moulding 

parameter and size of green moulded compacts in each chapter are summarised in Table 3.4 

and Fig. 3.6, respectively. 

Table 3.4 Processing parameters for MIM. 

Parameter 
Chapter 5 

(PEG/PMMA) 

Chapter 6 

(agar/sucrose) 

Chapter 7 

(PEG/PMMA and PEG/Q) 

Nozzle temperature 190 °C 60 °C 

190 °C for PEG/PMMA 

160 °C for PEG/Q 

Mould temperature 35 °C 30 °C 35 °C 

Injection pressure 75 MPa 100 MPa 75 MPa 

Mass flow 30 cm
3
/s 20 cm

3
/s 30 cm

3
/s 

 

 

(a) 
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Fig. 3.6 Geometry of injection moulded tensile test bars (a) MPIF Standards 35 and thickness is 2 mm in 

Chapter 5, (b) thickness is 2 mm in Chapter 6 and (c) ASTM Standard B925 and thickness is 4 mm in 

Chapter 7. 

3.2.4.3 Uniaxial cold pressing 

After mixing, the powder mixture was pressed into green compacts, using several single-

action steel dies. No lubricant was applied on the die wall or in the powder mixture. The 

compact size and compaction pressure used in the P&S and hot pressing processes vary, 

depending on the specific purposes and are described in the respective chapters. 

3.2.5 Debinding and dehydrogenation 

For the MIM process, following injection moulding is the debinding step, in which all the 

binder chemicals are removed as much as possible. The debinding step depends on the 

binders used and usually consists of solvent and thermal debinding as discussed in Chapter 2. 

In this project, PEG was removed by water debinding, while the backbone polymers (i.e., 

PMMA and Q) and agar together with sucrose were burned out by thermal pyrolysis. In the 

case of TiH2 involved, the hydrogen release from TiH2 powder (also termed as 

dehydrogenation) took place simultaneously with thermal debinding due to their similar 

decomposition temperature range. 

3.2.5.1 Water debinding 

89.7 mm 

31.8 mm 

8.6 mm 

ϕ 25.4 mm 

5.72 mm 

(b) 

(c) 
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For the PEG-based MIM study, to study the debinding kinetics, the green parts were placed 

on a perforated plate that was secured on a porous supporting stand as shown in Fig. 3.7. The 

stand was soaked in a 2.5 litre of distilled water bath with a magnetic stirrer underneath. 

Different debinding temperatures and times were used for the debinding process. For this 

purpose the samples were weighed before and after water debinding at an accuracy of ± 

0.0001 g. After removal of water-soluble binder all samples were dried in a vacuum oven at 

55 °C for 12 h before the weight loss of the samples was recorded. 

 

Fig. 3.7 Schematic of instrument for water debinding. 

3.2.5.2 Thermal debinding and dehydrogenation 

For the PEG-based MIM study, after removal of PEG by water debinding, the brown parts 

were placed in a tube furnace (with flowing Ar) or a vacuum furnace (vacuum level: 2×10
-3

 

Pa) where thermal debinding was conducted to burn out the backbone polymers. It is noted 

that thermal debinding step could be incorporated in the dehydrogenation and sintering steps, 

which is detailed in Figs. 3.8(a), 3.8(c) and 3.8(d) for Chapters 5 and 7, respectively. The 

brown samples were placed on top of the alumina beads in order to avoid any impurity pick-

up from the supporting rack. 

For the agar-based MIM study, the green parts were dried at 100 °C in a vacuum oven until 

the weight of the samples stabilised. The dried samples were then subjected to a combined 

debinding, dehydrogenation and sintering step in vacuum illustrated in Fig. 3.8(b). 

The dehydrogenation process for each chapter is designed according to Refs. [15, 75, 215, 

216], which is presented in Figs. 3.8(a), 3.8(b), 3.8(e) and 3.8(f). The heating profile can be 
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divided into two steps, where the first step is dehydrogenation/thermal debinding while the 

second one is to perform final sintering. 
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Fig. 3.8 Temperature profile for thermal debinding, dehydrogenation and final sintering (a) 

PEG/PMMA-based in Chapter 5, (b) agar-based in Chapter 6, (c) PEG/PMMA-based in Chapter 7, (d) 

PEG/Q-based in Chapter 7, (e) in Chapter 8 and (f) with the pressure variation on the right ordinate in 

Chapter 9. 

3.2.6 Sintering 

Essentially the compacts, regardless of how they are processed (via MIM, P&S or hot 

pressing), need to be sintered at high temperatures to attain necessary mechanical properties. 

The final sintering for both MIM and P&S was performed in vacuum (2×10
-3

 Pa) followed by 

furnace cooling while the hot pressing was conducted in flowing argon gas. In a few cases, a 

(e) 

(f) 
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post-sintering treatment was conducted at 1000 °C for 2~6 h in vacuum to minimise the 

unwanted intermetallics in the sintered TiNi parts. 

3.2.6.1 Sintering involved in MIM 

For the TiNi MIM study, the final sintering temperature is 1100 °C for 2 h as shown in Figs. 

3.8(a) and 3.8(b). Meanwhile, the final sintering temperature for the Ti-6Al-4V MIM study is 

1300 °C for 2 h as displayed in Figs. 3.8(c) and 3.8(d). In order to improve the sintered 

properties, some samples (only agar-based) subjected to a further post-sintering treatment. 

The post-sintering heat treatment was conducted in vacuum at 1000 °C for 2 h. 

3.2.6.2 Sintering in P&S 

In the P&S study, the final sintering temperature (Tf) is set from 1000 to 1200 °C for 2 h as 

shown in Figs. 3.8(e) and 3.8(f) in Chapters 8 and 9, respectively. The samples were taken 

out of the furnace at specific time intervals in the study of Chapter 9 as shown in Fig. 3.8(f). 

In some cases, a post-sintering treatment was conducted in vacuum at 1000 °C for 6 h. 

3.2.6.3 Hot pressing 

For the hot-pressing study, the green compacts were hot pressed in a graphite die at 25 MPa 

under flowing argon. The sintering procedures are as follows: samples were initially heated to 

950 °C at a heating rate of 10 °C/min, then further heated to 1200 °C at a heating rate of 

3 °C/min and held for 2 h followed by furnace cooling. The post-sintering treatment for hot-

pressed samples was conducted in vacuum at 1000 °C for 6 h. 

3.2.7 Characterisation and testing 

3.2.7.1 Microstructural characterisation 

The attendant density and open porosity of the as-sintered samples were measured by the 

Archimedes‟ method as specified in the ASTM B962-08 standard. The largest open-pore size 

was measured with the bubble point method. For powder compacts with a TiH2 constituent, 

some of the density change during sintering is due to reduction of porosity as for Ti, and 

some is due to evolution of hydrogen and the shrinkage of particles as they transform from 

TiH2 to Ti. Densification is normally defined by the following equation as described in Ref. 

[187]: Φ=(ρs/ρth-ρg/ρ‟th)/(1- ρg/ρ‟th). Here, ρth is the theoretical sintered density, and ρ‟th is the 

theoretical green density. If porosity is unchanged by the sintering process and complete 
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dehydrogenation occurs, Φ=0. If the sintered density is equal to the theoretical sintered 

density, Φ=1. Negative values result if porosity is created during dehydrogenation or if 

swelling occurs. By means of high vacuum sintering, the release of hydrogen as a function of 

temperature and time was evaluated by monitoring the changes in the pressure on time using 

a vacuometer. Sample size was measured by a calliper with an accuracy of ± 0.01 mm before 

and after sintering. Microstructures of the metal powders, feedstocks and sintered samples 

were observed using either a field emission scanning electron microscope (FE-SEM, Philips 

XL30S) or an environmental scanning electron microscope (ESEM, FEI Quanta 200F) 

equipped with an energy dispersive X-ray spectrometer (EDX). Cross sections of the sintered 

samples were also observed with an optical microscope (OM, Olympus BX60M). The 

rheological characterisation of the agar gel was performed using an AR-G2 rheometer. The 

agar gel strength was measured by a texture analyser (TA.XTplus, UK) at room temperature. 

Phase identification was performed using X-ray diffraction (XRD, Bruker D2 Phaser). 

Thermal gravimetric analysis (TGA, Shimadzu TGA-50) of feedstocks or polymers was 

performed with a heating rate of 10 °C/min from room temperature to 600 °C under flowing 

argon gas with 75 ml/min flowing rate. Decomposition temperatures of polymers were 

determined with differential scanning calorimetry (DSC, Shimadzu DSC-60) at a heating rate 

of 10 °C/min from room temperature to 600 °C under flowing argon gas. Phase 

transformation temperatures of the sintered TiNi SMAs were determined by DSC (Shimadzu 

DSC-60) with a heating and cooling rate of 10 °C/min between -50 °C and +150 °C. DSC 

(Netzsch 404 F3) was used to determine the various reactions of compacts during sintering 

with a heating rate of 40 °C/min under flowing argon gas. The interstitial elemental analysis 

was determined by an inert gas fusion analytical instrument (Leco-Tch600). 

3.2.7.2 Mechanical testing 

Room temperature tensile properties were measured on an Instron 3367 universal testing 

machine with a cross-head speed of 0.5 mm/min as per ASTM E8 standard. Cyclic 

experiments were performed to investigate possible deformation and shape-memory recovery. 

The tensile bars were first tensioned until a significant deflection of the linear elastic 

deformation portion on the stress-strain curve was observed or the stress level approaches to 

its fracture strength. After that they were unloaded to zero stress and the subsequent cycle 

follows. Fracture characteristics were observed on the fracture surfaces of the static tensile 

bar samples. The tensile test was reported in Chapters 5, 6, 7 and 8. 
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Compression tests were performed on an MTS 810 universal machine with a load rate of 0.6 

kN/s at room temperature. An alignment cage was used to ensure parallelism of all samples 

during testing. The compression cylindrical samples (machined into 10.5 mm diameter and 

15 mm height) were polished with 1200 and 4000 grit sand paper to smooth the ends, and 

finally the ends were greased before compression tests. Cyclic experiments were performed 

to investigate possible deformation and shape-memory recovery. The cylindrical samples 

were first compressed until a significant deflection of the linear elastic deformation portion 

on the stress-strain curve was observed or the stress level approaches to its fracture strength. 

After that they were unloaded to zero stress and the subsequent cycle follows. Different loads 

and samples with various porosities and after post sintered were performed to study the SME. 

Flexural strength was measured on three-point bending samples (dimensions: 32×5×4 mm
3
) 

with a span distance of 20 mm. The three-point bending test was performed on the Instron 

3367 machine with a cross-head speed of 0.5 mm/min at room temperature using specimens 

with nominal dimensions. 

In spite of the experimental procedure above described, each of subsequent chapters may also 

entail a brief description if necessary. 
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Chapter 4 Water debinding kinetics and mechanism of titanium feedstocks 

formulated with a PEG/PMMA binder system 

This chapter is extracted from Refs. [21, 25]. The purpose of this chapter is to study the 

debinding behaviours of the PEG binder. The powder compression moulding, a simpler 

variant of MIM, was used to produce titanium compacts. These moulded compacts were then 

subjected to water debinding. The removal kinetics of the PEG in water was studied at 

varying debinding temperatures, time and specimen thicknesses. A solvent (water) debinding 

mechanism for Ti alloy MIM feedstock formulated with the PEG binder system will be 

proposed in the discussion of Chapter 11. 

Two metal powders were used to mix with the binder to form the feedstock: HDH-Ti-6Al-4V 

and TiNi PA powders as shown in Tables 3.1 and 3.3 and Figs. 3.1(a), 3.1(b), 3.1(c) and 

3.1(d). The PEG-based binder system used in this chapter consists of PEG, PMMA and SA 

(Table 3.2) and their components are presented in Section 3.2.1. 

Feedstock was prepared following the steps illustrated in Section 3.2.3.1. Four types of 

feedstock with different solid loadings were chosen for study in this chapter and the sample 

designation (#4A, #4B, #4C and #4D) is shown in Table 3.3. After preparation of feedstocks, 

compression moulding was used to prepare the green compacts with various thicknesses as 

presented in Section 3.2.4.1. The water debinding procedure and characterisation is shown in 

Sections 3.2.5.1 and 3.2.7. 

4.1 Effect of sample thickness and debinding temperature  

PEG loss as a function of debinding time in water is shown in Fig. 4.1 for four different 

specimen thicknesses at a debinding temperature of 60 C. A rapid removal rate was 

observed in the first few hours of debinding; afterwards the PEG removal rate levelled off. It 

is clear that the PEG removal largely depends on sample thickness. For example, for a 1.5-

mm-thick specimen, within only one hour, 90.0 % PEG removal was achieved. When the 

binder removal percentage is 75.0 %, the debinding time for the 1.5, 3, 6 and 9-mm-thick 

#4A sample was less than 1 h, 1.5 h, 3 h and 6 h, respectively. 

Binder removal rate is also influenced by temperature, as shown in Fig. 4.2 which presents 

the debinding behaviours at three different temperatures: 40, 50 and 60 °C. The 6-mm-thick 

#4A specimens reached 75.0 % of binder removal for the 9, 6 and 3-mm-thick sample after 5 
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h, 3 h and 2.5 h, respectively. The debinding time can be significantly reduced if the 

debinding temperature is raised to 60 °C from 40 °C. This is because a higher debinding 

temperature increases the molecular mobility and diffusivity. However, a further increase in 

temperature is not recommended because too high binder removal rate will result in loss of 

integrity, formation of cracks and blisters, distortion or even collapse of the compacts [12]. 

Prior to each weight measurement, the samples were dried in a vacuum oven at 55 °C for 12 

h after they were taken out of the water bath. However, it should be noted that drying at this 

temperature for 12 h cannot guarantee the complete removal of water in the specimen. 

Therefore, the measured debinding percentages would be underestimated. 
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Fig. 4.1 PEG removal percentage vs. debinding time with various sample thicknesses at 60 C debinding 

temperature for the #4A sample. Sample #4A was produced from Ti-6Al-4V feedstock with the 

PEG/PMMA binder system (particle size: < 74 m, solid loading: 69.5 %). 
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Fig. 4.2 PEG removal percentage vs. debinding time at three different temperatures for the 6-mm-thick 

#4A sample. 

In the early stage of debinding, the PEG is transported out of the compact. Since the water 

was continuously stirred, it is therefore assumed that no PEG accumulates on the sample 

surface and the external resistance to mass transfer is negligible. The transportation of the 

PEG out of the compact through the pore channels formed is the controlling mechanism for 

debinding. However, as the debinding proceeds the pore channels extend to the inner region 

of the specimen. The transportation path becomes longer, which results in a slowdown of the 

binder removal rate [146]. Also the transportation path is dependent on the sample thickness. 

A thicker specimen has a longer path for transportation, resulting in a longer debinding time. 

The binder removal percentage increases with increasing water bath temperature as a result of 

improved molecular mobility at higher temperatures. As a result, it is important to choose the 

appropriate debinding parameters including debinding time and temperature for the samples 

with different thicknesses. 

4.2 Effect of particle morphology and particle size 

In this study, two different powder morphologies with similar particle size were used: 

spherical particles for TiNi PA powder and irregular particles for Ti-6Al-4V PA powder. Fig. 

4.3 shows the influence of powder morphology on the binder removal percentage of 
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specimens with the same 65 vol.% solid loading. Sample #4B was produced from Ti-6Al-4V 

feedstock (particle size: < 47 μm, irregular shape), while sample #4D was produced from 

TiNi feedstock (particle size: 20~40 μm, spherical shape). It can be seen that the binder 

removal rate decreases with increasing the content of fines in the powder. For instance, the 

binder removal percentage in the case of irregular particle (#4B) was 98.0 % while it was 

94.0 % for the case of spherical particle (#4D) with the same solid loading and similar 

particle size, when the debinding time was 18 h. As irregular particles usually have a lower 

packing density and hence a larger inter-particle spacing, it is then anticipated that the binder 

in the Ti-6Al-4V feedstock will be extracted faster than that in the TiNi feedstock. 
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Fig. 4.3 Influence of particle morphology on binder removal behaviour: (#1) spherical particle and (#2) 

irregular particle. Both feedstocks have 65 vol.% of solid loading. 

Fig. 4.4 presents the influence of particle size on binder removal percentage of TiNi 

specimens with the same 60 vol.% solid loading. As shown in Fig. 4.4 the binder removal 

percentage decreases with decreasing particle size for the TiNi specimens. The binder 

removal percentage for #4C samples (produced from TiNi alloy feedstock with 80~100 μm of 

particle size) with larger particle size was 99.0 % while it was 94.0 % for the #4B samples 

(produced from TiNi alloy feedstock with 20~40 μm of particle size) with smaller particle 

size when the debinding time was 18 h. Increasing particle size leads to a reduced packing 

density and increased inter-particle space, giving rise to a faster binder removal rate. In the 

same way, the debinding process for the larger particle feedstock is faster than that for the 

smaller particle feedstock if the particles have a similar morphology. Comparing Figs. 4.3 
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and 4.4 there is no significant difference in the binder removal kinetics between 65 vol.% and 

60 vol.% TiNi specimens with the same particle size. 
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Fig. 4.4 Influence of particle size on binder removal behaviour: (#1) #4C sample and (#2) #4D sample. 

Both feedstocks have 60 vol.% of solid loading. 

4.3 Microstructural development during water debinding 

Fig. 4.5 shows the surface morphology of the 6-mm-thick #4A compacts with 69.5 vol.% of 

solid loading debound in the water bath at 60 °C for different debinding times: 20 min, 1 h, 2 

h, 4 h and 30 h, respectively. In order to observe how the microstructure evolves from the 

surface to the specimen interior, we fractured the debound specimen and observed the 

morphologies of the fractured centre. Fig. 4.6 shows the fractured ESEM images. For the 20-

min solvent-debound parts with 28.8 % binder removal percentage, there were only some 

dissolution marks on the surface but no pores were found in the fractured centre as shown in 

Figs. 4.5(a) and 4.6(a). Most of PEG in the compact did not interact with water after 20 min 

of debinding. Increasing debinding time resulted in the emergence of pores with different 

sizes on the surface, as shown in Figs. 4.5(b) to 4.5(e). As can be seen in Fig. 4.6(c), pores in 

the fractured centre region were found after 2 h of debinding. Some pores were in between 

particles while others were within the binders. After 30 h of debinding when the binder 

removal percentage was 98.4 %, most of the PEG has been removed, creating interconnected 

pore channels (Fig. 4.6(e)). The insoluble PMMA ligaments still remained in the compact 
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after 30 h of debinding, providing necessary „brown‟ strength, which is important for 

specimen handling. 

Fig. 4.7 shows the measured open porosity for the 6-mm-thick #4A specimens debound at 

60 °C at different periods of debinding time. Porosity increased rapidly in the first 4 h. For 

instance, an increase in porosity of 6.0 % was observed after 20-min debinding. At the 

beginning of debinding, the PEG at the surface of specimen dissolves when the compacted 

parts were immersed in water, however, the water does not diffuse into the interior of the 

specimen. Therefore, the porosity was simply attributed to the surface pores (seen in Figs. 

4.5(b) and 4.5(c)). 

With increasing immersion time, more water molecules penetrate into the interior of the 

specimen and more hydrated PEG is transported out, through the previously generated porous 

channels. As a result, both pore population and pore size increase. It was observed that after 4 

h of debinding the open porosity increased to 20.0 %. The interconnectivity of pores was 

formed after about 12 h of debinding time. 
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Fig. 4.5 ESEM micrographs showing surface morphology of the 6-mm-thick #4A specimens that were 

debound at 60 °C in water for various debinding time: (a) 20 min, (b) 1 h, (c) 2 h, (d) 4 h and (e) 30 h. 
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Fig.4.6 ESEM micrographs showing the morphology of the fractured centre of the 6-mm-thick #4A 

specimens. The specimens were debound at 60 °C in water for various debinding time: (a) 20 min, (b) 1 h, 

(c) 2 h, (d) 4 h and (e) 30 h. 
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Fig. 4.7 Open porosity development as a function of debinding time at 60 C debinding temperature for 

the 6-mm-thick #4A specimens. 

4.4 Summary 

The water-debinding behaviours of the PEG/PMMA/SA binder system in titanium compacts 

were investigated. During water debinding, water penetrates to compacted parts and interacts 

with PEG to form hydrated complexes until the equilibrium water content is reached and 

PEG starts dissolving. As debinding continues, dissolved PEG is transported out of the 

compacts while more water penetrates into the interior. Concomitant with PEG dissolution 

and transportation is the pore structure development. The interconnected pore channels could 
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serve as escape paths for decomposed gases during subsequent thermolysis of the insoluble 

PMMA component.  
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Chapter 5 Fabrication and properties of porous TiNi alloys using a PEG-

based binder system by MIM 

This chapter extracted from Refs. [8, 22] investigates the feasibility of porous TiNi by MIM. 

The feedstock was formulated using a PEG-based binder system and elemental powders. Two 

different titanium powders were used: HDH-Ti and TiH2 powders. The use of TiH2 is to 

evaluate whether it accelerates the sintering process and promotes chemical homogenisation 

[15, 16, 217]. 

Three metal powders were used to mix with the binder to form feedstock: HDH-Ti, TiH2 and 

Ni elemental powders as shown in Tables 3.1 and 3.3 and Figs. 3.1(e), 3.1(g) and 3.1(h). The 

PEG-based binder system used in this chapter consists of PEG, PMMA and SA (Table 3.2) 

and their component is presented in Section 3.2.1. 

The two batches of powder mixture, i.e., Ni/Ti and Ni/TiH2, have a nominal atomic 

composition of 51 % Ni and 49 % Ti as shown in Section 3.2.2. Feedstock was prepared 

followed the steps illustrated in Section 3.2.3.1. Three types of feedstock with different 

powder mixtures and solid loadings (#5A, #5B and #5C) were chosen in this chapter as 

shown in Table 3.3. Once the feedstock pellets were prepared, they were charged into the 

injection moulder. The moulding parameter and size of green moulded compacts are 

presented in Table 3.4 and Fig. 3.6(a). Water and thermal debinding, dehydrogenation and 

final sintering procedures (Fig. 3.8(a)) are illustrated in Sections 3.2.5.1 and 3.2.6.1, while the 

characterisation is shown in Section 3.2.7. 

5.1 Determination of critical loading 

To determine the critical solid loading, an increment of 1 vol.% metal powder was added 

stepwise. With the progress of mixing, the torque was again stabilised. This procedure was 

repeated until the mixing torque either did not stabilise or rapidly increased, both indicating 

an excessive amount of metal powder. The total amount of metal powder added in the 

feedstock is the critical solid loading. At critical loading the mixing torque increases 

dramatically and becomes erratic [12, 218]. Fig. 5.1 shows the variation of mixing torque 

with time for the Ni/Ti blend as solid loading is incrementally increased. There is an 

immediate increase in the torque when metal powder is added in each increment, but the 

torque stabilises quickly until the torque value is too high or cannot stabilise. At such a point 

a critical solid loading is determined: 66 vol.% for the Ni/Ti feedstock. The optimum solid 
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loading for MIM is usually approximately 2 vol.% to 5 vol.% lower that the critical solid 

loading [12]. A solid loading of 60 vol.% was then decided for Feedstock #5A. In the 

identical procedure, Feedstocks #5B and #5C have a solid loading of 60 vol.% and 50 vol.%, 

respectively. All three feedstocks have relatively low torque (below 1 N·m) and are thought 

to be suitable for injection moulding.  

 

Fig. 5.1 Determination of solid loading at 190 °C for the Ni/Ti feedstock. 

5.2 Water debinding kinetics and TGA analysis 

Fig. 5.2 shows the morphology of Feedstock #5A before water debinding (other feedstocks 

have the very similar morphologies). The white particles represent the Ti and Ni powders 

after determination by EDX, while the ribbons represent the binder. The binder filled the void 

space of the compact completely and very few pores were observed in the feedstock. 

Apparently, the feedstock is homogeneous. 

During extraction of the water-borne binder, the water molecules interact with and dissolve 

the PEG [21]. The objective of water debinding is to create an interconnected channel 

throughout the powder compact so that the backbone binder component, namely PMMA in 

our case, can be removed through these channels when a second debinding (usually thermal 

debinding) is applied [12]. 

PEG loss as a function of debinding time in water is shown in Fig. 5.3 for Feedstock #5A and 

#5B moulded parts both with 2 mm thickness at a debinding temperature of 60 C. From both 

curves a rapid removal rate was observed in the first few hours of debinding; afterwards the 
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PEG removal rate levelled off. During debinding, the pore channels gradually extend to the 

inner region of the specimen. Therefore, the transport path of the hydrated PEG complexes 

increases with debinding time, resulting in a slowdown of the binder removal rate [21, 146]. 

 

Fig. 5.2 ESEM micrograph of Feedstock #5A. 
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Fig. 5.3 Water debinding behaviour of PEG in the green parts made from Feedstock #5A and #5B. 

Debinding was carried out at 60 °C. 

As shown in Fig. 5.3 the binder removal rate of Feedstock #5A moulded parts is greater than 

that of Feedstock #5B compacts. For instance, after 2 h of water debinding, the binder (PEG) 

removal percentage for Feedstock #5A moulded parts and Feedstock #5B moulded parts was 

Ni 

Ti 
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96.8 % and 90.7 %, respectively. This is probably because the mean particle size of HDH-Ti 

powder is larger than that of TiH2 as shown in the particle size distribution analysis in Table 

3.1. The main difference in the two feedstocks is the particle size of Ti and TiH2, with the 

former particles being larger. Increasing particle size leads to a reduced packing density and 

hence an increased inter-particle space results in a faster binder removal rate. 

Fig. 5.4 shows the TGA trace for Feedstock #5A, indicating the binder burnout temperature 

ranges from 200 to 440 °C. As shown in Fig. 5.4, a maximum weight loss percentage of 

approximately 11.3 % was observed, which corresponds to the total binder weight percentage 

in Feedstock #5A. The gradual weight gain after 450 C is attributed to the oxidation of 

titanium powder [1, 2]. 

 

Fig. 5.4 TGA trace of Feedstock #5A. 

5.3 Characterisation of debound and as-sintered samples 

The injection moulded „green‟ and as-sintered tensile bars from Feedstock #5C are shown in 

Fig. 5.5. No distortion or surface cracks were observed. Microstructural evolution from the 

injection moulded green samples to the final sintered samples made from Feedstock #5C is 

shown in Fig. 5.6. In the green samples (Fig. 5.6(a)) the binders (PEG/PMMA/SA) fill the 

inter-particle space. After 20 h of water debinding, the water-soluble component PEG was 

completely removed, while PMMA ligaments held the powder particles as shown in Fig. 

5.6(b). Some fine pore channels between powder particles were clearly observed. The pore 
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channels facilitate the subsequent PMMA removal by thermal debinding [148]. Both thermal 

debinding and sintering were incorporated in to one step and conducted in the same vacuum 

furnace. Fig. 5.6(c) presents the microstructure observed on the surfaces of the sintered TiNi 

samples made from Feedstock #5C. In comparison, the microstructures of the sintered TiNi 

samples made from Feedstock #5A and #5B are presented in Figs. 5.7(a) and 5.7(b). It is 

observed that the average pore size of TiNi alloy samples sintered from Feedstock #5C is 

larger than that sintered from Feedstock #5B and #5A. Table 5.1 summarises the 

characteristics of the sintered porous TiNi samples. It can be seen that Feedstock #5B 

resulted in a smaller pore size while Feedstock #5A presented the smallest lateral shrinkage. 

Comparing Feedstock #5A with Feedstock #5B, we found that TiH2 in the feedstock plays an 

important role in the pore size and distribution. In addition to the particle size, the 

decomposition of TiH2 would accelerate the reactive sintering densification process [15, 20, 

219-221], as a result of activated Ti powder surfaces exposed by dehydrogenation. In 

addition, the binder volume fractions in Feedstocks #5A and #5C also play an important role 

in the porous microstructures of the sintered parts. A greater binder volume fraction leads to a 

higher open porosity and larger pore size in the final sintered parts. 

From Table 5.1 the lateral shrinkage of the sintered samples made from Feedstock #5C is 

greater than that from Feedstock #5A. This is simply because Feedstock #5C contains higher 

volume fraction of binder component. In comparison to Feedstock #5A, the sintered samples 

made from Feedstock #5B demonstrated greater shrinkage, although both feedstocks had an 

identical binder volume fraction of 60 vol.%. The shrinkage difference is thought to stem 

from the effect of TiH2. Firstly, TiH2 has a lower density (i.e., 3.9 g/cm
3
) than Ti (4.5 g/cm

3
). 

During dehydrogenation, the density increase may cause shrinkage. Secondly, the newly 

activated powder surfaces after dehydrogenation enhance densification [15, 18, 20], causing 

further shrinkage. Thirdly, the particle size of TiH2 is smaller than that of Ti, which 

minimises the swelling phenomenon in the case of Feedstock #5B when compared with 

Feedstock #5A [222]. 

Fig. 5.8 shows the XRD patterns of the vacuum sintered TiNi alloys made from these three 

feedstocks. After sintering, in all cases, B2 TiNi phase dominates with a small fraction of 

B19‟ TiNi and several intermetallic phases present, such as NiTi2 and Ni3Ti. Some impurity 

phases such as TiC and Ni2Ti4Ox were also observed. These minor and impurity phases are 
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further confirmed by EDX analysis (Fig. 5.9). These observations are in good agreement with 

other reports [50, 121, 124, 149, 153]. 

 

Fig. 5.5 Injection moulded and as-sintered tensile bars made from Feedstock #5C. 

  

 

Fig. 5.6 Microimages showing microstructural evolution of Feedstock #5C during processing (a) the MIM 

green part, (b) after water debinding of MIM parts and (c) as 1100 °C sintered parts. 
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Fig. 5.7 Micrographs showing surface microstructures of samples sintered at 1100 °C for 2 h from (a) 

Feedstock #5A and (b) Feedstock #5B. 

 

Fig. 5.8 XRD patterns of the sintered samples made from the feedstock of (A) #5A, (B) #5B and (C) #5C. 
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Fig. 5.9 Backscattered electron (BSE) images of the sintered porous TiNi parts made from (a) Feedstock 

#5A, (b) Feedstock #5B and (c) Feedstock #5C. 

Table 5.1 Characteristics of the sintered porous TiNi samples. 

Sample sintered 

from Feedstock  
Lateral shrinkage/% Density/g·cm

-3
 Open porosity/% 

Largest pore 

size/µm 

#5A 5.4±0.6 3.90±0.02 39.2±0.5 10.4±0.7 

#5B 10.4±0.5 3.99±0.03 38.4±0.6 5.3±0.5 

#5C 11.3±0.5 3.82±0.05 40.9±0.3 11.3±0.9 

 

5.4 Tensile test 

Fig. 5.10 illustrates a typical stress-strain curve for the MIM-TiNi alloy samples made from 

Feedstock #5C, where a non-linear elastic behaviour can be seen. This non-linear elasticity is 

attributed to the elastic buckling of cell walls or edges during the tensile test [223] or the 

superelastic effect of TiNi phase, caused by a stress-induced austenite-to-martensite phase 

transformation [36, 224]. The strain to fracture of the sintered samples is 3.81 % and the 

fracture strength is 161.8 MPa; both are lower than that reported in the literature for the 

pressureless sintered and HIPed TiNi [5, 48, 124, 225]. This is caused by the larger porosity 

and insufficient densification of the TiNi parts in this study. 
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Fig. 5.10 A typical engineering stress-strain curve for the sintered samples made from Feedstock #5C. 

5.5 Summary 

Porous TiNi alloys were produced by MIM using elemental powder feedstocks followed by 

sintering at 1100 °C for 2 h. The feedstocks were formulated with a PEG/PMMA binder 

system. The critical solid loading of the feedstock with Ni/Ti powder mixture was determined 

to be 66 vol.%. The binder (PEG) removal rate of the feedstocks depends on the metal 

powder particle size; the larger the particle size the faster the binder removal rate. All the 

sintered samples exhibit a porous structure with porosity of approximately 40 vol.%. Open 

porosity, pore size and lateral shrinkage also depend on the feedstocks. The use of TiH2 

powder has a significant effect on the pore characteristics. Multi-phase constituents are 

observed in all the sintered samples, implying that complete alloying was not achieved and 

slight contamination occurred during processing. The porous sintered samples show a limited 

fracture strain of 3.81 % with the tensile strength of 161.8 MPa, which is typical for porous 

structure. 
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Chapter 6 Using an agar-based binder system to produce porous TiNi 

alloys by MIM 

This chapter is extracted from Ref. [26]. Agar is a natural extract which is soluble in water at 

about 90 C and forms a gel upon cooling down to room temperature [226]. When used for 

formulating metal powder feedstock, agar usually has to be strengthened with, for instance, 

borate compounds, glucose or sucrose [227]. The purpose of the present paper is therefore to 

study the rheological properties of TiNi/agar/sucrose feedstock, fabricate TiNi alloy parts 

with the formulated feedstock and report the attendant mechanical properties of the sintered 

TiNi alloys. In addition, it is reported that the dehydrogenation of TiH2 during sintering is 

able to not only reduce impurities, but also accelerate densification and improve chemical 

homogenisation [15, 221]. To this end, two different feedstocks were prepared from either 

elemental Ti powder or TiH2 powder. The sintering behaviour and mechanical properties of 

the sintered samples from these two feedstocks are compared. 

Three elemental powders were used in this study: HDH-Ti, TiH2 and Ni. The particle sizes 

and impurity levels of these powders are summarised in Table 3.1. It is noted that the HDH-

Ti powder contains 0.49 wt.% O while the TiH2 powder contains 1.92 wt.% H. The 

morphologies of these powders are shown in the ESEM micrographs (Figs. 3.1(e), 3.1(g) and 

3.1(h), respectively). XRD patterns confirm that all these powders exhibit a single phase (Fig. 

6.1). Two batches of powder mixture both with an atomic percentage ratio of 51/49 for Ni/Ti 

are shown in Table 3.3. The binders used are agar and sucrose as listed in Table 3.2, agar and 

sucrose being the gel-forming constituent and gel strengthening additive, respectively. The 

composition of agar and sucrose chosen for the binder system is the same, i.e., 2 wt.% as 

shown in Section 3.2.3.2. 

The preparation process of gel and agar gel-based feedstock is presented in Section 3.2.3.2. 

Two batches of feedstock were prepared in this chapter: Feedstock #6A (Ni/Ti) and 

Feedstock #6B (Ni/TiH2) with a solid loading of 65 vol.% and 60 vol.%, respectively, as 

displayed in Table 3.3. 

Pelletised feedstocks were charged into the injection moulder. The moulding parameters are 

summarised in Table 3.4. Feedstock pellets were then injection moulded into cylindrical disc 

samples (16 mm-diameter and 2 mm-thick) and tensile testing bars (2 mm-thick) (Fig. 3.6(b)). 

Debinding, dehydrogenation and final sintering procedures (Fig. 3.8(b)) are illustrated in 
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Sections 3.2.5.2 and 3.2.6.1, while the characterisation is shown in Section 3.2.7. To improve 

the sintered properties, some tensile bar samples were subjected to a further post-sintering 

treatment. The post-sintering heat treatment was conducted in vacuum at 1000 °C for 2 h. 

 

Fig. 6.1 XRD patterns of the starting metal powders. 

6.1 Agar-sucrose binder 

The rheological characterisation and strength of the gel was measured. The viscosity curves 

of the gel were determined at a temperature from 30 to 70 C with a shear rate of 100 s
-1

, 

which is typical of the conditions used for MIM [12]. Fig. 6.2 shows the average strength of 

the gels that contained 2 wt.% agar with three different contents of sucrose. The gel strength 

increases significantly with the quantity of the sucrose. For example, the gel strength of 2 wt.% 

sucrose-agar gel almost doubled (1002 g·cm
-2

) as compared to the pure agar gel (584 g·cm
-2

). 

It is suggested that at a temperature lower than the gel-sol transition, multiple networks form 

in the agar gel, rendering the gel strength [228]. In our case, sucrose was added as a gel-

strengthening agent to promote the formation of hydrogen bonds and hence increase the agar 

gel strength [229]. 

The viscosity of the binder materials largely determines the feedstock quality and the 

achievable solid loadings. In this study, we measured the viscosity of the 2 wt.% sucrose-2 

wt.% agar (hereafter sucrose-agar for simplicity unless stated otherwise) solution as a 

function of temperature during cooling. As expected, the solution viscosity increases with 

decreasing temperature (Fig. 6.3). At 30 °C the viscosity rapidly increases to 26 Pa·s and this 
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temperature is the glass transition temperature for the binder, Tg. Nonetheless, in the injection 

moulding temperature range (55~65 °C), the sucrose-agar gel binder has a viscosity lower 

than 10 Pa·s and is suitable for injection moulding [12]. 

The TGA trace for the sucrose-agar gel binder is shown in Fig. 6.4. It can be seen that weight 

loss begins from room temperature, increases dramatically to about 125 °C and levels off up 

to 600 °C. Since the sucrose-agar gel contains 96.0 wt.% water, its evaporation accounts for 

the initial drastic weight loss up to 125 °C. After water evaporation, the burnout of the 

remaining sucrose and agar accounts for the subsequent weight loss. The total weight loss of 

99.6 wt.% is observed at 600 °C. 

 

Fig. 6.2 Strength of the 2 wt.% agar gel as a function of the sucrose content. 

 

Fig. 6.3 Apparent viscosity of the 2 wt.% agar-2 wt.% sucrose solution as a function of temperature. 
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Fig. 6.4 TGA trace of the 2 wt.% agar-2 wt.% sucrose-gel binder. 

6.2 Characteristics of the debound and as-sintered samples 

The as-sintered discs and tensile bars are shown in Fig. 6.5, no distortions or surface cracks 

were observed. The measured radial dimensional change of the sintered parts made from 

Feedstock #6A and Feedstock #6B is +6.1 % (swelling) and -1.8 % (shrinking), respectively. 

Fig. 6.6 shows the ESEM micrographs of the surface microstructures in the sintered porous 

TiNi alloys from Feedstock #6A and #6B. It is clear that the pores of the TiNi alloy made 

from Feedstock #6A are larger and distributed less uniformly than that made from Feedstock 

#6B. Most of the pores are interconnected and irregular. As summarised in Table 6.1, the 

open porosity of the porous TiNi samples made from Feedstock #6A and #6B is 41.9±0.3 % 

and 35.2±0.2 %, respectively. The largest pore size is 18.6 µm for the TiNi samples made 

from Feedstock #6A while it is 8.2 µm for Feedstock #6B. After sintering the Feedstock #6A 

exhibited swelling as shown in Fig. 6.5(a) while the Feedstock #6B illustrated shrinkage (Fig. 

6.5(b)). Furthermore, the pore size and porosity of the Feedstock #6A sintered as presented in 

Figs. 6.6(a) and 6.6(c) are larger than those of the Feedstock #6B sintered, as shown in Figs. 

6.6(b) and 6.6(d). 

Table 6.1 Basic physical properties for the sintered porous TiNi parts. 

Feedstock 

sintered 

Radial swelling 

percentage/% 

Maximum pore 

size/µm 
Density/g·cm

-3
 Open porosity/% 

#6A 6.11 18.6 3.75 41.9±0.3 

#6B -1.80 8.2 4.18 35.2±0.2 
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Fig. 6.5 Macroscopic images of the sintered TiNi samples prepared from (a) Feedstock #6A and (b) 

Feedstock #6B. 

  

  

Fig. 6.6 Porous microstructures observed on the surface and cross sections of the sintered TiNi samples 

made from two feedstocks. (a) ESEM image of surface from Feedstock #6A, (b) ESEM image of surface 

from Feedstock #6B, (c) optical micrograph of cross section from Feedstock #6A, and (d) optical 

micrograph of cross section from Feedstock #6B. 

Fig. 6.7 shows the XRD patterns of the TiNi alloys made from Feedstock #6A and #6B after 

sintered at 1100 °C for 2 h. Austenitic B2 TiNi phase dominates in both cases, with the 

presence of Ni3Ti and NiTi2. However, the B19‟ TiNi was not observed in the sintered 

sample made from Feedstock #6B. ESEM studies and EDX analysis confirm the existence of 

these phases (Fig. 6.8). 
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Fig. 6.7 XRD patterns of the sintered TiNi samples prepared from two feedstocks. 

  

Fig. 6.8 Backscattered electron images of the sintered porous TiNi samples made from (a) Feedstock #6A 

and (b) Feedstock #6B. 

6.3 Tensile test and one-way shape memory effect 

Fig. 6.9 illustrates the engineering stress-strain curves for the TiNi alloy samples made from 

the two feedstocks. In both cases, the sintered samples exhibited typical brittle fracture 

behaviours with tensile strength of approximately 107 MPa and elongation of 1.6 % for 

Feedstock #6A samples, and about 118 MPa and elongation of 1.8 % for Feedstock #6B 

samples, respectively in this case. However, it is noteworthy that the Feedstock #6B samples 

demonstrated a non-linear elastic deformation behaviour. Non-linear elasticity is typical for 
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porous materials as a result of the elastic buckling of cell walls or edges during the tensile test 

[223]. Nevertheless, the prominent non-linear elasticity observed in Feedstock #6B samples 

rather than in Feedstock #6A samples more likely results from a stress-induced phase 

transformation from austenite to martensite, which is a unique behaviour for shape memory 

TiNi alloys [36]. We believe that the use of TiH2 promotes not only densification but also 

chemical homogenisation, which leads to the non-linear elasticity of the sintered samples. To 

the best of our knowledge, this is the first report on the fracture properties of porous TiNi 

alloys produced by MIM, although the fracture behaviours were reported in porous TiNi 

produced by pressureless sintering and HIP [5, 124]. 

DSC measurements were used to determine the phase transformation temperatures on the 

Feedstock #6A and #6B sintered TiNi alloy samples. A typical DSC trace of the Feedstock 

#6A and #6B sintered samples is shown in Fig. 6.10. The austenite start (As), austenite finish 

(Af), martensite start (Ms) and martensite finish (Mf) temperatures of the Feedstock #6A and 

#6B sintered samples are summarised in Table 6.2. The remarkable difference in the 

transformation temperatures suggests that the TiNi phase is Ni-rich in the Feedstock #6B 

sintered parts [108] and implies that TiH2 also affects the chemical homogenisation. The 

formed impurities (i.e., Ni2Ti4Ox and TiC) occupied Ni and Ti components in the TiNi matrix 

and sequentially changed its Ni content, leading to obvious difference in the transformation 

temperatures. 

The elongation of 1.6 % observed in the Feedstock #6A sintered samples allows to 

demonstrate the one way SME on a macroscopic scale. The unstrained flat tensile sample 

(with no post-sintering treatment) as shown in Fig. 6.11(a) was cooled down to a temperature 

below Mf with liquid nitrogen and then bent manually (Fig. 6.11 (b)). Upon heating to a 

temperature above Af, the strained sample was observed to completely recover its original 

shape (Fig. 6.11 (c)). The one-way SME was also observed in the sintered samples made 

from Feedstock #6B. This further confirms that the shape memory TiNi alloy has been 

achieved in this study by MIM and vacuum sintering of elemental powder feedstocks. 

The observed tensile strength and elongation (1.6 % for Feedstock #6A samples and 1.8 % 

for Feedstock #6B samples, respectively in this case) do not satisfy the porous implant 

requirements. It is anticipated that a higher sintering temperature and/or a longer sintering 

time is needed to promote a further densification. A post-sintering heat treatment (solid 

solutionizing) is useful to eliminate the unwanted intermetallics such as Ni3Ti, and hence 
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improving the shape memory or pseudoelastic effects. This has been demonstrated in 

Biswas‟s work where a post-synthesis heat treatment with a 1°C/min heating rate to 1150 C 

resulted in a single B2 phase in the porous TiNi sample [117]. Accordingly, we conducted a 

post-sintering treatment on the sintered tensile bars made from the two feedstocks. The post-

sintering treatment was carried out at 1000 °C for 2 h with a heating rate of 2 °C/min. The 

tensile properties of Feedstock #6A and #6B sintered parts after post-sintering treatment were 

119 MPa/2.1 % EL and 132 MPa/2.4 % EL, respectively. The harmful intermetallic phases 

Ni3Ti and NiTi2 almost disappeared in the XRD patterns. 
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Fig. 6.9 Tensile stress-strain curves for the sintered TiNi samples made from two feedstocks. 

Table 6.2 Phase transformation temperatures for the Feedstock #6A and #6B sintered TiNi samples. 

Feedstock sintered As/°C Af/°C Ms/°C Mf/°C 

#6A 28.0 36.2 4.2 -5.4 

#6B 12.2 18.6 -25.2 -33.6 
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Fig. 6.10 DSC curves upon cooling and heating of the sintered TiNi samples made from (a) Feedstock #6A 

and (b) Feedstock #6B. 

     

Fig. 6.11 One-way shape memory effect of the porous TiNi sample from Feedstock #6A: (a) Unstrained 

tensile bar, (b) the tensile bar was bent after cooling in liquid nitrogen, (c) the bent tensile bar recovered 

to its original shape upon heating to 70 °C. 

6.4 Summary 

(1) The strength of the agar-sucrose gel increases with increasing the content of the 

sucrose. The viscosity of the agar-sucrose gel increases significantly with decreasing 

temperature. The gel containing 2 wt.% agar and 2 wt.% sucrose is suitable for 

formulating TiNi MIM feedstocks. 
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(2) The use of TiH2 powder in the feedstock not only promotes densification but also 

enhances chemical homogenisation in the sintered samples. The sintered samples 

made from the #6B Feedstock demonstrate lower porosity and smaller pore size, as 

compared to the #6A Feedstock; they also experience radial shrinkage, in comparison 

to swelling for the #6A Feedstock. 

(3) The use of TiH2 powder in the feedstock results in different microstructures and 

therefore different tensile properties in the sintered samples. The sintered TiNi alloy 

samples prepared from the #6B Feedstock exhibited higher fracture strength and non-

linear elasticity, as compared to the #6A Feedstock. 

(4) Phase transformation temperatures of the Feedstock #6A and #6B sintered parts are 

determined and shape memory behaviours are observed in the sintered TiNi alloys. 
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Chapter 7 Development of an easy-to-decompose binder for Ti-MIM 

Baril [95] has pointed out that the binder components have to be selected so as to be 

efficiently removed at temperature below 400 °C. However, all the backbone polymers in the 

commonly used binder systems have a relatively high decomposition temperature, usually 

over 400 °C and in most cases up to 600~700 C. A commercial titanium feedstock 

polyMIM
®
 has to undergo a pyrolysis at 600 C in order to completely remove the binders. 

This is the reason why the Ti-MIM products made from polyMIM
®
 feedstocks still struggle 

to meet the ASTM specifications. Thus, it is of great interest, from both scientific and 

technological perspectives, to develop an easy-to-decompose binder, which is able to 

decompose at a temperature around 200 C. At such a low decomposition temperature it is 

possible to completely avoid oxygen pick-up during the debinding step. 

This chapter reports our preliminary trials on a newly identified polymer, which is hereafter 

designated Q. The polymer Q is used along with PEG to formulate Ti-6Al-4V feedstock. The 

resultant mechanical properties and interstitial element contamination of sintered parts when 

using PEG/Q and PEG/PMMA binder systems are compared. 

The HDH-Ti-6Al-4V metal powder was used to mix with the binder to form feedstock as 

shown in Table 3.1 and Fig. 3.1(b). The PEG-based binder system used in this chapter 

consists of PEG, PMMA or Q and SA (Table 3.2) and their components are presented in 

Section 3.2.1. In this study the backbone polymers PMMA and Q are compared to investigate 

their influence on the properties of sintered parts. 

Two types of feedstock with different binder systems (#7A with PEG/PMMA and #7B with 

PEG/Q) were chosen in this chapter as shown in Table 3.3. Once the feedstock pellets were 

prepared, they were charged into the injection moulder. The moulding parameter and size of 

green moulded compacts are presented in Table 3.4 and Fig. 3.6(c), respectively. Water, 

thermal debinding and final sintering procedures (Figs. 3.8(c) and 3.8(d)) are illustrated in 

Sections 3.2.5.1 and 3.2.6.1, while the characterisation is shown in Section 3.2.7. 

7.1 Critical loading determination and feedstock characterisation 

An initial solid loading of 63 and 65 vol.% was chosen for Feedstock #7A and #7B, 

respectively, to determine the critical solid loading. Fig. 7.1 shows the variation of mixing 

torque with time for Feedstock #7A and #7B as solid loading is incrementally increased. 
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There is an immediate increase in the torque with each powder addition, but torque stabilises 

quickly until the torque value is too high or cannot stabilise. At such a point a critical solid 

loading is determined: 72 vol.% and 71 vol.% for Feedstock #7A, and #7B, respectively. In 

this study, 60 vol.% solid loading with relatively low torque (below 1 N·m) was chosen as the 

solid loading for both Feedstock #7A and #7B, which is suitable for the BOY 10S injection 

moulder. After 1 h mixing of Feedstock #7A and #7B both with a 60 vol.% solid loading, the 

fracture surface morphology of each feedstock is shown in Fig. 7.2 which illustrates the 

homogeneous structure after mixing. 
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Fig. 7.1 Determination of solid loading for powder feedstock (a) Feedstock #7A at 190 °C and (b) 

Feedstock #7B at 160 °C. 

The difference in critical solid loading between the two feedstocks is ascribed to the 

difference of the binder system. This is because the binder system in Feedstock #7A contains 

more primary polymer (PEG) and less backbone polymer than those in Feedstock #7B, which 

decreases the viscosity of the feedstock and thus increases the critical solid loading. 
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Fig. 7.2 ESEM morphologies of feedstocks with a 60 vol. % solid loading (a) Feedstock #7A and (b) 

Feedstock #7B. 

7.2 Solvent debinding and thermal properties of backbone polymers 

Fig. 7.3 shows the PEG loss of 60 vol.% Ti-6Al-4V Feedstock #7A and #7B injection 

moulded parts as a function of debinding time in water at 60 °C. As can be seen from Fig. 7.3 

the debinding time increases the amount of PEG extracted and the debinding rate decreases 

with increasing the debinding time. The results show that over 90.0 wt.% of PEG was 

removed after 10 hours‟ debinding at 60 °C for both feedstocks. The samples did not show 

any noticeable deformation after debinding for 14 h at 60 °C. Fig. 7.4 shows the surface 

morphology of Feedstock #7A and #7B compacts debound in the water bath at 60 °C for 14 h. 

The samples clearly exhibit the open pore channels formed after removal of PEG. These 

channels allowed rapid removal of the remaining binder, without any cracking or blistering, 

during thermal debinding. The insoluble backbone polymers still remained in the compact 

after an extraction time of 14 h. 

The backbone polymer, which provides sufficient strength for handling, could be extracted or 

decomposed by thermal pyrolysis after water debinding. Since decomposition usually takes 

place in inert atmosphere or vacuum free of oxygen, the backbone polymer must have clean 

decomposition characteristics to avoid reaction with titanium during debinding. PEG leaves 

excessive residues (O and C) if not sufficiently removed during the water based initial 

debinding. Thus, thermal debinding should be done at moderate temperatures to ensure the 

complete decomposition of the binder while minimising O take-up. Figs. 7.5 and 7.6 present 

the TGA and DSC analysis of the backbone polymer PMMA and Q, respectively. As can be 

seen from Fig. 7.5 that the PMMA started to decompose at approximately 310 °C and 

(a) (b) 
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completed at around 430 °C, while the decomposition of Q started below 200 °C and finished 

at about 320 °C. Meanwhile, according to the DSC results as shown in Fig. 7.6, there is only 

one decomposition peak for each backbone polymer and the whole decomposing temperature 

range of backbone polymer Q in Feedstock #7B is almost 100 °C lower than that of backbone 

polymer PMMA in Feedstock #7A. In addition, the decomposition of backbone polymer Q 

ranges from 200 to 320 °C, which is below 400 °C and significantly minimises the O take-up 

opportunity [95], while it ranges from 310 to 430 °C for backbone polymer PMMA and the 

oxidation will dramatically increase when the thermal debinding temperature is above 400 °C. 

Therefore, the use of backbone polymer Q will hopefully decrease the up taking of oxygen 

during thermal debinding and thus improve the mechanical properties of Feedstock #7B 

sintered parts compared with Feedstock #7A sintered parts. 
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Fig. 7.3 Water debinding behaviour of both green parts, debinding was carried out at 60 °C. 

  

Fig. 7.4 ESEM morphologies of fracture surface of the moulded parts after water debinding for 14 h (a) 

Feedstock #7A and (b) Feedstock #7B. 
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Fig. 7.5 TGA analysis of the backbone polymers in the binder systems. 
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Fig. 7.6 DSC analysis of the backbone polymers in the binder systems. 

7.3 Microstructural characteristics 

Ti-6Al-4V alloys were successfully vacuum sintered at the final sintering temperature of 

1300 °C for 2 h using Feedstock #7A and #7B. Fig. 7.7 shows the green and as-sintered 

tensile bars. No distortion or surface cracks were observed. From Fig. 7.7 we can see that 

shrinkage occurred to the sintered parts using Feedstock #7A and #7B. Fig. 7.8 shows the 
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XRD patterns of the raw powder and Ti-6Al-4V alloys sintered at 1300 °C for 2 h using 

Feedstock #7A and #7B. The sintered parts using Feedstock #7A and #7B do not show any 

other unwanted phases such as oxide phases. Figs. 7.9(a) and 7.9(c) show the ESEM surface 

morphologies of the Ti-6Al-4V alloys after sintering using both feedstocks, while Figs. 7.9(b) 

and 7.9(d) demonstrate the cross sectional Ti-6Al-4V alloys after sintering. It can be seen that 

the sintered structure is quite dense for each feedstock although there are some small pores 

with approximately 5 µm size observed in the structures. From Figs. 7.9(b) and 7.9(d), we 

can see that the sintered parts made from both feedstocks show typical coarse α and β 

lamellar microstructure where α phase with close packed hexagonal structure is in dark 

colour and β phase with body centred cubic structure is in bright colour with β phase 

distributed in at inter-granular α phases, which is typical for the as-sintered microstructure of 

Ti-6Al-4V alloys. 

Table 7.1 illustrates the shrinkage, relative density and open porosity of the Ti-6Al-4V alloys 

sintered using Feedstock #7A and #7B. The results show that the shrinkage of the Feedstock 

#7A and #7B sintered parts is quite similar. The dimensional change of the MIM sample after 

injection moulding and sintering is shown with good shape retention as shown in Fig. 7.7. 

Meanwhile, the relative density of Feedstock #7A sintered is 90±1.4 % which is a little 

higher than that of Feedstock #7B sintered, while the open porosity of Feedstock #7A 

sintered is lower than that of Feedstock B sintered which is 11.45±1.32 %. 

The mechanical properties of sintered Ti-6Al-4V alloys are very sensitive to the impurities 

such as O and C [13]. The impurity contents of MIM Ti-6Al-4V parts prepared by Feedstock 

#7A and #7B are shown in Table 7.1. It is observed that the H, N and C contents of sintered 

parts using Feedstock #7A and #7B are satisfactory, but the O content of both feedstocks 

after sintering is slightly higher than that of the raw powder (Table 3.1) while it is higher for 

Feedstock #7A sintered than that of Feedstock #7B sintered. The increased impurity level is 

attributed to the debinding and sintering processes at high temperatures, which is the most 

challenging problem in Ti-MIM. Meanwhile, all of the debinding and sintering parameters 

are same for both feedstocks, the difference of resultant O content in sintered parts is 

attributed to the use of different backbone polymers in the binder systems. According to the 

thermal debinding parameter as shown in Figs. 3.8(c) and 3.8(d), the thermal debinding for 

Feedstock #7B is below 400 °C while it is over 400 °C for Feedstock #7A, which contributes 



101 

 

to the dramatic increase of O for Feedstock #7A during thermal debinding and hence its O 

content is higher compared with Feedstock #7B. 

Table 7.1 The basic physical and mechanical properties of injection moulded parts after sintering. 

Feedstock 

sintered 

Shrinkage/% Relative 

density/% 

Open 

porosity/% 

Tensile 

strength/MPa 
EL/% 

Radial Lateral 

#7A 13.86±0.39 12.49±0.09 90±1.4 5.72±1.13 732±23 5.6±0.3 

#7B 12.71±0.47 12.75±0.06 86±1.1 11.45±1.32 725±16 6.8±0.2 

 

Table 7.2 Interstitial elemental analysis of injection moulded parts after sintering. 

Feedstock sintered 
O 

(wt.%) 

C 

(wt.%) 

N 

(wt.%) 

H 

(wt.%) 

#7A 0.58 0.051 0.016 0.0004 

#7B 0.46 0.034 0.015 0.0007 

 

 

Fig. 7.7 Macroscopic images of sintered Ti-6Al-4V alloys made from (a) Feedstock #7A and (b) Feedstock 

#7B. 

 

Fig. 7.8 XRD patterns of original pre-alloyed powder and as-sintered Ti-6Al-4V alloys. 

a 

b 

Green 
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Fig. 7.9 Surface ESEM images of Ti-6Al-4V alloys made from (a) Feedstock #7A and (c) Feedstock #7B; 

Backscattered electron images of the sintered Ti-6Al-4V alloys made from (b) Feedstock #7A and (d) 

Feedstock #7B. 

7.4 Tensile tests 

The final tensile properties of Feedstock #7A and #7B sintered parts are shown in Table 7.1. 

From Table 7.1 it can be seen that the tensile strength of Feedstock #7A sintered parts, which 

is 732±23 MPa, is slightly higher than that of Feedstock #7B sintered parts (725±16 MPa). 

However, the elongation of Feedstock #7A sintered parts (5.6±0.3 %) is lower compared with 

Feedstock #7B sintered parts (6.8±0.2 %). On the one hand, the open porosity of Feedstock 

#7A sintered parts is lower than that of Feedstock #7B sintered parts, resulting in the increase 

of the tensile strength and elongation for Feedstock #7A sintered parts according to the 

Gibson and Ashby‟s theory [223]. In addition, the O content of Feedstock #7A sintered parts 

is higher than that of Feedstock #7B sintered parts. The O content of titanium alloys can 

significantly affect the mechanical properties of the titanium alloys. For example, the tensile 

(d) 

(a) 

(c) 

(b) 
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strength increases with the O content of titanium alloys, while the elongation decreases [2]. 

Therefore, with higher O content and less open porosity the tensile strength of Feedstock #7A 

sintered parts is higher than that of Feedstock #7B sintered parts. In addition, with lower O 

content the elongation of Feedstock #7B sintered parts is higher than that of Feedstock #7A 

sintered parts, although larger open porosity for Feedstock #7B sintered parts minimises the 

elongation at the same time. Thus, the use of backbone polymer Q in Feedstock #7B with 

lower decomposition temperature can effectively decrease the O content of the sintered parts 

and increase the elongation after tensile testing. 

7.5 Summary 

The effect of backbone polymer in the binder system mixed with HDH-Ti-6Al-4V PA 

powders, on critical solid loading, microstructural characteristics, impurity and tensile 

properties was investigated. Based on the results obtained, the following points can be 

concluded: 

(1) The critical solid loading of Feedstock #7A is higher, because Feedstock #7A 

contains more fraction of PEG compared with the Feedstock #7B. 

(2) The density of Feedstock #7A sintered parts is slightly higher, while the open porosity 

of Feedstock #7A sintered parts is accordingly lower compared with the Feedstock 

#7B sintered parts. The sintered parts made from both feedstocks show typical coarse 

α and β lamellar microstructure. 

(3) The O content in the as-sintered condition increased for both feedstock sintered parts, 

while the carbon, nitrogen and hydrogen contents increase minor compared with the 

raw powder. However, since the decomposition temperature of PMMA is almost 

100 °C higher than that of Q, the O content of Feedstock #7A sintered parts is higher 

than that of Feedstock #7B sintered parts. 

With the higher O content of Feedstock #7A sintered parts, its tensile strength is slightly 

higher than that of Feedstock #7B sintered parts, while the elongation is less than Feedstock 

#7B sintered parts. This shows that the use of backbone polymer Q in this study is highly 

attractive for processing Ti-6Al-4V alloys by MIM with decreasing the O up taking 

opportunity.
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Chapter 8 Porous TiNi alloys produced by press-and-sinter from Ni/Ti and 

Ni/TiH2 mixtures 

This chapter is based on the published work of Ref. [24] by the author. A comprehensive 

investigation to compare sintering of TiNi alloys using HDH-Ti and TiH2 powders has not 

been available. As a result, it is our interest to find out whether TiH2 powder can be used as a 

replacement for elemental Ti powder and result in an equivalent sintering quality of TiNi. If 

this is the case, the use of TiH2 may draw more interest from the industrial sector. Bearing 

that in mind, the objective of this study was to investigate the microstructure, phase formation 

and mechanical properties of porous TiNi alloy samples prepared from BE powders of Ni 

with either elemental Ti or TiH2. 

Three metal powders were used in this chapter: HDH-Ti, TiH2 and Ni elemental powders as 

shown in Tables 3.1 and 3.3, and Figs. 3.1(e), 3.1(g) and 3.1(h). Two batches of powder 

mixture i.e., Ni/Ti (#8A) and Ni/TiH2 (#8B) have a nominal composition of 51 at.% Ni and 

49 at.% Ti as shown in Section 3.2.2 and Table 3.3. 

After mixing, powder mixtures were compacted into cylindrical discs and tensile testing bars 

(Fig. 3.6(b)) with three different pressures, i.e., 150, 250 and 350 MPa, respectively, as 

presented in Section 3.2.4.3. The disc compacts are 32 mm in diameter and 2 mm in thickness. 

The size of tensile testing bars is shown in Fig. 3.6(b) and 2 mm in thickness. The 

dehydrogenation and final sintering temperature profile is shown in Fig. 3.8(e). The post-

sintering process was conducted to 1000 °C for 6 h at a heating rate of 10 °C/min only for the 

1100 °C sintered parts. Characterisation and tensile testing are shown in Section 3.2.7. 

8.1 Sintering from the Ni/Ti mixture 

8.1.1 Microstructure 

Fig. 8.1 illustrates macroscopic images of the green and as-sintered samples from which no 

distortions or surface cracks were observed. It is evident that swelling occurred in the #8A 

sintered sample (Fig. 8.1(a)) while shrinking was observed in the #8B sintered sample (Fig. 

8.1(b)). Micrographs of the cross sections of the sintered samples from #8A compacted at 250 

MPa and being sintered at various temperatures are shown in Fig. 8.2. The porosity and pore 

size data are summarised in Fig. 8.3. It can be seen that most of the pores are irregular, and 

sintering at 1100 °C gives rise to a large pore size (22.4±2.2 µm), as compared to the samples 
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being sintered at 1000 and 1200 °C. The effect of compaction pressure is presented in Figs. 

8.4 and 8.5, showing that both open porosity and maximum pore size of sintered parts 

decrease with increasing the compaction pressure. 

  

Fig. 8.1 Macroscopic images of 1100 °C sintered TiNi samples after 250 MPa pressing prepared from (a) 

#8A and (b) #8B. 

  

 

Fig. 8.2 Optical porous microstructures observed on the cross section of porous TiNi parts made from 

#8A after 250 MPa pressing (a) 1000 °C, (b) 1100 °C and (c) 1200 °C. 

 (b) 

Green 

Sintered 

Green Sintered 

 (a) 
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Fig. 8.3 The open porosity and maximum pore size of #8A sintered at various sintering temperatures after 

250 MPa pressing. 

  

Fig. 8.4 Optical porous microstructures observed on the cross section of porous TiNi parts made from 

#8A after 1100 °C sintering with the pressing pressure of (a) 150 MPa and (b) 350 MPa. 

 

Fig. 8.5 The open porosity and maximum pore size of #8A compacted at various pressures after 1100 °C 

sintering. 
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8.1.2 Phase constituent identification 

Fig. 8.6 shows the XRD patterns of the porous TiNi compacts sintered at various final 

sintering temperatures and the post-sintered (PSed) sample of #8A sintered at 1100 °C. In the 

case of 1100 and 1200 °C sintering, austenitic B2 TiNi phase dominates with the presence of 

minor martensitic B19‟, intermetallic NiTi2 and Ni3Ti phases. However, in the samples 

sintered at 1000 °C, in addition to these minor intermetallic phases, -Ti phase was also 

identified. The co-existence of these phases in the as-sintered samples is further supported in 

the ESEM micrographs and EDX analysis (Fig. 8.7). For instance, elemental titanium 

particles are still visible in the 1000 C sintered samples as shown in Fig. 8.7(a). After post-

sintering treatment the phase homogenisation is improved and the secondary phases are 

eliminated as compared the XRD patterns of (c) and (e) in Fig. 8.6, and shown in Fig. 8.7(d). 
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Fig. 8.6 XRD patterns of sintered parts after 250 MPa pressing, for #8A sintered (a) 1000 °C, (b) 1100 °C 

and (c) 1200 °C; for #8B sintered (d) 1100 °C; for PSed (e) 1100 °C #8A sintered parts and (f) 1100 °C 

#8B sintered parts. 
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Fig. 8.7 Backscattered electron images of the #8A sintered after 250 MPa pressing (a) 1000 °C, (b) 

1100 °C, (c) 1200 °C and (d) PSed after 1100 °C sintering. 

8.1.3 Static tensile test 

Fig. 8.8 illustrates typical stress-strain curves of the TiNi bars being sintered at three different 

temperatures. None of these samples exhibit a stress plateau, a typical characteristic for 

wrought TiNi SMAs. As summarised in Table 8.1, the tensile strength increases with 

increasing sintering temperature. The fracture strain is low, less than 2.3 %, which is 

expected for porous TiNi. Nevertheless, all of the #8A sintered bars demonstrated non-linear 

elastic deformation behaviour. This non-linear elasticity is common in porous materials due 

to elastic buckling of cell walls or edges during the tensile test [223]. However, in this case 

the non-linear elasticity more likely results from a stress-induced austenite-to-martensite 

phase transformation-a unique behaviour for shape memory TiNi alloys [97]. The Young‟s 

modulus, or more specifically stiffness, which is measured from the initial linear portion on 

the tensile curve, increases as the sintering temperature increases. A higher sintering 

temperature (1200 °C) gives rise to a much higher Young‟s modulus (~51 GPa), as compared 

with ~19 GPa for the compacts being sintered at 1000 or 1100 C. In addition, from Table 8.1 

we can see that the fracture strain increases while the Young‟s modulus decreases after the 
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post sintering, which means that the homogenisation after post sintering plays a key role in 

the pseudoelasticity and SME of porous TiNi alloys. 

 

Fig. 8.8 Tensile stress-strain curves for the sintered TiNi parts after 250 MPa pressing, for #8A sintered 

(#1) 1000 °C, (#2) 1100 °C and (#3) 1200 °C; for #8B sintered (#4) 1100 °C. 

Table 8.1 Static tensile properties of the as-sintered TiNi alloys. 

Sintered mixture 
Sintering 

temperature/°C 

Fracture tensile 

strength/MPa 
Fracture strain/% 

Young‟s 

modulus/GPa 

#8A 1000 151.4±13.9 1.29±0.05 19.1±1.1 

1100 214.0±7.1 2.29±0.13 19.0±0.3 

1200 526.7±10.8 1.58±0.05 50.7±0.7 

PSed 220.0±5.3 2.31±0.09 17.8±0.6 

#8B 1100 230.9±6.5 3.12±0.07 7.4±0.2 

PSed 238.1±4.6 3.26±0.11 6.6±0.4 

 

8.1.4 Cyclic tensile test 

According to the fracture strength obtained from the above static tensile tests, the cyclic 

tensile samples were tensioned to 150, 200 and 500 MPa respectively for the 1000, 1100 and 

1200 °C-sintered bars and then completely unloaded. A total of five cycles was applied to 

each sample. Fig. 8.9 presents two examples observed in the #8A sintered porous TiNi, which 

were prepared by 250-MPa-pressing and sintered at 1100 and 1200 °C, respectively. For the 

1100 °C-sintered sample, Fig. 8.9(a) shows some interesting aspects of pseudoelasticity. 

Firstly, the secant modulus, which is computed by simply connecting the starting and finish 

point on the unloading portion, remains unchanged (~11.8 GPa) with cycle number. This is 
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different from the wrought TiNi alloys that usually show a monotonically decreasing 

unloading secant modulus as the deformation is increased [36]. Secondly, but more obviously, 

unloading does not follow the same path as loading/reloading so that a strain hysteresis 

develops. The width of hysteresis decreases with cycle number. Thirdly, the recovery 

pseudoelastic strain (εpe) after each cycle decreases with cycle number, most strongly after 

the first cycle. The data of residual plastic strain after the first and last cycles and 

pseudoelastic strain are given in Table 8.2. For the case of the 1200 °C-sintered sample, the 

unloading secant modulus does not change either with cycle number, but the value is much 

higher than that of the 1100 °C-sintered sample (38.9 GPa cf. 11.8 GPa for the latter). Similar 

to the 1100 °C-sintered sample, the hysteresis width of the 1200 C-sintered bar also 

decreases with cycle number, though less obviously. Meanwhile, the εpe of PSed sample 

increases and secant modulus decreases after cyclic test compared with the 1100 °C-sintered 

sample. 
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Fig. 8.9 Stress-strain curves of the #8A bars being sintered at (a) 1100 °C, (b) 1200 °C and (c) post-

sintered. The sample was tensioned to 200 MPa (a) and (c) or 500 MPa (b) and then unloaded to zero 

stress. A total of 5 cycles was applied to each sample. Note that individual cycles have been shifted along 

the x-axis for clarity. 
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Table 8.2 Residual strains and secant modulus of the as-sintered and PSed TiNi in cyclic test. 

Sintered 

mixture 

Sintering 

temperature/°C 

Max. 

Stress/MPa 
ε1/% ε5/% εpe/% 

Secant 

Modulus/GPa 

#8A 1000 150 0.28 0.30 0.51 11.9 

1100 200 1.04 1.18 0.71 11.8 

1200 500 0.32 0.37 0.63 38.9 

PSed 200 0.34 0.44 0.69 9.2 

#8B 1100 200 0.80 0.86 1.22 6.9 

PSed 200 0.62 0.74 1.37 5.8 

 

8.2 Sintering from the Ni/TiH2 mixture 

8.2.1 Microstructure 

As already shown in Fig. 8.1(b), shrinkage is observed in the as-sintered compacts using #8B. 

The morphologies of the pores are illustrated in Fig. 8.10, while Fig. 8.11 presents the data of 

open porosity and maximum pore size. Both the open porosity and maximum pore size 

slightly decrease with increasing compaction pressure. Figs. 8.2, 8.3, 8.5, 8.10 and 8.11 

reveal that the use of TiH2 powder has a notable effect on pore microstructure. The pores in 

the #8B sintered compacts are much smaller and distributed more homogeneously than those 

using #8A mixture. In addition, the open porosity of the #8B sintered compacts is 

approximately 4.5 % greater than that of the #8A sintered compacts, if both are pressed at an 

identical pressure. 
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Fig. 8.10 Optical microstructures observed on the cross sections of porous TiNi sintered from #8B 

mixture that was pressed at three different pressures: (a) 150 MPa, (b) 250 MPa and (c) 350 MPa. 

 

Fig. 8.11 Open porosity and maximum pore size in the porous TiNi made from #8B mixture as a function 

of compaction pressure. The compacts were sintered at 1100 °C for 2 h. 

8.2.2 Phase constituent identification 

The #8B sintered compacts reveal a major B2 TiNi phase with the presence of Ni3Ti and 

NiTi2 phases, as shown in Fig. 8.6 (sample d). However, after post sintering the XRD pattern 

(Fig. 8.8 (sample f)) shows many secondary phases are eliminated. The amount of the minor 

intermetallic phases is less as compared with the Ni/Ti sintered compacts (Fig. 8.12(a)) and 

the amount of Ni3Ti phase reduces after post sintering (Fig. 8.12(b)). 
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Fig. 8.12 Backscattered electron images of the TiNi samples sintered from #8B (a) sintered at 1100 °C and 

(b) PSed. 

8.2.3 Static tensile test 

The stress-strain curve for the #8B tensile bar sintered at 1100 C is shown in Fig. 8.8 

(sample #4). The tensile strength and strain to fracture derived from the tensile curve is 

summarised in Table 8.1. Both the tensile strength and strain to fracture of this sample are 

higher than those of the #8A tensile bars sintered at the same temperature. Quasi-linear elastic 

deformation behaviour is also noted for this sample. The Young‟s modulus is ~7.4 GPa 

(Table 8.1), and lower than that of the #8A 1100 C sintered bars (~19.0 GPa for the latter). 

In addition, similar with PSed #8A samples the fracture strain increases while the Young‟s 

modulus decreases after post sintering for #8B samples. 

8.2.4 Cyclic tensile test 

Cyclic tensile tests were also performed on the #8B tensile bar samples sintered at 1100 °C 

for comparison, but with a stress range of 0 to 200 MPa. The cyclic stress-strain curves are 

similar to those of the #8A tensile bar samples, except that the former bars had a higher 

pseudoelastic strain but a lower secant modulus than did the latter (Table 8.2). As presented 

in Table 8.2 that the pseudoelastic strain of PSed samples is higher but with lower secant 

modulus than the sintered samples. 

8.3 Summary 

In this study porous TiNi alloys were synthesised from #8A and #8B powder mixtures using 

a conventional P&S method. The effects of compaction and sintering parameters were 

investigated in terms of microstructures and mechanical properties. 

 (b) 
NiTi2 

NiTi 
Ni3Ti 

NiTi2 

NiTi 

 (a) 



115 

 

The results show that the porous alloys exhibit open porosities from 10.2 % to 33.8 % and 

pore size ranging from 3.5 to 27.4 µm. The predominant phase identified in all the porous 

TiNi alloys is B2 TiNi phase with the presence of some minor phases. The post-sintering 

treatment is useful to eliminate the secondary phases. The microstructure, porosity and pore 

size is a combined consequence of pore formation and densification that is involved with 

transient liquid. The porous TiNi alloys generally demonstrate increased tensile strength with 

increasing sintering temperature. The strain hysteresis in the cyclic curves decreases with 

cycle number, most notably after the first cycle, while the secant unloading modulus remains 

unchanged with cycle number. In comparison with the #8A sintered compacts, the samples 

sintered from #8B exhibited a higher porosity, smaller pore size, higher fracture strength, 

smaller cyclic residual strain, higher recovery pseudoelastic strain and lower secant modulus.
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Chapter 9 In situ observation of powder sintering of TiNi from TiH2 

powder 

This chapter is extracted from the published papers of Refs. [27-29] by the author. The 

purpose of this chapter is to investigate the microstructure, phase transformation and 

mechanical properties of TiNi alloys prepared from powders of Ni with either elemental Ti or 

TiH2. More importantly, hydrogen release during sintering will be further studied to 

investigate its effect on densification, anisotropy of dimensional change (ADC), chemical 

homogenisation and mechanical properties. 

Three metal powders were used in this study: HDH-Ti, TiH2 and Ni as shown in Tables 3.1 

and 3.3, and Figs. 3.1(e), 3.1(g) and 3.1(h). Two batches of powder mixture i.e., Ni/Ti (#9A) 

and Ni/TiH2 (#9B) both having a nominal composition of 51 at.% Ni and 49 at.% Ti were 

studied as shown in Section 3.2.2 and Table 3.3. 

After mixing, powder mixtures were compacted into cylinders with two heights (i.e., 4 and 20 

mm for microstructural characterisation and compression testing, respectively) and the 

diameter of 12 mm. The compaction pressure is 150, 250, 350, 500 and 750 MPa, 

respectively, as presented in Section 3.2.4.3. The samples were taken out of the furnace at 

specific time intervals in this study as shown in Fig. 3.8(f). The dehydrogenation and final 

sintering (i.e., 1000, 1100 and 1200 °C, respectively) temperature profile is shown in Fig. 

3.8(f). Only the 1100 °C sintered parts were post sintered (PSed) at 1000 °C for 6 h with a 

heating rate of 10 °C/min. Characterisation and compression testing is shown in Section 3.2.7. 

9.1 Sintering from the Ni/Ti (#9A) compact 

9.1.1 Thermal and phase evolution 

Fig. 9.1 shows the DSC trace of the 250-MPa-pressed #9A (Ni/Ti) compact at a heating rate 

of 40 °C/min. It can be seen that there is a broad exothermic peak positioned at 821 °C for the 

#9A compact, beyond which an apparent endothermic peak develops with an onset 

temperature at 944 °C. This is immediately followed by an exothermic peak positioned at 

968 °C. The fourth is an endothermic peak whose onset temperature is 1120 °C. The Ti-Ni 

binary phase diagram (Fig. 9.2) suggests two eutectic reactions: 

At 942 °C:                   (9.1) Liq.NiTiTi 942

2   Co
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At 1118 °C:        (9.2) 

The first broad exothermic peak for the #9A compact corresponds to the formation of 

intermetallic TiNi, NiTi2 and Ni3Ti via solid-state exothermic reactions between elemental Ti 

and Ni [171]. The second endothermic peak is a result of eutectic reaction (9.1) to form liquid 

Ti-rich phase. Once formed, this molten Ti-rich phase rapidly spreads throughout the powder 

compact and ignites an exothermic reaction with the Ni-rich phase to form intermetallics. The 

third small exothermic peak (at ~968 °C) is an indication of such combustion reaction, 

although the extent of this combustion may be small. At > 1118 °C, eutectic reaction (9.2) 

occurs and this is indicated by the fourth endothermic peak. 
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Fig. 9.1 DSC curve of the #9A compact (250-MPa-pressed) at a heating rate of 40 °C/min. 

 

Fig. 9.2 Titanium-nickel binary phase diagram [109]. 

1118
3NiTi Ni Ti Liq.
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Fig. 9.3 shows the XRD patterns of the #9A compact (250-MPa-pressed) sintered at various 

temperatures and after post sintering. When the sintering temperature is < 800 °C, no 

intermetallic peaks could be observed except for the original Ti and Ni patterns. However, 

when the sintering temperature increases to 900 °C, most peaks of the Ti and Ni phases 

disappear while intermetallic phases such as austenitic B2 TiNi, martensitic B19‟ TiNi, NiTi2 

and Ni3Ti phases emerge. The co-existence of these phases in the as-sintered samples is 

further supported in the ESEM micrographs and EDX analysis (Fig. 9.4). For instance, at 

900 °C the progressively grown intermetallic phases are indicated in Fig. 4(c) where an 

apparent Ti-rich core can be clearly seen. Upon closer examination of this core, it is clear that 

this region consists of two phases as illustrated in Fig. 9.4(d). The composition of Ti/Ni = 

95.2/4.8 (at.%) indicates the eutectoid structure forms via reaction of β-Ti → α-Ti + NiTi2 

when β-Ti is cooled below 765 °C. This is in accordance with Refs. [171, 230]. If the 

sintering temperature is further increased, the TiNi phase dominates, while the elemental 

phases thoroughly disappear (Fig. 9.4(e)). Meanwhile, it is interesting to note the pores in the 

1100 °C sintered sample become larger and much more isolated, as compared with the 

samples sintered at lower temperatures (Fig. 9.4(a) cf. 9.4(c)). A post-sintering treatment at 

1000 °C for 6 h can slightly improve the phase homogenisation as shown in Fig. 9.3, but the 

unwanted phases such as NiTi2 and Ni3Ti cannot be completely removed (Fig. 9.4(f)). 
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Fig. 9.3 XRD patterns of the #9A compact (250-MPa-pressed) after sintering at different temperatures 

and PSed. 
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Fig. 9.4 Backscattered electron images of samples sintered from the 250-MPa-pressed #9A compact at (a) 

800 °C, (b) enlarged square area in (a), (c) 900 °C, (d) enlarged square area in (c), (e) 1100 °C and (f) 

after post-sintering treatment. 

9.1.2 Influence of sintering temperature 
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Fig. 9.5 displays the density and open porosity of the #9A compact (250-MPa-pressed) after 

being sintered at different temperatures. It is evident that both the density and open porosity 

change with the sintering temperature after 800 °C. It can be seen from Fig. 9.5 that the open 

porosity increases slightly to 28.9±1.0 % when sintered at 580 °C. However, there is no 

reaction taking place at this temperature according to the DSC trace (Fig. 9.1) and XRD 

pattern (Fig. 9.3). Thus, it is suggested that the increased open porosity is attributed to the 

Kirkendall pores because of the different inter-diffusion rates between Ni and Ti atoms [107]. 

This is further proved by the in situ ESEM image as shown in Fig. 9.6. The #9A compact was 

placed on a hot stage in the ESEM whose chamber was back filled with high purity argon gas 

(5N) to 300 Pa pressure. The sample was then heated up at a ramp rate of 5°C/min to 580 °C 

and held at this temperature for 1 h. In situ ESEM images were then continuously taken. The 

in situ observation on the #9B compact follows an identical procedure described above. It can 

be seen from Fig. 9.6(b) there are some small pores (less than 1 μm) formed in the original Ni 

particles mainly along the Ni and Ti boundary after sintered at 580 °C for 1 h. Further 

increasing the temperature causes a significant and continuous decrease in the open porosity 

until the open porosity decreases to 2.7±0.3 % while the density rises to 5.89±0.05 g/cm
3
 at 

1200 °C. At a high temperature, e.g., 950 °C, the transient liquid phase sintering (LPS) starts 

to take place, which helps densification of the samples. Although the liquid phase could cause 

expansion of the compact (via liquid capillary effect) leaving pores behind in the prior 

titanium particle region [171, 230, 231], obviously the densification effect outperforms the 

expansion effect. 
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Fig. 9.5 The density and open porosity development of the #9A compact (250-MPa-pressed) as a function 

of sintering temperature. 

  

Fig. 9.6 Backscattered electron in situ images of the 250-MPa-prssed #9A compact (a) green and (b) 

580 °C sintered for 1 h. The arrows indicate the Kirkendall pores. 

Fig. 9.7 presents the shrinkages (radial, axial and volumetric) as a function of sintering 

temperature. As can be seen, between 400 and 800 °C, the shrinkage slightly decreases and it 

becomes negative (-0.6±0.4 %) when the sintering temperature is 800 °C, which means that a 

slight swelling occurs at this temperature. However, all shrinkages (radial, axial and 

volumetric) start to increase after 800 °C and reach the maximum values of 7.4±0.4, 8.3±0.7 

and 21.2±1.0 %, respectively. In addition, the axial shrinkage is always larger than that in 

radial direction at the identical sintering temperature. 

Ni 

Ti 

 (a)  (b) 



122 

 

400 600 800 1000 1200
-2

0

2

4

6

8

10

12

14

16

18

20

22

24

 

 Sintering temperature/C

S
h

r
in

k
a

g
e
/%

 Radial

 Axial

 Volumetric

 

Fig. 9.7 The radial, axial and volumetric shrinkage development of the #9A compact (250-MPa-pressed) 

as a function of sintering temperature. 

9.1.3 Influence of compaction pressure 

Fig. 9.8 shows the density and open porosity development of the #9A compact with various 

compaction pressures. It is clear that the density increases while the open porosity decreases 

monotonically with the compaction pressure. Fig. 9.9 shows the densification degree of the 

#9A compact after 1100 °C sintered as a function of compaction pressure and it implies 

densification in all cases. However, it slightly decreases with the compaction pressure, in 

other words, densification is more prominent for a lower green density compact. 
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Fig. 9.8 The density and open porosity development of the #9A compact sintered at 1100 °C as a function 

of compaction pressure. 
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Fig. 9.9 Densification of the #9A compact sintered at 1100 °C as a function of compaction pressure. 

Fig. 9.10 presents the shrinkage (radial, axial and volumetric) evolution with the compaction 

pressure. It is noted that the dimensions of the #9A compacts with all compaction pressures 

reduced after 1100 °C sintering. But the difference between the radial and axial shrinkage 

becomes less significant at higher compaction pressures. In addition, the ratio of axial to 

radial shrinkage (A/R-ratio) is larger than 1 under all compaction pressures after sintering 

(Fig. 9.11). In order to clarify if the shrinkage is affected by gravity (liquid possibly emerging 
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at 942 and 1100 C), some samples were upside down placed in the same heating chamber. It 

can be seen from Fig. 9.11 that the A/R-ratio of the invertedly placed sample (1.06±0.08) is 

only slightly lower than that of the normally placed sample (1.16±0.11). Nevertheless, in both 

cases the A/R-ratio increases linearly with the compaction pressure, which is consistent with 

the results in Refs. [231, 232]. 
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Fig. 9.10 The radial, axial and volumetric shrinkage development of the #9A compact sintered at 1100 °C 

as a function of compaction pressure. 
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Fig. 9.11 Effect of compaction pressure on the A/R-ratio for the #9A and #9B compact sintered at 1100 °C. 



125 

 

9.1.4 Phase transformation temperatures 

Fig. 9.12 shows the DSC traces for the 1100 °C sintered and post-sintered (PSed) samples 

(250-MPa-pressed). The #9B (Ni/TiH2) samples are also included but will be discussed in 

Section 9.2. In the case of the #9A compact, during the heating cycle the austenite formation 

starts (As) at -10.3 °C and finishes (Af) at -1.4 °C while in the cooling cycle the martensite 

formation starts (Ms) at -8.1 °C and finishes (Mf) at -20.4 °C for the 1100 °C sintered samples. 

Since several intermetallic compounds were observed in this sintered sample, a further post 

treatment is speculated to be able to change the amounts of these phases or even eliminate 

them and thus change the phase transformation temperatures. After post-sintering treatment, 

the values of As, Af, Ms and Mf are 0.1, 7.2, -6.5 and -25.2 °C, respectively. These results are 

also summarised in Table 9.1. The results indicate that austenitic transformation is positively 

shifted almost 9 °C while martensitic transformation temperature range becomes slightly 

broader after post sintering. 
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Fig. 9.12 DSC curves of TiNi alloys, the 250-MPa-pressed compact #9A (a) 1100 °C sintered and (b) PSed; 

the 250-MPa-pressed compact #9B (c) 1100 °C sintered and (d) PSed. 
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Table 9.1 Phase transformation temperatures of 1100 °C sintered and PSed samples made from the 250-

MPa-pressed #9A and #9B compacts. 

Sample As/°C Af/°C Ms/°C Mf/°C 

#9A -10.3 -1.4 -8.1 -20.4 

#9A PSed 0.1 7.2 -6.5 -25.2 

#9B -8.7 3.4 -6.3 -23.3 

#9B PSed 31.2 45.1 8.1 2.2 

 

9.1.5 Cyclic compressive properties 

To study the effects of porosity, load and post-sintering on the compressive properties, the 

cyclic samples were compressed to three different stress levels (500, 800 and 1200 MPa) and 

then completely unloaded. A total of five cycles was applied to each sample. Fig. 9.13 

presents three examples observed in the 1100 °C sintered TiNi from the #9A compact 

(prepared by 250-MPa-pressing). The stress-strain curves obtained from other samples, i.e., 

pressed at different compaction pressures and/or subject to post-sintering treatment, are 

similar and the results are tabulated in Table 9.2. Some interesting aspects of pseudoelasticity 

can be found in these curves. Firstly, the secant modulus, which is computed by simply 

connecting the start and finish point on the unloading portion, remains unchanged with cycle 

number. This is different from the wrought TiNi alloys that usually show a monotonically 

decreased unloading secant modulus as the deformation is increased [36]. Secondly but more 

obviously, unloading does not follow the same path as loading/reloading so that a strain 

hysteresis develops. It is noted that the width of hysteresis decreases with cycle number. 

Thirdly, the recovery pseudoelastic strain (εpe) after each cycle decreases with cycle number, 

most strongly after the first cycle. The data of residual strain after the first and last cycles, εpe 

after the first cycle and modulus are given in Table 9.2. The unloading secant modulus does 

not change either with cycle number, but the value increases with the increase of compressive 

stress (i.e., 13.4, 14.4 and 16.7 GPa for the sample under 500, 800 and 1200 MPa 

compressive stress, respectively). Furthermore, under the same stress (800 MPa) the residual 

strain decreases, while the secant modulus increases slightly with increasing preparing 

compaction pressure for the sintered samples. Meanwhile, the εpe of PSed sample increases 

and the secant modulus hardly changes after cyclic testing compared with the 1100 °C 

sintered sample under 800 MPa compressive stress. Additionally, the Young‟s modulus is 

always lower than the secant modulus in all cases. 
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Fig. 9.13 Compressive load-unload-recovery cycles for the #9A compact after 250 MPa pressed and 

1100 °C sintered under the compressive stress of (a) 500 MPa, (b) 800 MPa and (c) 1200 MPa. A total of 5 

cycles was applied to each sample. Note that individual cycles have been shifted along the x-axis for 

clarity. 

Table 9.2 Cyclic compressive properties of the 1100 °C sintered and PSed TiNi alloys made from the #9A 

compact. 

Compaction 

pressure/MPa 

Total 

porosity/% 

Compressive 

stress/MPa 
ε1/% ε5/% εpe/% 

Young‟s 

modulus/GPa 

Secant 

modulus/GPa 

150 16.1±1.0 800 1.26 1.64 1.92 11.9 14.2 

250 15.0±0.9 500 0.56 0.75 1.05 11.5 13.4 

800 1.01 1.43 1.65 13.8 

1200 1.23 1.77 2.13 16.7 

250 PSed 14.3±0.3 800 0.97 1.52 1.81 11.2 14.4 

350 14.1±0.9 800 0.98 1.29 2.00 13.1 14.7 

 

9.2 Sintering from the Ni/TiH2 (#9B) compact 

9.2.1 Hydrogen release, thermal and phase evolution 

The evolution of hydrogen release from TiH2 is an endothermic process [233], and it can be 

directly and precisely detected by an on-line pressure gauge monitor in the vacuum system. 

As illustrated in Fig. 3.8(f) (also presented here), the pressure varies with sintering time and 

temperature. Pressure starts to increase at about 220 °C and significantly rises up to 530 °C 

(c) 
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where it is stable for about 10 min followed by a dramatic drop until 580 °C. Finally, the 

pressure hardly changes after 800 °C. 

The DSC traces of the TiH2 powders and the #9B compact (250-MPa-pressed) are shown in 

Fig. 9.14. There are two endothermic events from ~400 °C to 750 °C. This indicates that 

hydrogen release takes place in the temperature range of 360~800 °C, which is in accordance 

with the results in Refs. [215, 234]. The two endothermic peaks responsible for the 

dehydrogenation may overlap with the exothermic solid-state reaction events, which results 

in the difficulty of detecting the peaks for exothermic solid-state reactions as compared to the 

sample #9A (Fig. 9.1). Meanwhile, when the temperature approaches over 900 °C, there is 

one exothermic peak (1014 °C) followed by another endothermic peak (1148 °C) for the #9B 

compact when heating to 1200 °C. In contrast, the two peaks are both postponed as compared 

with the case of #9A. This means the dehydrogenation process affects the reactions between 

Ni and the new-born Ti particles. 
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Fig. 3.8(f) Sintering profile and pressure variation induced by hydrogen release from TiH2 powders as a 

function of time at different temperatures. 
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Fig. 9.14 DSC curves of the TiH2 powders and #9B compact (250-MPa-pressed) at a heating rate of 

40 °C/min. 

Fig. 9.15 shows the XRD patterns of the 250-MPa-pressed #9B compact sintered at various 

temperatures and after post sintering. Similar with the #9A compact (Fig. 9.3) after 800 °C 

sintered, there is no intermetallic peaks observed except for the newly born Ti and original Ni 

patterns (Figs. 9.15 and 9.16(a)) while there is an obvious phase transition process occurring 

from 400 to 580 °C, which is the reaction process of TiH2 → α-Ti. A significant difference 

observed when compared with #9A samples is that some unreacted Ni is still dominant after 

900 °C sintered. In comparison with the #9A sample (Ni/Ti), the #9B (Ni/TiH2) compact has 

a much larger pore size and a greater porosity (Figs. 9.16(a) and 9.16(c) cf. Figs. 9.5 (a) and 

9.5(c), respectively). Some gaps between the newly born Ti and Ni particles are obvious and 

most pores are well interconnected. Post sintering can significantly improve the phase 

homogenisation; especially Ni3Ti has been completely removed, although NiTi2 still 

remained (Figs. 9.15 and 9.16(f)). 
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Fig. 9.15 XRD patterns of the 250-MPa-pressed #9B compact after sintered at different temperatures and 

PSed. 
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Fig. 9.16 Backscattered electron images of samples sintered from the 250-MPa-pressed #9B compact at (a) 

800 °C, (b) enlarged square area in (a), (c) 900 °C, (d) enlarged square area in (c), (e) 1100 °C and (f) 

PSed. 

9.2.2 Influence of sintering temperature 

Fig. 9.17 shows the density and open porosity of the #9B compact (250-MPa-pressed) after 

sintering at different temperatures. It is noted that both the density and open porosity change 

with the sintering temperature and more importantly the development of open porosity is 

quite different from that of the #9A compact (Fig. 9.5). The open porosity starts to increase 

greatly after 400 °C until reaching the maximum value of 36.0±0.2 % when sintered at 

900 °C, while the density does not change apparently. In the temperature range of 

400~800 °C, no reactions occur to form intermetallic phases except the dehydrogenation of 

TiH2 powder (Figs. 3.8(f), 9.14 and 9.15). Thus, this difference is thought to stem from the 

effect of dehydrogenation of TiH2. Since TiH2 has a lower density (i.e., 3.90 g/cm
3
) than Ti 

(4.50 g/cm
3
), the porosity increases significantly due to shrinkage of the prior TiH2 particle. 
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This can be evidenced by the in situ ESEM images as presented in Fig. 9.18. Firstly, the 

volume of TiH2 particles decreases, as shown by circles „a‟ in Figs. 9.18(a) and 9.18(b). 

Secondly, new cracks emerge in the prior TiH2 particles, as a direct result of the volumetric 

change from TiH2-to-Ti transformation (see arrow „A‟ in Fig. 9.18(b)). Thirdly, hydrogen 

release may push apart the originally closely-compacted particles, resulting in a gap between 

them. These factors together lead to some significant separation of prior particles, as 

indicated by arrows „B‟ in Fig. 9.18(b), which visibly indicates the increased porosity after 

dehydrogenation. A similar result was reported by Robertson and Schaffer [182], but they did 

not provide micrographic evidence of the created porosity after dehydrogenation of TiH2 

powder. With further increasing the temperature, the open porosity decreases significantly 

after 900 °C and accordingly the density increases largely until the open porosity decreases to 

19.0±0.7 % (16.3 % larger than that of the #9A compact) while the density rises to 5.00±0.06 

g/cm
3
 at 1200 °C. Therefore, it can be concluded that the hydrogen release from TiH2 powder 

significantly impacts the porosity of samples, which thus has a great effect on the subsequent 

sintering. 
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Fig. 9.17 The density and open porosity development of the #9B compact (250-MPa-pressed) as a function 

of sintering temperature. 

Different from the #9A sample, the #9B compact attains a slight increase in shrinkage from 

400 to 800 °C, after which the shrinkage increases dramatically and reaches the maximum 

value of 5.8±0.6, 8.5±1.2 and 18.8±1.8 % at 1200 °C, Fig. 9.19, for radial, axial and 

volumetric shrinkage, respectively. 
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Fig. 9.18 Backscattered electron in situ images of the #9B compact (250-MPa-pressed) (a) green and (b) 

580 °C sintered for 1 h. The arrows indicate the increased gaps or cracks while the circles highlight the 

shrinkage of TiH2 powder after dehydrogenation. 
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Fig. 9.19 The radial, axial and volumetric shrinkage development of the 250-MPa-pressed #9B compact as 

a function of sintering temperature. 

9.2.3 Influence of compaction pressure 

As shown in Fig. 9.20, the development of density and open porosity has a similar trend but 

the densification is much lower compared with the #9A compact (Fig. 9.8). The densification 

is shown in Fig. 9.21 for the #9B compact after 1100 °C sintered as a function of compaction 

pressure. It must be pointed out that in all cases the densification degree shows negative 

values, which means sintering negatively affects densification and the porosity of sample 
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relatively increases although the whole sample still shrank as seen in Fig. 9.19. In addition, 

its decrease trend with compaction pressure is much more obvious than that of the #9A 

compact (Fig. 9.9). Both densification degree and shrinkage are much more prominent in a 

sample pressed at a lower compaction pressure. 

The shrinkage (radial, axial and volumetric) development with the compaction pressure is 

also analogous with that of the #9A compact as displayed in Fig. 9.22. The A/R-ratio is larger 

than that of the #9A compact (Fig. 9.11) under the identical compaction pressure and with the 

increase of compaction pressure it becomes more obvious. Again, for the #9B compact the 

A/R-ratio of the invertedly placed sample (1.21±0.10) is also lower compared with the 

sample that was not invertedly placed (1.30±0.12). 
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Fig. 9.20 The density and open porosity development of the #9B compact sintered at 1100 °C as a function 

of compaction pressure. 
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Fig. 9.21 Densification of the #9B compact after sintering at 1100 °C as a function of compaction pressure. 
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Fig. 9.22 The radial, axial and volumetric shrinkage development of the #9B compact sintered at 1100 °C 

as a function of compaction pressure. 

9.2.4 Phase transformation temperatures 

It can be seen from Fig. 9.12 that the difference of phase transformation temperature between 

the #9B compact (250-MPa-pressed) after 1100 °C sintered and PSed is quite obvious. The 

As, Af, Ms and Mf is -8.7, 3.4, -6.3 and -23.3 °C for the #9B 1100 °C sintered compact, while 

the same parameter is 31.2, 45.1, 8.1 and 2.2 °C for the PSed sample, respectively (Table 9.1). 

The results indicate that both austenitic and martensitic transformation temperatures increase 



137 

 

by over 20 °C after post sintering as displayed in Table 9.1, which means the post sintering 

has an effect on the phase homogenisation. 

9.2.5 Cyclic compressive properties 

The cyclic test for the #9B sintered compact was conducted in the same way as the #9A 

sintered compact except for the compressive stress 300 MPa instead of 1200 MPa. Fig. 9.23 

presents three examples observed in the 1100 °C sintered porous TiNi from the #9B compact 

after different pressures (i.e., 150, 250 and 350 MPa) pressed, which were compressed under 

800 MPa stress. All the other stress-strain curves of the 1100 °C sintered and PSed samples 

(250-MPa-pressed) under 300, 500 and 800 MPa stress, respectively, are similar with that of 

350-MPa-pressed sample as shown in Fig. 9.23(c). All of the stress-strain curves show some 

pseudoelasticity. It can be seen from Fig. 9.23(a) that the 150-MPa-pressed sample failed 

during the first cycle and the fracture strain is 6.50 %. However, with increasing the 

compaction pressure to 250 MPa the sintered sample collapsed at the third cycle with a 

residual strain of 2.19 % (after the second cycle (ε2)) as shown in Fig. 9.23(b). The 350-MPa-

pressed sample could last all the five cycles under 800 MPa stress (Fig. 9.23(c)). The 

behaviour of loading/unloading and the strain hysteresis, width evolution of hysteresis and 

the recovery εpe with cycle number are similar compared with the case of the #9A sintered 

compact. The data of residual strain after the first and last cycles, εpe after the first cycle and 

calculated modulus are given in Table 9.3. Comparing Tables 9.2 and 9.3 the most obvious 

difference is that with greatly various total porosities (the mean total porosity of the #9B 

sintered compact is almost 15 % larger than that of the #9A sintered compact) both Young‟s 

and secant modulus perform only slight change. 



138 

 

0 1 2 3 4 5 6 7
0

100

200

300

400

500

600

700

800

S
tr

es
s/

M
P

a

Strain/% 

 

 

0 1 2 3 4 5 6 7 8
0

200

400

600

800

 

 

 1st

 2nd

 3rd

Strain/%

S
tr

e
ss

/M
P

a

 

(a) 

(b) 



139 

 

0 1 2 3 4 5 6 7 8 9 10 11
0

200

400

600

800

Strain/%

S
tr

e
ss

/M
P

a

 1st

 2nd

 3rd

 4th

 5th

  

Fig. 9.23 Compressive load-unload-recovery cycles under the compression stress of 800 MPa for the #9B 

compact after 1100 °C sintered with the compaction pressure of (a) 150 MPa, (b) 250 MPa and (c) 350 

MPa. A total of 5 cycles was applied to each sample. Note that individual cycles have been shifted along 

the x-axis for clarity. 

Table 9.3 Cyclic compressive properties of the 1100 °C sintered and PSed TiNi alloys made from the #9B 

compact. 

Compaction 

pressure/MPa 

Total 

porosity/% 

Compressive 

stress/MPa 
ε1/% ε5/% εpe/% 

Young‟s 

modulus/GPa 

Secant 

modulus/GPa 

150 31.7±0.3 800 / / / 9.8 / 

250 30.9±1.1 300 0.53 0.58 0.61 9.3 11.4 

500 0.79 1.06 0.46 12.6 

800 2.01 / 1.00 13.4 

250 PSed 28±0.3 800 1.23 1.69 1.92 9.0 11.2 

350 30.1±0.3 800 0.68 0.81 1.17 11.2 12.1 

 

9.3 Summary 

In this chapter, porous TiNi alloys were fabricated from #9A and #9B powder mixtures using 

a conventional P&S method. The effects of compaction and sintering parameters were 

investigated in terms of microstructures and mechanical properties. 

The results show that the #9A sample exhibits lower open porosity and higher densification 

than those of the #9B sample after sintering at the identical temperature. The predominant 

phase identified in both powder mixture sintered parts is B2 TiNi phase with the presence of 

some minor phases after sintered above 1000 °C. The use of TiH2 powder can promote 

(c) 
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chemical homogenisation when a high sintering temperature is applied. The post sintering 

treatment is useful to eliminate the secondary phases. The microstructure, porosity and pore 

size is a combined consequence of pore formation and densification that is involved with 

transient liquid. The axial shrinkage is larger than radial shrinkage for both powder mixture 

sintered parts and the A/R-ratio increases with the increase of compaction pressure. The in 

situ ESEM observation indicates the hydrogen release from TiH2 powder results in increased 

porosity in the #9B compact and thus retards the following sintering procedure. The strain 

hysteresis in the cyclic test decreases with cycle number, most notably after the first cycle, 

while the secant unloading modulus remains unchanged with cycle number. In comparison 

with the #9A sintered compacts, the samples sintered from #9B exhibited a higher porosity, 

larger pore size, lower fracture strength, larger cyclic residual strain, and lower Young‟s and 

secant moduli. 
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Chapter 10 Synthesis of TiNi alloys by hot pressing from elemental 

powders 

This chapter is based on the published work of Ref. [23] by the author. The purpose of this 

chapter is to investigate whether a high hot-pressing temperature is beneficial or harmful to 

both densification and compositional homogenisation. This study also attempts to clarify 

whether a slight compositional variation in the starting powder blend affects densification and 

mechanical properties. Post-sintering homogenisation was also investigated. 

The characteristics of HDH-Ti and Ni powders used in this study are shown in Table 3.1 with 

the average particle size of 6 µm and 11.6 µm, respectively. The morphologies of HDH-Ti 

and Ni powders are shown Figs. 3.1(f) and 3.1(h), respectively. Two batches of Ni/Ti powder 

mixture with different nominal Ni/Ti compositions, 51/49 (#10A) and 50.6/49.4 (#10B) in 

atomic percentage respectively as presented in Table 3.3. The powder mixtures of #10A and 

#10B were mixed and then uniaxially compacted into disc compacts of 32 mm in diameter 

and 10 mm in thickness. The compaction pressure is 250 MPa. The green compacts were 

subsequently hot pressed and post sintered following the steps presented in Sections 3.2.2, 

3.2.4.3 and 3.2.6.3, respectively. Characterisation and three-point bending tests are shown in 

Section 3.2.7. 

10.1 Microstructure and phase constituents 

Fig. 10.1 shows the XRD patterns of the green compact and TiNi alloys hot pressed at 

1200 °C for 2 h using powder mixtures #10A and #10B. It can be seen from Fig. 10.1 that the 

resultant phases are quite similar for both #10A and #10B sintered parts. The austenitic B2 

(TiNi) phase dominates in both cases, while it is with the presence of martensitic B19‟ (TiNi), 

NiTi2 and Ni3Ti phases for the two powder mixture sintered parts. After post sintering, the 

peaks of secondary phases are not eliminated and these phases are still present in both PSed 

parts. The co-existence of these phases for the hot-pressed and PSed parts is further supported 

by ESEM studies and EDX analysis, and the results are shown in Fig. 10.2, where the dark, 

grey and light areas indicate the NiTi2, TiNi and Ni3Ti phases using EDX, respectively. The 

post-sintering treatment at 1000 °C for 6 h aimed at eliminating the unwanted secondary 

phases such as NiTi2 and Ni3Ti, however, did not show any phase changes or homogenisation. 

Table 10.1 summarises 4 different areas with the size of 120 × 120 µm from the EDX 

analysis of PSed parts from #10A and #10B, and the results (51.2/48.8 and 50.2/49.8 in at.% 
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for the PSed #10A and #10B sample, respectively) show the elemental composition of each 

part is in close agreement with the nominal composition. 

Table 10.1 The EDX analysis of Ni/Ti atomic ratio of hot-pressed TiNi alloys after post sintering. 

Sample Area 1 Area 2 Area 3 Area 4 Average 

#10A 51/49 51.2/48.8 51/49 51.4/48.6 51.2/48.8 

#10B 50/50 50.2/49.8 50.7/49.3 50.3/49.7 50.2/49.8 

 

From Figs. 10.2(a) and 10.2(c) It can be seen that there are some pores with an average pore 

size of approximately 5 µm existing in both powder mixture parts after hot pressing and post 

sintering. The formation of these micro-pores is mainly due to the Kirkendall effect [50, 111, 

112]. The open porosity of hot-pressed #10A and #10B is 0.73±0.02 % and 0.77±0.02 % 

while the density is 6.36±0.14 g/cm
3
 (98.60±2.17 % of theoretical density) and 6.25±0.13 

g/cm
3
 (96.90±2.02 % of theoretical density) respectively, which is presented in Table 10.2 

and means that the density of #10A and #10B hot-pressed parts is quite high and similar. The 

high densification of TiNi alloys made from #10A and #10B under constant pressure during 

hot-pressing sintering is due to the incorporation of both thermo-plastic deformation of metal 

powders and subsequent creep densification [14, 70, 71]. The negligible open porosity of 

#10A and #10B sintered parts may be attributed to the micro-pores formed by the Kirkendall 

effect as discussed above and the argon has entrapped in the compact during hot pressing. 

However, the hot-pressed samples after post sintering show even higher open porosities and 

thus lower densities, which is also presented in Table 10.2 and proved in Figs. 10.2(b) and 

10.2(d). It is not clear why the post-sintering treatment does not increase the density, but we 

postulate that entrapped argon may expand and therefore open the pores during the post-

treatment. 
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Fig. 10.1 XRD patterns of the green compact, and #10A and #10B after hot pressing at 1200 °C for 2 h 

and PSed at 1000 °C for 6 h. 
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Fig. 10.2 Backscattered electron images of the TiNi alloys: after hot pressing (a) #10A and (b) #10B; after 

post sintering (c) #10A hot pressed and (d) #10B hot pressed. 

Table 10.2 The basic properties of TiNi alloys after hot pressing and post sintering. 

Treatment Sample 
Open 

porosity/% 
Density/(g/cm

3
) 

Theoretical 

density 

value/% 

Flexural 

strength/MPa 
Deflection/mm 

Hot pressed #10A 0.73±0.02 6.36±0.14 98.60±2.17 872.0±37.8 1.43±0.15 

#10B 0.77±0.02 6.25±0.13 96.90±2.02 828.1±23.7 1.65±0.12 

PSed #10A 0.84±0.01 6.31±0.02 97.83±0.31 856.9±20.5 1.36±0.08 

#10B 2.61±0.62 5.82±0.25 90.23±3.88 748.6±25.3 1.49±0.11 

 

10.2 Three-point bending test 

The three-point bending tests were conducted to failure to determine flexural strength and 

deflection to fracture of the sintered parts. Fig. 10.3 illustrates the stress-deflection curves of 

the #10A and #10B hot-pressed and PSed parts tested to fracture while the results of flexural 

strength of the sintered parts are illustrated in Table 10.2. As can be seen from Figs. 10.3(a) 

and 10.3(b), the deflection increases with the increase of stress and the curves can be divided 

into four sections. Starting with an initial elastic regime, at a defined stress pseudoelasticity, 

rubber-like behaviour occurs associated with the stress induced martensite formation for 

pseudoelasticity or the moving of twin boundaries for pseudoplasticity [107], where the 

martensite plateau is shown in Fig. 10.3. In the third regime, these martensite are deformed 

elastic and finally (fourth regime) a plastic deformation follows [235]. All the samples 

 (c)  (d) 
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exhibited the superelastic property which is unique to TiNi alloys. However, the flexural 

strength of #10A hot-pressed parts, which is 872.0±37.8 MPa as shown in Table 10.2, is 

higher than that of #10B hot-pressed parts (828.1±23.7 MPa). However, the #10A hot-

pressed parts performed a deflection of 1.43±0.15 mm, while it is 1.65±0.12 mm for #10B 

hot-pressed parts. In addition, the plateau of stress-deflection curve for #10A hot-pressed 

parts is higher than that of #10B hot-pressed parts. These results may be due to the open 

porosity of #10A hot-pressed sample being less than that of #10B sample. Higher porosity 

can decrease the mechanical properties of materials [223]. A further consideration is that both 

powder mixture hot-pressed alloys contain a little more quantity of Ni3Ti phase than NiTi2 

phase as shown in Figs. 10.2(a) and 10.2(c), which decreases the quantity of TiNi phase after 

sintering. Meanwhile, the #10A raw compact contains more Ni content and hence more TiNi 

phase is produced after hot pressing compared with the powder mixture of #10B. Therefore, 

with more content of the TiNi phase the flexural strength, and deflection and stress of the 

plateau of #10A sintered parts are higher than those of #10B sintered parts. For the PSed 

parts, from Fig. 10.3(b) we can figure that both of flexure strength and deflection of PSed 

#10A and #10B samples decrease compared with hot-pressed ones, respectively. In addition, 

the mechanical value of PSed #10A sample is higher than that of PSed #10B sample, which is 

similar with hot-pressed samples as shown in Fig. 10.3(a) and Table 10.2. This is because the 

porosity of PSed #10A sample is higher than that of PSed #10B sample and they are even 

higher than those hot-pressed samples, although the phase constituents do not change 

significantly after post sintering. 
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Fig. 10.3 Flexural strength-deflection curves of the #10A and #10B (a) hot pressed and (b) PSed. 

10.3 Summary 

TiNi alloys were successfully synthesised by hot pressing at 1200 °C for 2 h under 25 MPa 

argon gas pressure using #10A and #10B raw compacts. The #10A hot-pressed parts showed 

a lower porosity, higher density and higher flexural strength compared with the #10B hot-

pressed parts. Post-sintering treatment didn‟t show any effect on chemical homogenisation 

and even caused an increase in porosity. It may require longer post-sintering time to eliminate 

the secondary phases. The stress-deflection curves for both powder mixture hot-pressed and 

PSed parts exhibited a four-section appearance during the three-point bending test. 
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Chapter 11 Discussion 

Based on the results obtained in Chapters 4~10 of this thesis, this chapter discusses the 

mechanisms and theories of water debinding for PEG-based binder systems; pore structural, 

phase transformation and anisotropy of dimensional change (ADC) of TiNi sintering using 

elemental powders; and mechanical properties of TiNi and Ti-6Al-4V sintered alloys based 

on the Refs. [8, 21-29]. Another important issue covered in this thesis is the effect of 

hydrogen release during TiH2 sintering, which is also discussed below. 

11.1 Water debinding kinetics and mechanism 

Since PEG is the primary polymer in the PEG-based binder systems extensively investigated 

in Chapters 4, 5 and 7 to fabricate titanium alloys by MIM, it is of great importance to 

investigate its debinding kinetics and mechanism. 

11.1.1 Interaction of water and PEG 

The water-soluble PEG has a very simple chemical structure: -(CH2-CH2O-)n. This polymer 

exhibits several remarkable properties that offer a vast range of applications [236-239]. A 

detailed understanding of solid PEG structure and its interaction of water is thus of 

significance to understand the water debinding process in MIM. 

Solid PEG crystallises in a 72 helix conformation. This helix structure is shown in Fig. 11.1(a) 

[240-243]. When PEG crystal is melted, the helix structure is destroyed and a liquid 

containing random coils is obtained [244]. However, in contrast to the melt, the aqueous 

solution of PEG shows the retention of the polymer in the helix form. 

PEG is well known to be water soluble, but the dissolution of PEG in water is slow at room 

temperature and a higher temperature enhances its dissolution [245]. When the PEG 

molecules come to contact with water molecules, the ether oxygen atoms in the PEG 

molecules interact with water molecules to form the hydrated PEG complexes, physically via 

hydrogen bonding which is predominantly an electrostatic interaction [237, 239]. The 

interaction of PEG with water has been extensively investigated; however, no consensus has 

been achieved on the structure of hydrated PEG molecules and the number of bound water 

molecules per repeat unit [242, 246]. The presence and nature of three types of water is 

dependent on the water content and temperature. For low water contents, the water in the 

complex will pack the PEG chains and form bridges between the oxygen atoms of PEG by a 
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hydrogen-bonding process [241-243, 246] as shown in Fig. 11.1(b). The water that bridges 

the ether oxygen atoms of the -CH2CH2O unit through hydrogen bonding is called bound 

water [243]. In the case of high water contents, i.e., dilute solution, the PEG molecules will 

form a cage-like structure and these extra water molecules associated with the hydrophobic 

surface of PEG molecules are interfacial water [243, 246]. Simultaneously, one water 

molecule proton is bound to the PEG chains, as shown in Fig. 11.1(c) [246]. Finally when the 

PEG molecules are fully solvated, the loosened PEG molecules then disperse in the water 

phase, still bound with one water proton and forming the solution whose water is normal or 

free water [236, 243, 247]. 

Previous reports on the debinding behaviour of the PEG binder systems claimed that during 

the debinding process, the PEG swells in the water and then PEG gel gradually disintegrates 

into the true solution [146, 156]. Unfortunately, these authors gave a misleading explanation 

on this issue and they mistakenly assumed the formation of PEG hydrogels. In most cases, 

PEG gelation does not simply occur when it is dissolved in water. Rather PEG gelation 

occurs by chemical crosslinking, for example PEG hydrogel forms by the cross-linking of 

PEG and diisocyanate, as shown in Ref. [241]. It is also possible to form the PEG gel by 

physical crosslinking, but a minimum temperature is required. This minimum temperature is 

called the lower critical solution temperature (LCST), below which PEG is fully in solution 

with water. At common debinding temperatures such as from 30 to 60 C, the formation of 

the PEG gel is impossible. This is shown in the phase diagram in Fig. 11.2, where the LCST 

for PEG-4000 is about 160 C [248-250]. The addition of COOH- or OH-containing water-

soluble polymers can significantly reduce LCST. In contrast, in our case the interaction of 

PEG and water simply leads to the formation of hydrated PEG complexes during the 

dissolution process, either monohydrate or higher hydrates via physical hydrogen bonding. 
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Fig. 11.1 Schematic molecular structures of (a) anhydrous helix PEG chain and structure of aqueous PEG 

solutions; (b) for low water contents, each of the two protons of a part of water molecules is hydrogen-

bonded to a PEG repeat unit, resulting in an orientated and packed structure; (c) for high water contents 

a water molecule is hydrogen-bonded to only one PEG repeat unit. Red, grey and white balls denote the 

oxygen, carbon and hydrogen atoms, respectively. Redrawn from Ref. [246]. 

 

Fig. 11.2 Phase diagram of aqueous solutions of PEG. Experimental data are represented by symbols and 

the solid curves are the calculated phase diagram for various polymerisation numbers N. Redrawn from 

Ref. [250]. 
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11.1.2 Effective diffusion coefficient and activation energy 

In order to evaluate the debinding kinetics, a mathematical model is proposed to calculate the 

diffusion coefficient and activation energy. When a compression moulded part is placed in 

water for debinding, the water molecules are absorbed and instantaneously penetrate into the 

compact. The penetrated water molecules gradually interact with the PEG molecules, and 

form hydrated PEG complexes. The hydrated PEG molecules are then transported out of the 

compacts and into the water bath. Once the hydrated PEG complexes are transported to the 

water bath, a simple dissolution of PEG occurs instantaneously. Except for the PEG molecule 

dissolution process, the inward penetration of water and outward transfer of the hydrated 

PEG complexes can be regarded as a diffusion process. 

Fig. 11.3 shows a schematic cylindrical compact, whose lateral wall is sealed so that the PEG 

molecules are assumed to transfer across the two circular surfaces. According to the Fick‟s 

second law of diffusion, the distribution of the concentration (C) of the remaining unhydrated 

PEG inside the cylindrical specimen (thickness: 2L) is given by: 

  

  
  

   

   
                                                          (11.1) 

where t is the time of debinding and x is the distance from the centre plane of the specimen 

and is along the thickness direction. We assume that the PEG concentration in water bath is 

always zero, which means an extremely dilute PEG solution in the water bath. This is a 

reasonable approximation when the volume of water is significantly larger than that of PEG, 

and is a common case when the compacted part is placed in a large water bath. As such, the 

initial and boundary conditions are as follows: 

t = 0, - L ≤ x ≤ + L: C = C0, where C0 is the initial PEG content in the compact; 

t > 0, x = - L and + L: C = 0; 

t > 0, x = 0: 
  

  
=0. 
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Fig. 11.3 Schematic diagram of a cylindrical compact. With the lateral surface sealed, dissolved PEG 

transportation occurs through the two circular surfaces only. The content profile of the remaining PEG is 

superimposed. 

Its analytical solution is given by Crank [251] as 
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where C(x, t) is the local concentration at time t and at position x, and De is the effective 

diffusion coefficient of PEG, which is a collective parameter that includes the effects of water 

penetration, water-PEG interaction to form hydrated complexes, and most significantly 

transportation of the hydrated PEG molecules. The value of De depends on molecular 

mobility, which generally is a function of temperature and molecule weight. The binder 

concentration gradient between the compact interior and the surrounding solvent gives an 

approximate model for isothermal solvent debinding, where 

                             (      
     )                                                (11.3)                           

where C is the total amount of the remaining soluble binder inside the specimen. De follows 

the Arrhenius relationship: 

                                   (     )                                                   (11.4)                                                  

where D0 is the pre-exponential factor of the effective diffusion coefficient, Q is the effective 

activation energy, T is the debinding temperature and R is the universal gas constant, namely 

8.314 J∙mol
-1

∙K
-1

. 

For a particular set of specimen and debinding temperature, the remaining binder quantities 

were determined as a function of time, by the experimental procedure described in the 

subsequent section. Taking logarithm on Eq. (11.3) gives: 

                            (
  

 
)       

                                               (11.5)                                                    
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A plot of ln(C0/C) against t, at a constant temperature is constructed where the slope of the 

straight line gives an approximate value for the effective diffusivity, De. Further taking 

logarithm on Eq. (11.4) leads to: 

                    
 

  
                                                       (11.6)                                                                                                            

Eq. (11.6) presents a straight line of ln(De) versus -1/T, from whose slope the value of Q is 

calculated. 

 

Fig. 11.4 ln(C0/C) plotted against time according to Eq. (11.5), at three different temperatures. The slopes 

of the straight lines give the values of effective diffusion coefficient. 

The 10-mm-thick specimens (#4A sample) with sealed lateral walls were used to calculate 

the effective diffusion coefficient and activation energy. The compacts were immersed at 40, 

50 and 60 °C for up to 20 h, respectively. A plot of ln(C0/C) against t was constructed for 

each debinding temperature, as shown in Fig. 11.4. The effective diffusion coefficient can be 

calculated from the gradient of the straight line according to Eq. (11.5). The calculated 

diffusivity is 1.13×10
-10

, 1.50 ×10
-10

 and 1.85×10
-10

 m
2
/s for 40 °C, 50 °C and 60 °C, 

respectively. These values are in good agreement with the diffusion coefficient of PEG in 

water reported by Mark [252]. Eq. (11.6) is used to determine the activation energy Q by 

constructing a plot of ln(De) vs. 1/T (Fig. 11.5). The slope of the straight line is – Q/R and the 

calculated Q value is 21.5 kJ/mol. This value is comparable to hydrogen bonding energy 

reported by Shalaby et al. [239], suggesting that the hydration of PEG is an important factor 

for debinding, as well as the transportation of the hydrated PEG out of the compact. 
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Fig. 11.5 ln(De) plotted against T
-1

 according to Eq. (11.6). The slope of the regressed straight line gives 

the effective activation energy of 21.5 kJ/mol. The experimental data were collected from the 10-mm-

thick #4A compacts. 

11.1.3 Debinding model 

Based on the observations as presented earlier in Chapter 4 and the understanding of PEG-

water interaction, a new debinding model for the water-soluble binder (PEG) is proposed here. 

The model is based on that originally proposed by Yang et al. [146], but the formation of the 

PEG hydrogel is excluded for the aforementioned reason. Fig. 11.5(a) schematically 

illustrates the binder component distribution in the moulded compacts. As pointed out by 

German [12], stearic acid (SA), a surfactant added to the binder formulation, wets the 

metallic powder particles and prevents agglomeration. It is hypothesised that SA covers the 

surfaces of the metallic powder particles, Fig. 11.6(a). The backbone constituent PMMA 

forms a network, which is evidenced in Fig. 4.6(e) Chapter 4, to provide necessary strength 

for handling after water debinding. The water-soluble constituent-PEG strands fill the inter-

particle space, as proposed in Refs. [12, 253]. 

The debinding process can be described in the following sequential steps. Firstly, water 

molecules penetrate into the helix PEG molecules because the molecular weight of water is 

significantly lower than that of PEG and the pores in the specimen are mainly closed with a 

pore size of about 5 µm, as illustrated in Figs. 4.5(b) and 4.7. Secondly, the penetrated water 

interacts with PEG to form various hydrated complexes, as shown in Fig. 11.6(b), when the 

transportation path of the hydrated PEG complexes becomes longer and the hydrated PEG is 

transported out of the compact to the water bath, leaving behind fine pore channels (Figs. 
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4.5(a), 4.5(b), 4.6(a) and 4.6(b)). This transport process is driven by capillary forces and 

concentration gradients of hydrated PEG. Meanwhile, dissolution of the hydrated PEG to 

water is possible to occur in the open pore channels if the volume of the interconnected pore 

channels is sufficiently high. Then the dissolved PEG solution in these channels could be 

quickly diluted by mechanical stirring, a mechanism that is discussed in Ref. [236]. As the 

debinding time continues, new pores continue to form and the pore channels extend to the 

inner region of the parts. Lastly, the transported PEG hydrates dissolve in the water solution 

as shown in Fig. 11.6(c), and the pore size and open porosity increased obviously (as seen 

from Figs. 4.5(e) and 4.7). It shows that the interconnected pore channels are formed from 

exterior to interior, leaving the insoluble binder ligaments (PMMA) in the contact region as 

observed by SEM and the pore channels could serve as escape paths for decomposed gases 

during subsequent thermal debinding for the insoluble binder components. 

Penetration of water and transportation of the hydrated PEG to the water bath are a diffusion-

controlled process. It is noted that the transportation of hydrated PEG out of the compact is a 

rate-determining step, because the transportation of hydrated PEG molecules is significantly 

slower than the penetration of water and the dissolution of the hydrated complexes to water. 
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Fig. 11.6 Schematic illustration of binder distributions and pore microstructure development at different 

stages of debinding: (a) in green part, metal particles are held together by PMMA in PEG matrix, PEG 

chains do not contain any hydrates, (b) at initial/intermediate stage, water penetrates to the compact, 

dissolved PEG molecules are transported out of the compact leaving pores behind; and (c) at final stage, 

PEG is removed from the compact leaving interconnected pores while the insoluble PMMA ligaments still 

remain around the metal particles. In (b) and (c), hydrated complexes in the PEG solutions. 

11.2 Effect of hydrogen release during powder sintering or pre-sintering 

11.2.1 Dehydrogenation mechanism 

There have been a few studies focused on the dehydrogenation kinetics and mechanism of 

TiH2 powder and they conclude that the decomposition happens normally between 300 and 

800 °C [15, 75, 215, 216, 234], which is confirmed by the real-time pressure monitoring and 

DSC results as shown in Figs. 3.8(f) and 9.14. This dehydrogenation process can be 

expressed by the following reaction sequence [15, 75, 215, 216, 234]: 

TiH2 → TiHx + H2↑ → α-Ti + H2↑ 

where the volumetric shrinkage is about 16.8 %, calculated from the theoretical density. This 

process enables activated surfaces of fresh Ti powders and creates high concentrations of 

lattice defects, enhancing surface energy and atomic diffusion [15]. 

11.2.2 Effect of hydrogen release on densification 

As summarised by Robertson and Schaffer [182], the enhanced densification involving the 

use of hydride powder may originate from (a) volumetric reduction during TiH2 

decomposition, (b) generally finer particle size and fragmentation during compaction, (c) 

generally lower oxygen content in hydride powder and (d) most prominently cleansing effect 

and hence increased chemical activity of titanium surface caused by atomic hydrogen release. 

Many titanium alloys have been explored using TiH2 powder, including pure titanium, Ti-
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6Al-4V, Ti-5Al-2.5Fe and intermetallic TiAl [75, 181-186]. In the case of TiNi powder 

metallurgy, however, TiH2 powder seems to be logically used as a foaming agent as it does in 

producing aluminium metallic foams which usually results in a porous structure [16-19, 26, 

187, 234, 254-257]. In comparison to the porous TiNi produced with elemental Ti powder, 

the use of TiH2 is reported to result in reduced pore size, increased pore number, more 

uniform pore size distribution and increased degree of sintering [18, 19, 255]. The works 

presented in Chapters 5 and 6 also confirm this finding [8, 26]. However, it is arguable that 

the increased sintering and reduced porosity is caused by dehydrogenation or the use of finer 

powder. In most cases [18, 19, 255], Ti powder used is < 74 μm while TiH2 powder is < 44 

μm and therefore the Ni/TiH2 compact usually has higher green density than the Ni/Ti 

compact. A higher green density generally results in a higher sintered density. In the cases 

studied in this thesis, however, the binders used in the MIM process also influence the 

dehydrogenation and following sintering, which will be discussed hereafter. Recently, 

Robertson and Schaffer [187] used similar mean particle size of Ti and TiH2 powders and 

found that the sintered porosity is much larger when using the Ni/TiH2 powder blend 

compared with the Ni/Ti blend. This is consistent with our works in Chapters 8 and 9 [24, 27-

29]. However, they believed the larger sintered pores are not caused by the hydrogen release, 

but by the evaporation of contaminant in the TiH2 powder. The reduced sintering observed in 

Ref. [187] does not agree with the work of Bertheville and Bidaux [16, 257] who reported 

that higher chemical homogenisation, lower porosity and larger SME are obtained when TiH2 

is used. However, it should be pointed out that Bertheville and Bidaux claimed the enhanced 

sintering is caused by CaH2 – a reducing agent. It is still not well understood in terms of 

sintering TiNi alloys from TiH2, because some other factors simultaneously affect sintering, 

in addition to dehydrogenation. 

11.2.3 Summary of the results using TiH2 powder 

The results in Chapters 5 and 6 show the use of TiH2 powder leads to higher densification, 

lower porosity, smaller pore size, and larger shrinkage than that of the sintered parts using Ti 

powder. These are presented in Figs. 5.7 and 6.6, and Tables 5.1 and 6.1. However, in 

Chapter 8 the same results are obtained as Chapters 5 and 6 except for the open porosity 

which is higher (lower density) using TiH2 powder compared with that using Ti powder. 

However, the results shown in Chapter 9 are quite different from the previous chapters. The 

resultant pore size and open porosity are larger while the density and volumetric shrinkage 
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are smaller for the sintered parts using TiH2 powders compared to those using Ti powders. In 

addition, it shows that the porosity of Ni/TiH2 compacts increases with the sintering 

temperature and time during dehydrogenation by the in situ ESEM observation in Chapter 9. 

Furthermore, all the XRD results (Figs. 5.8, 6.7, 8.6, 9.3 and 9.15) indicate the refreshed Ti 

active surfaces promote the chemical homogenisation and efficiently eliminate the unwanted 

impurity (TiC and Ni2Ti4Ox) and intermetallic phases (NiTi2 and Ni3Ti) after sintering at high 

temperatures, e.g., 1100 °C. 

Overall, it is clear that dehydrogenation plays a key role in the TiNi powder sintering in this 

study: it can enhance sintering due to the refreshed Ti active surfaces (favours densification) 

or causes increased porosity (hinders densification), which is attributed to the shrinkage of Ti 

particle and hydrogen expansion. It can be also noted that the original oxygen content of TiH2 

powder is lower compared with Ti powder as shown in Table 3.1. These factors take place 

simultaneously and interplay with each other during sintering. But the chemical 

homogenisation effect is generally confirmed in all of our results in Chapters 5, 6, 8 and 9. 

However, promoting densification observed in Chapters 5 and 6 while increasing porosity 

observed in Chapters 8 and 9 seems contradictory, although we used the same TiH2 powder 

in Chapters 5, 6, 8 and 9. The following subsection is an attempt to elucidate this seemingly 

contradiction. Factors such as the raw material (purity, particle size and shape), sintering 

profile, compaction pressure and even the use of binders on densification must be taken into 

consideration in future research. 

11.2.4 Improving chemical homogenisation 

In Chapters 5 and 6, dehydrogenation takes place simultaneously with debinding of PMMA 

or agar/sucrose. It is postulated that the released hydrogen minimises impurity take-up and 

contamination by MMA monomer decomposed from PMMA or ash from agar/sucrose. Thus, 

the amount of resultant TiC and Ni2Ti4Ox impurities is less for the Ni/TiH2 feedstock (#5B 

and #6B) sintered parts compared with the Ni/Ti feedstock (#5A and #6A) sintered as 

presented in Figs. 5.8 and 6.7. In addition, the hydrogen release from TiH2 powder has a 

cleansing effect on the refreshed Ti powder, which significantly lowers the oxygen content 

and thus increases the sintering activity [15, 258]. Therefore, the unwanted intermetallic 

phases such NiTi2 and Ni3Ti were eliminated efficiently by using TiH2 powder compared 

with Ti powder as shown in Figs. 5.8, 6.7, 8.6, 9.3 and 9.15 and the backscattered images in 

Chapters 5, 6, 8 and 9. 
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11.2.5 Enhancing densification 

It is believed that the remarkable difference in sintering behaviours of the samples in 

Chapters 5 and 6 is caused by the use of TiH2 powder. Firstly, the particle size of TiH2 is 

much smaller than the Ti powder. A finer particle size usually favours densification [12]. 

Secondly and more importantly, the decomposition of TiH2 accelerates the reactive sintering 

process and rapid homogenisation because dehydrogenation exposes more activated Ti 

powder surface and also the release of hydrogen cleans the Ti powder surfaces [15, 18, 20]. 

This also promotes chemical homogenisation as discussed above. The TGA and DSC results 

as shown in Figs. 5.4, 6.4 and 9.14 suggest dehydrogenation of TiH2 powders takes place at 

the same time as thermal debinding (300~800 °C). It is therefore suggested that the use of 

large amount of binders prevail over the use of TiH2. Binders used in the Chapters 5 and 6 

usually occupied over 35 vol.% of the green compact. After debinding, the binder removal 

creates large porosity (over 35 %) with interconnected pore structure. The porosity increased 

by hydrogen release is negligible compared to that caused by binder removal. On the other 

hand, the highly interconnected pore structure favours the escape of hydrogen gas and thus 

minimises its expansion effect. It is believed that the freshly exposed and more activated 

titanium surfaces promote the chemical homogenisation. 

When a binder system is not involved, as in Chapter 8, the open porosity is higher when 

using TiH2 powder compared to that using Ti powder after sintering, although the metal 

powders used in Chapter 8 were identical to those used in Chapters 5 and 6. This is because 

the original porosity is much smaller in Chapter 8 and most of the pores are poorly 

interconnected after cold compaction. During dehydrogenation the original pores are easily 

expanded by the hydrogen gas under high pressure and self-shrinkage of TiH2 powder also 

takes place, leading to porosity increase and thus sintering retardation. It is also implied that 

this effect is even more obvious when the compaction pressure is higher. 

11.2.6 Increasing porosity and sintering retardation 

In Chapters 8 and 9 the resultant microstructure indicates the hydrogen release results in 

larger porosity and lower density, as compared to the use of Ti powder. In Chapter 9, we used 

an in situ observation technique to observe the sintering behaviours of powder compacts. Fig. 

11.7 shows the difference of the open porosity between the #9B and #9A compact (i.e., P = 

P#9B-P#9A where sample #9A is the Ni/Ti blend and #9B is the Ni/TiH2 blend as presented in 
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Table 3.3), as a function of sintering temperature. It is noted that the original P value is 

slightly negative, but it increases with temperature especially after 400 °C (e.g., 6.6±0.7 %). 

The open porosity of sample #9B significantly increases in the temperature range (as 

illustrated in Fig. 9.17) whilst the porosity of sample #9A rarely changes (Fig. 9.5). It is 

hypothesised that the volumetric reduction from TiH2-to-Ti transformation causes generation 

of more pores and gaps between particles as described in Chapter 9 (Fig. 9.18). In addition, 

internal pressure in the compact could be built up when hydrogen is released, unless the gas 

can be readily evacuated. The built-up gas pressure may also cause the loss of initially 

intimate contact between the pressed particles. Consequently, the inter-particle separation 

leads to the difficulty of diffusion occurring in sintering. As such, less densification is 

achieved in the Ni/TiH2 sintered compact (Fig. 11.7). In contrast, the inter-particle space 

hardly changes in the #9A compact due to the pre-sintering metallurgical bonding (Fig. 9.6). 

Consequently, the contact areas between the particles become smaller in the case of the #9B 

compact after dehydrogenation, as compared with the #9A compact. The less inter-particle 

contact certainly postpones the further sintering in the #9B compact, even though the new-

born Ti particles are believed to have more active surfaces that should promote sintering and 

densification. Furthermore, the porosity difference continually increases after 800 °C where 

the transient liquid phase sintering (LPS) starts to take place. It has to be noted that the extent 

of LPS largely determines densification in that a higher liquid content results in a higher 

degree of densification. The liquid content is reflected by the amount of NiTi2, TiNi and 

Ni3Ti phases. In the case of #9B compact, the quantity of these intermetallic phases is much 

less than in the #9A compact when they were sintered at 900 °C, as indicated by the XRD 

peak intensity (Figs. 9.3 and 9.15). The less densification in the #9B compact can be further 

evidenced by the microstructure as shown in Fig. 11.8. Some liquid phases could be seen on 

the surface of the #9A compact after 900 °C sintering (Fig. 11.8(a)), but no visible liquid 

marks can be found in the #9B compact (Fig. 11.8(c)). Further increasing the sintering 

temperature to 1000 °C reveals that the particles are almost fully covered by the liquid in the 

#9A compact (Fig. 11.8(b)), whereas the pores in the #9B compact are still too large for the 

liquid to cover the particle surface (Fig. 11.8(d)). 

Although there have been some many studies claiming that the use of TiH2 powder could 

enhance densification [16, 17, 19, 26, 254-256, 259], the results from this study seem to 

negate this claim. It must be noted that the particle size is similar between Ti and TiH2 



160 

 

powders used in Refs. [18, 19, 255] and Chapters 5 and 6. It therefore cannot be excluded 

that the claimed enhancement of densification is caused by the finer particle size of TiH2. 
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Fig. 11.7 The open porosity difference evolution between the #9B and #9A compact (P#9B-P#9A) as a 

function of sintering temperature. 

    

(a) (b) 
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Fig. 11.8 Microstructures observed on the surface of the #9A compact sample sintered at (a) 900 °C and 

(b) 1000 °C; the #9B compact sample sintered at (c) 900 °C and (d) 1000 °C. 

11.3 Microstructural development and phase formation 

11.3.1 Pore structure of TiNi alloys 

As described in Section 4.1, with increasing the water debinding time, more and more 

hydrated PEG molecules are transported out of the MIM green specimen and water penetrates 

into the interior of the specimen. This process creates highly interconnected porous channels. 

As a result, both the pore number and pore size increase with the increase of debinding time 

as shown in Fig. 4.7, which is one of the contributions to the pore formation during MIM in 

Chapters 5 and 6. 

In a conventional vacuum sintering process (Chapters 5, 6, 8 and 9), concomitant with 

densification, pores form during sintering through several mechanisms such as hydrogen 

release (only for the use of TiH2), Kirkendall effect, transient liquid phase or phase 

transformation (alloying) [111]. As discussed in Section 11.2 the effect of hydrogen release 

from TiH2 powder is one major reason causing difference of pore structural parameter of 

sintered TiNi alloys, reported in Chapters 5, 6, 8 and 9. Meanwhile, other factors such as 

particle size, sintering profile and the use of binders also affect the following phase 

transformation and LPS process. 

After final sintering, the sintered TiNi alloys using Ti powder exhibit either swelling 

phenomenon (Figs. 6.5 and 8.1) or shrinkage (Table 5.1 and Fig. 9.7). In contrast, the use of 

TiH2 powder causes shrinkage in all the cases, as shown in Figs. 6.5, 8.1, 9.19, and Table 5.1. 

(d) (c) 
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Based on the experimental results, the following aspects can be concluded in terms of 

swelling or shrinkage phenomenon. 

(1) Swelling is mainly attributed to the Kirkendall effect, liquid phase and phase 

transformation. This is evidenced by the in situ observation in Chapter 9 where some 

Kirkendall pores were formed along the boundaries of Ni and Ti particles in the #9A 

sample after 800 °C sintered (Fig. 9.6). In the case of use of TiH2, the built-up 

hydrogen pressure may cause bubbling effect during dehydrogenation, favouring 

swelling. Further increasing temperature to > 942 °C, LPS takes place according to 

the Ti-Ni phase diagram (Fig. 9.2). In this case, the liquid phase (Ti-rich) flows into 

the narrow areas nearby due to the capillary effect and then pores leave behind. Also 

the penetration of liquid pushes apart the original compacted particles. Swelling thus 

results [81, 222]. The phase transformation among the intermetallic phases also 

encourages pore formation and causes swelling. 

(2) Shrinkage may also occur. Firstly, TiH2 has a lower density (i.e., 3.9 g/cm
3
) than Ti 

(4.5 g/cm
3
). The transformation of TiH2 into Ti can simply translate a volumetric 

decrease (i.e., density increase). Secondly, sinter-neck formation through atomic 

diffusion causes volume reduction (i.e., shrinking). In the meantime, the newly 

activated Ti powder surfaces after dehydrogenation enhance densification because the 

active surface helps atomic diffusion [15, 20]. Thirdly but perhaps less importantly, 

the smaller particle size of TiH2 powder used in this study leads to a higher level of 

densification in the Ni/TiH2 compacts than that in the Ni/Ti compacts [222]. Finally, 

LPS also plays an important role in densification [81, 222]. This is because LPS 

enhances chemical rearrangement and thus promotes sintering and densification. 

These effects come in to play in a simultaneous and synergic manner during the sintering 

procedure and impact with each other. Therefore, the swelling phenomenon in this study 

seems that the pore formation effect (1) prevails against the shrinkage factor (2). 

Furthermore, it is noteworthy that both the final sintering temperature and compaction 

pressure also affect the resultant pore size and porosity in Chapters 8 and 9. For instance, in 

Chapter 8 the #8A compact sintered at 1100 C results in the greatest porosity and largest 

pore size, as compared with 1000 and 1200 C-sintered (Fig. 8.3). This can be elucidated by 

the emergence of transient liquid. According to the Ti-Ni phase diagram [259], there are 

possibilities of a transient liquid formation of eutectic compositions of 24.5 at.% Ni at 942 C 
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and 61 at.% Ni at ~1110 C, respectively. On one hand, a higher temperature results in a 

greater volume fraction of liquid that causes a greater amount of porosity. On the other hand, 

at a higher temperature the ease of densification increases. These two competing phenomena 

determine the resulting porosity in the sintered samples. In the case of 1200 °C sintering, the 

densification may dominate over porosity formation by liquid penetration, while in the case 

of 1100 °C sintered compacts, the formation of porosity may prevail against densification. In 

addition, the dependency of porosity upon compaction pressure can be explained in terms of 

green density. The inter-particle void space decreases with increasing the compaction 

pressure so that the reduced void space promotes the reaction between the particles and 

enhances densification during sintering (Fig. 8.5). 

In the case of hot-pressing (Chapter 10), due to incorporation of thermo-plastic deformation 

of metal powders and subsequent creep densification at the high temperature (1200 °C) [14, 

70, 71], the resultant open porosity is very minor being ~0.73 %. The micropores (Fig. 10.2) 

may be attributed to the Kirkendall effect and argon gas entrapped in the compact during hot 

pressing. 

11.3.2 Pore formation in Ti-6Al-4V alloys 

The binder removal accounts for the main cause of pore formation in the final Ti-6Al-4V 

parts involving injection moulding, as shown in Figs. 7.4 and 7.9. Kirkendall effect and liquid 

phase are excluded, because the metal powder used in Chapter 7 through MIM is Ti-6Al-4V 

PA powder. During high temperature vacuum sintering, no reactive process takes place 

(unlike Ni/Ti or Ni/TiH2 powder mixture). Densification is accomplished through sinter-neck, 

which causes significant contraction in both axial and lateral directions (Table 7.1 and Fig. 

7.7) as well as pore size reduction in the sintered parts (Fig. 7.4 cf. Fig. 7.7). 

11.3.3 Phase formation of TiNi alloys 

There is a large body of literature reporting phase development during sintering of Ti and Ni 

elemental powders to form TiNi alloys [107, 171, 230, 260]. Referring to the Ti-Ni binary 

phase diagram (Fig. 9.2) [109], the formation of TiNi phase is via an indirect reaction 

between Ni and Ti, as given by the following reaction sequence [29]: 

Ni + Ti → Ni3Ti             (11.7) 

Ni + Ti → NiTi2              (11.8) 
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Ni3Ti + NiTi2 → TiNi        (11.9) 

The small amount of Ni3Ti and NiTi2 is therefore caused by the incomplete reaction (11.9) or 

the eutectoid reaction of TiNi → Ni3Ti + NiTi2 at 630 °C [109]. The results in Chapter 9 

further confirm this phase sequence according to the XRD analysis at different sintering 

temperatures. As shown in Figs. 9.3 and 9.15, there is no intermetallic phase formed if 

sintering temperature is < 900 °C. By contrast, if sintering is carried out at a temperature > 

900 °C, NiTi2, Ni3Ti and TiNi phases start to form at the expense of Ti and Ni elemental 

phases for both #9A and #9B compacts. Meanwhile, in all cases subsequent high-temperature 

sintering, especially at 1100 or 1200 °C, can effectively promote chemical homogenisation, 

and the B2 TiNi phase dominates. Although a small fraction of B19‟ TiNi and NiTi2 and 

Ni3Ti intermetallic phases persist, as illustrated in Figs. 5.8, 6.7, 8.6, 9.3, 9.15 and 10.1, the 

unreacted Ti does not exist. The different observations reported in Chapters 8 and 9 are due 

to the use of different metal powders (Table 3.3) plus the different sintering profiles (Figs. 

3.8(e) and 3.8(f)). 

Meanwhile, some impurity phases such as TiC and Ni2Ti4Ox were also observed in Chapters 

5 and 6 (Figs. 5.8 and 6.7). These minor and impurity phases are further confirmed by EDX 

analysis (Figs. 5.9 and 6.8). The contamination (TiC and Ni2Ti4Ox) is mainly caused when 

the binders are decomposed (oxygen pick-up during sintering is possible but minimal when 

sintering is carried out under vacuum). These observations are in good agreement with other 

reports in the literature [50, 121, 124, 149, 153]. 

In the case of using TiH2, the amount of the secondary intermetallic phases (NiTi2 and Ni3Ti) 

or impurities (in Chapters 5 and 6) is less compared with the Ni/Ti sintered compacts. This is 

consistent with the XRD and EDX analysis, as presented in Figs. 5.8, 5.9, 6.7, 6.8, 8.6, 8.7, 

8.12, 9.3, 9.4, 9.15 and 9.16. This suggests the use of TiH2 is helpful to chemical 

homogenisation and minimise the impurity take-up opportunity, since atomic diffusion across 

a newly exposed Ti particle is much faster than across a passivated or oxidised Ti particle [15, 

183]. It is necessary to note that the use of TiH2 does not promote densification in Chapters 8 

and 9. 

A post-sintering treatment was conducted at 1000 °C for 2 h as reported in Chapter 6 and 6 h 

in Chapters 8~10, respectively. Its purpose is to eliminate the unwanted intermetallic phases 

such as NiTi2 and Ni3Ti. The results show that these secondary phases are effectively 
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eliminated or even disappeared after post sintering as shown in Figs. 8.6, 8.7, 8.12, 9.3, 9.4, 

9.15 and 9.16. For the hot-pressed samples, however, the NiTi2 and Ni3Ti phases are still 

observed in the PSed samples (Figs. 10.1 and 10.2), which means that the post-sintering 

treatment does not improve the chemical homogenisation. The reason for this result in 

Chapter 10 is still unknown but we speculate that the eutectoid reaction of TiNi → Ni3Ti + 

NiTi2 at 630 °C [109] results in the persistence of NiTi2 and Ni3Ti phases during cooling. 

11.4 Anisotropy of dimensional change (ADC) of TiNi after sintering 

11.4.1 Factors affecting ADC 

As reviewed in Section 2.3.3, there are several factors affecting the ADC during sintering. 

They include prior compaction (e.g., pressing direction and pressure), gas pore pressure, 

interface porosity and crystallographic texture [261]. In particular, it is believed that ADC is 

related to the directionality of microstructural features developed during preparation of the 

green compacts (MIM and single-action cold pressing in this project). In the last two decades, 

there have been a few investigations of the ADC associated with powder metallurgical TiNi 

[231, 232, 259, 262-267]. The reported possible causes of ADC for powder metallurgical 

TiNi can be summarised: 

(1) Emergence of thick intermetallic layers and expansion due to the reaction between 

eutectic liquid and intermetallic compounds [262]. 

(2) Spring-back effect involved in ejecting pressed compact out of the compaction die. 

This spring-back effect could make inter-particle contacts normal to the compaction 

direction slightly open and thus cause the anisotropy in shrinkage due to the closing of 

these contacts during sintering [232]. 

(3) Segregation of powders in the green compacts by unidirectional die compaction, inter-

diffusion effects in the solid state, unidirectional neck growth during sintering and 

expansion resulting from the penetration of liquid into capillaries [231, 263, 264]. 

(4) Friction between the die wall and particles causes greater deformation in those 

particle surfaces perpendicular to the axial direction. This greater particle deformation 

causes greater axial shrinkage than radial [259]. 

However, it must be noted that the ADC phenomenon is not caused by a single factor and not 

always straightforward. The understanding of this phenomenon is still lacking. The ADC 

reported in Chapter 9, that is, larger shrinkage in axial direction compared with radial 
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direction, is in agreement with the report of Li et al. [259]. In this case, however, the ADC 

phenomenon is even more obvious, because the A/R-ratio (i.e., the ratio of axial shrinkage to 

radial shrinkage) increases with the addition of TiH2 powder. In contrast, although the A/R-

ratio is > 1 in Li et al.‟s report, it decreases with increasing TiH2 content in their study [259]. 

They claimed two possible reasons for this [259]: (1) the addition of TiH2 decreases oxygen 

contamination and improves the compactibility of the blended powders, minimising the 

deformation difference in the powder particle surfaces during pressing and (2) the smaller 

size of the TiH2 powder gives a finer distribution of pores and allows the particles to 

rearrange themselves during sintering. 

11.4.2 Mechanism of ADC during TiNi sintering 

To understand the volume expansion/contraction caused by the phase transformation and LPS, 

we consider the reactions between Ni and Ti or TiH2 that are associated with the sintering 

process as presented in Table 11.1 as below. 

Table 11.1 Reactions taking place during sintering and the according volumetric change percentage. 

Reaction Volume change (ΔV) No. 

TiH2 → α-Ti - 16.8% Reaction (1) 

2Ti + Ni → NiTi2 -2.2 % Reaction (2) 

Ti + 3Ni → Ni3Ti -7.1 % Reaction (3) 

2NiTi2 + Ni3Ti → 5TiNi - 0.6 % Reaction (4) 

β-Ti + NiTi2 → L  (at 942 °C)  Reaction (5) 

TiNi + Ni3Ti → L  (at 1118 °C)  Reaction (6) 

 

The volumetric change percentage, ΔV, is calculated based on the molecular volume of the 

virgin and reacted materials according to their theoretical densities and the negative sign of 

ΔV means volume contraction. Reactions (1)~(4) indicate volumetric shrinkage; XRD and 

EDX analysis suggest these reactions took place at < 800 °C (Figs. 9.3, 9.4(b), 9.15 and 9.16). 

In fact, the measured expansion after 800 °C sintering for the #9A compact (Fig. 9.7) is 

negligible and mainly caused by the Kirkendall effect. The expansion from the Kirkendall 

effect is largely counteracted by the shrinkage from these reactions. 
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After the compacts are sintered at a temperature > 900 °C, the volumetric shrinkage increases 

significantly (Figs. 9.7 and 9.19), indicating that liquid phase greatly improves densification, 

probably through reactions (5) and (6). Large shrinkage thus results. 

It is logical to assume that the above-mentioned four factors all play its role in the ADC of 

sintered TiNi from elemental powders, but the significance of each factor might be different. 

Zavaliangos et al. [261] and Kuroki [232] pointed out that the effect of interface porosity 

between particles by spring-back would be rather small if the overall shrinkage is large. In 

our case, the overall volumetric shrinkage after sintering at a high temperature is relatively 

high, e.g., ~20 % for the #9A compact sintered at > 1100 °C. Therefore, the ADC caused by 

spring-back can be negligible. The formation of thick intermetallic layers in the radial 

direction could play a major role in this study. As proposed in Ref. [262], the uniaxial 

compaction leads to larger contact areas perpendicular to the axial direction, therefore 

resulting in a higher degree of alloying and higher quantity of intermetallic phases. Thus, 

there will be an expansion due to the reaction between the eutectic liquid and intermetallic 

compounds, which then counteracts with the overall shrinkage in the radial direction and 

results in larger axial shrinkage than radial shrinkage. Powder segregation in the green 

compacts caused by unidirectional die compaction as evidenced in Fig. 11.9. Such factor 

could cause unidirectional neck growth and inter-diffusion effects in the solid state, and 

expansion resulting from the penetration of liquid into capillaries during sintering [231, 263, 

264]. The comprehensive study of ADC phenomenon during sintering Ni and Ti or TiH2 

powder compact is still needed to further investigate in future. 

  

Fig. 11.9 ESEM images of uniaxially cold pressed green compact showing extensive segregation of powder 

particles (a) #9A compact and (b) #9B compact. 

Ni 

Ti 

Ni 

TiH2 

(a) (b) 
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11.4.3 Effect of compaction pressure on ADC 

The dependence of A/R-ratio on the compaction pressure for copper, iron and even TiNi in 

our case (Fig. 9.11) has been found to be linear [268-270]. It has been proposed that in 

sintering, the anisotropic stress produced owing to differences in density in the compact, 

significantly affects the value of A/R-ratio. This is based on the effect of the density 

distribution in the axial and radial directions on the A/R-ratio [270, 271]. The results in Figs. 

9.10 and 9.22 show that the shrinkage decreases with the increase of compaction pressure and 

the axial shrinkage is larger than radial shrinkage (Fig. 9.11). This is simply because higher 

compaction pressure leads to larger deformed stress in the interfaces between particles and 

thus these interfaces shrink less due to the release of deformed stress [259]. However, the 

A/R-ratio for the #9B compact is not perfectly linearly fitted (Fig. 9.11), which can be 

attributed to the hydrogen release effect. As discussed in Section 11.2, hydrogen release leads 

to increased porosity (capillaries) caused by shrinkage of TiH2 powder and expansion of 

hydrogen gas during dehydrogenation. Therefore, more liquid phase fills in these capillaries, 

leading higher swelling degree in the radial direction compared with the #9A compact. This 

definitely prevails against the overall radial shrinkage and makes lower radial shrinkage value 

than that of the #9A compact. As a result, the A/R-ratio of the #9B compact after sintering 

should be higher than that of the #9A sintered owing to the effect of hydrogen release. 

Furthermore, this trend, which represents the increase of A/R-ratio with the increase of 

compaction pressure for the #9B compact, should be more obvious with increasing the 

compaction pressure as shown in Fig. 9.11. The results and explanation in this study are 

different from the report by Li et al. [259]. There are two aspects to illustrate this difference. 

First, they used different raw powders (larger difference of particle size between Ti and TiH2 

powders) and sintering profiles. Second, they did not find larger porosity of Ni/TiH2 blend 

due to the hydrogen release compared with the Ni/Ti blend. They just claimed the smaller 

pore size after pressing using finer TiH2 powder could improve the ADC during sintering, 

which is arguable due to the much finer TiH2 powder they used. 

11.5 Mechanical properties 

11.5.1 Modulus, pseudoelasticity and shape memory effect of TiNi alloys 

A typical stress-strain curve of shape memory alloys is shown in Fig. 11.10 in comparison 

with stainless steel [180]. Conventional materials, e.g., stainless steel, exhibit a distinctly 

different elastic deformation behaviour from that of the structural materials of the living body. 
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Such metals and alloys normally exhibit only about 1 % strain when the elastic deformation 

is performed, and elastic strain linearly changes with stress. However, TiNi alloys can be 

elastically deformed up to 8 % strain in a non-linear way [36]. When the deforming stress is 

released, the strain recovers at lower stresses as can be seen in Fig. 11.10. Meanwhile, the 

loading/unloading cycle is characterised by a pronounced hysteresis. Theoretically, when 

TiNi is applied to a stress exhibiting a modest elastic deformation, its crystal structure 

changes simultaneously with the applied stress [36, 272]. This „stress-induced‟ phase 

transformation allows the material to change shape as a direct response to the applied stress. 

When the stresses are removed, the material reverts to the original structure and recovers its 

original shape. While superelasticity is the result of a stress-induced phase transformation, 

shape memory is the result of a thermal phase transformation [97]. 

Typically, the stress-strain curve of TiNi alloys when applied to a stress can be divided into 

four segments. Starting with an initial elastic regime, at a defined stress pseudoelasticity, 

rubber-like behaviour occurs associated with the stress induced martensite formation for 

pseudoelasticity  or the moving of twin boundaries for pseudoplasticity [107], where the 

martensite plateau is shown in Figs. 10.3 and 11.10. In the third regime, these martensite are 

deformed elastic and finally (fourth regime) a plastic deformation follows until fracture [235]. 

 

Fig. 11.10 Schematic stress-strain diagram for Nitinol and stainless steel [180]. 
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In this study, stress-strain curves in Chapters 5, 6, 8 and 9 do not have all these characteristics, 

in most cases only showing the first followed by the second or even only the first section 

(referring to Figs. 5.10, 6.9, 8.8, 8.9, 9.13 and 9.23). Nevertheless, the existence of non-linear 

elasticity shown in these figures and pseudoelastic strain (εpe, Tables 8.2, 9.2 and 9.3) is still 

prominent, indicating the reversible austenite-to-martensite phase transformation under stress. 

The pseudoelasticity, moduli and strength are significantly influenced by pore structure and 

chemical homogenisation. Higher porosity is the cause of lower moduli observed in Chapters 

6, 8 and 9. Furthermore, higher porosity or larger pore size also leads to lower fracture 

strength tested in tension, compression or bending (Figs. 6.9, 8.8, 9.13, 9.23 and 10.3). 

The effect of dehydrogenation is manifested by the higher tensile strength and lower Young‟s 

modulus observed in the samples sintered from the Ni/TiH2 powder mixture. The newly 

activated particle surfaces accelerate the densification and chemical homogenisation [15, 20]. 

The smaller pore size resulting from the use of the smaller powders also contributes to the 

achievement of a higher tensile strength in the Ni/TiH2 sintered samples. In Chapters 6 and 8 

when comparing the Ni/Ti sintered tensile bars (#6A and #8A) with the Ni/TiH2 sintered 

(#6B and #8B) (Fig. 6.9 and Tables 8.1 and 8.2), we can see the latter exhibited a higher 

fracture strain, a lower Young‟s modulus (measured in static tensile test), a lower unloading 

secant modulus (measured in cyclic tensile test), but a higher pseudoelastic recovery strain 

(εpe), than did the Ni/Ti sintered samples. The εpe is associated with the austenite-to-

martensite transformation, suggesting that the #6B, #8B and #9B sintered samples (from 

Ni/TiH2) have more austenite B2 TiNi phase, a consequence of higher level of chemical 

homogenisation. This also can be improved by further post-sintering treatment as presented 

in Chapters 6, 8 and 9.  

Higher porosity or larger pore size leads to lower fracture strength and the material collapses 

by brittle crushing in compression [223]. This is confirmed in Chapter 9, Figs. 9.13 and 9.23. 

Compressive tests show that stress-induced martensitic transformation quickly diminishes 

after the first loading-unloading cycle. As the cycling proceeds, the accumulated residual 

strain increases and then levels off to a constant value. This behaviour seems to follow the 

general shape memory „training process‟ [273]. In the subsequent cycles, the applied stress of 

800 MPa may not be sufficient to initiate the austenite-to-martensite transformation on the 

remaining B2 austenitic phase and a further increased external stress is needed for the 

martensitic transformation [274]. In Chapter 9, the Ni/TiH2 sintered sample shows better 
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pseudoelasticity than that of the Ni/Ti sintered sample under the identical 800 MPa 

compressive stress (Fig. 9.23 cf. Fig. 9.13). This is because the Ni/TiH2 sintered compact 

yielded more chemical homogenisation or more B2 austenitic phase than the Ni/Ti sintered 

compact as illustrated in XRD analysis, Fig. 9.15 cf. Fig. 9.3. 

The Young‟s modulus of the Ni/Ti sintered compact was ~20 % greater than that of the 

Ni/TiH2 compact (Table 9.13 cf. Table 9.23). The following three factors should be taken into 

account. First, the calculated densification degree of the Ni/Ti and Ni/TiH2 250-MPa-pressed 

compacts after 1100 °C sintering is 0.44 and -0.13, respectively, as shown in Figs. 9.9 and 

9.21. A higher densification would result in a higher elastic modulus. Second, in a porous 

material, a higher ratio of close-to-overall porosity would give rise to a higher elastic 

modulus [223]. This close-to-overall porosity ratio was 34.5 % and 1.5 % for the Ni/Ti and 

Ni/TiH2 250-MPa-pressed sintered compacts, respectively. Last, the phases present in the 

sintered compact affect the elastic modulus as well. It was found that the Ni/TiH2 compact 

contained less NiTi2 phase than the Ni/Ti sintered compact as compared the XRD analysis of 

Fig. 9.15 with Fig. 9.3. The Young‟s modulus of NiTi2 is not available in the literature; 

nevertheless, a value of 90 GPa would be a reasonable approximation for NiTi2 because its 

Young‟s modulus should be in the range between pure Ti (~110 GPa [2]) and TiNi (~70 GPa 

[47]). A higher fraction of NiTi2 in the Ni/Ti would lead to a higher modulus. All these three 

factors point to a higher elastic modulus for the Ni/Ti sintered compact. 

It is noteworthy that the Young‟s modulus of all compacts is in the range of 8~20 GPa, which 

is a good match with the human cortical bone [46]. However, the obtained porosity and pore 

size do not perfectly fulfil the pore prerequisites of implants, which require: interconnected 

and open porosity in the range of 30 to 80 % and pore size in the range of 100 to 600 μm [46]. 

This could be achieved by adjusting powder compaction and densification parameter or by 

introducing a temporary space holder with suitable particle size, however, at the expense of 

reduced fracture strength. 

11.5.2 Fracture behaviour 

The strength of a material is determined by its weakest portion in the material. In this regard, 

porosity, pore size and pore shape have significant influence on the tensile or flexural 

strength of TiNi or Ti-6Al-4V alloys. Cracks in a brittle porous material usually initiate at a 

weak cell wall or pre-existing flaw and propagate quickly and catastrophically. From a 
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fracture mechanics point of view, when the stress intensity factor K (where     √  ) 

approaches the material‟s fracture toughness (commonly expressed as KIc) [173], the material 

fails. In a porous material, the pore size and pore size distribution can be collectively 

reflected in the term „a‟, while the value of „Y‟ is a collective parameter of pore shape and 

pore orientation. 

For instance, the microscopic images (Fig. 6.6) show that the pores in the Feedstock #6A 

sintered samples are much sharper than those observed in the Feedstock #6B sintered samples. 

This implies that the average Y value for the Feedstock #6A sintered samples is higher than 

for the Feedstock #6B sintered samples. Both the greater values of „Y‟ and „a‟ give rise to a 

higher stress intensity factor K for the Feedstock #6A sintered samples. Therefore, the 

Feedstock #6A sintered samples demonstrated a lower fracture stress, as compared to 

Feedstock #6B sintered. Meanwhile, in the case of the #8A compacts, sintering at 1200 C 

leads to the smallest pore size („a‟) can be seen in Fig. 8.2(c), as compared with the 1000 and 

1100 C-sintered (Figs. 8.2(a) and 8.2(b)). Therefore, the highest tensile strength was 

observed in the 1200 C sintered samples (Fig. 8.8 and Table 8.1). It is also necessary to note 

that in addition to the pore size, pore shape (particularly a sharp pore edge) and an overall 

degree of sintering and/or homogenisation also affect the fracture strength. As described 

previously, the use of smaller TiH2 powder leads to greater densification and chemical 

homogenisation, and therefore results in higher fracture strength, although in some cases a 

higher porosity is observed in the sintered samples made from TiH2 powder. 

The fracture surfaces of both Ni/Ti and Ni/TiH2 vacuum sintered tensile bars were subjected 

to microscopic fractography studies as shown in Figs. 11.11(a) to 11.11(d). The 

microstructures and mechanical properties have been reported in Chapters 5, 6 and 8. All 

these selected samples demonstrate typical brittle fracture features: smooth cleavage facets 

and river patterns. Cracks around the pores (except the Ni/TiH2 sintered samples (Fig. 

11.11(b)) and crystallographic faceting are visible on the fracture surfaces, indicating that 

fracture initiates by stress concentration around the pores and detachment of powder particles. 

If the powder compacts have been fully densified, such as by hot pressing (Chapter 10), the 

TiNi alloy then reveals typical ductile fracture features, Fig. 11.11(e). The dimples are clearly 

visible and the cracks propagate along grain boundaries, a typical intergranular fracture. 
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Fig. 11.11 Typical examples of fracture surface of the sintered titanium tensile and bending bars. TiNi 

alloys sintered from powder mixtures at various sintering temperatures: (a) #8A (Ni/Ti) 1000 °C sintered, 

(b) enlarged square area in (a), (c) #8B (Ni/TiH2) 1100 °C sintered, (d) enlarged square area in (c) and (e) 

#10A (Ni/Ti) 1200 °C hot pressed; (f) Ti-6Al-4V alloys sintered from #7A feedstock at 1300 °C. The 

arrows indicate cracks occurring after tensile or bending test. 

In the case of Ti-6Al-4V alloys in Chapter 7, Fig. 11.11(f) is the ESEM image of the typical 

fracture surface of Feedstock #7A sintered parts after tensile testing. The quasi-cleavage 

appearance can be seen in this fracture surface as shown in Fig. 11.11(f), which shows the 

brittle fracture behaviour. In addition, it can be termed transgranular fracture. In fact, the 

 

 

(a) 

(e) (f) 

(d) (c) 

(b) 
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existence of pores in MIM samples is the mainly responsible factor for the decrease of tensile 

strength. 

11.6 Summary 

Chapter 11 extensively discusses the results that were reported in the previous chapters. Four 

major aspects have been discussed: water debinding mechanism in the MIM process, effect of 

the use of TiH2 and its dehydrogenation, microstructural development and fracture behaviour. 

Some important aspects can be summarised as follows. 

(1) The water debinding behaviours of the PEG/PMMA binder system in titanium 

compacts were investigated and a new water debinding model was proposed to 

elucidate the debinding process. During water debinding, water penetrates to 

compacted parts and interacts with PEG to form hydrated complexes until the 

equilibrium water content is reached and PEG starts dissolving, leaving the insoluble 

PMMA ligaments holding the titanium particles. The interconnected pore channels 

could serve as escape paths for decomposed gases during subsequent thermolysis of 

the insoluble PMMA component. The model for binder removal is established based 

on the Fick‟s second law of diffusion and is in agreement with the experimental 

kinetics data. The effective diffusion coefficients of PEG are 1.13 × 10
-10

, 1.50 × 10
-10

, 

and 1.85 × 10
-10

 m
2
/s, at 40, 50 and 60 C respectively and effective activation energy 

is 21.5 kJ/mol, which is comparable to the hydrogen bond energy. 

(2) To compare the different sintering performance of Ti and TiH2 powders, we used 

similar particle size of these two powders. The release of hydrogen from TiH2 powder 

proves able to cleanse the surface of newly born Ti powder and thus promotes 

densification of TiNi alloys when it is processed by MIM method. However, in the 

press-and-sinter route without any introduction of binders, hydrogen release increases 

the porosity of Ni/TiH2 powder blend, retards sintering and densification, but 

promotes chemical homogenisation after sintering, as compared with the Ni/Ti blend. 

(3) The ADC phenomenon of TiNi sintering occurred during sintering when using Ni/Ti 

and Ni/TiH2 powder blends. It is assumed that several factors might contribute to this 

phenomenon: (i) appearance of thick intermetallic layers; (ii) expansion due to the 

reaction between the eutectic liquid and intermetallic compounds; (iii) segregation of 

powders in the green compacts; (iv) friction between the die wall and particles. 

(4) The TiNi alloys sintered from the Ni/TiH2 feedstock using either PEG-based or agar-
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based binder systems achieve higher fracture strength and a non-linear elasticity, as 

compared to the Ni/Ti feedstock. Meanwhile, in the press-and-sinter process, in 

comparison with the Ni/Ti sintered compacts, the samples sintered from Ni/TiH2 

mixture (in the condition of the particle size of Ti and TiH2 is similar) exhibit better 

chemical homogenisation, a higher porosity, larger pore size, lower densification, 

lower fracture strength, larger cyclic residual strain, lower close-to-overall porosity 

ratio, and lower Young‟s and secant moduli. All the sintered porous samples (TiNi 

and Ti-6Al-4V alloys) demonstrate typical brittle fracture features. Cracks around the 

pores shown in the Ni/Ti sintered parts and crystallographic faceting are visible on the 

fracture surfaces, indicating that fracture initiates by stress concentration around the 

pores and detachment of powder particles. Fully densified TiNi samples by hot 

pressing demonstrate ductile fracture features; many dimples are clearly visible 

showing typical intergranular fracture. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



176 

 

Chapter 12 Recommendations and future research 

This chapter summarises some key issues originating from this thesis and some new ideas 

that might be worthy further research. 

12.1 Binder development strategy for Ti-MIM 

One of the most important problems in titanium PM especially in Ti-MIM is contamination 

occurring during the debinding and sintering processes. A great deal of efforts has been 

devoted to the development and design of specialty furnaces for MIM debinding and 

sintering, and a variety of debinding and sintering furnaces are available on the market. In 

addition, titanium starts to significantly react with oxygen at a temperature above 400 °C [95]. 

Impurities left in the debound “brown” parts after debinding would dissolve into titanium, 

causing undesirable properties. In this regard, the first and most important requirement for 

binders and debinding development is the ease of binder removal at a temperature below 400 

C. 

Binder development should focus on the selection of the backbone component, of which the 

most common polymers include PE, PP, PMMA and EVA [13]. These polymers are readily 

available, inexpensive, well characterised and understood. However, they cannot meet all of 

the binder requirements. For example, they can provide good processability and excellent 

green strength, but it is difficult to completely remove them due to their high thermal 

decomposition temperatures. However, it needs to be pointed out that thermal decomposition 

(pyrolysis or burning) is not the only way to break down the polymeric binders. Polymer 

degradation can take place chemically, optically (ultraviolet or ultra-short wave rays), 

mechanically, and/or biologically. The degradable plastics and depolymerisation, which is 

termed „polymer green chemistry‟, have been receiving extensive interests in recent years. 

One of such examples is the use of catalytic depolymerisation in the field of waste plastic 

recycling [275]. In a similar way, such catalytic depolymerisation techniques can be used as a 

new debinding method in Ti-MIM. Nonetheless, developing new types of polymer suitable 

for Ti-MIM is always encouraged and achievable technically. Polymer, in general, can be 

designed, synthesised, post-modified and assembled, with a great degree of freedom. For 

instance, reversible polymerization or crosslinking can be applied in a Ti-MIM process. In 

reversible polymerization, a polymer network forms by polymerization or crosslinking under 

a stimulus such as heat, light or radiation. If these reversible polymers are used in feedstock 



177 

 

formulation, the cross-linked molecules can revert to the starting monomers or molecules 

when they are exposed to an external stimulus. For further information, readers are referred to 

a recent publication by Cao et al. [68]. 

Recently, Ti-MIM has been receiving great interest by medical/surgical or biomedical 

industry. This provides new impetus and opportunities for Ti-MIM. In this regard, Ti-MIM 

should focus on developing new methods to control carbon and oxygen levels to meet the 

higher quality standards required in such applications. Apart from powder production 

development and powder quality control, the binder design and debinding techniques are the 

main technical issues requiring attention. 

12.2 Development of porous TiNi alloys 

In chapter 2 it is suggested that porous titanium alloys with 30~80 % open porosity,  100 

MPa strength at 2 % strain and low Young‟s modulus are suitable for the implant applications 

[46]. The sintered porous TiNi alloys made from the agar-based Ni/TiH2 feedstock have 118 

MPa of tensile strength with 1.8 % elongation and over 30 % porosity. Although the tensile 

strength meets the requirement for implants, the strain is still not suitable. One of the 

recommendations in chapter 6 is post-sintering treatment with a 1°C/min heating rate to 1150 

C to form more single B2 phase in the porous TiNi sample [117]. In addition, there are some 

other choices such as 

(1) extending the holding time at the final sintering temperature to obtain more 

homogeneous phase, this will improve the strength and elongation; 

(2) adjusting particle size, minimising original impurity content of raw starting powders 

and/or selecting various particle shape; 

(3) water quench following a heat treatment, which is similar post-sintering treatment 

with Biswas‟s [117] to increase the content of single phase TiNi. 

12.3 Sintering mechanism involved in Ni/TiH2 

Many investigations have been focusing on the PM fabrication of porous TiNi alloy using Ni 

and Ti or TiH2 elemental powders [4, 17, 48, 102, 104, 224, 254, 260, 276-278]. Recent 

studies pointed out the positive influence of TiH2 on the microstructure of porous TiNi 

processed from elemental powders. The pores are smaller and more evenly distributed than in 

reference materials without TiH2 [19]. In spite of few studies on the sintering process, pore 
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structural parameter and mechanical properties of porous TiNi alloy using Ni and TiH2 

powders [17, 19], the sequence of transformation leading to TiNi alloys is still unclear. 

Concomitant occurrence of dehydrogenation, solid-state reaction and sintering makes 

elucidation of sintering mechanisms complicated, if not improbable. In order to study the 

sintering mechanism of Ni/TiH2 powder mixture, firstly a comprehensive understanding of 

dehydrogenation mechanism of TiH2 is needed [15]. With the information about 

dehydrogenation available, subsequent study should be the reaction between newly born α-Ti 

and Ni and phase transformation. 

12.4 One puzzle in the current Ti-Ni binary phase diagram 

Even though TiNi alloys can be successfully fabricated by PM, it is very difficult to obtain 

single phase TiNi. The as-produced TiNi alloys always contain other phases, e.g., NiTi2, 

Ni3Ti or Ni4Ti3. Some researchers attributed this to the eutectoid decomposition of TiNi into 

secondary phases occurring at about 630 °C as shown in Fig. 2.12 [174, 175, 279, 280]. In 

contrast, others argued against this finding and clamed this is due to the incomplete reaction 

[52, 88, 107, 176-179]. Such eutectoid reaction has been fallen into a huge argument for last 

six decades [88, 107, 174-179, 279, 280]. In 1950, Duwez and Taylor [279] first found the 

decomposition of TiNi into Ni3Ti and NiTi2 at 800 and 650 °C, respectively. The following 

report by Margolin et al. [176] that if the higher purity TiNi alloys were used, there is no 

evidence of such reaction. However, this problem was also investigated by Koskimaki et al. 

[280] and they found TiNi eutectoidally decomposes into Ni3Ti, NiTi2 and an intermediate 

phase (termed “X-phase”) upon prolonged aging (e.g., at 600 °C for one month). In contrast, 

Nishida et al. [88] reported there is no secondary phases appeared using a 50Ni-50Ti alloy 

upon furnace cooling and water quenching from 1000 °C, but a 52Ni-48Ti alloy was also 

investigated using diffusion-controlled experiments. They confirmed that there is no 

eutectoid reaction in their system and the diffusional transformation sequence during aging 

can be followed as TiNi→Ni4Ti3→Ni3Ti2→Ni3Ti with Ni3Ti being the equilibrium phase. 

Overall, it has been reviewed by Otsuka and Ren [107] that this eutectoid decomposition 

seems unrealistic, since no direct evidence had been obtained till now. 

12.5 Future work 

12.5.1 Comprehensive rheological study of the PEG-based feedstocks 
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Mould filling depends on viscous flow into the die cavity, and a successful MIM process 

requires specific rheological characteristics, with the most important property being viscosity. 

Suitable gear to measure the viscosity of the PEG-based feedstocks is a capillary rheometer 

(such as Shimadzu CFT-500D). Feedstock viscosity is sensitive to several factors such as 

particle size, particle morphology, shear rate, solid loading, binder system component and 

temperature. Based on this knowledge, it is recommended to continue investigation of the 

rheological properties of PEG-based feedstock. The effects of particle size and morphology, 

shear rates and temperature, solid loading, and binder components should be systematically 

investigated. 

12.5.2 Detailed investigation of thermal debinding 

The O, C and N residues left behind debound or sintered samples are always a big concern.  

Thus, complete binder removal is critical for controlling final chemistry. In addition, sample 

geometric retention is also critical for MIM practice. Therefore, a detailed study of thermal 

debinding for titanium alloy feedstock is essential to the quality of MIM final sintered 

products. The next research will focus on the heating rate, holding time, inert atmosphere and 

debinding temperature of thermal debinding. 

12.5.3 Comprehensive study of dimensional change anisotropy 

Effect of compaction pressure 

It has been reported that the ADC increases with the increase of compaction pressure and a 

linear relationship has been identified [231, 264]. Since different compaction pressures lead 

to different porosity and surface tension in the green compact, the gravitational effect of 

liquid will be influenced by resultant porous microstructure and thus the effect of compaction 

pressure should be investigated. 

Effect of height-to-diameter ratio 

It is well known that the height-to-diameter (H/D) ratio affects the green density. A higher 

H/D ratio usually results in more severe density variation in the green compacts. Its effect on 

ADC phenomenon is worth further investigation. 

The addition of TiH2 
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The two steps‟ phase transformation of TiH2 during decomposition, which is 

TiH2→TiHx→α-Ti, mainly takes place in the temperature range of 300~700 °C [15, 215, 

234]. This temperature range is below the region of LPS. It has been widely reported that the 

release of H2 during dehydrogenation expands the inter-particle space, and enlarges the pore 

size and porosity especially after high pressure pressed [211, 233, 281]. Thus, the addition of 

TiH2 powder causing increased porosity and pore size is hence expected to increase the ADC, 

because larger porosity and pore size lead to more obvious effect of gravity during LPS. 

Effect of particle size 

According to reports [231, 232, 259, 262-267], the different results referring to ADC is due to 

different materials or heating/pressing conditions used, especially the use of Ti powders with 

different particle sizes. It is estimated that large discrepancy of particle size of Ti and Ni 

powders will easily cause powder segregation. In addition, the finer powder the higher active 

energy it is, which favours sintering and thus affects ADC. 

12.5.4 Eutectoid decomposition of B2 TiNi at 630 °C  

Four TiNi alloys with different compositions (52Ti-48Ni, 50Ti-50Ni, 48Ti-52Ni and 46Ti-

54Ni) will be produced by arc melting in vacuum using high purity elemental Ni and Ti. The 

reason to choose four different compositional TiNi alloys is to investigate the composition 

effect on the phase transformation. 

Each alloy should be heated to a temperature above or below 630 °C, e.g., 660 or 600 °C 

respectively, with a heating rate of 5 °C/min in a lab vacuum furnace holding at each 

temperature for 0.5 h, and then the sample is either furnace cooled or water quenched to 

investigate the cooling condition to the phase transformation around 630 °C. 

To study the equilibrium phase upon annealing of each sample, the alloy should be applied a 

heat treatment at the same temperature above (i.e., 660 or 600 °C, respectively) for a long 

time (e.g., 24 h) in vacuum also with the same heating rate to compare with the furnace 

cooling and water quenching cases. 

Analysis of all the samples after furnace cooling, water quenching and annealing should be 

performed in a neutron/synchrotron diffraction instrument at room temperature. In addition, 

to further study the transformation kinetics during annealing and also as a comparison with 

the lab treated samples above, each sample should be given the same treatment as above in 
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neutron/synchrotron diffraction instrument in vacuum conditions. The intensities and energies 

of neutron/X-ray beams allow information from the bulk of material to be followed on the 

short time scale while undergoing an in situ heating and cooling cycle to observe the phase 

transformation procedure. Thus, the direct evidence of such eutectoid decomposition of B2 

TiNi alloy could be obtained using such in situ technique if it is possible. 

Rietveld analysis should be used for whole powder-diffraction pattern fitting to obtain 

quantitative values of the phase fractions throughout the room temperature and in situ 

experiments [169]. The freely available Rietveld program MAUD was chosen to run to 

employ further batch processing. For any time, each one-dimensional diffraction pattern 

could be subsequently fed into Rietveld analysis to produce quantitative results, i.e., the 

phase fractions as a function of time or temperature. 
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