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Abstract 

This study investigated NiTi powder sintering behaviour from elemental powder mixtures of 

Ni/Ti and Ni/TiH2 using in situ neutron diffraction and an in situ scanning electron 

microscope. The sintered porous alloys have open porosities ranging from 2.7 % to 36.0 %. 

In comparison to the Ni/Ti compact, dehydrogenation occurring in the Ni/TiH2 compact leads 

to less densification yet higher chemical homogenisation only after high temperature 

sintering. For the first time, a direct evidence of the eutectoid phase transformation of NiTi at 

620 °C is reported by in situ neutron diffraction. A comparative study of cyclic stress-strain 

behaviours of the porous NiTi alloys made from Ni/Ti and Ni/TiH2 compacts indicate that the 

samples sintered from the Ni/TiH2 compact exhibited a much higher porosity, larger pore size,  

lower fracture strength, lower close-to-overall porosity ratio and lower Young’s modulus. 

Instead of enhanced densification by the use of TiH2 as reported in the literature, this study 

shows an adverse effect of TiH2 on powder densification in NiTi. 
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1. Introduction 

With the combination of unique shape memory effect (SME) and pseudoelastic (PE) 

properties with high strength, large energy absorption, good corrosion resistance and 

excellent biocompatibility, equiatomic NiTi has a wide range of applications such as 
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mechanical couplings, actuators and medical devices [1]. A few comprehensive reviews have 

been reported on the fabrication technologies of NiTi [2-4]. Porous NiTi alloys have been 

receiving increasing interest in biomedical applications because a porous structure not only 

further decreases their Young’s modulus but also promotes bone tissue ingrowth. In the 

regime of manufacturing techniques for cellular NiTi alloys, a conventional press-and-sinter 

process is a widely used simple and cost-effective technique [4]. In terms of starting powder 

selection when the press-and-sinter method is introduced, blended elemental (BE) powders 

are generally preferred to pre-alloyed (PA) powders. This is because BE powders are not only 

much more affordable but with much better compressibility as compared with PA powders. 

Recently, the enhanced densification of using TiH2 as a replacement of Ti powder has been 

realised in titanium and its alloys powder metallurgy (PM) [5, 6]. The possible reasons for the 

enhanced densification observed in Ti alloys when TiH2 is used were summarized by Wang 

et al. [7]. First, TiH2 powder has better compressibility due to reduced cold welding between 

TiH2 particles and significant powder fragmentation during compaction [8], thus achieving a 

high green density. Second, TiH2 helps reduce the oxygen content in sintered Ti because 

dehydrogenation provides a reducing sintering atmosphere [9]. Third, TiH2 has better 

sinterability: > 99 % sintered density is ready to achieve. This may be the result of the defects 

formed during the dehydrogenation process, which accelerates mass transport for 

densification [8]. Because of these attributes, many Ti alloys have been explored using TiH2 

powder, including pure titanium, Ti-6Al-4V, Ti-5Al-2.5Fe and TiAl [6, 8, 10-13]. In the case 

of PM NiTi, the use of TiH2 also seems to result in a higher degree of sintering, reduced pore 

size and more uniform pore size distribution [14-18]. However, this enhanced densification is 

debatable and the sintering mechanism when TiH2 is involved is not well understood. 

Recently, Robertson and Schaffer [19] observed a discouraging densification and a much 

larger porosity when TiH2 powder is used. This is consistent with our recent study [20]. 

However, they believed the resultant higher porosity is not due to the hydrogen release, but 

the evaporation of contaminant in the TiH2 powder. It has to be pointed out that the particle 

size of TiH2 used in many reports such as Refs. [14-16] is much smaller than Ti. Therefore, 

the Ni/TiH2 compact usually has a higher green density than the Ni/Ti compact, and thus it is 

not surprising to observe a higher sintered density in the Ni/TiH2 compact. Considering these, 

it is not clear that the observed higher densification is caused by the dehydrogenation of TiH2 

or simply because of the higher green density as a result of smaller particle size in TiH2 

compact. As a matter of fact, in the production of porous NiTi alloys TiH2 powder is 



normally used as a foaming agent as it does in aluminum metallic foams. Thus, it is of great 

importance to clarify whether or not the use of TiH2 benefits densification in PM NiTi alloys, 

and specifically whether or not the dehydrogenation enhances sintering. 

Apart from the densification, another equally important aspect in powder metallurgical NiTi 

is how to achieve a single B2 phase. Even though the PM techniques have successfully 

produced NiTi alloys, these products are never of single phase. The as-sintered NiTi alloys 

always contain other phases, such as NiTi2, Ni3Ti or Ni4Ti3. Some reports attribute this to the 

incomplete reaction between Ni and Ti powders [21] or the eutectoid phase transformation 

occurring at 630 °C [22-25]. However, many others do not believe the existence of such 

eutectoid decomposition [26-32]. Clarification of this eutectoid transformation has been a 

long-sought challenge in the past six decades [32]. In 1950, Duwez and Taylor [22] first 

reported the decomposition of NiTi into Ni3Ti and NiTi2 at 800 and 650 °C. However, a 

subsequent study in 1953 by Margolin et al. [26] negated such a eutectoid reaction in a high 

purity NiTi. This problem was also investigated by Koskimaki et al. [24] who found NiTi 

eutectoidally decomposes into Ni3Ti, NiTi2 and an intermediate phase (‘X-phase’ in their 

paper) upon prolonged aging for  one month at 600 °C. In contrast, Nishida et al.’s report [31] 

revealed no such secondary phases present in a 50Ni-50Ti alloy upon furnace cooling and 

water quenching from 1000 °C. In the same report [31], Nishida et al. also investigated the 

precipitation sequence of intermetallics during ageing of a Ni-rich 52Ni-48Ti alloy, which 

follows NiTi→Ni4Ti3→Ni3Ti2→Ni3Ti with Ni3Ti being the equilibrium phase. They claimed 

no eutectoid reaction in their system. The argument and debate of whether or not the 

eutectoid reaction exists have been recently reviewed by Otsuka and Ren [32]. They suggest 

that this eutectoid phase transformation seems unrealistic, since no direct evidence had been 

obtained thus far [37]. Nevertheless, we should note that all of these studies utilised ex situ 

laboratory X-ray diffraction (XRD), which suffers from insufficient penetration into metallic 

samples and lack of intensity. This technical incapability can be overcome with the 

development of high-energy X-rays at modern synchrotron and neutron diffraction, available 

at reactors and spallation sources [33, 34]. The synchrotron and neutron radiations are able to 

penetrate into bulk metals and have been successfully employed for in situ studies in metal 

sintering and phase transformations [35]. The beam intensities allow information from the 

bulk of material to be followed on short time scales, while undergoing an in situ heating to 

cooling cycle to observe phase transformation. 



To the best of our knowledge, a comparative study using Ti and TiH2 powders to fabricate 

NiTi alloys has not been available; more specifically the influence of hydrogen release from 

TiH2 powder on densification and chemical homogenisation, and the first-hand evidence of 

eutectoid decomposition are lacking. This work is an companion of our recently published 

report [36]. In the present study, the in situ neutron diffraction technique was applied, for the 

first time, to the quantitative investigation of NiTi powder sintering and to the phase 

evolution upon in situ heating and cooling. The ex situ laboratory XRD was also performed in 

companion with the neutron diffraction. We also used an environmental scanning electron 

microscopic technique to observe in situ microstructural evolution during dehydrogenation of 

TiH2. In brief, the purpose of this study is (1) to investigate the microstructure, phase 

transformation and mechanical properties of NiTi alloys prepared from powders of Ni with 

either elemental Ti or TiH2; (2) to investigate the effect of hydrogen release during sintering 

on densification, chemical homogenisation and mechanical properties; (3) to present a direct 

proof to clarify whether or not the eutectoid reaction happens during furnace cooling, by 

conducting the in situ neutron diffraction; and (4) to discuss the sintering mechanism 

involved in TiH2 powder. 

2. Experimental 

2.1. Materials 

The mean particle size of starting Ti, TiH2 and Ni powders is 32.2, 24.6 and 16.4 µm, 

respectively. Two batches of powder mixture, i.e., Ni/Ti and Ni/TiH2, both having a nominal 

composition of 51 at.% Ni and 49 at.% Ti, were gently mixed in a ball mill for 10 h. No 

binder or lubricant was added during mixing. 

2.2. Pressing and sintering 

After mixing, the powder mixture was compacted in a single-action steel die under 250 MPa 

pressure. Stearic acid as a lubricant was lightly applied to the die wall before filling the die 

cavity with powder, which was then pressed into cylinders of 12 mm diameter with three 

heights (i.e., 4, 10 and 20 mm for microstructural characterisation, neutron diffraction 

measurement and compression test, respectively). Subsequently, the 4 and 20-mm-thick 

green compacts were sintered in a vacuum furnace at 3×10-3 Pa. The release of hydrogen as a 

function of temperature and time was recorded with a real-time vacuum monitor. The heating 

profile is shown in Fig. 1, where two stages can be distinguished. The heating rate was 5 



K/min The first stage of heating is designed for dehydrogenation of TiH2 powder as reported 

in Ref. [18], while the second stage is to perform sintering. The final sintering was conducted 

at 1000, 1100 and 1200 °C respectively for 2 h and followed by furnace cooling. The 

pressure variation in the furnace chamber is also shown in Fig. 1. The samples were taken at 

prescribed time intervals as shown in Fig. 1 to study the microstructural and phase evolution. 

Only the samples after 1100 °C sintering were subjected to a further post-sintering treatment 

(PSed) in vacuum at 1000 °C for 6 h. The purpose of this post-sintering treatment intended to 

enhance final phase homogenisation and thus improve pseudoelastic properties. 

2.3. In situ neutron diffraction and data analysis 

Neutron diffraction measurements were carried out on the high-intensity diffractometer 

WOMBAT at the Australian Nuclear Science and Technology Organisation (ANSTO) [37]. 

The WOMBAT instrument uses monochromatic neutrons and is equipped with a two-

dimensional, position sensitive area detector. The <311> reflection of a germanium crystal 

monochromator was used under asymmetric cut of 9.45° and take-off angle 90°, to define the 

incident beam. It was calibrated by an Al2O3 standard to a wavelength λ=2.419 Å and 

corresponding wave number k=2.597 Å-1. The diffracted neutrons were collected on the 

cylindrical detector, which subtends an angular range from 26° to 146° on the sample in the 

diffraction plane and ~20° in the vertical, out of plane direction, spanning a total powder-

diffraction range from 1.2 Å-1 to 5.0 Å-1. The WOMBAT instrument is equipped with a high 

temperature vacuum furnace (5×10-4 Pa), and the diffraction data are in situ recorded. The 2D 

diffraction patterns were collected every 30 seconds as the sample temperature was ramped 

up and then down. With the high flux on the WOMBAT instrument, 30 seconds patterns 

provided sufficient statistics, once the data were integrated azimuthally along the diffraction 

rings into 1D bins depending on diffraction angle 2θ. Instrument independent reciprocal 

space coordinates Q = 4π/λ*sin(θ) were calculated from the 2θ value of each bin and were 

used for quantitative analysis. Due to the strong incoherent neutron scattering from hydrogen, 

the 10-mm-thick Ni/Ti and Ni/TiH2 compacts were firstly pre-heated at 580 °C (i.e., 

specimen #2 in Fig. 1) in vacuum furnace to dehydrogenate TiH2 powder. The pre-heated 

Ni/Ti sample and dehydrogenated Ni/TiH2 sample were then wrapped by molybdenum wire 

and heated in the WOMBAT instrument to 650 °C with a heating rate of 40 K/min, after 

which the sintering profile follows the same heating profile as shown in Fig. 1 to 1100 °C for 

2 h. The neutron diffraction was also recorded during furnace cooling. A C-type 

thermocouple was placed close to the sample surface to read and control temperature. 



The Rietveld analysis was used for the full powder-diffraction pattern fitting to obtain 

quantitative values of the phase fractions throughout the in situ experiments [38]. A free 

Rietveld program MAUD was chosen for further batch processing. Each one-dimensional 

diffraction pattern was subsequently fed into Rietveld analysis to determine the phase 

fractions as a function of time or temperature. The Rietveld analysis began by setting up 

MAUD with a well fitted analysis file, which was then used for recursive fitting of the 

following data files. The batch running was repeated several times with different starting 

values and constraints to start the iterating process until there was a consistently good fitting 

throughout the entire run. 

2.4. Microstructural characterisation 

Porosity and density were measured by the Archimedes method as specified in the ASTM 

B962-08 standard. Instead of using conventional densification parameter, when TiH2 is 

involved, Robertson and Schaffer [19] suggest densification be calculated as per 

( ) ( )'' /1/// thgthgths ρρρρρρ −−=Φ . Here, ρth is the theoretical sintered density, ρ’th is 

theoretical green density, ρs is sintered density while ρg is green density. If porosity is 

unchanged by the sintering process and complete dehydrogenation occurs, Φ = 0. If the 

sintered density is equal to the theoretical sintered density, Φ =1. Negative values result if 

porosity is created during dehydrogenation or if swelling occurs during sintering. 

Microstructures of green and sintered compacts were observed using an environmental 

scanning electron microscope (ESEM, FEI Quanta 200F) equipped with an energy dispersive 

X-ray spectrometer (EDX). Phase constituents were identified using XRD (Bruker D2 

Phaser). Differential scanning calorimetry (DSC, Netzsch 404 F3) was used to determine the 

various reactions of compacts during sintering with a heating rate of 40 K/min under flowing 

argon gas. The phase transformation temperatures under thermal conditions (without external 

stress applied) were determined using DSC (TA Instruments Q 1000) under flowing nitrogen 

gas atmosphere. The austenite finish (Af) temperature of the specimens sintered from Ni/Ti 

compact at 1100 °C and post-treated at 1000 °C was 30.6 and 25.1 °C, respectively. In the 

case of Ni/TiH2 compact, the Af temperature was 20.2 and 9.3 °C, respectively, for the as-

sintered and post-treated samples. 

2.5. Compression test 



Mechanical properties of the 20-mm thick samples after 1100 °C sintering were measured 

through compression testing on an MTS 810 universal machine with a loading rate of 0.6 

kN/s at room temperature. An alignment cage was used to ensure parallelism of all samples 

during testing. Cylindrical compression samples (machined into 10.5 mm diameter and 15 

mm height) were polished with 1200 and 4000 grit sand papers to smooth the ends, and 

finally the ends were greased before compression tests. Cyclic experiments were performed 

to investigate deformation and pseudoelastic recovery. The cylindrical samples were first 

compressed until a significant deflection in the linear elastic deformation portion of the 

stress-strain curve is observed or the stress level approaches to its fracture strength. After that 

they were unloaded to zero stress and the subsequent cycle follows immediately. Samples 

with various porosities and subjected to post sintering were performed to study the 

pseudoelasticity under 800 MPa compressive stress. Three samples were used to ensure its 

repeatability in each cyclic experiment and an average mechanical property was reported. 

3. Results 

3.1. Hydrogen release and thermal analysis 

Fig. 2 compares the DSC traces of the 250-MPa-pressed Ni/Ti, Ni/TiH2 and pure TiH2 

compacts with a heating rate of 40 K/min. It can be seen that there is a broad exothermic peak 

positioned at 821 °C for the Ni/Ti compact, beyond which an apparent endothermic peak 

develops with an onset temperature at 944 °C. This is immediately followed by an 

exothermic peak positioned at 968 °C. The fourth is an endothermic peak whose onset 

temperature is 1120 °C. The Ti-Ni binary phase diagram (Fig. 3) suggests two eutectic 

reactions: 

At 942 °C:  942
2Ti NiTi Liq.

o Cβ − + ←→                              (1) 

At 1118 °C:  1118
3NiTi Ni Ti Liq.o C←→+       (2) 

The first broad exothermic peak for the Ni/Ti compact corresponds to the formation of 

intermetallic phases NiTi, NiTi2 and Ni3Ti via solid-state exothermic reactions between 

elemental Ti and Ni [39]. The second endothermic peak is a result of eutectic reaction (1) to 

form liquid Ti-rich phase. Once formed, this molten Ti-rich phase rapidly may spread 

throughout the powder compact and ignites an exothermic reaction with the Ni-rich phase to 

form intermetallics. The third small exothermic peak (at ~968 °C) is an indication of such 



combustion reaction, although the extent of this combustion is small. At > 1118 °C, eutectic 

reaction (2) occurs and this is indicated by the fourth endothermic peak. 

The evolution of hydrogen release from TiH2 is an endothermic process [40], and it can be 

directly and precisely detected by an on-line pressure gauge monitor in the vacuum system. 

As illustrated in Fig. 1, the pressure varies with sintering time and temperature. Pressure 

starts to increase at about 220 °C and significantly rises up to 530 °C where it is stable for 

about 6×102 s followed by a dramatic drop until 580 °C. Finally, the pressure hardly changes 

after 800 °C. Referring to the DSC traces of the TiH2 and Ni/TiH2 compacts (Fig. 2), two 

endothermic events from ~400 to 750 °C pertain to hydrogen release. This finding is in 

accord with the results in Refs. [34, 41]. As compared with the Ni/Ti sample, the two 

dehydrogenation peaks may overlap the exothermic solid-state reaction events in the Ni/TiH2 

compact (Fig. 2). The endothermic peak at 942 °C is less apparent while the exothermic onset 

at ~980 °C indicates the combustion reaction. Again the last endothermic peak whose onset 

temperature is ~1138 °C is a result of the eutectic reaction (2). It is noteworthy that in the 

Ni/TiH2 compact, the exotherm at 1013 °C and endotherm at 1148 °C are both postponed 

compared with the Ni/Ti compact. 

3.2. XRD and phase evolution 

Fig. 4 shows the XRD patterns of the Ni/Ti and Ni/TiH2 compacts sintered at various 

temperatures and after post sintering. When the sintering temperature is < 800 °C, no 

intermetallic peaks could be observed except the Ti and Ni patterns for both compacts (Fig. 

4). However, when the sintering temperature increases to 900 °C, most peaks of the Ti and Ni 

phases become very weak while intermetallic phases such as austenitic B2 NiTi and 

martensitic B19’ NiTi, NiTi2 and Ni3Ti phases emerge in the case of the Ni/Ti compact (Fig. 

4(a)). In contrast, a significant difference observed in the Ni/TiH2 compact when compared 

with the Ni/Ti sample is that some unreacted Ni is still dominant after being sintered at 

900 °C, Fig. 4(b). The co-existence of these phases in the as-sintered samples is further 

supported in the ESEM micrographs and EDX analysis (Fig. 5). For instance, at 900 °C the 

progressively grown intermetallic phases are indicated in Figs. 5(a) and 5(c) where apparent 

Ti-rich cores can be clearly seen. Upon closer examination of these cores, it is clear that these 

regions consist of two phases, as illustrated by the two different contrasts in Figs. 5(b) and 

5(d). The composition of each of these two phases is difficult to determine by EDX analysis 

because of the fine scale of this two-phase microstructure. Nevertheless, the overall 



composition for these cores determined by EDX analysis is Ti/Ni = 95.2/4.8 (at.%). Also the 

contrast in backscatter electron mode indicates that these two phases conform to the eutectoid 

structure forming via reaction of β-Ti → α-Ti and NiTi2 when β-Ti is cooled below 765 °C. 

This observation is in accord with Refs. [43, 44]. If the sintering temperature is further 

increased, the NiTi phase dominates, while the elemental phases thoroughly disappear for 

both compacts, Figs. 6(a) and 6(b). Meanwhile, it is interesting to note the pores in the 

sample sintered at 1100 °C become larger and much more isolated, as compared with the 

samples sintered at lower temperatures especially for the Ni/Ti compact (Fig. 6(a) cf. Fig. 

5(a)). This is likely to be caused by transient liquid. Additionally, the Ni/TiH2 compact after 

being sintered at 1100 °C exhibits much larger pore size and a greater porosity compared 

with the Ni/Ti compact (Fig. 6(b) cf. Fig. 6(a)). Some gaps between the newly born Ti and Ni 

particles are obvious, Fig. 5(c). A post-sintering treatment at 1000 °C for 6 h can improve the 

phase homogenisation as shown in Fig. 4, but the unwanted phases such as NiTi2 and Ni3Ti 

cannot be completely removed for the Ni/Ti compact. Such a post-sintering treatment for the 

Ni/TiH2 compact completely removed Ni3Ti, although NiTi2 still persisted. 

3.3. In situ neutron diffraction 

Neutron diffraction patterns of the Ni/Ti and Ni/TiH2 compacts collected as a function of 

time have been summarised in the 2D plot in Fig. 7. The grey scale values represent intensity 

as a function of scattering vector Q (i.e., 4π/λ*sin(θ)) on the abscissa and time on the ordinate. 

This diagram represents a series of conventional powder diffraction patterns, stacked on top 

of each other in time, while the sample temperature is varied as represented in the diagram to 

the right. The present work is focused on the phase transition during sintering to 1100 °C and 

then cooling down to ca. 187 °C. 

As shown in Fig. 7(a), several intermetallic phases (i.e., B2 NiTi, Ni3Ti, NiTi2 and even 

Ni4Ti3) start to form when the temperature approaches 650 °C, at the expense of elemental Ni 

and Ti in the Ni/Ti compact. The presence of these intermetallic phases after being sintered at 

800 °C for 1 h is fairly significant in the neutron diffraction pattern, while the XRD pattern 

does not reveal them, Fig. 4(a). The intensities of these intermetallic phases continue to 

increase until the temperature approaches about 970 °C at which the peaks of Ni, Ti, Ni3Ti 

and Ni4Ti3 phases disappear, Fig. 7(a). An obvious difference between the Ni/TiH2 and Ni/Ti 

sample (Fig. 7(a) cf. Fig. 7(b)) is observed, i.e., the temperature at which the amounts of 

Ni3Ti, NiTi2 and B2 NiTi start to increase significantly is almost 100 °C higher for the case 



of the Ni/TiH2 compact. In other words, the solid reactions between Ni and newly born Ti 

have been postponed. This is in accord with the DSC results (Fig. 2). Furthermore, there is no 

trace of Ni4Ti3 peaks appearing during the entire sintering and cooling cycle in the 

dehydrated Ni/TiH2 compact, Fig. 7(b). However, once the temperature reaches over 880 °C, 

the intensity of each phase starts to change obviously. Only B2 NiTi and minor NiTi2 remain 

for the pre-heated Ni/Ti compact, while the intensities of both NiTi2 and Ni3Ti peaks 

gradually reduce and almost disappear for the dehydrated Ni/TiH2 compact during 1100 °C 

holding. The Mo peaks are noted because Mo wires were used to hold the samples in the 

instrument. A particular observation from the plots is the significant shift in position of the 

peaks when the temperature is relatively high. This is because of thermal expansion of crystal 

lattice. In addition, it is noteworthy that the peaks of previously disappeared secondary 

phases start to re-establish intensity for both compacts when the temperature is cooled to 

approximately 620 °C. This strongly indicates phase transformations, and most likely a 

eutectoid reaction, taking place at this temperature during furnace cooling. 

3.4. Porosity and densification evolution 

Fig. 8 displays the open porosity and densification of the Ni/Ti and Ni/TiH2 compacts 

sintered at different temperatures. The open porosity increases slightly to 28.9±1.0 % when 

sintered at 580 °C for the Ni/Ti compact, Fig. 8(a). However, there is no reaction taking place 

at this temperature according to the DSC trace (Fig. 2) and XRD pattern (Fig. 4a). Thus, it is 

suggested that the increased porosity is attributed to the Kirkendall pore-forming mechanism 

because of the different inter-diffusion rates between Ni and Ti [32]. In contrast, the 

development of densification and open porosity of the Ni/TiH2 compact is much more 

different from the Ni/Ti compact. Fig. 8(b) shows that the open porosity of the Ni/TiH2 

compact starts to increase greatly after 400 °C and reaches the maximum value of 36.0±0.2 % 

when sintered at 900 °C, while the densification does not change apparently. At a 

temperature between 400 and 800 °C, the DSC and XRD data reveal no reactions occurring 

to form intermetallic phases except the dehydrogenation of TiH2 powder, Figs. 2 and 4(b). 

However, neutron diffraction in this temperature range does reveal the emergence of some 

intermetallic peaks, Fig. 7(b). The open porosity and densification difference from the 

Ni/TiH2 compact is believed to stem from the effect of dehydrogenation of TiH2. Since TiH2 

has a lower density (i.e., 3.90 g/cm3) than Ti (4.50 g/cm3), the porosity increases significantly 

due to shrinkage of the prior TiH2 particle. 



These hypotheses are further proved by the in situ ESEM images as shown in Fig. 9. Each 

compact was placed on a hot stage in the ESEM whose chamber was back filled with high 

purity argon gas (5N) to 300 Pa pressure. The sample was then heated up at a ramp rate of 5 

K/min to 580 °C and held at this temperature for 1 h. In situ ESEM images were then 

continuously taken. As pictured in Fig. 9(b) there are some small pores (less than 1 μm) 

formed in the original Ni particles mainly along the Ni and Ti boundary after sintered at 

580 °C for 1 h. By contrast, in the Ni/TiH2 sample a number of important observations can be 

made. First, the volume of TiH2 particles decreases, as shown by circles ‘a’ in Figs. 9(c) and 

9(d). Second, new cracks emerge inside the prior TiH2 particles, as a direct result of the 

volumetric change from TiH2-to-Ti transformation (see arrow ‘A’ in Fig. 9(d)). Third, 

hydrogen release may push apart the originally closely-compacted particles, resulting in a gap 

in-between. These factors together lead to significant separation of prior particles, as 

indicated by arrows ‘B’ in Fig. 9(d), which visibly indicates the increased porosity after 

dehydrogenation. A similar result was reported by Robertson and Schaffer [45], but they did 

not provide micrographic evidence of the created porosity after dehydrogenation of TiH2 

powder. 

Further increasing the temperature causes significant densification. The open porosity 

continuously decreases after 900 °C until it approaches 2.7±0.3 % while the densification 

rises to 0.68±0.01 at 1200 °C for the Ni/Ti compact, Fig. 8(a). For the Ni/TiH2 compact, the 

open porosity decreases to 19.0±0.7 % (i.e., 16.3 % larger than that of the Ni/Ti compact) but 

the densification is only 0.19±0.01 at 1200 °C, Fig. 8(b). At a high temperature, e.g., 950 °C, 

the transient liquid phase sintering (LPS) starts to take place, which helps compact 

densification. Although the liquid phase could cause expansion of the compact (via liquid 

capillary effect) leaving pores behind in the prior titanium particle region [43, 44, 46], 

obviously densification effect outperforms expansion (Fig. 8). Additionally, it can be 

concluded that the hydrogen release from TiH2 powder significantly increases the porosity of 

the Ni/TiH2 sample, which thus has a great effect on the subsequent sintering. 

 

3.5. Cyclic compressive properties 

To study the effects of porosity and post sintering on the compressive properties, the samples 

were cyclically compressed to 800 MPa stress level and then completely unloaded. Fig. 10 

compares the cyclic compressive properties of the sintered samples from the Ni/Ti and 



Ni/TiH2 compacts. Both samples were sintered at 1100 °C for 2 h. The Ni/Ti sintered sample 

could last all the five cycles, Fig. 10(a). However, the Ni/TiH2 sintered sample failed at the 

third cycle with a residual strain of 2.19 %, Fig. 10(b). The stress-strain curves obtained from 

other samples, i.e., subjected to post-sintering treatment, are similar and the results are 

tabulated in Table 1. Some interesting aspects of pseudoelasticity (PE) can be found in these 

curves. Firstly, the secant modulus, which is computed by simply connecting the start and 

finish point on the unloading portion, almost remains unchanged with cycle number. This is 

different from the wrought NiTi alloys that usually show a monotonically decreased 

unloading secant modulus as the deformation is increased [1]. Secondly but more 

prominently, unloading does not follow the same path as loading/reloading so that a strain 

hysteresis develops. It is noted that the width of hysteresis quickly diminishes with cycle 

number. Thirdly, the pseudoelastic recovery strain (εpe) after each cycle decreases with cycle 

number, most strongly after the first cycle. The data of residual strain after the first and last 

cycles (ε1 and ε5), pseudoelastic recovery strain εpe after the first cycle and modulus are given 

in Table 1. The unloading secant modulus does not change, but the residual strain increases 

with cycle number. Such observations have also been reported in Refs. [47, 48]. Meanwhile, 

the εpe value of the sample after post-sintering treatment (PSed) is greater than that of the 

sintered Ni/Ti but secant modulus hardly changes. In addition, the Young’s modulus is 

always lower than the secant modulus in all cases. In addition to the significantly larger 

porosity of the Ni/TiH2 than that of Ni/Ti compacts, the Young’s and secant moduli of the 

former compact are lower than those of the latter compact. 

 Table 1 Cyclic compressive properties of the Ni/Ti and Ni/TiH2 compacts sintered at 1100 °C and the 

sintered compacts after post-sintering (PSed) under 800 MPa compressive stress. 

Sample 
Overall 

porosity/% 
ε1/% ε5/% εpe/% 

Young’s 

modulus/GPa 

Secant 

modulus/GPa 

Ni/Ti 15.0±0.9 1.01±0.01 1.43±0.03 1.65±0.06 11.5±0.7 13.8±0.5 

Ni/Ti PSed 14.3±0.3 0.97±0.01 1.52±0.02 1.81±0.05 11.2±0.8 14.4±0.3 

Ni/TiH2 30.9±1.1 2.01±0.05 / 1.00±0.05 9.3±1.2 13.4±0.2 

Ni/TiH2 

PSed 
28±0.3 1.23±0.03 1.69±0.04 1.92±0.07 9.0±0.4 11.2±0.2 

 



4. Discussion 

4.1. Microstructural evolution involving in reactive sintering of elemental mixtures 

Whitney et al. [43] investigated the mechanism of reactive sintering in a Ni/Ti powder 

compact using DSC and metallographic analysis. A conceptual model was proposed, as 

shown in Fig. 11, where the microstructure develops from a representative unit consisting of 

a Ti particle embedded in a Ni matrix. For simplicity, the final sintering temperature is set at 

1100 °C in this model to exclude the eutectic reaction at 1118 °C. When this unit is heated to 

and/or held at a relatively low temperature (below the eutectic temperature of 942 °C), a few 

reactions occur including α-to-β transformation of Ti (endothermic), and the formation and 

growth of the NiTi2, NiTi and Ni3Ti intermetallic phases (exothermic), Fig. 11(b). Upon 

heating above 942 °C, the melting event associated with the eutectic reaction of β-Ti + NiTi2 

→ L occurs and subsequent capillary flow of the melt will leave a pore behind the prior β-Ti 

particle, Fig. 11(c). Upon cooling to room temperature, the peritectic solidification results in 

the formation of NiTi2 at the (β-Ti)/NiTi2 interface [43], as described in Fig. 11(d) with 

dashed lines. Depending on the heating history, NiTi2, Ni3Ti or even Ni may exist along with 

the main phase NiTi, Fig. 11(d). 

When TiH2 is used, the microstructural and phase development follows the same conceptual 

procedures aforementioned, except that TiH2 decomposes and causes particle fragmentation, 

which increases porosity and causes separation of prior particles in the compact, Fig. 11(f). 

Consequently, the pore size in the Ni/TiH2 compact is larger compared with the Ni/Ti 

compact (Fig. 11(g) cf. Fig. 11(c)). 

4.2. Effect of dehydrogenation on sintering 

The decomposition of TiH2 occurs between 300 and 800 °C [34, 41, 46, 49, 50]. This is 

confirmed by our real-time pressure monitoring and DSC results as shown in Figs. 1 and 2. 

During the transformation of TiH2 to α-Ti, a volumetric reduction of 16.8 % occurs. In 

addition, the dehydrogenation enables activated surfaces of fresh Ti powders and creates high 

concentrations of lattice defects, thereby enhancing surface energy and atomic diffusion [49]. 

There have been a number of studies on sintering densification of titanium hydride powder in 

the literature [6, 8, 10-13, 19, 45], but no consensus has been reached. A comparison of the 

measured open porosity for the Ni/Ti and Ni/TiH2 compacts after sintered at various 

temperatures is presented in Fig. 12. In this figure, the open porosity difference (i.e., PNi/TiH2 - 



PNi/Ti) is plotted as a function of sintering temperature. Different from most reports in the 

literature, our study used similar particle size (Ti particle size: 32 µm vs. TiH2 particle size: 

25 µ) and therefore resulting in similar green open porosity (the relative green density is 73 % 

and 71 %, respectively for Ni/Ti and Ni/TiH2). The porosity in the Ni/Ti compact sparsely 

changes in this temperature range, Figs. 8(a) and 11(b). With sintering, however, the value of 

PNi/TiH2 - PNi/Ti increases especially after 400 °C (e.g., 6.6±0.7 %). This is a result of the 

hydrogen release in the Ni/TiH2 compact. As a consequence, the Ni/TiH2 compact attains the 

enlarged inter-particle spaces, particularly the space between Ni and new-born Ti, as 

evidenced by the in situ observation, Fig. 9(d). Additionally, internal pressure in the compact 

could be built up when hydrogen is released, unless the gas can be readily evacuated. The 

built-up gas pressure may also cause the loss of initially intimate contact between the pressed 

particles and increase the final porosity (decreasing densification). This finding is also 

confirmed in Ref. [51]. In contrast, the inter-particle space hardly changes in the Ni/Ti 

compact due to the pre-sintering metallurgical bonding. In other words, the diffusion distance 

between the particles becomes larger in the case of the Ni/TiH2 compact after the 

decomposition of TiH2, which also causes larger pores in Ni/TiH2. It should be noted that the 

reaction kinetics not only depends on the temperature and time of powder sintering, but also 

on the diffusion distance. The increased diffusion distance in the Ni/TiH2 compact after 

dehydrogenation postpones the subsequent reactive sintering and discourages densification, 

although the new-born Ti particle surfaces are more active. This hypothesis is further 

supported by the Rietveld quantitative analysis (Fig. 13) from the neutron diffraction data. 

Shown in Fig. 13 is the weight fraction of various intermetallic phases in both compacts 

during sintering and furnace cooling. Comparing Fig. 13(a) with Fig. 13(b) reveals that the 

intermetallics formation was much delayed in the Ni/TiH2 compact, during the low 

temperature sintering. At the final high temperature sintering stage, the amount of B2 NiTi 

phase is greater in the Ni/TiH2 compact (99.3 wt.%) than that in the Ni/Ti compact (91.5 

wt.%). Again this is a result of activated Ti surface and fast homogenisation associated with 

the new-born Ti particles after dehydrogenation. In summary, dehydrogenation affects 

densification in different ways depending on the sintering stage. In a low temperature 

sintering or initial sintering stage, hydrogen release increases the inter-particle diffusion 

distance and thereby retards densification and homogenisation. On the other hand, in the final 

sintering stage or at a high temperature, the new-born Ti particles are much more active and 

promote chemical homogenisation. 



4.3. Phases clarification in the sintered compact 

Fig. 13 reveals that upon cooling, the amount of NiTi phase decreases while other secondary 

phases such as Ni3Ti and NiTi2 increase their fractions. In other words, NiTi decomposes into 

Ni3Ti and NiTi2. As pointed out in Ref. [32], whether there exists a eutectoid of NiTi → 

Ni3Ti + NiTi2 at 630 °C has been debated for 60 years. Our report is the first study using an 

in situ method to observe such decomposition of NiTi at 620 °C. It is interesting to note that 

the Ni4Ti3 phase, which is too tiny to be detected using laboratory XRD (Fig. 4(a)), is also 

eutectoidally precipitated in the Ni/Ti compact according to the high-intensity neutron 

diffraction. The XRD patterns (Fig. 4) show that the Ni/Ti compact sintered at 1100 °C 

contains a higher amount of Ni3Ti and NiTi2 phases than the Ni/TiH2 compact. This is 

consistent with the quantitative analysis of neutron diffraction (Fig. 13). Based on the data 

reported in this study and discussion above together with the Ni-Ti phase diagram (Fig. 3), it 

is suggested that the presence of NiTi2 and Ni3Ti in the sintered parts by powder sintering 

could be equally attributed to the following six sources: (i) incomplete reaction between Ni 

and Ti particles, (ii) eutectic reaction: L → NiTi + Ni3Ti at 1118 °C, (iii) peritectic reaction: 

L + NiTi → NiTi2 at 984 °C, (iv) eutectic solidification: L → β-Ti + NiTi2 at 942 °C, (v) 

eutectoid reaction: β-Ti → α-Ti + NiTi2 at 765 °C and (vi) eutectoid decomposition of NiTi at 

620 °C. These factors play in a subsequent manner during the sintering and cooling procedure, 

which leads to the current difficulty of obtaining single NiTi phase through powder sintering. 

Fig. 13 suggests that the NiTi2 phase in the samples sintered at 1100 °C from both types of 

compact could be resulted from sources (i) and (vi). As shown in Fig. 13, the Ni3Ti phase 

seems less stable than NiTi2 and almost disappeared during holding at 1100 °C for both types 

of compact. Thus, the needle-like Ni3Ti phase after 1100 °C sintering is likely due to the 

source (vi) – eutectoid reaction, and is schematically depicted in Figs. 11(d) and 11(h). 

4.4. Modulus and pseudoelasticity 

The stress-strain curves in Fig. 10 demonstrate a non-linear elastic deformation behaviour. 

Non-linear elasticity is typical for porous materials as a result of the elastic buckling of cell 

walls or edges during mechanical test [52]. Nevertheless, the existence of non-linear elasticity 

shown in Fig. 10 and εpe (Tables 1) is still prominent, indicating the reversible austenite-to-

martensite phase transformation under stress [1]. The PE, moduli and strength are 

significantly influenced by pore structure and chemical homogenisation. Generally, higher 

porosity or larger pore size leads to lower fracture strength and the material collapses by 



brittle crushing in compression [52]. This is confirmed in this study, Fig. 10. Compressive 

tests show that stress-induced martensitic transformation quickly diminishes after the first 

loading-unloading cycle. As the cycling proceeds, the accumulated residual strain increases 

and then levels off to a constant value. This behaviour seems to follow the general shape 

memory ‘training process’ [48]. In the subsequent cycles, the applied stress of 800 MPa may 

not be sufficient to initiate the austenite-to-martensite transformation on the remaining B2 

austenitic phase and a further increased external stress is needed for the martensitic 

transformation [53]. In this study, the Ni/TiH2 sintered sample shows better pseudoelasticity 

than that of the Ni/Ti sintered sample under the identical 800 MPa compressive stress (Fig. 

10). This is because the Ni/TiH2 sintered compact yielded more B2 austenitic phase than the 

Ni/Ti sintered compact. As shown in Fig. 13, after sintering the Ni/Ti compact yielded 78 wt.% 

of B2 NiTi phase while the Ni/TiH2 compact yielded 89 wt.% B2 phase at room temperature.  

The Young’s modulus of the Ni/Ti sintered compact was ~20% greater than that of the 

Ni/TiH2 compact (Table 1). The following three factors should be taken into account. First, 

the calculated densification degree of the Ni/Ti and Ni/TiH2 compacts after 1100 °C sintering 

is 0.44±0.01 and -0.13±0.01, respectively. A higher densification would result in a higher 

elastic modulus. Second, in a porous material, a higher ratio of close-to-overall porosity 

would give rise to a higher elastic modulus [52]. This close-to-overall porosity ratio was 34.5 

± 5.4% and 1.5 ± 1.4% for the Ni/Ti and Ni/TiH2 sintered compacts, respectively. Last, the 

phases present in the sintered compact affect the elastic modulus as well. It was found that 

the Ni/TiH2 compact contained 5 wt.% NiTi2 phase while the Ni/Ti compact contained 15 wt.% 

NiTi2. The Young’s modulus of NiTi2 is not available in the literature; nevertheless, a value 

of 90 GPa would be a reasonable approximation for NiTi2 because its Young’s modulus 

should be in the range between pure Ti (~110 GPa [54]) and NiTi (~70 GPa [55]). A higher 

fraction of NiTi2 in the Ni/Ti would lead to a higher modulus. All these three factors point to 

a higher elastic modulus for the Ni/Ti sintered compact. 

It is noteworthy that the Young’s modulus of all compacts is in the range of 8~20 GPa, which 

is a good match with the human cortical bone [2]. However, the obtained porosity and pore 

size do not perfectly fulfill the pore prerequisites of implants, which require: interconnected 

and open porosity in the range of 30 to 80 % and pore size in the range of 100 to 600 μm [2]. 

This could be achieved by adjusting powder compaction and densification parameter or by 

introducing a temporary space holder with suitable particle size, however, at the expense of 

reduced fracture strength. 



5. Summary 

In this study, we fabricated porous NiTi alloys from Ni/Ti and Ni/TiH2 powder compacts 

using a conventional press-and-sinter method. The effects of dehydrogenation and sintering 

parameters were investigated in terms of microstructure and mechanical properties using both 

ex situ and in situ techniques. The following conclusions can be drawn from this study. 

(1) The predominant phase identified in all the samples after sintered over 1000 °C is B2 

NiTi phase with the presence of some minor phases. Both blended compacts after high 

temperature sintering demonstrate densification which increases with sintering 

temperature. 

(2) The proof is presented that the hydrogen release enlarges diffusion distance between 

particles in the Ni/TiH2 compact and therefore causes sintering retardation, less 

densification and lower chemical homogenisation when sintered at a relatively low 

temperature, while achieving higher alloying when a high temperature is applied. 

(3) We presented the first piece of direct evidence showing eutectoid decomposition of NiTi 

at 620 °C during furnace cooling with an in situ neutron diffraction technique. 

(4) Dehydrogenation of TiH2 powders causes a much higher porosity, larger pore size, lower 

close-to-overall porosity ratio and smaller fraction of NiTi2 phase in the Ni/TiH2 sintered 

compact as compared with the Ni/Ti compact. Such result causes lower fracture strength 

and lower Young’s modulus for the Ni/TiH2 sintered compact. 
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Figure Captions 
Fig. 1-Heating profile of temperature vs. sintering time (left) and pressure variation (right) induced by 
hydrogen release from TiH2 powder. Note pressure on the abscissa and temperature on the ordinate. 

Fig. 2-DSC curves of Ni/Ti, Ni/TiH2 and pure TiH2 compacts with a heating rate of 40 K/min. 

Fig. 3-Titanium-nickel binary phase diagram, from 0 to 75 at% Ni. Redrawn from Ref. [42]. 

Fig. 4-XRD patterns of the compact after sintering at different temperatures and after post-sintering 
treatment (PSed) from (a) Ni/Ti and (b) Ni/TiH2. 

Fig. 5-BSE images of samples sintered from the Ni/Ti compact at (a) 900 °C, (b) enlarged square area 
in (a); sintered from the Ni/TiH2 compact at (c) 900 °C, (d) enlarged square area in (c). 

Fig. 6-BSE images of samples after being sintered at 1100 °C from (a) Ni/Ti and (b) Ni/TiH2. 

Fig. 7-Neutron diffraction patterns as a function of time while temperature is ramped from the 
compact of (a) pre-heated Ni/Ti and (b) dehydrated Ni/TiH2. 

Fig. 8-The open porosity and densification development as a function of sintering temperature for the 
compact of (a) Ni/Ti and (b) Ni/TiH2. 

Fig. 9-BSE in situ images from the Ni/Ti compact (a) green and (b) 580 °C sintered for 1 h; the 
Ni/TiH2 compact (c) green and (d) 580 °C sintered for 1 h. The arrows in (b) indicate the Kirkendall 
pores. The arrows in (c) and (d) indicate the increased gap or crack while the circle highlights the 
shrinkage of TiH2 powder after dehydrogenation. 

Fig. 10-Compressive load-unload-recovery cycles under the compressive stress of 800 MPa for the 
samples after 1100 °C sintered (a) Ni/Ti and (b) Ni/TiH2. A total of 5 cycles was applied to each 
sample. Note that individual cycles have been shifted along the x-axis for clarity. 

Fig. 11-Schematic model of microstructural evolution during reactive sintering and furnace cooling, 
(a)~(d) Ni/Ti and (e)~(h) Ni/TiH2. Region < 942 °C is the solid-state reaction process below 942 °C. 
Dehydrogenation and separation of new-born Ti powders is shown in (f); Region > 942 °C is the LPS 
above 942 °C; Region cooling is final structure below 620 °C after furnace cooling. White lines and 
black dots embedded in the final NiTi domain indicate the needle-like Ni3Ti and spherical NiTi2 
eutectoid precipitates formed during cooling. 

Fig. 12-The evolution of open porosity difference between the Ni/TiH2 and Ni/Ti compact as a 
function of sintering temperature. 

Fig. 13-Weight fractions of the detected phases as a function of time (temperature) during in situ scan 
as achieved by Rietveld refinement analysis upon heating and cooling. (a) the Ni/Ti compact after 
being pre-sintered at 580 °C, (b) the Ni/TiH2 compact after being pre-sintered at 580 °C and (c) 
heating and cooling profile as a function of time. 
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