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Abstract 
This research develops a multiscale approach to study the defect-driven evolution of the 
microstructure in polycrystalline FCC metals, by using atomic-informed models to reproduce 
multi-grain, microscale simulations with discrete dislocation dynamics (DD). The dynamically 
evolving dislocation and grain boundary (GB) microstructure dictate the non-linear ‘plastic’ 
response of polycrystalline metals during deformation. The processes of intercrystalline plastic 
coupling are generally a consequence of multi-dislocation pile up interactions with GBs, 
however such effects are beyond feasible limits of conventional atomic simulations or 
experimental studies. More accurate computational models of the discrete micro-macro scale 
dislocation and GB dynamics could be applied to elucidate the fundamental mechanisms and 
reduce the dependence on costly experimental testing. 

This work expands upon the physics-based single crystal DD framework by using molecular 
dynamics simulations to develop structure-property models that compensate for the variable 
characteristics of GB interfaces. This research involved studies with a broad set of equilibrium, 
non-equilibrium and metastable atomic bicrystals. The results showed that the intercrystalline 
strength was strongly influenced by the ‘GB shape’ characteristics of the structural free 
volume, in addition to the intrinsic energy. Defect interaction studies verified the realistic 
conditions for the observation of structural multiplicity, and showed the significance of 
intermediate ‘transitory’ GB states. Observation of the slip transmission process showed that 
the GB dislocations acted as pinning sites, so that the intercrystalline plasticity resembled 
Orowan-type obstacle bypassing. A novel multi-orientation approach was developed to provide 
a control routine for modelling atomistic dislocation dynamics that enabled a self-consistent 
multiscale comparison with DD simulations. Insights regarding dislocation core construction 
and Burgers vector analysis played an integral role in the development of atomically accurate 
DD representations of the GB dislocation structures. 

A world-first 3D polycrystal DD approach was implemented to provide a discrete 
representation of the disl ocation structure of high angle GBs, through the culmination of the 
atomistic insights and many years of concerted code development. This robust, versatile 
implementation enables tailor-made polycrystal simulation specimens with arbitrary shape, 
grain orientation and size to be generated from common .stl files. The unique, comprehensive 
modelling framework provides a realistic reproduction of key intercrystalline slip mechanisms 
including GB sliding, dissociation and absorption, dislocation transmission and reflection. As 
such, the present work provides a novel contribution of relevance, particularly, to the 
developing sector of GB engineered nanocrystalline materials.  
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1.Chapter 1                                                                                  
Introduction 

1.1 Motivations 
One of the greatest longstanding goals of materials science research is the establishment of a 

unified physical model that explains the links between the microstructure, defect mechanics, 

thermal excitations and the mechanical properties. The industrial significance of this 

undertaking is substantial, with applications such as the accurate computer-aided design of 

novel materials and, ultimately, a reduced dependence on costly ‘trial-and-error’ empirical 

approaches to modelling. This is particularly true in light of recent trends with nanograined 

polycrystalline materials, which suggest that by tailoring the microstructure, it can be possible 

to achieve a unique balance of ‘ultra-strength’ and highly ductility [1-3].  

Plastic deformation is well-established to be defined by distinct defect processes at several 

characteristic length and time scales, due to the material’s microstructure [4-7]. Plastic 

processes play a critical role in mitigating the catastrophic failure of metals (i.e., crack 

propagation and fracture), by contributing various highly energy-dissipative processes. A 

greater understanding of the fundamental causes of plastic failure and influence of the grain 

boundary (GB) microstructure could unlock great potential for improving the optimisation of 

fail-safe components, prediction of yield and for design of exceptional strength and/or ductility. 

Dislocation dynamics (DD) simulations have played a pivotal role in enhancing the 

understanding of plastic deformation, by discretely showing the defect-driven microstructure 

evolution up to the scale of several microns [8]. While it is appropriate to model single crystal 

plasticity in terms of only one active dislocation slip system, polycrystal plasticity necessarily 

activates multiple slip systems to accommodate an identical strain in each grain (for analogy, 

consider ‘parallel Maxwell spring-dashpots’ [9]). Furthermore, conventional approaches to DD 

simulations are unsuitable for producing polycrystalline effects, such as Hall-Petch hardening 

([10]), GB sliding ([11]) and texture evolution according to the multislip Taylor model [12]. 

The majority of discrete dislocation-based theories of polycrystal plasticity are predicated on 

the assumption that the results of single crystal simulations can serve to provide insights for 

polycrystals as representative volume elements. However, such approaches fail to explain the 
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influence of inter-crystalline plastic coupling mechanisms or the dynamics of the GB interfaces 

between crystals. This is likely a consequence of the variability of the GB properties, which has 

meant that to-date, the exact role of interfacial GB-dislocation interactions remains an 

“unsolved question” [13].  

A robust and realistic representation of the GB microstructure has yet to be achieved with 3D 

polycrystal DD studies, and previous publications on the subject involve several limiting 

assumptions. Most commonly, polycrystal DD is confined to two dimensional approximations, 

involves impenetrable grain boundaries [14, 15] or is simplified to only consider one or two 

slip systems [16]. Despite their limitations, these approaches have proven very useful for 

elucidating the size dependent strength of polycrystals, explaining the variability of the ‘Hall-

Petch’ exponent, and showing the influence of stress gradients caused by dislocation pile-ups 

[17-19]. Although these 2D models can be considered ‘physically consistent’ models for 

studying the simplified mechanisms of GB-dislocation interactions, they cannot provide 

realistic mechanical predictions because of the artificially ‘rigid’ slip behaviour along only the 

directions contained within the 2D cross-section. Furthermore, by determining the slip direction 

beforehand (see [20]), these methods are incompatible with several key features such as multi-

slip (with all available slip system permutations), cross-slip, junction formation or versatility of 

available crystallography or GB orientations. 

1.2 Scope of the Work 
This research pertains to the development of an accurate representation of the multiscale 

(atomistic-informed) structure-property characteristics of GBs in microscale computational 

models for polycrystalline dislocation dynamics. The present work is confined within the 

subset of pure FCC metals that includes copper, nickel and aluminium. Conventional 

molecular dynamics simulations using LAMMPs software ([21]) will form the fundamental-

scale foundation for the constitutive modelling of GB properties and dislocation interactions.  

The overall aim of the research was to develop a multiscale, physics-based framework for 

modelling realistic dislocation pile-up interactions with a broad range of symmetric tilt grain 

boundaries, incorporating structure-specific GB properties. There were five primary 

objectives of the present work: 

1) Evaluate the key atomistic parameters for modelling the structure dependence of the 

thermo-mechanical properties of grain boundaries. 
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2) Determine the critical threshold properties for atomic scale mechanisms, to explain and 

model mesoscale dislocation interactions with various GB structures. 

3) Evaluate the time and temperature dependence of GB-defect interactions, using nudged 

elastic band analysis with a variety of atomic bicrystal microstructures. 

4) Develop a framework for modelling multi-oriented polycrystalline dynamics with 

structure-dependent GB interactions with discrete dislocations. 

5) Demonstrate an application beyond the limits of conventional atomistic plasticity models 

that involves mesoscale simulations with multi-grain simulations, multi-dislocation pile-

ups and complex intercrystalline slip processes. 

1.3 Thesis Outline 
This thesis provides a summary of the microstructure-dependent plasticity work in this PhD, 

based on multiscale simulations. The general structure includes a literature review, atomistic 

structural analysis, microstructure-property-defect assessment, atomistic dislocation plasticity 

study, polycrystal DD implementation details and a discussion (with examples) of multiscale 

applications of discrete polycrystal DD. 

Chapter 2 reviews the relevant material concerning the significance, theory and applications 

of multiscale simulations of polycrystal dislocation dynamics. The chapter begins by 

providing a background into the characteristics polycrystal plasticity and GB engineering. 

Subsequent sections describe the conventional simulation frameworks for atomistic 

(molecular dynamics), mesoscale (dislocation dynamics) and scale-invariant (nudged elastic 

band) studies. After introducing the relevant introduction theory, this thesis reviews the 

current state-of-the-art approaches to modelling GBs in DD simulations; to demonstrate the 

need for a comprehensive and realistic 3D polycrystal DD implementation.  

Chapter 3 presents an atomistic analysis of the variability of GB characteristics, which serves 

as the basis for subsequent structure-dependent investigations and models of GB processes. 

The first section consists of the approaches used to classify GB structures, generate bicrystal 

specimens and establishes the foundation for atomistic bicrystal simulation studies. 

Subsequent chapters consider the structural ‘multiplicity’ of GB types, characteristics of 

experimental and simulation-based structures, and the thermal/physical causes of structural 

‘shape characteristics’. 
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Chapter 4 concerns a thermal and mechanical property analysis of a raft of atomistic bicrystal 

structures and their interactions with dislocation/vacancy defects, to provide relatively 

quantitative insights. Firstly, extensive insights are obtained regarding the mechanisms of GB 

interactions with vacancy and dislocation defects, assisted by structure-transformations. Then, 

the process of dislocation nucleation from GBs is considered in terms of structure/ strain-rate/ 

temperature dependence. The chapter concludes with a simple, mechanical analysis of a 

bicrystal containing a dislocation nucleation source and assessment of the temperature/stress 

thresholds for intercrystalline slip transmission.  

Chapter 5 describes the atomistic characteristics of dislocation-based plasticity, and 

establishes unique multi-stress dependent models for the constitutive modelling of phonon 

drag in DD simulations. The chapter begins by describing the construction of dislocations 

with varying screw, edge or mixed core characteristics and the appropriate approach for 

modelling the stress-dependent behaviours. Then a novel ‘harmonics-based’ conceptual 

framework for explaining the various stable ‘transonic’ velocities is presented. The chapter 

concludes with the first-ever constitutive model for the phonon drag that considers the 

influence of non-glide stress components, in terms of dislocations with mixed core structures. 

Chapter 6 concludes the multiscale study, by collating the insights obtained from atomistic 

studies in Chapters 3-5, into a comprehensive modelling framework for reproducing 

polycrystalline DD with variable GB structures. The chapter begins by describing the mesh-

dependent methodology for partitioning the simulation domain into multiple grains and details 

of an early formulation of the polycrystal DD. Thereafter, a detailed description of the lattice-

based implementation of constrained multi-grain dislocation dynamics, and realistic 

reproduction of GB-dislocation interactions is presented. The final sections concern 

benchmarking applications, to show the realistic reproduction of GB sliding, structure-

dependent transmission strength, and multiscale consistency of a discrete GB structure-

reproduction for reproducing the realistic transmission characteristics. An experimental 

validation is also provided, by referring to a recent (2016) study of bicrystalline micropillar 

compression with both a high angle GB and a low angle GB. 
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2.Chapter 2                                                                             
Literature Review 

2.1 Introduction 
This chapter presents a brief literature review to describe the current trends in polycrystalline 

materials modelling and design, to establish the theoretical background and novelty of the 

present work.  

2.2 Polycrystal Plasticity  
Plastic deformation is primarily attributed to the ‘irreversible’ accumulation of crystal slip 

from the generation, motion and storage of dislocations (inter-atomic bonding defects [22]). 

Polycrystal plasticity is an inherently multiscale phenomenon that can only be fully 

understood in terms of the micromechanics that ‘bridge’ the evolution of dislocation and GB 

microstructure at various length and time scales [23]. The generation of grain ‘texture’, and 

the multiplication, motion and accumulation of dislocations are attributed with the softening 

and eventual ‘work-hardening’ of metals during plastic deformation [4, 12, 24, 25].  

Predictive modelling of plastic deformation in a comprehensive, self-consistent manner remains 

one of the most challenging intellectual puzzles for the materials sector, due to highly non-

linear behaviour and multiple characteristic length and time scales [8, 26]. The primary benefit 

of a simulation-informed modelling approach is the opportunity to perform extensive 

parametric testing, to explain the microstructure-property relationships. The theoretical and 

industrial significance of this undertaking is substantial, with applications such as more accurate 

computer-aided design for novel materials and, ultimately, a reduced dependence on costly 

‘trial-and-error’ empirical approaches to modelling. Plastic deformation is well-established to 

be defined by distinct processes at several characteristic length and time scales, due to the 

material’s microstructure [4-7]. This necessitates a multiscale modelling approach, to fully 

encompass the theoretical significance. 

Plastic deformation defines the strength of materials because dislocations act as a ‘weak 

point’, defining the elastic limit and subsequent ductility of crystalline materials, such as FCC 

metals [8, 27]. Due to their high mobility at low stress and temperature, once dislocations are 

activated they act as the primary crystal defects for mediating plastic deformation. Although 

dislocations are atomic scale defects, they still dictate the deformation processes at the 
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macroscale due to a statistically cumulative effect of multi-thousand defects [8]. Hence, to 

fully understand the characteristics of dislocations for modelling and prediction, it is critical 

to utilize a multiscale approach to evaluate the inter-atomic mechanisms and the inter-

dislocation effects [5]. 

In single crystals, the flow stress is defined by the optimally oriented dislocation slip system or 

slip systems with respect to the loading direction [28] and by the defect and sessile dislocation 

microstructures which inhibit the dislocation mobility [25]. In the literature discussing the 

subject of single crystal plasticity, the slip system is generally determined by Schmid’s Law, 

which has the highest critically resolved shear stress, as defined by the ‘Schmid factor’, m [29]: 

cos( ) cos( )m φ λ=  (2.1) 
where Ф is the angle of the uniaxial stress direction with the glide plane and λ is the angle with 

the glide direction . 

Polycrystal plasticity is distinct from single crystal deformation, primarily as a consequence of 

the multi-grain orientations and the dislocation pile-ups at GBs, which generate large stress 

concentrations in front of the tip. Polycrystals contain several grains which must deform ‘in 

parallel’, and hence the flow stress is necessarily dictated by several different slip systems that 

generally have different Schmid factors [29]. Furthermore, dislocations which are immobilised 

at the GB interface create back-stresses which can inactivate the primary slip systems until the 

pile-up penetrates the GB via inter-crystalline processes, resulting in a secondary yield stress 

or strain burst (characterised by ‘stair-case’ stress-strain results) [30]. 

The effects of pile-up interactions with the GB microstructure play an increasingly dominant 

role as a barrier, source and/or sink of dislocations as the grain size is reduced to 1.0 microns 

or smaller [31]. This is particularly true in FCC metals, because the crystal lattice provides 

little inherent resistance to dislocation motion [32]. Several mechanisms have been observed 

to explain inter-crystalline deformation mechanics, which are primarily a consequence of 

dislocation – GB interactions in pile-ups [13, 33]. These mechanisms are listed: 

1. Barrier effect (Pile-up formation) – dislocations immobilised by GB elastic field [34] 

2. Dislocation absorption – ‘super dislocation’ at the tip of a pile-up dissociates into 
partial dislocations with components contained inside the GB itself [13] 

3. GB sliding – A partial dislocation within the GB shuffles via kink-pair migration to 
facilitate local restructuring of the intrinsic GB dislocation structure [13] 
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4. Dislocation source effect - nucleation or activation of adjacent system across the GB 
barrier [35] 

5. Direct transmission – emission of the full Burgers vector across the GB [35] 

6. Indirect transmission - partial emission of the full Burgers vector content with a 
rotated dislocation line direction [34] 

7. Reflection or ‘desorption’ – accumulated Burgers vector within GB is re-emitted back 
into the original grain [35] 

 
Figure 2.1: Summary of possible inter-crystalline, dislocation – GB interactions 

Figure 2.1 provides an exhaustive summary of the dislocation – GB interactions regularly 

observed in experimental studies (see also [36]). The following sub-sections describe unique 

features of polycrystal plasticity which have received particularly high research interest in 

recent years.  

2.2.1 Taylor model and multi-slip in polycrystals 

The first widely accepted model for polycrystal plasticity, proposed by Sachs et al [37], 

assumed that the yield strength of a polycrystal was the average obtained from the single 

crystals contained within it. This model was predicated upon the observations of single crystal 

plasticity in most FCC metals, such as copper and aluminium, where deformation was 

inherently anisotropic and typically dominated by single slip in the highest Schmid direction 

[29]. However, Taylor recognized a limitation of this model was the assumption of iso-stress 

conditions leads to strain incompatibilities that lead to gaps and/or overlaps between the grains 
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[38]. He hypothesized that, in fact, the deformation of polycrystals will generally achieve a 

state of constant strain in all grains, analogous to Maxwell's model of ‘parallel spring-

dashpots’ [9]. Assuming a randomly oriented polycrystal, Taylor proved rather elegantly that 

deformation must involve the activation of several slip systems per grain [39]. 

Recently, it has been hypothesized that the availability of multiple primary slip systems can 

play a larger role in improving the mechanical performance of micropillars than 

the Schmid factor of the primary slip system due to the mitigation of single-slip ‘bursts’ [40]. 

This result has strong experimental evidence, with several studies observing bicrystals with  

multiple slip bands will exhibit greater strength than an identical bicrystal with a single slip 

trace [40-42]. The bicrystal strength may also be significantly greater when multiple slip-

traces intersect the GB, whereas single slip can cause the concentration of stress that leads to 

slip transmission so that there can no longer be any GB hardening [4]. The influence of multi-

slip is made more evident with respect to the plastic response of single crystals, because the 

introduction of a GB intrinsically improves the hardening when the primary slip system 

becomes inactivated [43]. Furthermore, studies consistently observe an enhanced 

homogeneous strain distribution and disruption of strain bursts which otherwise cause ‘sudden 

catastrophic collapse’, despite a variety of effects on the macro- properties [42, 44, 45]. Also 

refer to Figure 2.2b for a clear illustration of this effect. 

These results suggest that a truly accurate description of the dislocation dynamics of a 

polycrystalline aggregate cannot be accurately represented by a ‘statistical homogenisation’ 

with many DD simulations of single crystals. More accurate models based on the fundamental 

mechanisms of deformation, work hardening and multi-slip require a 3D polycrystal DD 

approach with a full set of available crystallographic slip systems in each grain [23]. 

2.2.2 Hall-Petch effects 

The Hall-Petch model states that a reduction in grain size causes an increase in the yield strength 

with a power-law relationship with respect to the grain diameter and an exponent of 

approximately ~0.5 [10]. In a coarse-grained polycrystal, this effect is typically attributed to the 

size constraint on the formation of large pile-ups that concentrate the stress to activate 

intercrystalline plasticity effects [46]. Recent DD simulations show that the increased strength 

can be associated with back-stresses generated by dislocations stored in the region adjacent to 

the GB, and by the inhibition of the source length of available Frank-Read sources [14]. Hall-

Petch strengthening is well-established for polycrystals when there is a reduction of grain sizes 
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down to approximately one micron, because several dislocation sources will be available to 

generate pile-ups in primary slip systems [25]. Towards the smaller range of the appropriate 

grain sizes, this can inactivate the primary slip systems until initiation of inter-granular slip 

transmission or activation of secondary slip systems. This can result in strain bursts, or a 

secondary yield behaviour characterised by ‘stair-case' stress-strain results [30]. 

Since the observation of a softening effect when grain sizes were reduced within the nanometer 

length scales in 1989 [47], the so-called “inverse Hall-Petch” phenomenon has been observed 

in various studies [48-52]. In addition, the accuracy of the commonly utilized ‘inverse square-

root relationship’ between strength and grain size has been called to question in recent years, 

due to the diversity of hardening exponents obtained in modern experimental studies [53]. Other 

features remain misunderstood [52]. For example, a strong correlation was recently found 

between the misorientation angle and the Hall-Petch exponent for a large polycrystal in a 

detailed computational study [54]. This is highly relevant to the presently implemented 

approach to 3D polycrystal DD. 

The Hall-Petch phenomenon remains highly relevant to the GB engineering research sector. 

Several simulation-based studies attempt to determine the “strongest” grain size [55, 56]. 

Recent models suggest that the inverse Hall-Petch is a consequence of a transition from 

dislocation-mediated plasticity (intragranular) to GB sliding (intergranular) [48]. These 

processes are thought to involve similar stress magnitudes but exhibit substantially different 

strain rates (and hardness). The possible significance of GB sliding was considered as a key 

requirement for implementation within the current version of polycrystal DD. 

2.2.3 Strain burst mitigation by GBs 

Experimental analysis of compression tests with single-crystal sub-micron sized pillars under 

stress-controlled loading shows that strain occurs sporadically in a highly ‘stochastic’ manner 

that results in sudden collapse of the structure [57-59]. This behaviour was significantly 

reduced in surface-coated single crystal micropillars, which implies that collapse was a 

consequence of surface annihilation of dislocations [59].  

Studies of compression tests of bicrystals tend to show a significant reduction of the burst 

magnitudes and a more homogeneous strain distribution in the final deformed pillar geometry. 

The reduction in burst magnitude is illustrated in Figure 2.2a-b obtained from ref. [44], 

showing that for the small-sized micropillars, the single crystalline strain occurs in sudden 
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rapid bursts. The effect of a single GB in mitigating single-slip burst behaviours, is shown 

with qualitative-quantitative comparison of the single and bi-crystals illustrated in Figure 2.2c. 

 
Figure 2.2: Experimental nanopillar Aluminium compression results (figures obtained with 

permission for re-use from ref. [41]). a) Single crystal stress-strain; b) Polycrystal stress-
strain; c) Single and bicrystal stress-strain and influence of GB on strain burst 

frequency, magnitude and strain homogeneity  

As shown in Figure 2.2, for the case of bicrystal deformation, the introduction of a GB 

significantly reduces the magnitude of strain bursts that can result in sudden ‘catastrophic’ 

failure, and somewhat increases the frequency of smaller discrete burst events. Several such 

studies suggest that the introduction of GBs or the reduction of grain sizes in close proximity 

to free pillar surfaces can result in a reduction in strength and more burst behaviours [44]. 

Generally, in these cases no storage of dislocations is observed at the interface, and the stress-

strain behaviour exhibits nearly identical ‘staircase’ features involving intermittent strain 

bursts [60]. It is quite possible that this behaviour corresponds with the well-documented 

‘inverse Hall-Petch’ phenomenon, and could indicate a transition from conventional 

dislocation-mediated plasticity towards a GB - mediated plasticity [43, 53, 61]. However, the 
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considerable diversity observed in the mechanical responses of self-similar micropillar 

compression experiments also suggests that there is a significant ‘stochastic component’, that 

likely arises from the initial dislocation microstructure [19]. This is also consistent with the 

‘source truncation’ mechanism, wherein the bicrystal strength depends on the random 

distribution, orientation and length of dislocation sources, with respect to the pillar surface 

[14]. However, such models need to be confirmed with repeatable observations, simulations 

and/or numerical models which can be most-conveniently achieved using polycrystal DD. 

2.3 Grain Boundary Engineering 
GB engineering involves the controlled manufacture or manipulation of the GB microstructure, 

including the network topology and sub-grain dislocation structures, to enhance the strength 

and/or ductility [62]. By tailoring of the microstructure during manufacturing and processing, 

GB engineering aims to provide an application-specific design for crystalline material 

specimens that can approach theoretically optimal mechanical properties [63]. There have been 

several recent breakthroughs to achieve ultra-fine grain sizes [64], highly-oriented GB structure 

[64-66], and carefully tailored networks of low energy GB structures [2]. The evolution of 

nanoscale microstructure plays a critical role in distinguishing between the ‘safe’ ductile and 

the catastrophic brittle failure of metals. Systematic and versatile models that explain the 

structure-property relationships must still be developed to guide the process of experimental 

design and to justify the costs of manufacturing and further research.  

Current trends in manufacturing enable the design of metallic components with 

nanocrystalline grains, with greater size precision and fewer defects [67]. Coupled with the 

substantial progress since the late 1990s to refine the grain size and to control the GB structure 

and topology [68], there is a promising future for this developing sector of materials research 

[63]. Modern techniques of manufacturing, involving multi-stage deformation and controlled 

annealing have enabled the production of precise GB network structures and nanometre grain 

sizes. Controlling the microstructure of polycrystals to obtain very fine grain sizes and a large 

fraction of Σ3 GBs has been found in many cases to provide the ideal balance between high 

strength and exceptional ductility [3]. However, other studies have shown that imprecise 

control in manufacturing or excessive internal densities of Σ3 GBs can cause a transition to 

brittle behaviours that enhance fracture and reduce ductility [69]. It has been concluded that a 

better knowledge of the influence of the structure of the interfacial GB networks should be 

established, in order to enhance the ‘tailor-ability’ to achieve an ideal strength - ductility ratio 
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for different applications [62]. 

With the recent breakthroughs, particularly in the field of nanocrystalline manufacturing, GB 

engineering is developing into a viable approach for material design that could provide unique 

opportunities to tailor the mechanical properties without modifying the chemical composition 

[63]. Nanoscale polycrystalline materials exhibit several unique phenomena. The high grain 

surface area to volume ratio may limit the activation of dislocation sources within the bulk 

and contribute to “dislocation starvation” due to trapping and spreading within GBs [70]. 

However, knowledge of the behaviour of polycrystalline plastic deformation at the nano-

micro scale range is still limited, due to the infeasibility of detailed experimental studies. 

Fortunately, new computational methods and the development of focused ion-beam milling 

for high precision micropillar experimentation with bicrystals are helping to ‘unlock’ the 

fundamental characteristics of interfacial dislocation interactions [71-73]. The benefits of an 

improved understanding of nanoscale phenomena could include, for example, predictions of 

“the strongest grain size [74]” and control of mechanical properties by modifying the 

underlying GB structures [62]. 

2.4 Molecular Dynamics 
This chapter section introduces the ‘atomistic’ molecular dynamics (MD) simulation approach 

and the key considerations that were necessary to inform the present study. 

2.4.1 Foundational principle 

Atoms are the fundamental scale particle that will retain distinctive characteristics of a unique 

material. MD simulations are therefore exceptionally versatile, and can be applied to obtain 

nanoscale insights about characteristic properties with a broad base of materials [75]. MD 

simulations calculate the trajectories of discrete atomistic particles on the basis of Newton’s 

Second Law of thermodynamics and the equations of momentum. The primary computation 

is the numerical integration of the equations of motion, wherein the most simple methods are 

the leapfrog and Verlet methods [76]. The high number of particles required to achieve a 

representative volume can be several millions or more [77]. Atomic dynamics are influenced 

by very finite vibration magnitudes and frequencies, which mean that MD simulations are 

inherently limited to very small scales and relatively high computational cost. These features 

play a critical role in the kinetics, thermal gradient effects, instantaneous defect transition 

states (i.e., vacancies) and transport processes (i.e., diffusion).  
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2.4.2 Core concepts 

Software 

MD simulations are an established technique, and several versions have been developed for 

various specialised purposes. All atomistic studies in this thesis were performed with 

LAMMPs MD. LAMMPs is a well-cited, open-source implementation that is suitable for 

modelling crystalline materials such as metals [21]. With several successful examples of 

dynamic dislocation publications [78, 79], and significant novel scientific contributions for 

the modelling of GBs [80, 81], the efficacy of the LAMMPs programme is widely accepted.  

Interatomic potentials 

Alder and Wainwright first established the use of discrete potentials in order to predict the 

dynamical response and directional motion of interacting ‘hard spheres’ and particles in a 

publication in 1957 [82]. The potentials, or ‘force-fields’, approximate the quantum effects to 

mimic the average effects of individual electrons and sub-atomic particles into interactions 

between atomic nuclei [83]. Embedded atom method (EAM) potentials parameterise the 

elastic properties and equilibrium structure of a material with respect to electrostatic bond 

energies and angles [84]. Modern-day simulations of pure FCC metals often utilize EAM-type 

potentials; however for BCC metals or alloys it is sometimes appropriate to utilise ‘modified-

EAM’ to more accurately account for multi-directional bonding [85]. The present work 

primarily involved the use of EAM potentials, for the sake of computational efficiency and 

accuracy. However, a modified EAM potential was used occasionally for cross-validation. 

Numerical integration 
The numerical integration procedure of MD simulations is a computational bottleneck, because 

of the inherently sequential nature of the dynamics. This is because the atomic trajectories 

cannot be predicted for long periods without updating the stored positions of the atomic nuclei, 

which are thereafter used to solve for the next step [77]. Several solvers have been applied to 

this end, however Velocity-Verlet remains the most popular method due to efficiency and 

superior energy conservation [86]. For this reason, the present work exclusively utilised the 

Velocity-Verlet approach. 

Another important consideration is the choice of discretisation timestep. For atomistic studies, 

the timestep size is commonly on the order of the Debye frequency (i.e., approximately 0.8 fs 

in copper [87]), to account for the frequency of atomic vibrations [75]. The present study utilises 
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a relatively conservative timestep of 1.0 fs, which serves to improve the accuracy when 

simulating discrete events, which is important for dislocation effects [83]. 

Thermodynamic ensembles 
The thermodynamic state of an atomistic system is an important consideration for dynamic 

studies, due to the high significance of instantaneous spikes in force or temperature [88]. There 

are six variables and three degrees of freedom that can be controlled in MD using 

‘thermodynamic ensembles’. Namely, these include the number of atoms (N), the energy (E), 

the volume (V), the temperature (T), the chemical potential (μ), and the pressure (P). The five 

common ensembles used for MD simulations, are the microcanonical (NVE), canonical (NVT), 

grand canonical (μVT), isenthalpic (NPH) and isothermal-isobaric (NPT) [21]. 

Temperature and pressure cannot remain constant at non-equilibrium in an isolated system 

(constant volume and energy), so require an input of heat (kinetic energy) or ‘pressure’ 

(volume change). An artificial input of heat or pressure is needed, or a coupled system can be 

used to provide a source/sink for heat and/or volume [88]. There are four commonly applied 

thermostats and/or barostats that are used for MD simulations: the Nosé-Hoover type [89], the 

Andersen-type [88], Berendsen type [90] and the Langevin type [91, 92]. The Nosé-Hoover 

thermostat (i.e., NVT) is very efficient and was improved by the Parrinello-Rahman [93] 

method to provide a fairly accurate barostat (i.e., NPT). For the present study, the Nose-

Hoover type was applied by default. 

Boundary conditions 

Atomistic simulations are strongly influenced by long-range atomic interactions and 

interfaces, so it is critical to select appropriate volume, geometry and control routines to model 

the boundary conditions [83]. The use of periodic boundaries is well-established, and many 

references are available for correct implementation [94]. ‘Displacement-free’ boundaries are 

also a popular approach, particularly for single dislocation dynamics studies [95]; and involve 

the constraint of one or more components of the displacement at the surface (typically, zero 

normal displacement to the boundary surface). ‘Traction free’ boundaries are hard to 

implement in MD because of the tendency for the surface to either create a ‘rigid’ boundary 

or expand extensively [96]. Periodic boundaries are most-commonly applied to study GB 

structures, and periodic, traction-free or displacement-free conditions comprise the most-

common approaches used for modelling the steady-state mobility of dislocations in MD 

simulations [78, 95].  
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2.4.3 Visualisation and post-processing 

To qualitatively assess features of the atomistic simulations performed in the present work, 

atomistic ‘snapshots’ were obtained using the AtomEye visualisation tool [97]. Atomeye uses 

various quantities to apply colour, such as the Centro-symmetry parameter [98], coordination 

number [97], the atomic potential energy or characteristics of the atomic stress. The Centro-

symmetry parameter was commonly utilised, because it is suitable to capture partial 

dislocations and dislocation nuclei that may not be easily distinguished with other parameters. 

The dislocation extraction algorithm (DXA) and detection tool, developed by Stukowski et al. 

[99-101], is effective for the visualisation and evaluation of the dislocation length, slip system 

and Burgers vector. The DXA tool was used to provide a direct ‘measurement’ of the total 

dislocation content at a given simulation time step. Furthermore, the Burgers vector character 

of the dislocation core (i.e., screw, edge or mixed) can be explicitly determined with DXA. 

2.4.4 Limitations of size and finite timeframe 

It is valuable to consider the application of MD simulations, in terms of the relevance for 

obtaining the practical insights for industrial applications within the framework of plastic 

deformation modelling. This aspect should be considered carefully, to guide the scientific 

process and avoid common pitfalls. Although MD provides opportunities to guide 

experimental studies and reproduces ‘fundamental behaviours’ [102], the relatively 

‘infinitesimal’ size and time scales limit the accuracy for realistic predictions. The cumulative 

effect of very many atomic and defect interactions over much larger length and time scales 

that dictate the macro-properties [103]. Hence, MD can be considered to be best-suited for 

establishing the framework of fully-consistent, repeatable testing with multiscale simulations. 

With sufficiently rigorous methodology and control, atomistic behaviours can be used to 

inform representative constitutive modelling frameworks to inform higher scale studies. Such 

a multiscale study presents a tantalising opportunity to test the validity of a comprehensive, 

unified model of dislocation-based plasticity from the ‘bottom-up’. This is rather unique, as 

most mechanical models are either considered at a single simulation scale, or are informed 

from empirical studies in a ‘top-down’ approach [23]. 

Typical applications involving real metals have a polycrystalline microstructure and grain 

diameters significantly greater than 1.0 μm [104]. Hence, the finite boundary size effects and 

(especially) the very small grain size limitations of MD simulations reduce the effectiveness 
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of MD to evaluate the mechanical properties. The inherently sequential nature of MD 

simulations inhibits the accessible timeframe within a conventional MD simulation, as it 

requires one billion femtosecond timesteps to achieve a single microsecond [77]. For this 

reason, generally it is necessary to utilise very high strain rates to observe any appreciable 

dynamic mechanical behaviours and it is impossible to reproduce ‘slow’ thermal processes 

such as diffusion [77]. Hence, the numerical results provide only a relativistic indication of 

the effects of one particular GB structure in comparison with another. The values are not 

directly transferrable to “real world” properties, because the inherent limitations of the 

atomistic method necessitate the use of unnaturally high strain rates (i.e. up to 1.5×1010 s-1, 

comparable to 1010 s-1 applied in prior studies [105]). 

2.4.5 MD summary and significance 

This chapter section introduced the core concepts of the MD simulation technique and key 

considerations that were applied to the present work involving atomistic simulations of 

polycrystal plasticity. Although, atomic scale simulations are generally too small to provide 

relevant quantitative predictions or models for general industrial applications [15]. Despite 

these limitations, MD remains a very popular and relevant technique for elucidating the 

fundamental structural and mechanistic characteristics of materials. MD has well-established 

usefulness for modelling the nanomechanics of plastic deformation, with several published 

studies in the last few decades [106-108]. 

2.5 Nudged Elastic Band Method 
The nudged elastic band (NEB) method has become a very popular technique for evaluating 

fundamental energy criteria with atomistic processes since the method was developed in the 

latter 1990’s [109, 110]. This is certainly the case for studying dislocation and GB effects in 

polycrystalline materials [105, 107, 111, 112], and the accuracy of the results has been verified 

with ab-initio analysis [113]. When developing atomistic-informed multiscale models, the 

most critical feature of interest is establishing a timescale link between the ‘nearly 

instantaneous’ behaviours in a single MD simulation and ‘realistic’ damage processes over 

much longer timeframes. 

Recent developments in the application of NEB in atomistic simulations has increased the 

accessibility of fundamental studies to assess the characteristics of the minimum energy path 

(MEP) for thermally activated processes [75]. NEB analysis evaluates the potential energy 
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with a sequence of parallel simulations by performing damped minimization, in order to obtain 

the transition-state configurations. Transition states are obtained by interpolating between 

equilibrium states for the initial and final atomic configurations [110]. The MEP defines the 

thermodynamically favourable transition pathway for an atomistic mechanism to occur and 

this provides the most-suitable definition of the activation energy. The ‘climbing image’ NEB 

technique has been developed to further isolate the saddle point, by utilizing an additional 

stage of energy minimization based on the energy gradient adjacent to the maximum energy 

transition replica [110]. For the studies involved in the present work, the LAMMPs replica 

package was utilised to perform climbing image NEB analysis. 

2.6 Discrete Dislocation Dynamics 
In this chapter section, the characteristics of conventional dislocation dynamics (DD) 

mesoscale simulations are introduced. Several approaches have been used to perform a 

numerical integration to solve for the dislocation motion equations. However, this PhD 

emphasized the parametric implementation pioneered by Ghoniem et al. [114, 115], and its 

recently modified formulation that was established by Po et al [116].  

2.6.1 Foundational principle 

At its core, the DD simulation method is a sequential solver for a discretised force-balance 

equation, taking as inputs the interactions between all of the dislocation loops in an ensemble. 

DD essentially consists of concurrent algorithms for the calculation of forces, equations of 

motion, time integration, boundary force compensation, short-range discrete reactions and the 

efficient parallelisation, storage and communication of data [117].  

Dislocation loops are discretised into line elements ('segments') and positions ('nodes'), to 

produce a `full-fidelity' representation of the nanoscale `weakest-link' interactions, without 

the solving for the individual atomic interactions in the medium. Increasingly sophisticated 

methods have been developed to reproduce short-range interactions such as junction 

formation, cross-slip, annihilation and superposition (based on the 'non-singular' core 

description [116]). The central premise is that the dislocation-mediated component of plastic 

deformation can be determined by tracking the motion of the dislocation network and solving 

for the force interactions. Much more details that describe the conceptual and implementation 

framework for DD simulations are provided in is subsections of Section 2.6.2.  
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2.6.2 Core concepts 

Software 

The open-source database, known as the Mechanics of Defect Evolution Library (MoDEL) 

repository was used as the software for the DD simulations used in the present work [118]. 

MoDEL utilises a refined parametric DD approach, based on the description by Ghoniem et 

al [115] and updated to exploit modern computational improvements by Po et al. [116]. 

MoDEL can be decomposed into the following four fundamental elements: 

1. Dislocation nodes (1D): 
Nodes store discrete positions in the dislocation line at each timestep, within the elastic 

continuum. Each node is characterised by an ID, position and velocity. 

2. Dislocation segments (2D) : 
Segments are mathematical splines that connect two adjacent dislocation nodes in a 

dislocation loop. The curvature of the spline corresponds with the localised Peach-

Koehler force-field at the specific timestep. Segments are defined by the Burgers vector, 

glide plane normal vector, Peach-Koehler forces and external stress tensor. 

3. Dislocation network (3D) : 
The network is a container of all the dislocation segments in a 3D ensemble of 

dislocation loops and dislocation sources. The network defines the self-interactions of 

dislocation segments within a single loop and interactions between different 

dislocations, and asserts the consistency of elastic criteria, such as the Burgers vectors 

and node-balance. 

4. Finite element mesh (optional – required for certain boundary conditions) : 

The mesh is used to model finite volumes and surface effects. The mesh is defined by 
several mesh tetrahedral. 

In this implementation, the code is written in an object-oriented C++ format, to model discrete 

dislocation ‘particles’ in an ‘infinite’ elastic continuum or mesh-constrained finite volume. 

Description of the dislocation core 

It is now understood that the dislocation core is non-singular, and cannot be accurately 

represented by a single linear elastic model due to the importance of dislocation interactions 

within the ‘core cut-off’ region [116]. Modern solutions for the dislocation core, based on the 

work of Cai et al. [95], exploit the complimentary characteristics of different elastic models 
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for partial dislocation cores and use of superposition to eliminate the core ‘singularity’. By 

overlapping the elastic solutions, a more accurate representation of the dislocation core force-

field is obtained. In fact, using this approach it becomes apparent that the elastic repulsive 

energy between two like-oriented dislocations will increase to a maximum value at a finite 

distance [116]. This is a critical consideration within the present study, because these modern 

numerical solutions are compatible with the formation of ‘super-dislocations’ at the tip of a 

dislocation pile-up at a GB. These super-dislocations may play a key role in facilitating several 

mechanisms of intercrystalline plasticity, particularly in terms of the dissociation and 

spreading of Burgers vector content within the GB plane [13, 119].  

Linear elastostatics 

The present DD formulation decomposes the strain into separate elastic and plastic distortion 

components, which can thereafter be solved using well-established numerical models for 

linearized elasticity [8]. The dislocation trajectory is comprised of a series of finite 

displacement that is restricted by the characteristic length that is one or two multiples of the 

short-range dislocation interaction field [116]. Because this eliminates the necessity to 

continually re-evaluate force interactions, the solution is similar to a ‘quasi-static’ relaxation 

[116]. The thermodynamics of the process dictate that the sequential minimisation of forces 

and energy result in an irreversible evolution of the dislocation microstructure [8].  

The Peach-Koehler force is the component of the stress field that lies within the glide plane 

and is resolved in the direction of the Burgers vector, b. The Peach-Koehler component 

provides the driving-force for the glide motion of dislocations [114]. Einstein’s mobility 

relationship determines the drift velocity, associated with the drag forces caused by the elastic 

medium. The long-range forces in the dislocation network are solved by evaluating the Peach-

Koehler interactions between dispersed 'non-singular' dislocation cores. Using Lazar's 

gradient theory, solutions are obtained for the non-singular elements that include the Burgers 

vector, Peach-Koehler force and line energy. Further details about the procedure are supplied 

in the original publication ([116]). 

Numerical integration  

The vast majority of the computational cost of DD simulations results from the evaluation and 

summation of long-range dislocation – dislocation forces interactions. When the dislocation 

density becomes large, the evaluation of short-range ‘discrete interactions’, such as junction 

formation and cross-slip, also become highly significant. The key stages of the numerical 
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solution are illustrated in a simplified format in Figure 2.3. Within the solution, Green’s 

functions are used to clearly define the interactions between discrete dislocations and the 

external stress field defined at the mesh-boundary, using the self-energy of the dislocation line 

elements as inputs [115]. These forces comprise interactions for anything outside of the 

dislocation core, which is within a radius of approximately 5b from the dislocation line [114]. 

Outside of the core, the distortions in the strain field decrease in a linear fashion, which 

enables an accurate and efficient force-field summation to be obtained [114]. If the distance 

between dislocations is relatively large (or the dislocation density is low), then it is possible 

to assume a simplification to accommodate the long-range interactions. This is because the 

coefficient for conversion of the inter-segment distance to an energy may be effectively 

approximated to be a function of the local dislocation density . 

 
Figure 2.3: Conventional dislocation dynamics simulation procedure 

Mesh-based boundary condition solver 

In its most fundamental form, DD is a meshless-continuum method with ‘infinite’ dimensions; 

however a mesh can be utilized for the implementation of fixed surface boundary conditions. 

Finite volumes can be represented by introducing image forces to compensate for the traction 

constraints at the boundaries. Within the MoDEL formulation, traction-free or a prescribed 

traction boundary conditions are applied by overlapping the Green’s function representation 

of the infinite elastic strain field with an elastic correction at the boundaries [8].  
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Challenges and limitations for widespread utilization 

The computational cost of current polycrystal DD simulations is still unsuitably high, and this 

dramatically limits the amounts of plastic strain that can be achieved in current tests. The step 

size is limited by mesh solver challenges, and also increases significantly by very large non-

linear relationships when the plastic strain increases. Currently, simulations are limited to 

about less than 0.5% total plastic strain. This is because Dislocation lines tend to multiply, 

often by more than two orders of magnitude. To observe deformation, a strain rate greater 

than 10 s-1 is recommended [117]. Furthermore, the advanced mathematics and programming 

expertise required to operate currently in-development DD software packages limits their 

utilisation in a broader context. 

2.6.3 Significance of polycrystal DD simulations 

Studying the relationship between crystal defect dynamics, GB microstructure and material 

properties is experimentally difficult and costly at the sub-micron scales [2]. Extensive 

parametric testing at nano-micro scales is only possible using simulation methods, which 

should ideally be informed by fundamental atomistic interactions [120]. However, plastic 

deformation is more consistently defined by the combined motion and accumulation of 

millions of dislocations and their interactions with the mesoscale crystal structures, such as 

grain boundaries and precipitates [8]. Hence, a mesoscale 

A ‘full-fidelity’ model of a multi-dislocation pile-up within a polycrystalline metal at the 

microscale would exceed the time and length scale constraints of atomistic methods. For this 

reason, there are a number of phenomena which involve multi-dislocation, multi-grain 

interactions which cannot be studied with conventional atomistic methods. Conversely, the 

localised nature of the concentrated stress fields in pile-ups at GBs cannot be correctly mapped 

to a specific slip system in continuum-based crystal plasticity models [73]. For these reasons, 

polycrystalline DD simulations are a particularly ideal tool for studying multi-defect 

interactions such as dislocation pile-ups and triple junctions. 

2.7 Multiscale Simulation Approaches 
Because polycrystal plasticity exhibits distinct fundamental features at different scales, each 

simulation technique plays a unique role in bridging the length and time gaps to make realistic 

predictions of material properties and behaviour from ‘first-principles’. Although 

fundamental damage processes occur at the atomistic level [121], the properties can only be 
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effectively modelled in terms of their cumulative effect on the material micro-structure. A 

non-empirical basis for predicting the mechanical properties requires that the fundamental 

physics from atomistic modelling (< 500 nm) be used to inform the macro- model (> 1.0 μm 

[75]), which is ultimately useful for prediction. 

To establish a ‘multiscale bridge’ from a discrete atomistic simulation basis to a higher scale 

simulation method, it is necessary to remove ‘unnecessary’ degrees of freedom and/or 

increase the fundamental particle size [122]. Phase-field [123], continuum-based [124] and 

finite element approaches achieve this by ‘statistically homogenizing’ the short time and small 

size effects [125]. Time scale bridging creates substantial sources of uncertainty when 

modelling, due to dramatic jumps in the deformation strain rates and rates of heating/cooling 

[77]. For example, the rapid thermal expansion and cooling that is a common characteristic of 

MD nanocomposite studies may result in crack behaviour in the larger macro- model 

equivalents, however such an outcome is not desirable. This may be overcome by utilising 

activation energy parameters obtained with (for example) the NEB approach, used in the 

present study. Furthermore, the periodic boundary conditions and temporally heterogeneous 

stress effects observed in MD do not necessarily well-represent the classical continuum 

description [126]. To overcome these issues, it may be preferable to utilise fully-discrete 

representation of the particle dynamics, albeit with a larger fundamental scale, which is the 

premise behind the ‘jump’ from MD (atomic) to DD (dislocation) particles. 

There are two primary approaches which are being applied in an effort to solve the length 

scale challenge of molecular scale based (non-empirical) simulation studies. The first is the 

hierarchical, physics-based constitutive approach [127]. The second method uses concurrent 

simulations, which involve direct coupling between two different computational methods 

running in-parallel. Constitutive models can also be applied, using a combined physics model 

from all characteristic length scales [127].  

Hierarchical methods perform independent simulations at different scales, and couples them 

by parametrically modifying established analytical or empirical models [127]. Typically, this 

involves a ‘bottom-up’ approach, where the fundamental molecular scale physics is used to 

establish a micro-meso scale framework; which subsequently informs a macroscale model 

[121, 128-130]. It is also possible to use a combined ‘top-down’ approach based on matching 

empirical benchmarks and parameter fitting, as seen in ref. [127]. Dislocation dynamics is 

essentially a bottom-up hierarchical approach, and is inherently limited to a phenomenological 
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approximation of the atomistic medium because there is no discrete representation of (for 

example) thermal vibrations, vacancies or diffusion. 

During material failure, atomistic excitations lead to voidage and bond-breaking, which result 

in dislocation nucleation and eventual formation of pile-ups that may act as stress 

concentrators and “crack-tip” blunting on a meso (and eventually macro) scale [131]. In fact, 

the first proposals for utilising Multiscale methods were made to investigate brittle fracture 

within metal matrix ceramics, based on a simplistic coupling between static, two dimensional 

atomistic and finite element simulations [132]. The recent developments in composite 

materials are one of the strongest commercial drivers, necessitating the development of 

multiscale methods to predict failure and enable optimisation, because phenomenological 

laws cannot be applied outside of their statistical range to investigate the unlimited variety of 

“new” material which is possible. One must conclude that a method which effectively couples 

MD and DD could provide enormous potential for the investigation of fracture and other 

failure mechanisms in composites [23]. Obtaining a balance between accuracy and 

computational efficiency, necessitates usage of atomistic (nanoscale) investigations of 

localised regions to provide a fine resolution of non-linear, complex damage or deformation 

mechanisms, coupled with a mesoscale statistical thermodynamic description [114]. 

Dislocation reactions with GBs are strongly influenced by multiscale factors, due to several 

factors such as diffusion/creep, vacancies/porosity, and additional characteristics of the GB 

structure [133]. Dislocation reactions with GBs sometimes involve partial dislocation 

interactions which cannot yet be accommodated explicitly within DD [134]. MD can be used 

to provide a full description of the Burgers vectors of dislocation reactions upon intersection 

with GBs [133]. MD can also determine what dominant parameters contribute to the 

mechanisms involved in GB interactions with dislocations. To this end, the present work 

involves an extensive atomistic study to establish fundamental mechanistic insights and to 

develop constitutive models for representing GB microstructure in polycrystal DD. 

2.8 Prior Implementations of Polycrystal DD 
Polycrystalline dislocation dynamics has not been extensively developed in the literature, and 

past publications on the subject involve several limiting assumptions. The vast majority of 

implementations of polycrystal DD to-date are confined to two dimensional approximations 

[19, 20, 54], involve impenetrable grain boundaries [14, 15] or are simplified in a manner 
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which only enables slip to occur in one or two slip systems [16, 135].  

Polycrystal DD methods originated in 2002, when Biner et al. pioneered a simple multi-grain 

geometry involving a 2D ‘checkerboard’ pattern with impenetrable interfaces, for the purpose 

of studying the Hall-Petch relationship [17]. A later study showed that the dislocation source 

density had an approximately equal order of magnitude effect as grain size on the 

strengthening effect [18]. A similar geometry was used by Lefebevre et al., however 

dislocation-dislocation interactions were enabled by introducing multiple slip systems and 

enabling junction formation [136]. A primitive form of slip transmission was enabled by 

introducing Frank-Read sources adjacent to the GB that only became activated upon the 

formation of pile-ups of sufficient size in coarse grained polycrystals. The strain 

incompatibility between grains was shown to be sufficient to activated multi-slip in adjacent 

grains. However, this method required sources to be placed appropriately to obtain reasonable 

results, and hence the initial microstructure configuration played a dominant role in defining 

behaviours that should be intrinsically related to the misorientation angle. 

A well-cited implementation by Bailnt et al., considered the effects of multi-slip (more than 

two primary slip systems) and slip compatibility, including grains with three available slip 

systems [19]. By enabling source activation in the adjacent grains as a function of stress 

concentration, this model enabled a study of the slip incompatibility between grains (in 

addition to the simple barrier effect). Importantly, the influence of crystallographic 

compatibility on the hardening effect was shown, and increased to a maximum as grain 

misorientation angle changes from 0° to 45°. Although these 2D models can be considered 

‘physically consistent’ models for studying the simplified mechanisms of GB-dislocation 

interactions , they cannot provide realistic mechanical predictions because of the artificially 

`rigid' slip behaviour along only the directions contained within the 2D cross-section. 

Furthermore, such implementations are intrinsically limited because they ignore 

geometrically important deformation mechanisms such as multi-slip (and cross-slip), junction 

formation and kinematics of curvature evolution (i.e., influence of dislocation length). 

In 2005, Nicola et al. established a ‘2.5D’ geometry, with similar limitations on the slip system 

availability, but with a geometrical thicknesses, in order to reproduce polycrystal DD in a thin 

film. Rigid boundary conditions at the bottom surface and a free interface at the top which 

acted as a dislocation sink [14]. Dislocations were modelled as point defects, and were 

constrained to either two or three slip systems in each grain. GBs were considered to be 
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impenetrable barriers, however, by altering the height or aspect ratio of grains, the ratio 

between GB surface area and surface area was varied to study thin-film effects. The 

Bauschinger effect was either small or eliminated, due to the elimination of stored dislocation 

content at the top surface after unloading, due to stress gradients near the GBs and bottom 

surface. When the top was modelled as a barrier (representing a passivated thin film), a 

significantly stronger Bauschinger effect was observed, verifying the significance of 

annihilation effects. However, the results are likely exaggerated because the absence of 3D 

effects such as junction formation and accumulation of jogs via cross-slip can be expected to 

increase the irreversibility of plasticity, even within confined geometries. The present 

framework is a considerable improvement on Nicola’s work, because it enables cross slip and 

dislocation curvature to generate true 3D dislocation microstructures. 

Kubin et al. established a sophisticated polycrystal geometry, to study the factors contributing 

to the Hall-Petch exponent in a recent study [15]. This geometry involved a fully three-

dimensional, multi-textured polycrystal. However, in this case, the GBs were modelled as 

impenetrable interfaces and the model was incapable of compensating for dislocation 

interactions with the intrinsic GB dislocations or reproducing inter-granular slip transmission. 

Furthermore, it is unclear whether it would be possible to perform additional studies with 

different (arbitrary) polycrystal geometries, using the same methodology. Previous attempts 

have also been made to reproduce the slip penetration behavior with DD simulations. 

Primarily, these have involved 2D models, where the slip transmission response could be 

determined a-priori. For example, in the recent model developed by Quek et al. [20], 

‘transmission’ was enabled by placing a Frank-Read source in the exact location necessary to 

exactly annihilate the dislocation from the incoming glide plane in the original crystal. Hence, 

the threshold condition was simply the stress required to activate the Frank-Read source in the 

second crystal [20]. However, the plastic behaviour was limited by the number of available 

slip systems to only one incoming and outgoing direction and one set of primitive GB 

dislocations. GB sliding involved full lattice dislocations (representative of a twin boundary), 

and could be `nucleated' in order to initiate stress relaxation at low shear stresses parallel to 

the interface. Absorption and dislocation transmission were enabled by inserting a Frank-Read 

source with exactly equal and opposite Burgers vector in the compatible glide plane in the 

secondary crystal. The line-tension slip transmission model was also applied for 2D 

transmission by Kumar et al. [137], and generalised models have achieved some success, 
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based on the basis principle of conservation of Burgers vector [138].  

In 2009, Li et al. established a methodology to reproduce polycrystal DD with `variable 

penetrability' to study the influence of the GB structure and crystallography on the Hall-Petch 

parameters [54]. The threshold stress required to penetrate the interface was influenced by the 

GB energy and the energy contribution of the residual Burgers vector. The same approach 

was used to model 3D polycrystal DD with penetrable interfaces in two published studies [16, 

135]. These polycrystal methods were simplified considerably by restricting the number of 

available slip systems to only one system in the incoming and outgoing crystals. Gao's model 

introduces several terms to provide physics-based nucleation and transmission criteria, 

including a term for the intrinsic stacking fault energy and all cases implement a complex 

phenomenological law to reproduce ``dislocation emission of accumulated dislocation debris" 

[54, 135]. As expected, the model reproduced the relatively weak barrier strength of low angle 

GBs, whereas high angle GBs were impenetrable unless large pile-ups were present. When 

the GBs were modelled as impenetrable barriers, an unrealistically high Hall-Petch effect was 

observed with `infinite hardening' behaviour.  

2D polycrystal DD studies have proven to be very useful, despite the numerous simplifying 

assumptions, with a series of related studies that have elucidated several key aspects of the 

size dependent plasticity of polycrystals and variability of the Hall-Petch exponent [17-19]. 

These studies have also demonstrated the significance of the number of available slip systems 

(especially the ‘high Schmid’ systems), and the influence of stress gradients caused by pile-

ups in these systems [19]. 

More recent implementations involving ‘pseudo-3D’ polycrystal DD studies, verify that a 

polycrystalline representation of DD simulations must consider inter-granular slip when 

studying cases with high initial source density, small initial grain size or very intensive plastic 

deformation [16, 135]. These studies provide a much richer characterisation of the 

deformation mechanics and show potential to enable reasonably accurate predictions of 

realistic polycrystalline properties [15]. Despite their significant advances, however, the 3D 

polycrystal DD methods still fail to account for truly multi-slip behaviour because there is an 

artificial constraint on the available slip systems enabled for transmission events. The methods 

used to establish the bicrystal geometry are not specified, and it remains unclear whether it is 

possible to generate additional polycrystals of arbitrary size, shape or complexity. 

Furthermore, there is no account made for the internal energy or local stress field that is 
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generated by the intrinsic defect content within a GB itself. Nonetheless, the results of these 

previous 3D polycrystal DD studies verify that a polycrystalline representation of DD 

simualtions must consider inter-granular slip when studying cases with high initial source 

density, small initial grain size or very intensive plastic deformation [16, 135]. 

2.9 Summary 
This chapter has presented a brief background on the subject of modelling the fundamental 

characteristics of plastic deformation with discrete, multiscale atomistic (MD) and dislocation 

(DD) simulations. This chapter discusses the key characteristics of polycrystal plasticity, and 

the importance of realistic models of intercrystalline slip processes for the understanding of 

fundamental strength – ductility relationships. The importance of a 3D representation, with a 

full set of available crystallographic slip systems and pile-ups are particularly important for 

analysis of Taylor model, Hall-Petch and strain burst effects. The significance for industrial 

applications was verified in terms of substantive literature on the subject of GB engineering, 

particularly in terms of the burgeoning sector of nanocrystalline material manufacturing. 

The prevailing multiscale simulation frameworks were introduced, and shown to be limited 

by atomistic time/size constraints or by single crystal plasticity assumptions. The underlying 

principles and suitable applications were considered for MD (atomic), DD (mesoscale) and 

NEB (fundamental energy criteria) studies. The importance of a discrete representation based 

on accurate multiscale constitutive models was discussed. An extensive review of previous 

attempts to achieve polycrystal DD simulations shows a vast gap in the literature, with the 

majority of existing attempts limited to a 2D description or a rudimentary, constrained 3D 

implementation. A resurged interest in GB engineering implies the value or modelling the GB 

structure-dependent plasticity. This section verifies there is a significant novel scientific 

contribution to be obtained by developing a realistic 3D implementation of polycrystal DD.   
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3.Chapter 3                                                                                          
Structure-Dependent Grain Boundary Properties 

3.1 Introduction 
This chapter describes the initial stage of the multiscale computational study, entailing an 

assessment of fundamental structure-property relationships of grain boundaries using 

molecular dynamics simulations (hereafter MD). 

Understanding the ‘physical causes’ of the structure-property relationships at the atomistic scale 

has been the subject of considerable interest since the latter 1970s [139, 140]. Although the 

relationship between GB free volume and potential energy is fairly well-established [141, 142], 

there remains a limited understanding about the influence of defects which can result in a highly 

non-equilibrium GB structural state [64, 143, 144]. Perhaps this is resultant from the 

overwhelming trend in atomistic studies; which emphasise the results of thermodynamically 

stable GBs. For this reason, the vast majority of atomistic studies of GBs in the literature are 

predicated on the assumption that a single GB structure is sufficient to model the characteristics 

at any misorientation angle and inclination plane [105, 107, 145, 146]. Such studies are useful 

for evaluating fundamental and ideal elastic properties of polycrystals, but not necessarily the 

non-equilibrium effects. This causes significant challenges when attempting to model the multi-

variable structure-property-energy relationships. Despite this, a recent extensive review 

concluded that studies of GB energy show there is inherent variability and that future studies 

“must take account of the atomic structure and details of the bonding” [141]. 

Sutton et al. [147], hypothesized that GB structures with a high number of metastable states 

would exhibit lower energy barriers for defect interactions, due to accommodating mechanisms 

with GB structure transformation. The thermally-enhanced activation of defect nucleation from 

unstable GBs is inhibited by the activation energy barrier [148]. Correspondingly, the activation 

energy is evaluated directly from the difference between the current GB energy and that of the 

stable GB structure. Historically, a rigorous analysis of atomic effects has been limited by the 

lack of high quality, accurate inter-atomic potentials and insufficient computational processing 

power. Substantial developments in the NEB technique have also only become accessible in 

the latter part of this decade. Hence, a systematic analysis of the metastable GB structure 

equilibration mechanism by vacancy emission hypothesis (from [147]) has not been achieved 

until the present study. The interactions between vacancies and GBs have been implicated (and 
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recently measured [149]) to play a critical role during GB growth, migration and Coble creep, 

to facilitate diffusion effects and free volume shuffling [150]. Dislocation and vacancy 

interactions in real materials and/or thermal effects may cause non-equilibrium GB structures, 

in which case these metastable structures may play a role [151]. Furthermore, impurity atoms 

have been implicated in the process of GB structural ‘phases transformations’, causing 

multiplicity of GB structures in real materials [152]. In fact, the generation and emission of 

vacancies has been implicated as a geometrically necessary mechanism to enable GB migration 

and shrinking [153]. This occurs in order to release excess stored free volume that could not be 

eliminated elastically. These results also indicate that there is a direct relationship between the 

GB structure and the capacity for vacancy emission. 

This chapter presents an investigation of the significance of GB structure, in terms of the 

multiplicity of available metastable or non-equilibrium bicrystals with MD and NEB 

simulations. Section 3.2 and Section 3.3 describe features of the common simulation set-up, 

and the approach to perform GB structural characterisation, respectively. A study of the 

mechanisms and origins of metastability in ‘realistic conditions’ is presented in Section 3.4. 

Section 3.5 discusses the implications of multiplicity of GB structure, and considers variability 

as a parameter that influences the interfacial susceptibility for dislocation interactions. 

3.2 Methods and Theory 
This chapter section describes the techniques and computational tools which were used for 

structure characterisation in subsequent chapter sections. The background theory and insights 

obtained from the successes and failures of the past are also provided to help affirm the 

validity of the approach described. It is noteworthy that in subsequent sub-sections, the 

procedure applied varies, depending on the application and characteristic of interest in the 

study, however the basic set-up to generate and equilibrate the bicrystals remains consistent. 

3.2.1 Classifying GB structures 

Any GB structure may be defined by five degrees of freedom, with three required to describe 

the relative tilt angle and axis for the rotation between the two grains, and two required to 

define the orientation of the boundary plane in either grain. A generalised approach to define 

a GB involves the following three parameters: (1) Misorientation angle, θ; (2) Misorientation 

tilt axis [𝑢𝑢 𝑣𝑣 𝑤𝑤]; and (3) Normal vector to the GB plane, N1,2= [ℎ 𝑘𝑘 𝑙𝑙]. However for a 

symmetric tilt boundary, the boundary normals and tilt angles are complimentary. 
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Furthermore, with a symmetric tilt GB around the [001] tilt axis, it is possible to trial various 

structures with different combinations of h and k (with l=0), where the misorientation angle, 

θ defined in Equation 3.1: 

1 1 2

1 2
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N N
N N

θ −  •
= −  

 
 

(3.1) 

Thermodynamic equilibrium GB structures may be effectively classified by the coincidence 

site lattice (CSL) notation, which assigns a sigma number that is equal to thereciprocal of the 

ratio of coincidental lattice points to the total number of lattice points [154]. The CSL Σ GB 

classification is particularly valuable for GB research because experimental characterization 

of the CSL value can be easily obtained from electron backscatter analysis [155]. For a 

symmetric tilt GB around the [001] axis, the sigma number, Σ, is found with Equation 3.2: 
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3.2.2 Bicrystal geometry 

For the atomistic analysis of GB properties in this chapter, a consistent bicrystal geometry 

was utilised in all cases with approximately identical sizes, however sometimes involved 

different interatomic potentials. This geometry was selected to eliminate independent 

variables associated with GB curvature, geometry-induced stress concentrations and to isolate 

a single GB structure. Furthermore, the utilisation of symmetric tilt GB structures eliminates 

any crystallographic discontinuity, as both single crystals have complimentary slip systems 

The bicrystal construction was defined in such a manner that it resulted in the minimal 

simulation cell height that retained a nominal inter-GB spacing of 15 nm, which is consistent 

with previous studies [105, 111, 112]. Because we use MD simulations with 3D periodic 

boundary conditions, the specimen has two ‘quasi-infinite’ planar GBs at either interface 

between the two vertically stacked ‘quasi-infinite’ grains of 15 nm height. Figure 3.1a and 4b 

illustrate the characteristic bicrystal geometry utilised in many GB structural models in several 

chapters within this thesis. 
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Figure 3.1: Bicrystal dimensions for analysis: a) Σ5 Bicrystal; b) Top and Bottom GBs; c) 1 

GB unit 

The default crystallography utilised in the present study, is consistent with the description of 

a symmetric tilt Σ5(310) GB around the [001] tilt axis, with the crystallographic orientations 

illustrated in Figure 2.1a. However, a Σ13(510) bicrystal was also utilised in this chapter, 

subsection 3.5, and in Chapter 4, Section 4.4. The structure of a minimum energy pure-tilt GB 

is comprised of an array of ‘GB units’, such as shown in Figure 3.1c, which can be used to 

provide a simple but effective means of qualitative classification [140]. 

3.2.3 Generating stable and metastable GB structures 

In this study, the approach used to generate GBs involved relaxing the simulation cell from a 

variety of initial crystallographic configurations to achieve a fully-dense, local minimum 

energy structure. The global minimum energy (i.e., ‘stable’) GB structure was obtained using 

the rigid-body translation procedure established by Rittner et al. [156] and Tschopp et al. 

[157]. Namely, the top crystal was displaced along the two axes perpendicular to the GB 

normal by 20 increments up to the lattice parameter. In addition, a deletion criterion with an 

iterative ‘gap distance’ was applied to remove atoms within a ‘region of overlap’ adjacent to 

the GB plane between the top and bottom crystal orientations. Subsequently, the conjugate 

gradient minimisation technique was used to relax the atomistic structure until an energy 

tolerance was reached, which by default was 1.0 × 10-20 eV. In this manner, several metastable 

and one stable bicrystal can be obtained for various symmetric or asymmetric tilt 

crystallography [111]. 

Each bicrystal file was distinguished by the total bicrystal defect energy (γbi), which was 

determined from the excess energy exceeding the equilibrium cohesive energy (Ecoh) that is a 

characteristic of each material and is defined by the EAM potential. γbi can be evaluated with 

per-atom quantities in MD simulations, according to the relationship in Equation 3.1: 
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Where C is a unit conversion constant (in this case, C=16021 mJ/m2), PE is the total potential 

energy of all atoms within the simulation, N is the total number of atoms, and AGB refers to 

the GB surface area. A factor of two is applied in the denominator, accounting for the two GB 

areas. To evaluate the excess energy in an individual GB (γgb) out of the two within each bi-

crystal, the same calculation was applied however the atoms used to evaluate the PE and N 

were restricted to a finite region adjacent to the GB. After several analyses with metastable 

GBs, it was found that γgb changed as a function of the size of the region used to define the 

GB atoms below a threshold limit. However, within ± 1.5nm, the γgb became independent of 

increasing GB region size; hence, this was used for calculating γgb.  

Metastable structures are indicative of local minima in the potential energy curve that remain 

stable at 0 K due to an absence of thermal energy to exit the local potential well. The 

energetically unfavourable structures obtained using the iterative rigid body translation 

procedure described in Section 3.2.3 can be studied with static (0 K) simulations. This is 

because the convergence criterion is met when the gradient of the potential energy approaches 

zero, which including shallow local energy minima [158]. In other words, it may be possible 

for a thermodynamically unstable configuration to be metastable despite a high potential 

energy state to remain stable at 0 K, because of a shallow thermal energy barrier. The basic 

principle is illustrated in Figure 3.2.  

 
Figure 3.2: Exaggerated potential energy curve for Σ 5 stable and metastable GBs 

3.2.4 Achieving a state of thermal and pressure equilibrium 

Retaining a fully-dense, minimum energy structure while performing dynamic simulations is a 

key pre-requisite for obtaining reasonable results in an atomic simulation heated to elevated 
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temperatures from an initially static (0 K) minimized GB structure. The initial velocity was 

assigned to atoms from a 0 K, static state in a controlled manner to improve the temperature 

distribution and avoid unrealistic atomistic displacements or atoms leaving the cell boundary. 

Any bicrystal must be gradually shifted from an athermal equilibrium state, to a heated 

temperature by rescaling the atomic velocities under an NVE ensemble. Subsequently, the 

system may be slowly equilibrated to a state of 0 MPa hydrostatic pressure and homogeneous 

temperature distribution with an NPT ensemble over a period of at least 20 ps. 

3.2.5 Summary 

This section introduced several key components of the atomistic analysis of GB structures and 

dynamic simulations involving variable bicrystal properties. The framework described 

comprises the vast majority of the groundwork for establishing bicrystal specimens used in 

several subsequent sections within this thesis. 

3.3 Structural Characterisation and GB Multiplicity  
This section will provide an overview of the approach used to classify and validate the GB 

structure characteristics obtained with MD simulations of bicrystals. 

3.3.1 Thermodynamic considerations of GB structure 

Grain boundaries (GBs) will tend to remain in a thermodynamic equilibrium state coinciding 

with the global minimum energy atomic structure. Systematic theoretical [159, 160] and 

experimental studies have shown that the equilibrium structures favour geometrically optimal 

characteristics that can generally be described by the structural unit model (or SUM)[159, 

161]. These SUM shapes are comprised of the free volume contained within the GB, and can 

be comprehensively a set of deltahedral geometries [162]. The structural characteristics are 

thereby a consequence of the initial configuration of the interface between the user-defined 

atomic crystallography used to generate the bicrystal, which dictates the distribution of free 

volume adjacent to the GB plane. The physical reasons for this set of structural configurations 

have been extensively described in an early study published by Asbhy et al. in 1978 [162]. 

The free volume is influenced by the cell dimensions and volume constraints, which results 

in a variety of possible distinctive metastable GB structures due to the geometrical constraints 

[142, 162]. In general, the structure retains a ‘stable shape’ equilibrium, which corresponds 

with the thermodynamic equilibrium state [163]. The energetic basis for equilibrium shape is 

currently understood to be related to the optimal configuration to obtain a fully-dense structure 
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while retaining the largest possible nominal inter-atomic distance [142, 162]. 

Lejcek et al. discussed the factors of GB atomic structure, and concluded that the most stable 

GBs consistently exhibit high atomic density, as shown by high resolution TEM imaging and 

also show a “universal tendency to produce well-matched structures” [164]. Experimental 

studies of the ‘special’ Σ5(310) GB, using high resolution TEM imaging [165] and X-ray 

diffraction analysis [166] have shown that several different GB structures can be observed to 

accommodate a given crystallographic misorientation in real metals. A high resolution TEM 

image showed that a Σ5 GB can dissociate into two distinctive GB structures [164]. More 

recently, an atomistic simulation study has shown that after a thermal-induced phase 

transformation, the theoretically ‘stable’ global minimum energy GB structure can be 

transformed into a different structure [146]. According to the SUM model, ‘special GBs’ are 

thermodynamically favoured structures comprised of a single periodically repeated basic unit 

[163]. Despite the preferred orientation of the stable ‘favoured’ structures, after observing the 

metastability of several GB structures that were not “energetically degenerate in general”, Vitek 

coined the term multiplicity to describe the structural variability possible for a given 

crystallography [140, 167]. 

It has been hypothesized that GBs which have a large ‘multiplicity’ of thermodynamic 

intermediate structures may be more favourable for the absorption and emission of point 

defects [147]. This is explained because the intermediates are beneficial to accommodate non-

equilibrium crystalline transformations and defect interactions [168]. Evidence in support of 

this relationship stems from the relatively high source and sink strength of high energy 

“general” GBs (i.e., very high number of possible GB structures) [140]. Conversely, high 

stability GBs that exhibit minimal multiplicity of GB structure have proven to be inefficient 

vacancy sources and sinks in experiments [169]. Several metastable GB structures have been 

observed in previous experimental [164] and simulation [107, 156] studies. In the present 

case, up to 30 metastable static Σ13 GBs could be obtained by controlling the parameters used 

to perform rigid body translations prior to structure minimisation [156]. We present a study 

based on atomistic simulations and validate the results with comparison provided with respect 

to experimental high resolution images. On the basis of these results, this chapter section 

considers the validity of the claim that multiplicity of metastable structures could be a viable 

intermediate structure and effect the propensity of a GB type to exhibit inter-crystalline 

dislocation reactions.  
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3.3.2 Qualitative structural analysis 

The first step for comparing and quantifying properties of multiple GBs was establishing an 

extensive, self-consistent ‘library’ of the multiple GB structures. In a comprehensive analysis 

of the thermodynamics of GB transitions, Lejček discussed the factors of GB atomic structure, 

and the potential implications of the formation of “favourable” GB structural units as opposed 

to non-favourable structures [163]. The most stable GBs consistently exhibited high atomic 

density, as shown by high resolution TEM imaging and have been commonly observed with 

well-matched structures [164]. According to the structural unit model, these “special GBs” 

are most energetically favourable when they are comprised of a single periodically repeated 

structural unit [163]. The structure is also considered an important factor for GB stability, 

however this has not yet been effectively quantified [170]. To provide a validly large dataset 

for verification of the authenticity of each metastable structure, four EAM potentials (referred 

to as EAM1 [158, 171], EAM2 [172], EAM3[173] and EAM4 [174]), and one modified 

(MEAM [85]) were used. Σ5(310) bi-crystals crystal structures obtained in this study were 

simulated with an EAM potential representative of pure FCC aluminium [171], and with 

conjugate-gradient minimization [158] with an energy tolerance of 1.0×10-25 eV/atom. The 

structural analysis results of the bicrystals obtained are provided in Figure 3.3.  

 
Figure 6a: a) Qualitative evaluation of metastable GB structural features 
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Figure 3.3: Metastable Σ5 36.9° GB structure library. b) GB structure-specific GB energy 

and GB free area 

Figure 3.3a shows the structural characteristics of Σ5(310) GBs. The only notable differences 

in GB structures A, B and C are a slight distortion to MEAM-B’ and all EAM4 structures. 

Figure 3.3b compares trends in the quantitative metrics for each structure, including the 

structure-specific GB energy (γgb) and GB free area. Note that the GB free area is distinguished 

as thin bars in the figure (red). The ‘stable’ structure A has a consistently lower γgb and GB 

free area than other structures. The overall trend observed in Figure 3.3b is that the GB energy 

varies with the atomic structure, where γgb,A << γgb,Y ≈ γgb,Z < γgb,B < γgb,C < γgb,X. The trend in 

the GB free area is less clear, except that structure C exhibits the highest value. Interestingly, 

structure MEAM-Z has almost the same free area as MEAM-A despite having a significantly 

higher γgb. This can be seen to correspond with an intrinsic interstitial atom contained within 

the GB core of this structure. 

The internal area within the structural unit of the GB core was used as an additional parameter 

to characterise the volume expansion normal to the GB plane, and quantify the physical 

‘shape’ of the structure. This area is referred to as the ‘GB free area’ and has been established 

in prior studies to be the ideal site for the ‘absorption’ of self-interstitial atoms [175]. The GB 

free area was evaluated in two dimensions only, with respect to the X and Y coordinates of 

the six atoms around the core of each GB structure. This is appropriate because full periodicity 

was observed in the z-dimension. 

Classifications for different metastable GBs can also be obtained with respect to the bonding 

structure, energy and stress-volume properties within them [144]. The R statistical package 

(version 3.1) was used to perform multi-variable parametric analysis, to obtain simplified 

correlations between the structure and details of the bonding and interfacial energy [176]. In 

accordance with theoretical expectations, the GB free volume tended to correlate with higher 
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GB energy (γgb) and these both correspond strongly with the GB structure [107, 170, 177]. 

Although the free volume was expected to strongly correlate with γgb [163, 170], an even 

stronger correlation was obtained using two different structural characteristics. The most 

statistically significant pair of parameters for correlating with GB energy were easily 

computed maximum per-atom values. These parameters were the maximum atomic Centro-

symmetry value (Pcsym,max) and potential energy (Epot,max). For example, EAM2-B had the 

highest value of Pcsym,max by more than 20%, with respect to other structures, whereas EAM1-

C and EAM2-C exhibited low Pcsym,max. This result reinforces the conclusion of Wolf et al. 

that the GB energy is dictated by the closest-proximity atomic bonds inside the GB [142].  

When considering correlated factors, it was important to consider the theoretical basis which 

would explain causality. The Centro-symmetry parameter directly measures deviations from 

the equilibrium bonding structure in the bulk, which has been hypothesized by many 

researchers to influence the γgb [141, 170, 178]. Pcsym,max is comparable to the ‘miscoordination 

coefficient’ first described in ref. [179]; and explained as a convenient quantitative metric for 

explaining the ordered structure of an equilibrium GB in ref. [180]. Pcsym,max was consistently 

identified as a unique characteristic of each GB structure, which makes it a very convenient 

representative of the ‘miscoordination coefficient’ to characterise the structure, because it is 

easy to compute with current MD software. Pcsym,max could be used as an effective indicative 

metric to evaluate the non-equilibrium bond structure characteristics of periodic atomic 

structures ‘on-the-fly’ in MD studies [112].  

The GB structure examples shown in Figure 3.4b-d are obtained from EAM1. These are 

qualitatively matched with an experimental high resolution image in Figure 3.4a, which is 

obtained with permission from reference [164]. Furthermore, they are matched exactly with 

published simulation results in the literature in Figure 3.4e-g, obtained from reference [146]. 
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Figure 3.4: Comparison of shape characteristics of Σ5(310) tilt grain boundary: a) 

Experimental HREM image of dissociated structure from [164]; b) Present study 
simulation structures; c) Literature-based simulation structures [146] 

Figure 3.4a. provides compelling evidence that Σ5(310) tilt GBs in real metals are not always 

constrained to a single atomic structure, corresponding with the global minimum potential 

energy configuration [164]. The GB structures seen in Figure 3.4 b., c. and d. are LAMMPs 

outputs for aluminium bicrystals from the present study, whereas e., f. and g. are copper 

bicrystals obtained with the ITAP MD software [181]. In particular, two structures are 

observed in the experimental TEM image, seen in Figure 3.4a., referred to as (A) and (B) 

[164]. These experimentally observed dissociated Σ5(310) tilt GBs match almost identically, 

the simulated structures.  

In the present study, non-equilibrium GB structures were observed during NEB simulations 

of dislocation nucleation, in which the end state was obtained with molecular dynamics at 

300K. The results are provided in Figure 3.5. 
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 Figure 3.5: Atomic structure of Σ5(310) 36.9° grain boundaries during dislocation nucleation 

Figure 3.5 shows that the GB must relax around the stacking fault, to accommodate the 

unfavourable atomic structural orientation. This suggests that the dislocation stacking fault 

induces a geometrically necessary, local structural transformation, which in this case reaches 

a state highly similar to Figure 3.4d and g. The sequence of structural changes provides a clear 

atomistic mechanism for the GB transformation. The destabilisation of the fully-dense crystal 

lattice, results in relatively low density adjacent to the stacking fault. This low density 

necessitates the absorption of interstitial atoms in adjacent GB units. The transition between 

Figure 3.5b. and Figure 3.5c. shows a localised transformation to accommodate interstitialcy 

migration, which is in agreement with the density-constrained phase transformation described 

by [146]. There is also significant qualitative consistency between the interstitial-transformed 

structure (Figure 3.5c.) and the experimentally observed TEM GB structure “B” (Figure 3.4a 

[164]). 

3.3.3 Discussion and conceptual framework for metastability 

Non-equilibrium GBs are observed in experimental studies at elevated temperatures [182]. 

Severe plastic deformation processing, which is used to create nano-crystalline metals and 

alloys, often results in the trapping of extrinsic dislocations within the GB structure [143]. 

Due to the strong non-equilibrium with multiple dislocation interactions, this can result in 

stable non-minimum energy non-equilibrium GB structure which is an important example 

where GB multiplicity is of key importance [143, 182]. 

With regards to Figure 3.4, The structure in g. was obtained from structure e., after the GB 

began to disorder at an elevated temperature of 800K to cause a localised “phase 

transformation” [146]. The transformation from e. to g., via thermal phase transformation 

provides significant corroborative evidence to suggest that multiplicity of GB structure may 
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be possible in real materials in special conditions. This also provides critical evidence that 

reversible transformation of the ‘stable’ energy structures can occur and be retained at elevated 

temperature. This is important, because it is noteworthy that structural stability was not 

retained in structure c., or structure d. when the bicrystal temperature was re-scaled and 

equilibrated to room temperature. GB structure stability threshold temperatures have also been 

observed by previous studies. For example, it has been shown that Σ9 GB structures which are 

structurally stable at very high temperature, will facet into low-energy Σ3 GBs when cooled 

between 95%- 35% of the melting temperature [183]. In contrast, the present study shows an 

example where a GB structure is only metastable at low temperatures and shows an important 

mechanism where GB structure multiplicity is tied to thermal induced stability threshold.   

With regards to the structure transformation observed in Figure 3.5, one interpretation of the 

final structural configuration is the formation of a GB-dislocation junction (or facet) between 

the GB dislocation and the leading partial of the incipient dislocation. The trailing stacking 

fault can be seen to penetrate the interior of the GB itself. In this interpretation, the GB 

structure transforms by locally dissociating into a triple-junction between the stacking fault 

and two GB-dislocations comprising “a Σ5 facet” and “a Σ3 facet”. This is similar to the 

faceting behaviour that is shown to occur when a metastable GB structure is cooled below a 

threshold temperature [183]. 

3.3.4 Summary of GB structure characterisation 

The significance of the structural multiplicity of GB structures at the atomic scale relates to 

the mechanisms of defect interactions (i.e., dislocation nucleation) and crystal structure 

changes (i.e., thermal phase transformation [146]). If the misorientation angle can be 

accommodated by multiple metastable GB structures with moderately low potential energy, 

these can provide a significant intermediate atomic transition state and can accommodate local 

geometric incompatibility. This also helps to explain why ‘non-Σ’ GBs, which have a high 

degree of structural multiplicity, have proven to be efficient vacancy sources and sinks in 

experiments [140]. It is typically assumed that once thermal equilibrium is achieved, 

structures will revert to the global minimum, stable energy state.   

3.4 Defect Interactions and Thermal Restructuring of GBs 
This chapter section introduces the conceptual framework and initial study results that 

contribute to the development of a ‘fundamental, atomistic basis’ for a multiscale thermo-
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kinetic model of GB structure effects. The relevance of this study is predicated on the 

observation that dislocations are affected by thermally activated processes that become 

energetically favourable as the temperature and stress approaches a threshold. Extensive 

structural analysis is used to characterise and classify the GB structures and provide a self-

consistent basis for comparing the effect of structural multiplicity on deformation 

mechanisms.  Results are provided to assess the relative source strength of the metastable and 

the stable GBs on the basis of nudged elastic band analysis of the emission of dislocations and 

vacancy defects. The mechanism of defect emission is discussed with respect to local changes 

in the atomistic structural transition states of the GB. 

3.4.1 Defect interactions accommodated by interfacial structures 

GB structures are thermodynamically driven to transition to the lowest energy configuration 

possible; however to date there has been little evidence to explain why specific GB structures 

have a low energy state. Furthermore, there is little quantitative demonstration of the 

significance of physical and GB structure characteristics on the GB energy, thermal stability, 

and the effect of temporary local GB structure transformations on defect interactions. 

Multiplicity of GB structures corresponds to the number of thermodynamically metastable 

energy states and has been observed in several studies of computer-simulated GBs at 0 K [107, 

147, 156, 184]. In the past, studies of GBs generally have generally assumed that the minimum 

energy structure alone is sufficient for studying the properties of the bicrystal GB interfaces 

[105, 107, 145, 146]. However, it is unlikely that the properties of real metals are only 

dependent on ideal GB structures. There are several examples of non-ideal GBs to support 

this, including non-equilibrium GBs [143], micro-faceted GBs [185], and local distortions due 

to dislocation-GB interactions [68]. The results of this analysis suggest the significance of the 

process of GB structure transformation, as a key mechanism for enabling defect–GB 

interactions [147]. 

The thermal stability of grain boundaries is directly linked to the energy, chemical and 

mechanical properties of polycrystalline metals. The bond structure and physical features at 

the atomic scale inherently determine the GB potential energy; however, the key causal factors 

that determine this relationship are not clearly defined [140, 141]. GBs also significantly 

influence the chemical and thermodynamic properties of materials by acting as a source or a 

sink for crystal defects [186]. Analytical studies from first-principles have proven that the 

emission or absorption of point defects from high energy tilt GBs is a thermodynamically 
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viable mechanism [186]. Furthermore, TEM studies have verified that the structure of the GB 

core can be an effective source of vacancies [187], and an effective sink for interstitials and 

vacancies [188]. A systematic simulation-based study found that the GB energy can be 

strongly correlated with vacancy absorption and emission [189], in agreement with an 

established analytical model [147]. Modelling the structure – property - energy relationships 

of grain boundaries provides considerable benefits for the understanding of the fundamental 

causes of the properties of polycrystalline materials. However, the conceptual framework that 

can explain the mechanism of defect interactions with GBs remains incomplete. 

3.4.2 Simulation procedure 

A Σ5(310) bicrystal was generated, according to the procedure outlined in Section 3.2.2. The 

same Four EAM potentials and one modified EAM potential (MEAM) potential were used to 

establish a self-consistent accuracy check for the GB structures. In this chapter section, the 

potentials are referred to as EAM1 [171], EAM2 [172], EAM3[173], EAM4 [174] and the 

modified potential is MEAM [85]. EAM potentials are rigorously fitted to many parameters; 

however retain slightly variable values for the cohesive energy, Ec, as shown in Table 3.1.  

Table 3.1: Important atomic values that change with interatomic potential 

 EAM1 EAM2 EAM3 EAM4 MEAM Experiment 

 Ec (eV/a) -3.360 -3.360 -3.411 -2.646 -3.353 -3.362 [190] 

The input scripts were self-consistent, however were adjusted according to the differences in 

the parameters in Table 3.1 for each potential, to obtain accurate results. 

To evaluate the properties of multiple atomic structures with stochastic thermal and kinetic 

effects and non-equilibrium energy states, it was necessary to establish a large data set to 

account for thermal and structural variability. 23 EAM1 bicrystals, 21 EAM2 bicrystals, 25 

MEAM bicrystals and 5 EAM3/EAM4 bicrystals were obtained, containing combinations of 

stable and/or metastable Σ5(310) GBs. Each bicrystal structure was distinguished by the 

excess bicrystal energy (γgb), calculated using Equation 3.3 in section 3.2.3. 

The 0 K metastable GB structures of the bicrystals were temperature and pressure equilibrated 

to 300 K and 0 kPa pressure over 500 ps, using an NPT ensemble with a coupled thermostat 

[89] and barostat [191]. For the initial ‘defect-free’ states, the 300 K bicrystals were 

compressed to a small stress below the nucleation threshold. They were then quenched to 0 

K, and energy minimized ([158]) using the conjugate-gradient method with an energy 
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tolerance of 1.0×10-6 eV.  

3.4.3 Novel computational procedure to achieve vacancy emission 

The mechanisms of interstitial and vacancy defect interactions with the GB structure were 

studied by modelling the translocation of an interstitial into the core ‘pocket’ of the GB 

structure. This process also involves a separate mechanism for vacancy migration and GB 

structural transformation so that the vacancy remain in a stable (isolated) distance from the 

highly metastable GB structures at 0 K. NEB analysis was used to evaluate the minimum 

energy transition for these processes, according to procedure outlined in Section 2.5.  

For the NEB analysis, 40 replicas were used to obtain a well-defined saddle point with the 

complex intermediary structures. A small spring constant (0.05 eV/Å2) was chosen to increase 

sensitivity with the high number of replicas being used. The convergence criterion was an 

energy tolerance of 1.0e-08 eV, which provided a highly converged energy solution while 

balancing the computational cost. When compared with a converged solution with an energy 

tolerance of 1.0e-10 eV, the difference in the energy barrier was less than 0.4% and required 

more than 800% longer simulation wall-clock time. The analysis was made more robust by 

comparing simulations using both the EAM1 [171] and the EAM2 interatomic potentials 

[172]. The MEAM bicrystal could not be compared in terms of activation parameters, due to 

inconsistency in the results obtained for the benchmark case of single vacancy migration, 

described below.  

This was achieved by explicitly repositioning three atoms; with one interstitial atom displaced 

to the centre of the GB core and a shift of the resultant vacancy by two atomic steps in a linear 

manner. Figure 3.6b shows the minimum number of atomic hops from the equilibrium 

structure to avoid generating an unstable vacancy that alters the GB structure. In contrast, the 

nominal atomic displacement required to initiate an irreversible transition for the metastable 

GB structures is shown in Figure 3.6c. It is noteworthy that after energy minimization, the GB 

structures interacted with this unstable vacancy, resulting in structure transformations in 

metastable GBs and causing the stable structure to revert to its original state (being the 

minimum energy structure). Figure 3.6a visualises the atomistic displacement pathways for 

both stable and unstable vacancy migration processes described. 
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Figure 3.6: Atom displacements for NEB simulation set-up: a) Simulation example of 

motion, b) Stable vacancy formation; c) Nominal irreversible vacancy effect 

The minimum energy interstitial-vacancy mechanism is well-established to be the reversible 

formation of a GB-Frenkel pair [175]; however this mechanism was found to be entirely 

reversible with minimization (even at 0 K). Likewise, modelling a 3-atom stepped emission 

of a vacancy was necessary to obtain an irreversible transition with the stable GB structure A. 

Stable vacancies also produced qualitatively consistent outcomes, which were very helpful 

for studying the structural mechanisms.  

The exact procedure used to obtain a stable end-state for NEB simulations with a dislocation 

loop at 0 K was very similar to the methods described by McPhie and Berbenni [192]. Namely, 

the 300 K bicrystals were stressed by applying a constant compressive strain at a rate of 

1.5×109 s-1 until the first dislocation content was nucleated, which is consistent with previous 

similar studies [144, 193, 194]. The simulation cell was rapidly quenched to 1 K under an 

NVE ensemble. The atomic velocity (hence the kinetic energy) was then reduced to zero, and 

the simulation energy was minimized by the conjugate-gradient method, with an energy 

convergence criterion of 1.0×10-6 eV, in agreement with the approach in ref. [192]. The 

dimensions were rescaled to exactly match the undeformed conditions of the ‘initial state’ 

bicrystals. A canonical (NVT) ensemble was applied with a nominal temperature of 0.1 K to 

enable the energy of the configuration to be re-adjusted; and the bicrystals were structurally 

relaxed with the “fast inertial relaxation engine” (FIRE) ([195]) minimization to an energy 

tolerance of 1.0×10-6 eV. NEB simulations were performed with the replica package in 

LAMMPs [21], using 40 replicas and the FIRE minimization algorithm with the same 

convergence criteria [195].  
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The general steps involved in the NEB analysis included: 

1. Step 1: 

A rigorous procedure was used to obtain fully stabilised energy states, for the initial and 
final NEB atomic replicas. All metastable bicrystals were minimized using the conjugate 
gradient minimization algorithm to an energy tolerance of 1.0×10-25, and the dimensions 
were re-scaled to be identical at the initial and end states.  

2. Step 2:  

Three atoms or two atoms were displaced linearly by the magnitude of a dislocation Burgers 
vector (2.865 Å) along the appropriate < 1 1 0 > close packed slip system shown in Figure 
3.6a and 2(b). Atomic displacements were user-defined, by explicitly re-assigning the xyz 
position in a LAMMPs MD simulation. 

3. Step 3:  

An initial relaxation was performed by conjugate gradient minimization [158]. The 
dimensions were re-scaled in a second stage followed by a minimization using the 
“quickmin” algorithm to an energy tolerance of 1.0×10-25 eV [109].  

4. Step 4: 

A fully three-dimensional NEB analysis was also performed by repeating the full procedure, 
however with the simultaneous displacement of two atoms in all 38 (001) planes. This was 
possible by taking advantage of the observation that each (001) plane was identical with a 
spacing of 0.405 nm in the z-direction, and noting that in LAMMPs the atom IDs were 
exactly incremental across adjacent planes.  

5. Step 5:  

The transition states were interpolated and the minimum energy path was obtained, using 
the NEB technique with the parameters described in section 2.2.1. The final atomic 
configurations of transition replicas were output for visualisation [97]. 

3.4.4 NEB analysis of vacancy emission and GB structure transformation 

The results of MD simulations and NEB analysis are presented and used to establish 

conceptual models and assess the mechanisms involved in GB-defect interactions and thermal 

destabilisation. As discussed in Section  [168], Figure 3.4a shows that the dissociated structure 

seen in an experimental high resolution image of a Σ5(310) GB exhibits shape characteristics 

nearly identical to structures A and X in Figure 3.3a [185]. GB structures A, C and X almost 

identically match the multiple Σ5 GB structures shown in Figure 3.4b generated by thermally-

induced phase transformation at 800 K [146]. This also provides evidence that in some 

circumstances, structural transformations of the ‘stable’ energy GB are possible and may be 

retained at elevated temperature.  

It was important to first ensure that the empirical interatomic potentials being used could 
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accurately predict ‘real-world’ values, when applied to the pure FCC aluminium systems 

being studied. The most simple benchmark involves the energy barrier for single-vacancy 

migration, which was used to establish a basis for comparing EAM1 [196], EAM2 [197] and 

the MEAM potential [85]. The results were also compared with the theoretical activation 

energy barrier calculated from first principles in Table 3.2.  

Table 3.2: Energy barrier for vacancy migration and formation with different EAM potentials 

 EAM1 EAM2 MEAM Literature 

Vacancy migration energy (eV)   0.6341 0.6478 0.5045 0.60 ±0.02 [198] 

Table 3.2 suggests that the two results of the NEB analysis using EAM potentials are suitable 

for self-consistent comparison in terms of the process of single vacancy migration. The results 

were also within the bounds of the activation energy for single vacancy migration in real-

world pure metals from experiments between 360-480 K (0.66 eV [199] to 0.75±.08eV [200]). 

On the basis of the NEB results obtained, we present a conceptual framework for the 

mechanisms of single vacancy emission from the Σ5(310) GB structures. The qualitative basis 

for this model is provided in Figure 3.7a, which shows the metastable GB structural 

transformations which facilitate the absorption of an interstitial atom. Figure 3.7b shows the 

mechanism for vacancy emission from the stable GB ‘A’. The change in potential energy (in 

eV) is included for the EAM1 transformation at each intermediate transition state, with respect 

to the initial defect-free state. The overall change in potential energy for the EAM2 

transformation is also included in parentheses with the final replica. Transformations to the 

stable Σ5(310) structure ‘A’ are emphasized by yellow solid lines, less favourable GB 

structures are shown in red solid lines and unstable intermediates are shown in dotted lines.  
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Figure 3.7: Mechanism and transitional NEB replica energy of vacancy emission from GB 

structures 

Figure 3.7a shows that the emission of a vacancy from the ‘metastable’ GBs always begins 

with significant structural transformation within at least two structural units without any 

disruption to the atomic order beyond the GB core. This is significant because it does not 

follow the user-defined mechanism used to transition between the initial and final states (i.e., 

a simple linear migration of three atoms). This demonstrates the effectiveness of the NEB tool 

to evaluate coordinated multi-atom transitions that are too complex to predict. 

Figure 3.7b shows the process of vacancy emission from the ‘stable’ GB structure with no 

thermodynamic driving force of excess potential energy to drive structural transformations. 

In contrast to the case with a stable GB structure in Figure 3.7a, the GB structure transforms 

when an interstitial atom penetrates the GB core before. A structural transition is only initiated 

after interstitial absorption, and involves simultaneous migration of atoms in the bulk. It is 

noteworthy that after the absorption of an interstitial atom, the ‘stable’ structure temporarily 

transforms by forming a local +ve and a -ve step in two structural units.  

Figure 3.7 shows that in all cases, vacancy emission is coupled with GB structural 

transformations involving different metastable structures. Importantly, the end-state replicas 

of the metastable structures always contain at least one structural unit of the minimum energy 

structure ‘A’. According to Figure 3.3b, structure Y has significantly less potential energy and 

hence a lower thermodynamic driving force to transform than all other metastable GBs. As 

quantified in Figure 3.8a, structure Y transforms vigorously to structure A in a more rapid 

manner than any other metastable GB. This indicates that the kinetic energy barrier required 

for atom displacement and structural transformation from Y to A is very small; enabling an 

easy release of potential energy which drives defect interactions. Structures B and C exhibit 

substantially higher energy barriers for vacancy formation, despite having significantly higher 

γgb potential energy than that of structure Y. In mechanistic terms, the kinetic effects can be 

described as a time-dependent energy sink during the atomic displacement necessary to 

transform to structure A.  

Figure 3.7a shows that structure X almost immediately transforms to a slightly lower energy 
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‘combination’ GB structure containing units of GB C. Conversely, structure C transforms less 

favourably to structure X in two adjacent units. This suggests that GBs X and C have high 

structure compatibility, with a negligible physical barrier for reversible transformations. This 

could accommodate more defect interactions.  

Figure 3.7b provides evidence that defect interactions with the energy stable structure ‘A’ may 

require a geometrically necessary localised dissociation to a less favourable structure. In self-

consistent terms, the immediate ‘+ve and a –ve’ stepped structure could be described as a local 

unit of metastable structure B. GB interactions with dislocations [64] and vacancies [187] are 

common in real materials, which could contribute to the formation of dissociated and 

metastable GB structures observed in real metals [185]. At the stable end state, an interstitialcy 

migration mechanism results in an asymmetric lattice relaxation. This creates a new pocket of 

GB ‘free area’, which is qualitatively consistent with EAM1 structure X.. 

These results provide evidence to support the hypothesis proposed by Sutton et al. [147], that 

GB structure transformation may accommodate vacancy emission and absorption. A rigorous, 

systematic analysis of this mechanism has only become possible in the last decade or so, due 

to the development of many high quality EAM potentials and improving computational 

processing speeds. Hence, after 30 years the present study is the first to establish a multi-

parameter, self-consistent demonstration of the atomic mechanism for metastable GB 

structure – vacancy interactions using NEB analysis. This study is also the first to demonstrate 

the mechanism without requiring the user to create voids artificially by deleting atoms, such 

as is seen in [147] and [146], or artificially moving a single atom directly to a “perfect lattice 

site far from the GB [201].” 

The energy barrier for vacancy emission was evaluated for each of the GB structures and was 

consistent to within ± 5.0% for at least 3 examples for each structure. Variability was 

observed for the cases of two-atom migration to form an unstable vacancy adjacent to the 

metastable GB structure (see Figure 3.6c). This is a result of the different interactions between 

the GB and the unstable vacancy, which resulted in partial or total absorption into the new GB 

structure. The results are shown in Figure 3.8. 
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Figure 3.8: Comparison of the energy barrier of individual GB structures. a) Comparison of 
energy barrier for stable and unstable vacancy emission for Σ5(310) GBs; b) Energy 

barrier for GB structure transition, without vacancy formation 

Figure 3.8a shows the saddle point energy barrier for vacancy emission (solid bars) and 

structure transformation (hashed bars). There is no significant difference in the energy barrier 

for vacancy emission from GB structures A and C, when comparing EAM1 and EAM2. 

However, EAM2 structure B exhibited a ~33% higher energy barrier than EAM1 structure B. 

This result was confirmed by 3 repeated analyses. 

The hashed bars in Figure 3.8a and Figure 3.8b show the minimum energy path for the 

nominal irreversible interstitial atom interaction with the metastable GBs. EAM1 structure C 

and EAM1 structure X absorbed an interstitial atom and transformed into another structure 

without the formation of an intermediate unstable partial vacancy defect. This corresponded 

with a low forward energy barrier for structure transformations, because the vacancy 

formation energy is entirely avoided. Conversely, EAM2 structure C required an intermediate 

state containing an unstable vacancy defect, which explains the relatively high energy barrier 

required to reach a saddle point.  

Figure 3.8b shows that EAM1-C and EAM1-B have a very similar forward energy barrier; 

however the reverse energy barrier is much greater for structure C. This corresponds with a 

significant release of potential energy from structure C, indicating substantial instability 
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compared with structure B. In general, the results suggest that structure B is slightly 

metastable at very low temperatures (i.e., <100 K), structure C is unstable at low temperatures 

and structures X and Y are completely unstable.  

3.4.5 Dislocation nucleation modelling 

This section presents a conceptual modelling framework and to explain the mechanisms 

involved in GB-defect interactions and thermal destabilisation. Using an atomistic analysis, 

the structural NEB transition states indicate the minimum energy path for the process of 

dislocation nucleation from GB structures of varying metastability. Figure 3.9 presents an 

analysis of the transitional GB structures, using Atomeye post-processing [97]. Figure 3.9a 

shows dislocation nucleation from metastable GB (EAM1-C); Figure 3.9b shows nucleation 

from the stable GB (EAM1-A); and 7c shows the saddle point for all of the GBs. 

 
Figure 3.9: NEB simulation results of dislocation nucleation from  Σ5(310) GBs. a): NEB 

replicas for minimum energy nucleation from a metastable  EAM1 GB; b): NEB replicas for 
minimum energy dislocation nucleation from the ‘stable’  EAM1 GB; c): NEB simulation ‘saddle 

point’ and total activation energy for several metastable GBs 
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Figure 3.9a shows that GB C is strongly driven to transform to a lower energy structure, which 

occurs before any crystal distortion is generated outside the GB core. After nucleation, the GB 

undergoes a local structure transformation that closely resembles the GB structure obtained 

after thermally induced phase transformation in reference [146]. Replica 8 shows the 

absorption of interstitial atoms into adjacent structural units, indicating transformation may 

be initiated by a density constraint-based driving force.  

Figure 3.9b shows that the energy stable GB ‘A’ is capable of structural transformation, in 

order to facilitate the generation of defects. The dislocation loop contains a stacking fault 

which is generated within the centre of the GB core. Partial dislocations are driven to ‘expand’ 

into a stable circular loop configuration. This provides a driving force for the dislocation to 

extend through the GB until it reaches the geometrically impenetrable interface. Partial 

dislocations destabilise the fully-dense crystal lattice, and causes adjacent atoms to expand 

around the stacking fault. This would correspond with a reduction in density unless the 

expansion was accommodated by pre-existing free volume, or absorbing interstitial atoms into 

adjacent GB units. It is noteworthy that the final structure is highly consistent with the stable 

structure seen after interstitial absorption into the core of GB A (refer to Figure 3.13b). 

The results in Figure 3.9(a-b) provide strong evidence for a physical driving force for GB 

structural transformation. This mechanism is in agreement with the density-constrained phase 

transformation described in reference [146]. The concept of localised structural 

transformations is hence identified as a favourable mechanism for defect nucleation from GBs 

in real metals, which could generate regions of metastable GB structures [202]. The 

thermodynamic driving force for structural transformations in high energy GBs to more stable 

GB structures would partially explain why non-equilibrium GBs with high γgb are favourable 

sites for dislocation nucleation. The driving force for dislocation nucleation and expansion, 

which will be called the nominal-dislocation driving force, also provides a mechanism for GB 

structure transformation. This includes a mechanically driven component to convert the elastic 

energy contained within the strained atomic lattice into kinetic and work energy during 

dislocation slip [1]. In addition, there is an energetic driving force to reduce the stacking fault 

area and ‘line tension’ of the dislocation [203].  

This section compares the average energy barrier for dislocation nucleation with EAM1 

bicrystals. The results are summarised in Table 3.3. 
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Table 3.3: Energy barrier for dislocation nucleation from EAM1 Σ5(310) GB structures 
  EAM1-AA EAM1-BB EAM1-CA EAM1-XX Literature Σ5(210) 

Energy Barrier 8.85 eV/nm 4.01 eV/nm 2.72 eV/nm 1.51 eV/nm 35.92 eV [192] 

Note that the activation energy has been normalized to units of eV/nm in this case, to provide 

a basis for comparison with inconsistent nucleated dislocation segment lengths. This is 

comparable with the total activation energy values, examples of which are shown in Figure 

3.9c. The total dislocation length (in nm) was calculated with the Crystal Analysis tool [99]. 

The results show that dislocation nucleation is significantly influenced by the initial structure 

of the 0 K metastable GB. This is due to the high energy state of the metastable GBs, which 

retain a highly non-equilibrium structure after rapid heating to 300 K and elastic straining (see 

reference [144]). 

3.4.6 Discussion 

The activation energy for vacancy emission from the GB is mostly independent from the 

differences between the crystal properties of pure Al in EAM1 and EAM2. For example, 

EAM1 and EAM2 produced inconsistent values of minimum γgb of 465 and 494 mJ/m2, but 

highly consistent Ea,vacancy of 1.16 and 1.19 eV, respectively. This indicates that NEB coupled 

with MD may be useful for evaluating fundamental energetic properties, despite errors and 

inconsistencies between inter-atomic potentials, such as Ecoh (refer to Table 3.1). In contrast, 

physical quantities, such as yield stress and elastic constants, are unlikely to be realistic 

approximations of real material properties and are highly potential-dependent.  

The thermo-kinetic analysis indicates that all of the metastable structures, A, B and C are only 

metastable at 0 K, in a strict sense. This study provides a probable mechanism for the structural 

transformation from a metastable to a stable state, and shows that all 0 K metastable structures 

are unlikely to remain coherent at moderately elevated temperatures. This is true for GBs 

constrained within the bulk of a material where there is no free surface, and without requiring 

the assimilation of pre-existing vacancies. In fact, rather than requiring the interaction with 

pre-existing internal defects, this study suggests that the gradual structure relaxation of GBs 

could provide a vacancy source that explains the defects observed intrinsically in real metallic 

solids. Structure stability was not observed for any of the metastable GBs under normal 

conditions, and structure X is not expected to be commonly observed in real FCC metals 

(although it can exist in non-equilibrium cases, such as from ref. [146]). 
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The original aim of the work in this section, involving an analysis of the mechanisms of vacancy 

and dislocation emission from GB structures, was to show structure-specific source and sink 

efficiency of GBs for crystal defects. However, in the case of metastable structures, the 

instability of the GB structure itself caused a spontaneous structural transformation which had 

greater significance than the implications for defect interactions. However, this study also 

showed that with a fully-dense, thermodynamically stable GB (i.e., global minimum energy 

state), it is possible to initiate a transition to a less favourable structure during interactions with 

defects such as dislocations or vacancies.  

3.4.7 Summary and significance of GB structure transformations 

To evaluate whether there is a structure-dependent correlation with the activation energy for 

vacancy emission and interstitial absorption from GB interfaces, an study was carried out in 

terms of the structure stability of multiple metastable Σ5(310) GB structures. The work in this 

section was the first case of a study to quantitatively analyse the thermal stability of metastable 

GB structures to explain mechanisms for thermally driven GB structure transformation. Some 

of the key points in this chapter section include: 

• The energy barrier required to generate vacancy defects can be closely correlated with 

features of the GB structure. 

• The thermal stability and transition temperature for metastable GBs can be predicted 

from NEB simulations, by generating an unstable vacancy adjacent to the GB and 

relaxing the structure with molecular static minimization.  

• The thermodynamic stability of Σ5 GB structures from least stable to most stable is not 

well-explained, solely on the basis of excess GB potential energy of a metastable 

structure. 

• The thermal stability of metastable GBs is influenced by kinetic effects and structure 

characteristics in addition to the GB potential energy. 

• The characteristics of dislocation nucleation from stable and metastable GBs 

demonstrate a clear driving force for GB structural transformations in real materials 

• Structural multiplicity and the driving force to transform to lower energy structures 

helps to explain the reduced strength of high energy GBs. 

The atomic mechanisms of dislocation and stable vacancy emission demonstrate a strong 
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physical driving force which is shown to be capable of initiating structure transformations in 

the global minimum energy GB. The qualitative and quantitative agreement of NEB results 

demonstrated greater consistency than many of the free volume, strength or ductility metrics 

when comparing stable GBs from different EAM potentials. 

3.5 Effect of GB Variability on Dislocation Nucleation 
3.5.1 Introduction 

Recent large scale (140 million atoms) molecular dynamics simulations of deformation in 

nano-twinned polycrystals have demonstrated that dislocation nucleation becomes the rate-

limiting phenomenon which dominates plastic deformation with grain sizes less than ≈15 nm 

[105, 111, 112]. A dislocation nucleation, energetic analysis can provide a very valuable, 

scale-invariant parameter for multiscale modelling. This chapter section provides a novel basis 

for quantifying the dislocation nucleation phenomenon, to inform numerical mesoscale 

constitutive models. To this end, the present study involved a comparison of 19 non-

equilibrium bicrystal structures, established with atomistic simulations.  

The vast majority of existing constitutive models for predicting the onset of GB-mediated 

dislocation nucleation are based on atomistic bicrystal studies containing equilibrium GB 

structures [107, 156, 194, 204] or twins [157, 205, 206]. Although such models could be useful 

for estimating the optimal mechanical properties obtainable with precise GB engineering, they 

are not necessarily representative of realistic GBs which contain defects and instantaneous 

Frenkel-pair instabilities [207]. Atomic simulations of metastable or non-equilibrium bicrystals 

offer a unique opportunity to study the effects of energy and structure-specific properties, 

independently from geometrical variables relating to crystal orientation, such as the Schmid 

factor. Table 3.4 provides a brief review of significant parameters from prior research. 

Table 3.4: Overview of dislocation nucleation criteria from literature 
GB geometry Feature of interest Key parameter Reference 
Single crystal Prediction of full dislocation 

character 
elastic stability criterion 
(elastic constant tensor) 

[208] 

Four hexagonal 
columnar grains 

Deformation twinning from 
stacking faults 

Intrinsic stacking fault 
energy 

[209] 

Voronoi construction  ‘Realistic’ polycrystal 
geometry and behaviour 

Grain size (and texture) [210] 

Voronoi construction Predicting width of stacking 
faults (i.e., for trailing partial) 

Unstable stacking fault 
energy 

[211] 

Bicrystals  Structure comprised of “E 
structural units” 

Free volume  [212] 
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There is considerable uncertainty within the research community regarding the most significant 

parameters for predicting dislocation nucleation [70, 107, 212]. Early models were based on 

estimations of the critical shear stress resolved on one or two maximum Schmid slip systems 

[216]. It is now understood that nucleation is influenced by other stress components [107, 217, 

218]. General structural features of GBs such as ledges, facets, triple junctions and voids may 

enable activation of slip along non-favourable Schmid systems [107, 212]. The GB energy is a 

useful parameter for quantifying the relative differences between GB structures [105]. 

Additional parameters, such as The GB energy computed at 0 K provides a consistent 

benchmark, which can be easily validated from the literature [111].  

Equilibrium of the structure, GB energy and free volume was conventionally assumed, however 

has become the subject of renewed interest after observation of “non-equilibrium” GBs formed 

by severe plastic deformation [64]. However, to date there has been no quantitative analysis to 

correlate atomic scale non-equilibrium GB properties with the dislocation nucleation response. 

The GB energy, localised stress distribution [219] and local/non-local atomic free-volume [107, 

112] can be calculated in simulations to provide further insights about GB-structure 

relationships [212]. Recent studies suggest that free volume is particularly strongly inter-related 

with the GB structure and the dislocation nucleation mechanism [220]. This study was the first 

ever to attempt to quantify the correlations between GB structure, energy, metastability 

(including non-equilibrium), free volume and mechanical properties at elevated temperature. 

3.5.2 Simulation Procedure 

Fifteen metastable and one stable 36.87° (i.e., Σ5(310)) symmetric tilt bicrystals of pure FCC 

aluminium were constructed and distinguished according to their static (0K) interfacial 

energies, according to the methods described in Section 3.2. Three additional bicrystals were 

formed with a tilt misorientation angle of 22.62°, equivalent to Σ13 CSL GBs. Periodic 

boundaries were specified in all dimensions with a nominal gap of 15 nm between GBs, as 

recommended by prior investigations [105, 157].  

Dynamic simulations were performed from non-equilibrium bicrystal configurations, which 

Twinned nano-pillar NEB analysis; strain-rate 
independent energetic criteria 

Activation parameters [213, 214] 

Bicrystals with 
“STGBs & ATGBs” 

Nucleation mechanism from 
dissociated GBs 

Non-Schmid stress 
components 

[107, 215] 

Bicrystal of Ni Energetic nucleation criteria 
within control volume 

Static interfacial energy [105] 
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were created by thermalising the equilibrium metastable bicrystals to 300K, followed by 70 

picoseconds under a Nosé-Hoover barostat set to 300K and 0 Bar [191, 194]. The barostat 

timeframe was sufficient to relax residual stresses to an isotropic state as reported for non-

equilibrium GBs (or NEGBs) in [112]. In a prior study, a single, ideal GB (i.e., not metastable) 

was shifted from equilibrium using a sequential atom deletion and relaxation procedure [112]. 

The previous study sets a useful precedent for bicrystal studies with NEGBs; however, it does 

not compare the dislocation nucleation response of multiple NEGBs. In contrast, this study 

provides a unique framework by comparing a relatively large data set of multiple non-

equilibrium bicrystals (instead of only comparing between equilibrium and non-equilibrium 

[112]). The GB energy, free volume, atomic structure and stress distribution was unique for 

each of the NEGBs. The atomic orientation with respect to the applied loading (i.e., Schmid 

factor) is also identical in all NEGBs. Hence, by comparing the dislocation nucleation 

responses as a function of these parameters, this chapter section provides a unique and ideal 

basis for statistical correlations that quantify the significance of GB parameters. 

A constant, uniform compressive strain rate was applied perpendicular to the GBs to simulate 

mechanical loading. Most of the results were obtained using a strain rate of 5.08 s-1, which is 

consistent with the strain rates utilised in recent studies [105, 193, 194, 205]. Additional stress-

strain analyses of the elastic response were based on numerous simulations and strain rates 

between 91.0 10× and 101.5 10× , using bicrystals with smaller overall dimensions than shown 

in Figure 1. In these analyses, the x and z dimensions were roughly 1-4 lattice dimensions 

(between 2-5 nm) [156]. These simulations provide a reference for comparison, but only with 

respect to the elastic strain response, as dislocation self-interactions will cause substantial 

errors during plastic strain. Nevertheless, the results provide a useful basis for comparison of 

the influence of the GB structure and GB energy on the stress-strain relationship. The 

repeatability of the elastic response was also verified with these analyses. Strain was applied 

at 85.0 10× s-1 until a sharp drop in the yield was observed. Atomic data was output every 100 

femtoseconds, for visualisation and post-processing. Visualisation indicated the first instance 

of atomic disruption at the GB; and specialised output files at adjacent time steps were passed 

to the dislocation extraction tool described in Section 2.4.3, for analysis. This analysis 

provided the exact time step that crystal slip by a full Burgers vector was first obtained. Using 

this method, the nucleation mechanism was studied with respect to a single partial dislocation.  

The post-yield plastic deformation response was studied by ‘measuring’ the cumulative length 
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of all nucleated dislocations. This provides a good basis, assuming there is no substantial slip 

reversal [221] and that dislocation self-interactions are not overly significant (especially 

annihilation) [114]. The time step of the first occurrence of nucleation (coinciding with the 

critical shear stress threshold) in bicrystal C was selected as a basis. This deformation time 

was chosen because it provided an acceptable dislocation density for the majority of bicrystals 

(so previous stated assumptions are valid). Visual results of the nucleation analysis obtained 

in this manner are compared between a single crystal and bicrystals A, C, D, E, F, K and P. 

The study was performed for two different strain rates, 85.0 10×  and 101.5 10× s-1, to 

demonstrate effects of time-sensitive mechanisms such as localised GB relaxation [6]. Figure 

3.10 and Figure 3.11 show two adjacent atomic planes visualised along the [0 0 2] tilt axis. 

The peak stress alone fails to provide an ‘equal-footing’ basis for directly comparing the 

dislocation nucleation response, as it accounts for neither the accumulated elastic strain, nor 

the post-yield response. The DXA tool (see Chapter 2, section 2.4.3) [101] was used to 

compute the total length, Burgers vector, slip plane and character for each dislocation 

segment. This analysis provides a quantitative description of the dislocation response in 

relation to simulation state-variables of the NEGBs. This analysis provides a unique 

opportunity to evaluate the complex, non-linear behaviour of plastic deformation in a 

systematic manner. To the knowledge of the author, this is the first publication comparing the 

post-yield response of bicrystals at elevated temperature with respect to the dislocation content 

generated.  

3.5.3 Structural parameterization 

To study how the atomic free volume affects the deformation response, it was first necessary 

to establish the accuracy of the empirically-fitted EAM potential (from [171]) to match the 

theoretical per-atom volume. The per-atom volume was calculated from a simulation of a 

perfect single crystal at 0K, by dividing the simulation volume by the total atom count. The 

atomic packing density was accurate to within 0.00034% of the exact theoretical prediction 

(i.e., 0.74048 for FCC metals). To demonstrate the effects of temperature on the free volume, 

the same procedure was carried out for an identical single crystal after equilibration to 300K. 

In an infinite single crystal there was a volume expansion of only 1.118% on a total volume 

basis, and 0.77% on the basis of the middle and periodic regions. For bicrystal simulations, 

the free volume expansion for the middle and periodic regions (adjacent to GBs) was of the 

order of 6.8%. GB expansion was nine times greater than the thermal expansion effect alone, 



 

59 
 

 

indicating that thermal expansion of the volume does not predominate over the effect of GBs 

on the free-volume calculation. To provide an even basis for comparison (including for single-

crystal simulations), the ‘perfect crystal’ per-atom volume, 16.6075 Å3, which is equal to the 

theoretical value, was assumed. Hence, the free volume, (∅), for a region in an atomistic 

simulation can be computed using Equation 3.4.  

( ),1 16.6075 / 100%V t tN Vφ = − × ×
 

(3.4) 

where NV,t is the number the number of atoms within a specified dynamic volume, Vt, at a 

given simulation time step, which changes as the simulation volume is compressed or 

stretched. The atomic free volume was calculated as a percentage for the whole bicrystal, 

middle region and periodic regions at the initial time. The same parameters were calculated at 

the final time step after deformation. 

The ‘dynamic GB energy’ was evaluated for the non-equilibrium bicrystal structures, with 

respect to the cohesive energy of the bulk at thermal equilibrium. The non-equilibrium GB 

energy is not suitable to be evaluated with the static cohesive energy that is a characteristic of 

the interatomic potential (-3.36 eV/atom for the present case [171]). Hence, the thermally 

excited energy of atoms in the bulk was calculated as the mean of the per-atom potential and 

kinetic energy terms, obtained from the temperature-equilibrated single-crystal at 300 K and 0 

MPa hydrostatic pressure. The region at a sufficient distance from planar bicrystal GB 

interfaces is assumed to retain this bulk atomic energy state, as established in [157]. The per-

atom bulk energy at 300K was found to be -3.283 eV/atom (3SF), based on a simulation volume 

containing 368,640 atoms.  

Asymmetry in the interfacial structures may cause a mismatch between interfacial energies 

computed for the middle GB and the GB on the periodic top/bottom simulation boundary. To 

evaluate the bicrystal energy asymmetry at 300K, local interfacial energies are computed for 

the regions within one base unit length of the lattice adjacent to the GB interfaces (see Table 

3.5). Hereafter, these GB-adjacent regions will be referred to as the middle and periodic 

regions. To isolate any errors associated with a reduction in atomic sample size, the bulk per-

atom energy of a single crystal at 300K was calculated for the middle and periodic regions. 

The per-atom energy was identical in both regions, being -3.288 eV/atom for a sample of 

10,912 atoms which is quite consistent with the total average (-3.283 eV/atom).  

Figure 3.10 illustrates the variability of the interfacial atomic configurations of the metastable 
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states at 0K. Among the 16 bicrystals, 7 exhibited mirror GB structures, which are: A, B, H, 

K, L, O and P. A continuum-scale study demonstrated that the elastic strain in bulk crystal 

regions was minimised in bicrystals containing GBs of equal and opposite character [222]. 

This implies that bicrystals comprised of mirror structures should be more resistant to 

dislocation nucleation.  

 
Figure 3.10: Metastable structures and their corresponding GB energy at 0K, accommodating 

a symmetric tilt misfit angle of 36.87° (i.e., Σ5 CSL bicrystals) 

The minimum energy metastable Σ5 and Σ13 bicrystal structures can be readily validated with 

respect to images in the literature [155, 164]. The minimum energy bicrystal A, in Figure 3.10 

corresponds directly with the Σ5(310) interfacial structure, based on the structural unit model 

(SUM) [156]. Figure 3 also demonstrates that the static, metastable interfaces are comprised 

of a periodic structure, fulfilling a key requirement of the CSL description [223]. 

 
Figure 3.11: 16 non-equilibrium bicrystal structures and their GB energy at 300K 

The bicrystal structures shown in Figure 3.11 were initialised from the metastable static 

structures shown in Figure 3.10, however were structurally re-configured by a thermalisation 

procedure to 300K [191]. Even the so-called “stable” structure, bicrystal A, was somewhat 
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643 mJ/m2652 mJ/m2652 mJ/m2654 mJ/m2

556 mJ/m2555 mJ/m2

637 mJ/m2641 mJ/m2643 mJ/m556 mJ/m2

MLKJI N O P

GFEDCBA H



 

61 
 

 

disrupted by the thermalisation procedure. This result indicates that none of the static 

bicrystals exist in a strictly stable state, as defined by Rittner et al [156]. According to one 

experimental study with nanocrystalline samples, after low-temperature annealing there was 

non-equilibrium caused by dislocation relaxation during the recrystallisation process [64]. The 

“wavy, curved or corrugated” interfacial structures observed in Figure 4 seem to correspond 

neatly with the non-equilibrium description provided in reference [64].  

Due to the strong non-uniformity observed in the NEGBs in this study, it is difficult to derive 

any comprehensive structural insights from the 300K bicrystal images seen in Figure 4 (i.e., 

with techniques such as the SUM). Qualitatively, bicrystals A-B have two planar interfaces of 

minimal thickness, whereas bicrystals C-P have at least one interface with considerably 

‘thicker’ GB structure. These thick structures will be referred to as ‘quasi-amorphous’ (i.e., 

strongly non-equilibrium) interfaces, and have been found (for the first time ever) to 

contribute significantly to the dislocation content generated during deformation.  

The energy of the middle and periodic GBs was calculated to provide a numerical basis for 

differentiating between the interfacial structures. To better quantify GB structural features, 

the free volume was also determined in these regions. Refer to Table 3.5, for results.  

Table 3.5: Interfacial analysis of 17 36.9° bicrystal structures and 3 67.38° (Σ13) bicrystals 
Bicrystal reference No GB A B C D E F G H  Σ13A Σ13B 
Bicrystal static (0K) 
energy (mJ/m2) 0 Stable 

465 469 564 571 573 580 581 664  489 529 

Bicrystal 300K 
energy (mJ/m2) 0 469 473 561 562 570 555 556 651 

 497 511 

Middle GB 300K 
energy (mJ/m2) 0 466 473 471 476 466 466 609 606 

 0.132 0.1781 

Periodic GB 300K 
energy (mJ/m2) 0 463 462 613 618 618 584 462 527 

 4.1663 -0.0004 

300K Average Free 
Volume (%) 1.2863 1.286 1.284 1.322 1.325 1.319 1.323 1.320 1.36 

 0.132 0.1781 

300K Middle Free 
Volume (%) 1.2863 6.326 6.326 6.554 6.478 1.889 2.100 6.779 6.38 

 4.1663 0.00 

CRSS (GPa) 3.82 2.93 2.62 2.54 2.60 2.37 2.32 2.58 2.47  2.43 2.09 
 

Bicrystal reference H I J K L M N O P  Σ13C 

Bicrystal static(0K) 
energy (mJ/m2) 664 667 673 677 678 679 680 694 697 

 
551 

Bicrystal 300K 
energy (mJ/m2) 651 653 654 652 652 644 643 641 637 

 
534 

Middle GB 300K 
energy (mJ/m2) 606 604 603 610 604 572 610 591 593 

 
536 
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Periodic GB 300K 
energy (mJ/m2) 527 611 613 616 580 617 622 589 584 

 
485 

300K Average Free 
Volume (%) 1.36 1.36 1.36 1.356 1.357 1.363 1.367 1.367 1.372 

 
0.2122 

300K Middle Free 
Volume (%) 6.38 3.36 4.17 6.409 6.267 3.560 6.618 6.76 6.863 

 
4.1663 

CRSS (GPa) 2.47 2.42 2.42 2.29 2.41 2.34 2.36 2.24 2.41  2.10 

The energy calculated for the ‘Middle’ and ‘Periodic’ regions in Table 3.5 involves some 

uncertainty, due to the per-atom kinetic energy which is influenced by the probabilistic 

distribution of temperature. The ‘Bicrystal’ values average the kinetic terms over the entire 

volume, which smoothens out the local variability to provide a consistent basis for comparison 

with interface-specific quantities. 

Temperature-equilibration to 300K caused a reduction in the bicrystal energy in all cases, 

except for the minimum energy bicrystals (i.e., A and Σ13A) and bicrystal B. The general 

trend of the calculated bicrystal energies at 0K is consistent with the 300K energies (see first 

and second rows in Table 3.5). This consistency is shown by assigning each bicrystal into one 

of three groups. Bicrystals A and B comprise ‘low energy’ group, C-G comprise the ‘mid 

energy’ group, and H-P comprise the ‘high energy’ group. There is minimal energy difference 

within the low, mid and high bicrystal groups, but roughly 100 mJ/m2 difference between low 

to mid and mid to high groups. To verify that the bicrystals do not spontaneously shift to a 

global minimum energy structure, they were allowed to equilibrate by thermal relaxation. This 

was achieved using a sequence of simulations, with a Nose-Hoover thermostat set to 300K 

and a time step of 2 femtoseconds, for up to 3200 picoseconds. The most significant result 

was for bicrystal B, which continued to destabilise with increasing bicrystal energy over time. 

Bicrystals C-P, however, tended to transition towards a slightly more stable energy structure, 

with a maximum reduction of 8% in the bicrystal energy. This reduction is less than half of 

the difference between energy groups in Table 3.5. Spontaneous stabilisation to the static-

equilibrium structures was not observed after 3200 ps, including for the ‘stable’ Bicrystal A.  

The consistency of the bicrystal energy calculated at 0 K and 300 K in bicrystals A and Σ13A, 

with an error less than 2.0%, provides strong evidence that the ‘bulk’ per-atom basis provides 

a good approximation of the GB energy at elevated temperature. The GB energy decreases 

after increasing the temperature from 0K to 300K on a relative basis only, with respect to a 

corresponding increase in the ‘bulk’ per-atom energy (i.e., from -3.36 to -3.28 eV/atom – refer 

to section 2). In fact, an increase in the kinetic energy at 300K caused the total energy to 
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increase after thermalisation to 300K. Relative variability in the magnitude of bicrystal energy 

shift after thermalising to 300K can be noticed in Table 3.5within the three groups. Middle 

and periodic GB specific terms are particularly distinctive between different bicrystals. It may 

be concluded that the energy transition between 0K and 300K is not caused by a constant error 

in calculation (such as overestimating the bulk per-atom energy at 300K). Rather, structure-

dependent mechanisms of GB relaxation are likely to be involved [207].  

Despite inherent error in the middle and periodic region energy calculations caused by kinetic 

variability, the higher energy interfaces in Table 3.5 always coincide with the ‘quasi-

amorphous’ GBs observed in Figure 3.10. Based on these structure (qualitative) and energy 

(quantitative) results, it was predicted that the ‘quasi-amorphous’ GBs would be relatively 

more susceptible to dislocation nucleation.  

3.5.4 Variability in results of bicrystal plasticity 

To study the critical crystallographic characteristics of dislocation nucleation, the first 

nucleation of a single partial dislocation was analysed. In FCC metals, nucleation of the 

leading partial dislocation is thought to be rate-limiting [213]; so this analysis is representative 

of full-dislocation nucleation modelling (i.e., for mesoscale approximation). The dislocation 

extraction tool, described in Section 2.4.3, was used to analyse atomic output data that 

contained the atomic configuration 0.5 picoseconds before and after nucleation of a single 

partial dislocation. Figure 3.12, 16a and 17a show the dislocation results obtained for a single 

crystal, bicrystal A and bicrystal C, respectively. Figure 3.13b and Figure 3.14b show the 

atomic structure at the time step before the nucleation occurred, and were obtained using 

AtomEye [97] on the basis of per-atom potential energy and GB-normal stress. 

 
Figure 3.12: Simulation without a GB: Analysis of the dislocation content and uniaxial stress 

directly before and after the first dislocation is nucleated 

185000 femtoseconds184000 femtoseconds

Peak Stress = 7.80 Gpa (2DP) Stress = 1.62 Gpa (2DP)

Total Length = 
28.54 Angstroms
Partial dislocation
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Figure 3.12 shows a ‘bulk’ region in an infinite single crystal, before and after the first instance 

of homogenous dislocation nucleation. The image on the left is included to demonstrate that 

at the given initial time step there was, in fact, no dislocation content within the crystal. The 

nucleation proceeds by the generation of a complete partial dislocation loop, which is found 

to have an approximate global Burgers vector of [1.1���� 1.0 0.7]. The stress relaxation incurred 

by nucleating a partial dislocation is substantial, with a total reduction in uniaxial load of about 

480%.   

 

 
Figure 3.13: Simulation of dislocation nucleation in Bicrystal A. a) Dislocation content and 

uniaxial stress directly before and after dislocation nucleation; b) Potential energy and 
normal stress field at t=14,500 fs 
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Figure 3.14: Simulation of dislocation nucleation in Bicrystal C. a) Dislocation content and 

uniaxial stress directly before and after dislocation nucleation; b) Potential energy and 
normal stress field at t=14,500 femtoseconds 

Figure 3.13 and Figure 3.14 demonstrate the first instance of ‘heterogeneous’ nucleation from 

a GB interface in bicrystal A and bicrystal C, respectively. The dislocation length of the partial 

dislocations nucleated in these cases is substantially less (i.e., roughly 1/3) than that of the 

partial dislocation loop nucleated in a perfect crystal. This result coincides with a low 

activation volume for interfacial nucleation [213]. The global Burgers vectors of the nucleated 

dislocations are [1.1 1.0 0.7����] and [1.1���� 1.0 0.7����], for bicrystals A and C, respectively. These are 

consistent with the Burgers vectors observed in a single crystal, demonstrating that the crystal 

orientation did not cause any of the differences between the bicrystal and single crystal results. 

The stress dissipation is at least 30% less for the bicrystals than was observed for a single 

crystal. However, the stress was still considerably reduced after nucleation, with a magnitude 

of 266% and 332% for bicrystals A and C respectively.  

The magnitude of the Burgers vectors determined with the CA analysis was 1.64 Å, which is 

consistent with the theoretical value for a partial dislocation, 1.65 Å. The activated slip 

systems were the [2�  1� 1](1 1�  1), [1� 2 1�](1 1 1) and the [2� 1� 1�](1�  1 1) systems for the single 
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crystal, bicrystal A and bicrystal C, respectively. These slip systems coincide exactly with the 

maximum Schmid slip systems. Schmid analysis dictates that dislocation nucleation must 

occur in the bottom [3 1 0] crystal of bicrystal A and the top [3�  1 0] crystal of bicrystal C. 

The dislocation analysis results show that this prediction is correct. Given the geometrical 

equivalence of these slip systems (with Schmid factors equal to 0.4714) the difference in 

nucleation site is most likely related to direct properties of the GB atomic structure, given 

relatively negligible thermal (i.e., probabilistic) effects [77]. 

The results show that the potential energy is not particularly useful for predicting nucleation 

site. The per-atom Virial stress (i.e., the ‘GB normal’ stress) seems to provide a useful 

indicator of the region of nucleation. In the Virial stress analyses, the atoms in compression 

are shown in blue, and those in tension are shown in red. Bicrystal A, seen in Figure 3.13b, 

exhibits a regular sequence of groups of three atoms with high tensile stresses, which are 

surrounded by evenly distributed compressed atoms. However, within the periodic GB this 

regular atomic-stress sequence is not maintained in two of the groups (circled in red). This 

stress deviation corresponds with the nucleation location observed in Figure 3.13a. In Figure 

3.14b, it is more difficult to discern a pattern; however, an absence of highly compressed (dark 

blue) atoms in the regions outlined in red can be noted. This feature coincides with the 

nucleation sites (top and bottom) from the periodic GB, as seen in Figure 3.14a. These results 

also suggest that the general region of dislocation nucleation can be predicted by the 

distribution of the per-atom GB normal stresses in the atoms adjacent to the GB. Note that 

this correlation is not based on the magnitude of the stresses observed, but rather the absence 

of stress-symmetry and periodicity. This suggests that prediction of the nucleation site 

requires explicit simulation of the locally resolved stress field and cannot be predicted from 

macroscopic quantities.  

The following section presents the post-yield analysis of the cumulative dislocation content 

of selected non-equilibrium bicrystals and a crystallographically equivalent single crystal.  
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Figure 3.15: Comparison of metastable bicrystals at two different strain rates, on the basis of 

total cumulative (‘Total’) dislocation content  

Figure 3.15 demonstrates the nucleation behaviour of a perfect crystal and seven bicrystals, 

which have been deformed to: (a) a final total strain of 7.75% at a strain rate of 85.0 10×  s-1; 

and (b) to a final total strain of 9% at a strain rate of 101.5 10× s-1. Nucleation is only observed 

from the interfaces referred to as ‘quasi-amorphous’ (refer to Figure 3.11 and Table 3.5). The 

bicrystals are listed in order of their bicrystal energy. In general, higher energy bicrystals show 

more final dislocation content. However, the uncharacteristically large length of dislocations 

in bicrystal F in Figure 8a, compared with similar energy bicrystals C-E, shows that other 

factors must also contribute to the response. This result may be an artifact of a number of 

parameters in the simulation, or due to the localisation of residual stress within the initial 

structure (which relaxed elastically under lower loading rate in 8b). Bicrystals K and P are the 
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only examples which exhibited nucleation from the middle GB, which in these cases was a 

‘quasi-amorphous’ high energy GB structure. Only bicrystals K and P have a middle GB 

whose  interfacial energy at 300K is greater than the approximate ‘threshold’ GB energy of 

bicrystal C, 561 mJ/m2. This result implies that it is possible to estimate the probability of 

dislocation nucleation at a given time of deformation under constant strain rate, by computing 

the initial interfacial energy of each GB independently. 

Although the final applied total strain was increased by 20%, the simulations carried out at a 

strain rate of 101.5 10× s-1 resulted in considerably less dislocation nucleation than those carried 

out at 85.0 10× s-1. Refer to the lengths provided in Figure 7a and 8a for the exact increase in 

length observed. This shows that high strain rate simulations inhibit the initiation of 

nucleation. According to a recent time-dependent analysis of nucleation [6], this difference is 

explained by rate-limiting kinematic effects which are required for nucleation, such as strain 

relaxation by atomic shuffling at the GB. Without sufficient time to relax the ‘pockets of free 

volume’ and the stored elastic strain in the GB, a metastable high energy state will be retained 

and thus will not exhibit dislocation nucleation [6]. This could be one of the underlying 

reasons for a lack of consistency between simulations and observations, as also noted by 

several previous researchers [224]. By accelerating the process of plastic strain relaxation by 

diffusion processes, a recent study has indicated that dislocation slip is overestimated with 

respect to diffusion processes, in atomistic simulations [6]. Hence, the length of nucleated 

dislocations during plastic deformation is likely to be over-estimated in the analysis provided 

here. Consequently, the dislocation nucleation parameters calculated using atomistic 

simulations may not provide an accurate quantitative prediction of realistic phenomena that 

occur at much lower strain rates. However, because the analysis is based on a comparison with 

a consistent basis strain rate, this study isolates time-sensitive effects and hence provides clear 

insights relating GB properties (such as free volume and GB energy) with dislocation 

nucleation.  

The dynamic deformation response is analysed according to the averaged uniaxial stress, 

computed with the Virial Theorem [21], as is the standard procedure in MD simulations. The 

stress-strain values determined in this study provide a relativistic basis for demonstrating the 

effects of GB features on the elastic stress-strain response.  
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Table 3.6: Comparison of simulation parameters at peak stress: Comparison of stable and 
metastable bicrystals, with respect to single crystal  

 Ideal Metastable No GB 
Bicrystal reference A O Average C 0 
Young's modulus 
(GPa) 70.29 54.11 58.60 62.18 83.55 
Nucleation GB-
normal strain (%) -8.508 -8.441 -8.452 -8.524 -9.330 
Peak GB-normal 
stress (GPa) -5.98 -4.567 -5.180 -5.298 -7.795 
Critical resolved 
shear stress (GPa) -2.93 -2.24 -2.54 -2.62 -3.82 

Table 3.6 supports three findings of prior studies: (i) Infinite single crystals are the ‘strongest’, 

due to the high stress required for homogeneous nucleation [107], (ii) the effects of GBs on 

the elastic strain field can significantly reduce the critical shear stress for nucleation (by up to 

40%) [221], and (iii) the ideal bicrystal (i.e., with global minimum interfacial energy) is the 

strongest, with the highest shear modulus [105, 207]. The range in Moduli between the non-

equilibrium bicrystals (i.e., A, O and C) is significant, being similar in magnitude to the 

difference between a single crystal and the ideal bicrystal. An additional finding which is 

potentially of interest is that non-equilibrium bicrystal C exhibited greater elastic ductility 

prior to yield than bicrystal A, despite a significantly lower peak stress. According to the 

multi-component slip-system analysis described in reference [107], the [101�](11�1) and the 

[011�](111) slip systems are the most favourable for dislocation nucleation in the top and 

bottom crystals, respectively. These predictions of the favourable slip planes are confirmed to 

correspond with the activated slip systems observed in Figure 3.13 and Figure 3.14.  

3.5.5 Statistical analysis and discussion 

A systematic statistical approach was undertaken to quantify the dislocation nucleation 

behaviour with respect to the simulation state-variables. Linear regression is useful to 

determine which features may serve as ‘key parameters’, on the basis of statistical significance 

(i.e., within a 95% confidence interval). Linear regression may then be used to derive 

coefficients for the key parameters, to provide constitutive models for numerical predictions.  

 Linear regression analysis was performed using the R statistical package (version 3.0.1 [176]) 

to evaluate simple correlations between the structural features provided in Table 3.7. 

Correlations for the bicrystal GB features are obtained with respect to: (i) the final cumulative 

length, Ldisl, of nucleated dislocations, and (ii) the critical resolved shear stress, τcrss. Equation 
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3.5 is the correlation obtained that relates the final, cumulative dislocation length with the key 

parameters computed at the end-simulation state. Equation 3.6 is a predictive correlation for 

the critical shear stress as a function of initial-state parameters. Equation 3.7 provides a similar 

predictive correlation, however, for the dislocation length.  

Table 3.7: List of dislocation nucleation parameters analysed by linear regression2 

Parameter Symbol Units 

1. Average bicrystal ‘free volume’, 
Ave∅ ***,+ (%) 

2. Free volume of middle GB region,  
,Mid GB∅ **  (%) 

3. Free volume of periodic GB region, 
,Bot GB∅  (%) 

4. Bicrystal energy at 0K, 
0K,GBγ  (mJ/m2) 

5. Bicrystal energy at 300K, 
300 ,K GBγ **,*** (mJ/m2) 

6. Periodic GB energy at 300K, 
300 ,K PGBγ  (mJ/m2) 

7. Middle GB energy at 300K,  
300 ,K MGBγ  (mJ/m2) 

8. Initial kinetic energy KE (eV) 

9. Initial stress asymmetry (max-min quartile),  
,max initτ∆  (GPa) 

10. Maximum compressive stress quartile, 
minσ  (GPa) 

11. Maximum tensile stress quartile,  
maxσ ** (GPa) 

12. Standard deviation of stress quartiles, 
stdσ   

To determine the parameters that could indicate the state of plastic deformation in a bicrystal, 

the final accumulated dislocation length was used as the basis for linear regression analysis. 

On the basis of all the measurable end-state quantities provided in Table 3.7, the most 

statistically significant correlation involved only a single parameter: the average simulation 

free volume. After yield occurs, the ‘bulk’ per atom energy could not be estimated in a 

                                                      

 

2 Note: Quartile values are average stress computed in ’GB quarters’ within plus or minus one base lattice unit 
length of the middle GB 

**, *** Statistically most significant predictive parameters (models 2 and 3, respectively) 

+ Statistically significant parameters for an end-state correlation (Equation 3.5) 
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consistent manner, so end-state variables do not include GB energy terms. There is strong 

statistical evidence (p-value < 1.1×10-6; F-statistic =110) for a correlation between the final 

nucleated length of dislocations and the average bicrystal atomic free volume. The correlated 

model, with an R2 value of 0.9076, is provided in Equation 3.5. 

A Bdisl AveL = + ∅  
(3.5) 

where A and B are fitting constants obtained using linear regression, which are 2630.8 and 

723126.5, respectively. 

When applying regression analysis to derive mathematical relationships, it is critical to 

consider whether the predicted coefficients are representative of expected relationships. The 

free volume was anticipated to change with increasing compressive stress and with the 

nucleation and accumulation of crystalline disorder. This is not expected to directly coincide 

with slip, which theoretically should cause no direct change in volume [218]. Rather, free 

volume changes are expected to result from the nucleation and self-interactions of 

dislocations, which may cause void generation [225] and collapse [226]. The average atomic 

free volume is an effective parameter which may be correlated with the end-state dislocation 

content generated under compression.  

The critical resolved shear stress, τcrss, was specified as the dependent variable which 

represents the threshold for dislocation nucleation. A linear model was developed to provide 

an effective and simple means of predicting the critical resolved shear stress for dislocation 

nucleation in a non-equilibrium bicrystal, based on the state-variables defined in Table 3.7. 

The correlation-based mathematical model in Equation 3.6 has a p-value less than 6.8x10-5, 

an F-statistic of 33.42 and an adjusted R2 value of 0.855. 

( )300 , ,A  B C( )crit K GB Mid GBτ γ= + − ∅  
(3.6) 

where A, B and C are fitting constants obtained using linear regression, that are -3.814, 0.0027 

and 4.683, respectively. 

According to Equation 3.6, the critical resolved shear stress will increase with increased initial 

free volume in the ‘Middle GB’ region, and decrease with increased initial GB energy. The 

stress is compressive; so negative coefficients imply increasing magnitude. Past studies have 

shown a strong correlation between the interfacial energy and a reduced thermodynamic 

threshold for nucleation [105]. The free volume has also been linked with an enhancement of 
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the GB-relaxation processes that provide a pre-cursor for dislocation nucleation [220]. One 

hypothesis to explain the observed relationship with free volume is that the initial free volume 

may contribute to energetic dissipation during compression (not in tension), due to void 

collapse and spreading (i.e., a ‘pillow’ effect). The statistically significant parameters are in 

agreement with the key parameters identified in prior studies [105, 107, 112, 220].  

 
Figure 3.16: Qualitative trend-matching for statistical model of CRSS for bicrystals , to 

compare the linear regression ‘Model predictions’ and MD ‘Simulation results’ 

Figure 3.16 establishes the capability of the mathematical Equation 3.6, to predict the 

simulated trend in the critical resolved shear stress. Matching the trend is critical in regression 

analysis to ensure that outliers do not affect the response and to identify any consistent causes 

of error. The model estimates the stress within +/- 8.0% for bicrystals A-J and within +25% 

for the ‘Σ13’ bicrystals. The primary source of error (causing an increase from 4.0% to 8.0%) 

is a consistent underestimation of the τcrss for bicrystals H-J, which were not used to derive 

the model. The model also slightly overestimates the critical stress for the ‘Σ13’ bicrystals. 

The Σ13 GB structures were expected to have lower CRSS values, due to the structural facets 

that comprise the atomic SUM structure, which form highly localised free volume “pockets” 

and/or sites of stress concentration [107, 112]. The consistency in the predicted trend shows 

that this model can provide a simple method for approximating the threshold for dislocation 

nucleation in symmetric tilt bicrystals.  

To develop a model to predict the post yield response, the analysis in Section 5.1 was repeated 

on the basis of initial-state values; instead of the original basis of end-state values. The τcrss 

predicted using Equation 3.6, was an additional parameter considered in this case. The 

resultant mathematical model, with an R2 value of 0.81, is provided in Equation 3.7.  
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300 ,A B C Ddisl Ave max K GBL σ γ= − ∅ + +
 

(3.7) 

where A is 4.025×105, B is 3.639×10-7, C is 8.578×10-5 and D is 1.391×102. 

The critical resolved shear stress predicted using Equation 3.7 was not found to provide a 

statistically significant parameter. Rather, the maximum tensile stress within a quartile of the 

middle GB was identified as the most statistically significant parameter for correlating the 

nucleation length. This suggests that the locally-resolved stress provides the most effective 

parameter for predicting the non-linear post-yield response, not the ‘macroscopic’ stress 

threshold.  

The total average bicrystal free volume was correlated with the nucleated dislocation length 

and not the interface-specific free volume. This suggests that, given sufficient deformation, 

the initial distribution of free volume (i.e., GB-adjacent or randomly distributed) becomes less 

significant than the total magnitude of the free volume. The consistent negative coefficient for 

the free volume, B,  is in agreement with the ‘pillow’ effect hypothesis described in Section 

5.2 (i.e., the increased free volume reduces nucleation). The increase in dislocation nucleation 

and accumulation due to a positive coefficient for the 300K GB energy term is in agreement 

with Equation 3.6 and theory [105].  

Free volume has a positive effect on the dislocation nucleation response, according to 

Equation 3.4 (section 3.5.3) which refers to the initial state free volume, whereas Equations 

3.5-3.6, with respect to the end state free volume have a negative effect. On this basis it is 

possible to deduce that the process of dislocation nucleation involves the collapse of 

accumulations (i.e. pockets) of free volume at the grain boundaries, and this provides a sound 

theoretical basis for the apparent discrepancy in the effect of free volume with the different 

equations. 

The statistically derived key parameters in all models are consistent with the theoretical 

expectations, particularly in consideration of the sign (positive or negative) of the coefficients. 

Despite stochastic effects, this study shows it is possible to approximately predict the 

threshold for nucleation and the non-linear post yield dislocation nucleation and accumulation, 

on the basis of initial-state bicrystal parameters. 
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3.6 Summary 
In this chapter, the validity of modelling the atomistic properties of GBs in terms of structural 

characteristics was investigated on the basis of molecular dynamics. The structural multiplicity 

model was shown the valid, at least in terms of the transitional intermediate structures involved 

in the processes of defect interactions with GBs. This also was considered to be a factor which 

could explain the variability and temperature dependence of GB interactions with dislocations.  

The GB-mediated dislocation nucleation and slip transmission phenomena were considered in 

detail, on the basis of molecular dynamics simulations under pure compressive loading (normal 

to the GB plane). By utilising a set of non-equilibrium bicrystals, parametric analysis was 

performed with respect to the GB energy, the stress distribution and the atomic free volume at 

300K. The results (particularly the “pillow effect”) are considered to be viable for the purposes 

of modelling compression effects, however are not expected to be directly indicative of the 

behaviour that would occur under tensile loading. This study also established a detailed model 

for the dislocation nucleation response in terms of statistical parameters. In addition, a novel 

post-yield analysis was performed to demonstrate correlations with the final cumulative 

dislocation length. This chapter has shown that: 

• Structural oscillations can occur between metastable GBs with simulated bicrystal 

energy difference of 1 mJ/m2. Analysis of simulated GB energy may be useful for 

predicting and comparing high resolution images of real dissociated interfaces. 

• A discontinuity in the periodic local stress distribution in the GB interface provides a 

useful indicator for the post-yield dislocation response. 

• The average atomic free-volume at the end-state of a simulation can be correlated with 

the final accumulated length of dislocations nucleated from GBs. 

• The critical resolved shear stress is correlated with the initial-state free volume and GB 

energy, with a linear regression model-based constitutive model. 

• The Schmid factor analysis described by Spearot [107], is effective for predicting the 

slip system for the first dislocation nucleation in bicrystal and single crystal simulations. 

•  The accumulation of dislocations nucleated from GBs can be linked to the relative 

magnitude of the initial free atomic volume, GB energy and the localised residual tensile 

stresses in non-equilibrium bicrystal simulations.  



 

75 
 

 

Overall, this chapter has shown that an analysis of the relative parametric results of dislocation 

interactions with non-equilibrium bicrystals can provide significant fundamental insights into 

the ‘stochastic’ GB-mediated plastic deformation response. Two key, statistically significant 

parameters were shown to dominate the structure-dependent response: the atomic ‘free volume’ 

(i.e., empty space in the atomic structure) and the initial GB energy. The insights about the 

structural characterisation, and the approach used to model the atomistic structure of GBs with 

bicrystals establishes the foundation for studying the thermal and mechanical structure-property 

relationships in subsequent chapters.  
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4.Chapter 4                                                                                                                  
GB Models of thermal and mechanical properties  

4.1 Introduction 
The thermo-kinetic characteristics that dictate the activation of atomistic damage processes 

involving mobile crystal defects significantly influence the mechanical properties of 

crystalline materials. However, the activation thresholds and atomic mechanisms that dictate 

the thermo-kinetic properties of grain boundaries have been difficult to study due to complex 

and highly variable GB structure. This chapter presents a new approach for modelling with 

GBs using a systematic and detailed structural analysis of metastable and stable GBs. Vacancy 

interactions and the contribution of non-equilibrium energy on the interactions with 

dislocations are also quantified. On this basis, scale-invariant thermal activation models are 

presented for comparing the relative influence of various atomistic GB structures. The 

resultant energy-based activation parameters suitable for predicting the influence of 

temperature, strain rate and GB structure-stability on the strength of bicrystals. 

Multiplicity of atomic structure has been surmised to be a key factor in determining the relative 

chemical and mechanical properties of high angle GBs by many prior studies [140, 147, 165, 

166]. Structure stability analysis shows that only the most energy stable structure is likely to be 

present at thermal equilibrium above room temperature in the absence of defect interactions. 

This is because thermal or defect interactions can induce a change in the underlying chemical 

characteristics which can favour structure changes, such as phase transformation [146]. For 

example, non-equilibrium GB properties can be observed in applications involving high 

temperatures, high residual stresses or extensive plastic strain deformation [143]. This chapter 

will discuss the implications of defect interactions as a means of structural interactions with 

non-equilibrium GBs, in terms of the stable and metastable GB structures.  

4.2 Thermo-Kinetic Models of GB Structure-Strength Transitions 
In this chapter section, we examine the thermal, stress and strain-rate effects, and determine 

if these correspond to the ‘energetic activation’ of defect - GB interactions. This study utilises 

the nudged elastic band (NEB) approach introduced in Section 2.5 and Section 3.4.3, to 

evaluate the thermal activation parameters (i.e., activation energy) required for atomic 

processes [77, 110]. Analytical models based on the resultant fundamental energy properties 

are used to extrapolate simulation results to many temperature conditions and/or lower strain 
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rates for important comparison with experimental tests [206, 213, 227-229].  

4.2.1 Interfacial transformations to accommodate defect interactions 

GB structural transformation accommodates defect interactions at the interface. To obtain the 

significant gains possible with GB engineering, an extensive knowledge of structure-property 

relationships and defect mechanics at sub-micron scales is necessary [2, 62]. Energy-based 

criteria are an ideal basis for constitutive modelling to overcome the time, temperature and 

length scale limitations of atomistic studies  [206, 229]. This is particularly true, because the 

Gibbs free energy can generally be considered to be a scale-independent property, and has 

served as the foundational principle of successful multiscale models, such as the quasi-

continuum method [120, 230]. In polycrystalline metals, grain boundaries (GBs) form 3D 

networks which significantly influence the mechanical properties via interactions with crystal 

defects such as dislocations and interstitials [163, 189].  

The influence of the thermo-kinetic properties and structural stability of GBs on the 

mechanical properties is closely related to the effect on the source, sink and barrier strength 

for crystal defects [2, 147]. This is particularly significant for nanocrystalline materials, 

known to have relatively high temperature and strain-rate sensitivity [231]. This is attributed 

to the observation that dislocation nucleation from the GBs tends to dictate the elastic limit of 

polycrystals below grain diameters of approximately 0.1 μm [205, 206]. For example, highly 

non-equilibrium (high energy) GBs are known to be  effective defect sources; and have been 

observed experimentally [2] and in simulations [105, 112]. In contrast, homogeneous defect 

nucleation will occur within the bulk before occurring in low energy twin boundaries [105, 

213].  

Models based on the activation properties have been successfully applied for predicting the 

threshold stress at a given transition temperature and strain rate [206]. Deng and Sansoz [229] 

used systematic MD simulations with twinned nanopillars to derive the activation parameters 

for dislocation interactions with twin boundaries and free surfaces in copper. Results 

compared favourably with prior NEB studies, used to derive models that proved useful for 

accurately predicting the strength and activation volume at significantly lower strain rates 

[206, 213]. However, in  

The vast majority of atomistic studies of GB properties assume that the structure is invariant 

and the properties are solely determined by the resolved shear stress, misorientation angle 



 

79 
 

 

[105, 145, 192], inclination angle of the GB plane [111]. In contrast, the results in this chapter 

section compare identically oriented and sized bicrystals with many metastable Σ5(310) GBs 

to show effect of the GB structure on the thermo-physical properties, independently from 

stress and size variables. To this end, a systematic approach was used to evaluate the 

temperature and strain rate dependent properties from simulations. Analysis was based on a 

comparison of the mechanical properties of thermodynamically distinct metastable GB 

structures at several temperatures and strain rates. Constitutive models are established from 

the results, and used to predict performance at experimentally obtainable strain rates. 

Validation is also obtained, with respect to results of an experimental study from the literature, 

to demonstrate the effectiveness of predictions from the resultant model [77, 232]. Hence, this 

chapter section provides a ‘proof-of-concept’ that simulations can be used as a powerful tool 

to explain the energy properties of different GB structures and the influence of thermal and 

kinetic effects on the mechanical response. 

4.2.2 Procedure for NEB study of structure transformation 

The structure stability of non-equilibrium bicrystals containing metastable GB structures was 

evaluated from the free energy for activation, obtained from atomistic nudged elastic band 

(NEB) simulations. LAMMPs MD simulations were performed with the 23 EAM1 [171], 21 

EAM2 [172] and 25 MEAM [85] bicrystal structures described in Section 3.4.2. Simulations 

were performed with tensile stress applied by assigning a constant uniaxial strain rate normal 

to the GB plane.  

The activation energy and saddle point transition structure for a GB - stabilising structure 

transformation was obtained by ‘forming’ a spontaneous vacancy adjacent to the nearby GB 

structure and allowing the structures to relax by vacancy re-absorption. Vacancies were 

‘generated’ by shifting an interstitial atom into the geometric centre of the core of the GB 

structure, and linearly translating the vacancy by a single atomic step. For each (0 0 1) plane, 

one vacancy was generated, requiring the migration of two interstitial atoms per plane. It was 

found that a two-atom displacement (per plane) was the minimum transition required to 

initiate an irreversible structure transformation for metastable GBs, when subsequently 

minimized at 0 K. Single atom interstitial migrations resulted in structural stabilisation to the 

local minimum energy structure, via an interstitialcy migration mechanism (see ref [202]), 

which altered the metastable GB structures. Because a two-atom shift was the ‘nominal’ 

displacement that was observed to cause an irreversible transition, it was considered to be a 
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good analogue for the MEP of GB structure transformation. The irreversible vacancy-

destabilised structures were used as the final transition states in the NEB simulations, from 

the initial-state structures shown in Figure 3.3a.  

The minimum transition temperature (Ttransform) is a metric for modelling a threshold for 

spontaneous thermally activated processes. In this case, we are interested in the process of GB 

structure transformation. Ttransform was explicitly evaluated with MD simulations, by using 

gradual temperature rescaling and thermal equilibration from 0K to 350K, with increments of 

10K. Thermal equilibrium was obtained using a Nosé Hoover thermostat and a Canonical 

ensemble for 50 picoseconds at each temperature [89]. The quasi-equilibrated structure at each 

temperature was then quenched to 0 K. The quenched structures were relaxed to a 

thermodynamically metastable state with zero pressure normal to the GB, using conjugate 

gradient minimization to an energy tolerance of 10-15 eV. The quench-minimization procedure 

eliminated probabilistic, reversible effects by eliminating stochastic kinetic energy terms and 

unstable defects for calculating the exact GB potential energy. Ttransform was evaluated with 

the minimum temperature for an irreversible reduction of the γgb, which provided a useful 

benchmark for comparison with the results of predictions from transition state theory based 

on the activation energy values calculated earlier [1, 233]. 

Above the ‘athermal limit’ stress [206], the elastic strain energy exceeds the activation energy 

threshold for nucleation without temperature contributions. This is a characteristic of atomic 

simulated GB structures, which is critical for defining the mechanical component of the strain 

energy for modelling purposes. The athermal limit at a specific strain rate is defined in this 

study as the peak tensile stress, in the direction of loading. Loading was applied with a user-

specified constant strain rate of 1.5×109 s-1 normal to the GB plain, to avoid GB sliding effects. 

The peak tensile stress corresponds to the onset of dislocation mediated deformation [192, 

229]. For each of the 69 GB structures, a distinct athermal threshold value was obtained for 

the critical dislocation nucleation stress (in uniaxial tension). 

The interaction between the thermal structure stability and the mechanical properties was 

evaluated by comparing the peak tensile stress for each bicrystal from 50 K to 600 K at 

increments of 50 K. Thermal and pressure equilibrium was achieved using the approach 

outlined in Section 3.2.4, over a period of 200 ps [89]. The strain rate dependence of the 

nucleation stress was evaluated under dynamic conditions, but with negligible thermal effects, 

by repeating the analysis at 5 K with different strain rates between 2.0×1010 to 1.0×108 s-1. 
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This was performed to minimise the effects of temperature-induced structure stabilisation, 

with the intention to ensure that the rate-limiting mechanism was the dislocation nucleation. 

The strain rate dependence of the nucleation stress was also evaluated at various different 

temperatures to show the co-dependence of temperature and strain rate (kinetic) effects. This 

involved temperature equilibration over 250 ps to six temperatures from 50 to 600 K. Detailed 

constitutive models were derived from the results to extrapolate from the short timeframe of 

MD simulations to experimentally accessible, low strain rates. Refer to section 3.4.4 for more 

details about the models. 

4.2.3 Thermal and mechanical properties with different combinations of GB structures 

The GB structure-strength relationships in terms of the athermal yield strength of the GB 

structures shown in Figure 4.1a. The bicrystals are classified by EAM potential and the 

combination of two GB structures. The tensile yield strengths for EAM1 and EAM2 bicrystals 

are provided in Figure 4.1b-c. It is noteworthy that it was valuable to evaluate the stress in 

terms of a combination of two different structures, as well as single structures, to consider the 

cumulative influence of different GB types in polycrystals. The total bicrystal energy for each 

case also serves as an additional variable for comparison. 

 
Figure 4.1a & b 



 

82 
 

 

 
Figure 4.1: Relative strength of bi-crystals at 0K, in terms of two GB structures. a) 

Characteristic metastable GB structures; b) EAM1 bicrystal strengths with respect to bi-
crystal energy; c) EAM2 bicrystal strengths with respect to bi-crystal energy d) MEAM 

bicrystal strengths with respect to bi-crystal energy 

Figure 4.1(b-c) shows that, unexpectedly, the mechanical properties of the bicrystal are not 

defined by the ‘weakest-link’ of the two GB structures (in cases with combinations of different 

GB types). For example, bicrystal EAM1 AX (i.e., with 1 A GB and 1 X GB, shown in Figure 

4.1a) was almost as strong as the EAM1 BB bicrystal, although EAM1 XX is significantly 

weaker.  

Reviewing the general trend across the results, as the metastable GB energy (γgb) increases, 

there is an overall correlation between a reduction in bicrystal strength and activation of plastic 

deformation, in accordance with theoretical expectations. However, the GB potential energy 

does not wholly explain the observed bicrystal strengths, with some high γgb GBs exhibiting 

greater strength than lower γgb structures. For example, the high energy bicrystal CC is 

stronger than the much lower energy bicrystal BB in Figure 4.1c, and bicrystal ZZ is even 

stronger than the minimum energy bicrystal AA in Figure 4.1d. The case in Figure 4.1d is 

particularly significant, because this demonstrates a case where the metastable structure 

exceeds the strength of the stable GB structure. Figure 4.1 also shows that bicrystals 

containing a combination of two GB structures can have nearly identical values of  γgb (within 

1 mJ/m2), but have relatively significant differences in their peak stress results. Figure 4.1 

shows, however, that the relationship between the athermal yield strength and the GB 

structural characteristics of the bicrystals is consistent. This is most easily shown by the dense 

clustering of self-identical structured bicrystals, in terms of both the γgb energy and athermal 

strength. This is also shown from a consistent observation that the strength of a combination 

of two GB structures is approximately the average of the strength of the component structures, 

not simply a function of the total combined γgb. Structural characteristics, such as the atomic 
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bond structure, ‘atomic centro-symmetry’, the GB free volume and the residual stresses stored 

inside the GB, are considered to be important related factors. 

Figure 4.1 suggests that the bicrystal strength is more strongly dependent on the empirical 

parameter-fitting used to create the inter-atomic EAM potentials than on the features of the 

bicrystal. This indicates that it is inaccurate to exactly predict the athermal flow stress [229] 

and critical strain limit [214] from MD simulations of the bicrystals for a given GB 

misorientation. For example, the athermal yield stress of GB structure A ([192, 215]) is 13% 

lower in EAM2 than in EAM1, which is about 15% weaker than MEAM. For the purposes of 

this study, quantitative results are taken on a relative basis with the stable structure for that 

EAM potential, and are discussed on the basis of self-consistency.  

As shown by Figure 3.8a in Section 3.4.4, the activation energy for the structure 

destabilisation of the metastable GBs is influenced by the interatomic potential used for the 

simulation (EAM1 or EAM2). However, the stable GB structures produce essentially identical 

results, which indicates that the ‘unstable’ structures (B, C and X) stabilize in slightly different 

locally metastable energy minima. These different structural characteristics would correspond 

with different energy and mechanical properties, which is consistent with the results reported 

in Section 3.1. Since structure X is extremely unstable, it was not observed to form in EAM2; 

so this could only be tested with EAM1. These structures are metastable at 0 K, and the low 

activation energy results indicate they are unlikely to be observed at elevated temperatures, 

unless in non-equilibrium conditions [168]. However, the results provide a necessary basis for 

validating the thermal properties of the stable GB, structure A. It is noteworthy that the 

metastable GB structures of the EAM2 potential (i.e., B and C) have significantly higher 

activation energies for structure transformation.  

Figure 3.8b shows the energy pathway for the structure transformation of the metastable GB 

structures, including two examples for the GB structures B and C with both EAM1 and EAM2. 

EAM1 X rapidly transforms partially into the EAM1 C structure, which is the reason for a 

relatively shallow transition pathway. The results show that the EAM2 structures are more 

energetically stable. For quantitative purposes, EAM2 B is the most stable, EAM2 C is 

roughly as stable as EAM1 B, and EAM1 C/X are the least stable. Because this is a purely 

thermally activated process (i.e., possible at a stress of 0 MPa), this is an ideal approach for 

assessing the accuracy of the NEB results for the metastable GB structures. Structure A will 

not transform irreversibly at an elevated temperature, but may form temporary unstable 
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vacancy and interstitial defects. Unstable sites within the atomic ensemble will relax 

(reversibly) to the initial minimum energy state, when quenched to 0 K and minimized. 

However, the threshold temperature for the reduction in the strength of GB structure A 

provides an indication of the thermal activation of defects. 

Transition-state theory models of temperature and strain-rate dependence 

The transformation rate of thermally-activated processes may be predicted from the activation 

energy using Transition State Theory (TST) [77]. In this case, we follow the simplified 

approach provided by Zhu et al. [1]. TST assumes that the rate of a thermally activated process 

is dictated by the frequency of possible (attempted) transitions, the activation energy, the 

temperature and the mechanical loading conditions [77]. The rate is also influenced by the 

strain rate of deformation which influences the time available for dissipative processes and 

may contribute to a reduced energy barrier. The activation energy (Q) is slightly temperature 

dependent, but may be approximated from the athermal (0 K) activation energy, Q0, from 

Equation 4.1 (obtained from [233]): 

0( , ) ( ) 1
m

TQ T Q
T

τ τ
 

= − 
   

(4.1) 

where Q0 is equivalent to the energy barrier from NEB simulations, τ is the resolved shear 

stress, T is the simulation temperature, and Tm is the thermal disordering temperature of 

Σ5(310) GBs. In this case, Tm = 867.7 K accordance with Nguyen et al. [234]. Using the 

temperature-modified value of Q, the activation rate, ν, was predicted at multiple temperatures 

using Equation 4.2 (obtained from [1]): 
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(4.2) 

Nsites is the number of equivalent activation sites, kb is the Boltzmann constant, and ν0 is the 

attempt frequency of possible transitions per second. In this case, Nsites is equivalent to the 

number of identical (001) planes. The attempt frequency was selected as 2.09 THz to match 

the multi-atom interstitial migration attempt frequency obtained with Kinetic Monte-Carlo 

analysis of a Σ5(310) GB in a past study [202].  

Thermal transition temperature modelling 

Equation 4.2 was used to calculate the nominal temperature (increased in increments of 0.5 

K) to exceed an activation rate required to initiate one transition per every 5 ps. Simulations 
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were performed for 10 ps at each temperature, so this rate ensured an adequate transition rate 

to obtain a kinetic activation in the timeframe. Table 4.1 compares the results of predicted 

activation temperatures and simulation temperatures which reached irreversible structure 

transformation in 10 ps. 

Table 4.1: Comparing predicted and simulated GB structure transformation temperatures 
 EAM1A EAM1B EAM1C EAM1X EAM2A EAM2B EAM2C 
Predict Ttransform N/A 83 K 15K 6.5K N/A 147K 90K 
Simulate Ttransform N/A <120K <20K <5K N/A <160K <120K 

The predicted values shown in Table 4.1 are relatively insensitive to the selection of ν0, and 

are within ±5 K, when ν0 is varied between the range 1.0×1011 [1] – 2.09×1012 [202]. The 

predicted transition temperature is shown to be a good estimation of the simulation structure 

transformation temperature. The results indicate the effectiveness of thermo-kinetic models 

established using the NEB simulation tool with atomic simulations. 

We also consider Influence of spontaneous transformation temperature (Ttransform) on bicrystal 

properties 

The thermal threshold for GB structural transformations from a metastable state (i.e., B, C and 

X) towards the stable GB structure A play an important role in the temperature and stress-

dependent properties of the bicrystals. The energy threshold and minimum GB structure 

transformation temperatures are described earlier, in Table 4.1. The energy for activation of 

structure transformation is provided here, in Table 4.2. 

Table 4.2: Thermal activation properties for GB structure transformation of metastable Σ5(310) 
GBs  

 EAM B EAM1C EAM1X EAM2B EAM2C EAM2Y 
Activation energy (eV) 0.257 0.004 0.002 0.498 0.282 ~0.000 
Transition temperature <120K <20K <5K <160K <120K <1K 
 
Thermo-mechanical analysis 

The parameters in Table 4.2 provide a critical input for thermo-mechanical analysis, because 

they describe an additional purely thermal, activated component. GB structural 

transformations are easily activated, and readily occur with zero applied external stresses. This 

is a more fundamental transition, because the initial GB is a truly metastable structure at 0 K 

(i.e., minimum energy state converged to an energy criterion of 1.0×10-25). In contrast, the 

activation energy for dislocation nucleation of a single defect can only be obtained from a 

non-equilibrium heated state, with a stress approaching the athermal stress [192]. The 
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structure transformation activation energy must be considered to explain thermal effects that 

occur during temperature equilibration prior to and during mechanical testing. The results in 

Figure 4.2 indicates the temperature-dependent characteristics of GB nucleation. 

 
Figure 4.2: Temperature dependence of tensile yield stress for dislocation nucleation at 1.0×109 s-1. a): 
Peak (nucleation threshold) stress for EAM1 bi-crystals at different temperatures; b): Peak (nucleation 

threshold) stress for EAM2 bi-crystals at different temperatures 

Figure 4.2 shows that as the bicrystal temperature increases towards 300 K, the mechanical 

properties of the bicrystals approach towards those of the minimum energy bicrystal AA. 

Hence, the temperature-dependent strength of the metastable GBs is shown to be most 

strongly affected by the extent of thermally induced structural equilibration prior to 

mechanical loading. However, below 300 K it is possible to distinguish the mechanical 

properties of each GB structure, according to the yield stress (except bicrystal YY). 

The metastable bicrystals are significantly weaker than the ideal bicrystal AA at low 
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temperatures. Bicrystals YY, BB, CC and XX tend to get stronger if heated prior to loading. 

The mechanical properties evolve towards those of the ideal bicrystal AA (see Table 4.2), 

which indicates that the strength is affected by the process of GB structure transformations. 

The structural features of EAM2 BB and EAM2 CC are similar at these heated GB states, and 

this seems to be confirmed by the similarity of the strength properties above 100 K. 

The strength of bicrystal AA is reduced as the temperature increases above 100 K, which is 

expected due to the thermal effect to activate dislocation nucleation. According to Figure 4.2a, 

as the temperature increases above 300 K, EAM1 bicrystals AA, CC and XX approach 

approximately identical mechanical properties. However, with both EAM potentials, the 

results indicate that bicrystal BB retains a moderate degree of non-equilibrium structure after 

temperature equilibration to 300/350 K. Figure 4.1(b-d) and Figure 4.2(a-b) provide 

compelling evidence for thermally activated GB structure strengthening. This is because 

bicrystals CC and XX are ‘weaker’ than bicrystal BB below 50 K, however become 

mechanically equivalent or stronger than Structure B at 300 K. This corresponds directly with 

the activation energy predictions in Table 4.2. 

Another distinctive property of energy activated processes is the strong correlation between 

the activation volume and the strain-rate sensitivity. A review of experimental results in the 

literature demonstrates that dislocation nucleation from GBs exhibit a distinctive exponential 

strain-rate sensitivity relationship [1]. It was assumed that the purely thermally driven 

mechanism of GB structure transformation would be minimal at 5 K. To examine this, the 

strain rate sensitivity exponent was evaluated explicitly from the simulation results of the 

tensile nucleation stress obtained at 5 K and compared with the rate sensitivity at 50 K under 

various applied strain rates between 1.0×108 –5.0×1010 s-1. Refer to Figure 4.3 for a 

comparison of the results for EAM1 and EAM2 bicrystals. 

 
Figure 4.3a & b 
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Figure 4.3: Strain-rate sensitivity of Σ5(310) bicrystals with different GB structure at low 

temperature. (a) EAM1 at 5K; (b) EAM1 at 50K; (c) EAM2 at 5K, (B) EAM2 at 50K 

Figure 4.3 shows the strain-rate sensitivity of bicrystals with different metastable bicrystals, 

at different stages of thermal equilibrium. In contrast to the results in Figure 4.2, bicrystal CC 

is always ‘weaker’ than bicrystal BB below a temperature of 50 K. This shows that thermal-

induced structure transformation significantly influences the mechanical properties of 

metastable materials. The EAM1 metastable bicrystals converge to the properties of bicrystal 

AA, whereas EAM2 metastable bicrystals converge towards bicrystal BB, which is in 

agreement with results in Figure 4.2b. Convergence is more explicitly quantified by the strain-

rate sensitivity exponents in Table 4.3, which were evaluated by fitting exponential regression 

models to the curves in Figure 4.3.  

Table 4.3: Strain-rate sensitivity at 5, 50 and 300 K for different metastable GB structures 

 
EAM1 

AA (Pa.s) 
EAM1 BB 

(Pa.s) 
EAM1 

CC (Pa.s) 
EAM1 

XX (Pa.s) 
EAM2 

AA (Pa.s) 
EAM2 BB 

(Pa.s) 
EAM2 

CC (Pa.s) 
5 K 0.041 0.044 0.047 0.043 0.099 0.144 0.108 
50 K 0.0397 0.0435 0.0421 0.0406 0.105 0.120 0.130 
300 K 0.126 0.128 0.126 0.126 0.160 0.162 0.160 

In all cases, bicrystal AA has the lowest strain-rate sensitivity. The rate exponents of the 

metastable GBs converge with temperature effects in agreement with the results in Table 4.3. 

As the temperature increases, the strain-rate sensitivity increases. This is because a low strain 

rate involves sufficient time for thermal activation to occur and for structure relaxation, 

explaining kinetic effects. If the rate-limiting process is a structure transformation to structure 

A, the metastable bicrystal response would converge towards the ideal strength of bicrystal 

AA. In contrast, if the stress-relaxation by dislocation nucleation is rate-limiting, the flow 

stress of highly non-equilibrium GBs would diverge from the strength of the ideal bicrystal 

AA as the strain rate decreases. Figure 4.3 indicates that the yield stresses diverge slightly (at 

5 K) at low strain rates, which indicates that dislocation nucleation is the rate–limiting 

mechanism (and not GB structural transformation).  
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The interaction between the thermal and mechanical (work) energy effects involves both strain 

rate and temperature in real applications. To provide a more holistic evaluation, the strain-rate 

and temperature effects must be considered simultaneously. Figure 4.4 shows an analysis of 

the strain-rate sensitivity of EAM1 bicrystal AA and bicrystal XX after temperature 

equilibration to seven temperatures between 50 K and 600 K. The peak stress, corresponding 

to the initiation of plastic deformation, is evaluated for several strain rates between 1.0×108 

and 1.0×1010 s-1. Figure 4.4a shows the results as a function of the temperature and provides 

the regression model used to extrapolate to evaluate the approximate athermal strength of 

bicrystal AA. Figure 4.4b shows the results as a function of strain rate, and shows the 

regression model used to predict the ‘athermal strain rate’. Figure 4.4c shows an extension of 

the data set with a constitutive model to experimental strain rates, based on reference [1]. 

 
Figure 4.4: Stress for onset of dislocation nucleation as a function of temperature, with 

constant strain rate for bicrystal EAM1 AA and  bicrystal EAM1 XX 

Figure 4.4 shows that varying the strain rate does not significantly influence the temperature-

dependence of the metastable XX bicrystal strength. However, increasing the strain rate 

consistently reduced the bicrystal strength at all temperatures when compared to bicrystal AA. 

In contrast, as shown in Figure 4.5a-b, the strain-rate sensitivity decreases significantly for 

metastable bicrystal XX, as the temperature exceeds 300 K, so that the response flattens 

considerably to approach that of bicrystal AA.  
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Figure 4.5: Stress for onset of dislocation nucleation as a function of strain rate, with constant 
strain rate.  a)  simulation results for EAM1 AA bicrystal; b)  simulation results for EAM1 

XX bicrystal; c) Model prediction of yield stress at low strain rates; d) Comparison of 
prediction, simulation and regression-based extrapolation 

Transition-state modelling for extrapolation beyond atomistic timescale 

To derive a constitutive model from the results, the data was used to evaluate the parameters 

for the well-established strain-rate sensitivity relationship in Equation 4.4 [1]. 

m

Athermal Athermal

σ ε
σ ε

 
=  
 



  

(4.4) 

The athermal stress (σathermal) can be evaluated from the minimum stress to obtain an 

asymptote when extrapolating values for temperature between 0.1 to 0.0 K, using the 

logarithmic regression models shown in Figure 4.5a. The σathermal value obtained (13.86 GPa) 

is consistent with the simulation result shown in Figure 4.1b and is taken as a self-consistent 

basis for empirical modelling. The corresponding athermal strain rate (ε̇athermal) is 3.16×1013 

s(-1) at 300 K and 1.02×1014 at 600 K, according to the regression curves from Figure 6b. 

Hence, the strain-rate sensitivity exponent (m) is evaluated for use with Equation 4.4 that best 
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fits the data for the 300 K and 600 K strain-rate sensitivity in Figure 6b. Using this method, 

the best estimate for the strain-rate sensitivity exponent is m = 0.085. This is comparable with 

the value obtained from recent experiments of GB nucleation with sub-μm sub-grain sizes 

(m=0.036±0.09 [235]). Hence, the yield stress at experimentally accessible strain rate is 

evaluated (refer to Figure 6c). The 300 K model provides a useful extrapolation to low strain 

rates, with a suitable magnitude of the mechanical properties. Specifically, the yield stress at 

ε̇= 0.001 s-1 (408 MPa) is in the same order of magnitude obtained in recent experimental 

studies with bicrystal nano-pillars [44] and nano sized polycrystals of pure Al [236] (see Table 

4.4). Assuming that the model fitting strain-rate sensitivity exponent is accurate for the 300 K 

data, it is possible to evaluate the activation volume from Equation 4.5, derived in references 

[1] and [237]. 

3 Bk Tm
σ

=
Ω  

(4.5) 

where kB is the Boltzmann constant. By rearranging and solving for the activation volume at 

300 K and at the simulation strain rate ε̇ of 5.0×108, the simulation activation volume (Ω 
sim) 

was calculated. This model was then used to extrapolate the data to an experimental strain 

rate, ε̇=0.001 s-1 to find the predicted activation volume (Ω 
pred.). The results are Ωsim = 0.674 

b3 and Ωpred.= 8.843 b3. The predicted activation volume fits very well with previous studies 

at a similar strain rate for experiments (e.g. ~12b3 [235]) and simulations (1 to 15 b3 [192] and 

24 b3 [1]). This provides strong evidence that the analytical models for linking energy based 

criteria with the mechanical properties are useful tools for timescale bridging from simulations 

to experimental studies. However, the gap remains for bridging the length scale effect from 

nano grain sizes to larger polycrystalline metals. Refer to Table 4.4 for further evidence of 

model validity at small grain sizes and the potential limitations of not modelling large grain-

sizes in simulation. 

Table 4.4: Overview of strain-rate sensitivity and activation volume studies 
Source Metal size (nm) σ (MPa) ε (s-1) m Ωsim(b3) Ref. 

Present study (Ω 
sim) Al 15 5350 5×108 0.085 0.6744  

Simulation  Cu 5.9 780 n/a 0.013-.026 24-44 [206] 
Simulation Au 4.2 3000 5×107 0.032 8.5 [229] 
This study (Ω 

pred) Al 15 408 0.001 0.085 8.8428  
Experiment  Al ~1000 ~125 0.001 0.065 26 [238] 
Experiment  Cu 20 ~800 0.0006 0.036±.009 ~12 [235] 

At the lowest temperature regime (≤5 K), the results indicate that dislocation nucleation is the 

rate-limiting process without the influence of thermal-driven transformation. Figure 4.3 shows 
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that thermally activated dislocation nucleation from GBs is strongly influenced by the strain 

rate. The strain rate and temperature sensitivities are shown to be mildly co-dependent. At low 

temperatures, the mechanical properties of metastable GBs are strongly influenced by the 

energy barrier for structural transformation and exhibit a low activation volume for dislocation 

nucleation (as shown in Figure 4.3 and Figure 4.4 a-b). At high temperatures, the strain-rate 

sensitivity approaches a fairly constant value for all of the GB structures. This work provides 

significant evidence to link thermal activation parameters with the mechanical properties at 

different temperatures and strain rates. These results indicate that it is critical to consider both 

the thermal and mechanical effects when modelling material properties, and that an energy-

based molecular criterion is a very effective scale-bridging approach.  

Without thermal effects, the stress-strain results are distinct, repeatable and strongly structure 

dependent. The results presented in this section showed that at very low temperatures, a 

dislocation nucleation from GBs is the rate-limiting process. This study provides strong 

evidence that dislocation nucleation is strongly influenced by the activation volume and the 

strain-rate sensitivity. This also corresponds with the thermally driven effects of GB structure 

stabilisation and/or activation of defect nucleation on the mechanical properties, as evidenced 

by temperature effects in Figure 4.2. 

4.2.4 Summary of structure-dependent GB thermal modelling 

The study described in this chapter section demonstrated a unique, comprehensive analysis of 

atomic scale Σ5(310) GB effects, demonstrating the interaction between thermal, kinetic, 

structural and mechanical characteristics of GB effects in pure FCC aluminium. The GB 

potential energy is a very significant parameter; however it fails to explain the physical and 

thermal properties in several cases. The GB structure, which also influences the energy, 

Centro-symmetry atomic bonding structure and the free volume, is shown to be more effective 

for explaining the thermal and mechanical properties. These factors contribute to the ‘GB 

energy discrepancy’, observed when analysing the athermal strength of metastable bicrystals, 

(where higher GB energy structures exhibited high strength). The structural multiplicity of 

GBs can also be considered to be mechanistically tied to the dislocation nucleation process.  

The activation parameters evaluated for structure transformation and dislocation nucleation 

are effectively linked to the simulation-based results for temperature and strain-rate dependent 

nucleation stress. A detailed simulation analysis of the combined temperature and strain-rate 
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sensitivity of the mechanical properties was used to establish an effective constitutive model 

for predicting the yield stress at low strain rates. On this basis, the thermo-kinetic modelling 

approach was used to predict bicrystal strength under experimental conditions with good 

accuracy. Key insights from the thermo-structural models include: 

1) Highly metastable GB structures with higher potential energy can be stronger than low energy GB 

structures, due to physical and kinetic factors. 

2) Structural transformation between ‘stable’ and metastable GB structures (catalogued in Figure 4.1a), 

can affect the thermal and mechanical properties. 

3) Temperature effects the structural stabilisation of metastable GBs most strongly, but also helps to 

activate dislocation nucleation from a stable GB structure. 

4) The thermo-kinetic properties of bicrystals are dependent on the structure, energy and loading 

conditions.  

5) The temperature and strain rate are co-dependent and are influenced by the atomistic mechanisms 

that ‘rate-limit’ the material’s properties. 

6) Thermo-kinetic GB structure traits significantly influence the mechanical properties. 

7) Constitutive models can be used effectively to bridge between simulations timescales (<1 ns) to 

experiments (>1 s), and to predict the activation volume. 

The results of the study presented in this section also proved that energy terms alone (i.e., γgb) 

will not fully explain significant GB characteristics. Rather, it is critical to consider the 

physical and kinetic effects of stress, strain rate and GB structure with the thermodynamic, 

energy and temperature characteristics. The GB structure is shown to correlate with the 

potential energy, thermal stability and the athermal strength. In contrast, the athermal strength 

of metastable GB structures shown in Figure 4.1 does not directly correspond with the γgb. 

Local GB structure transformations were shown to accommodate the nucleation of a 

dislocation loop in a prior work [168]. Without metastable structures to facilitate non-

equilibrium transition states, defect interactions would require a higher activation threshold to 

reach the saddle point state. Metastable GB structure intermediates eliminate the necessity for 

the material to transition into a ‘quasi-amorphous’ saddle state; and/or reduces the opportunity 

for catastrophic brittle failure modes. Previous studies indicate that the amorphous metallic 

state is first generated by multi-vacancy interactions with ‘singular-structure’ twin GBs [239, 

240]. The amorphous state was not generated in higher energy GBs, which was thought to be 

because of “their ability for GB structure relaxation” [239].  
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4.3 Temperature and Strain-Rate Sensitive Nucleation Models 
This chapter section presents a thermodynamic model for evaluating the threshold for 

dislocation nucleation, in terms of characteristics of the GB structure, strain rate, temperature 

and stress. The model obtained establishes a phenomenological representation of atomic-scale 

crystal defect interactions in MD simulations, which is a critical step for multiscale simulation 

studies of polycrystal DD. Using the activation parameters derived from atomistic 

simulations, a constitutive mathematical model is developed for simulations at the mesoscale, 

to evaluate the critical (local) shear stress threshold. The constitutive model is effective for 

extrapolating from an atomistic timeframe of femtoseconds to experimentally accessible 

timespans of seconds. Dislocation-mediated deformation is strongly influenced by thermally 

activated nucleation, especially when confined within a nano-crystalline material with a grain 

size less than ~0.1 μm [213].  

The stress dependence of the activation energy (Ea) is known as the activation volume (Ω). 

Dislocation nucleation has been the subject of many recent investigations using NEB analysis, 

because it can be applied to evaluate fundamental activation properties (Ea, Ω) of metastable 

defects [192, 213, 214]. The Ω can be evaluated by calculating the MEP between identical 

initial and final atomic configurations, but with various externally applied loads [192]. The 

activation energy is based on the potential energy, which is theoretically time, stress and 

temperature independent [77, 230]. Potential energy based studies are considered to be a good 

basis for multiscale modelling, because it remains invariant, with respect to changes in the 

reference frame or scale [241]. Assuming the atomic mechanism remains consistent with real-

world material behaviour, the activation parameters are hence ideal for linking multiscale 

simulation methods. On this basis, the thermal activation parameters can be used to establish 

a constitutive model for predicting the threshold for nucleation, as a function of two known 

parameters (from stress, temperature and/or strain rate) [213]. This study establishes a 

constitutive model, using transition state theory to provide a critical contribution for atomic-

informed mesoscale computer simulations. 

4.3.1 Simulation procedure for thermal activation parameter modelling 

For the NEB analysis of thermo-kinetic dislocation nucleation parameters, single crystals of 

pure FCC aluminium were simulated using molecular static simulations, with an embedded 

atom method inter-atomic potential from ref. [171]. This potential was chosen because it 

efficiently simulates the stacking fault energies and elastic properties of pure FCC Al. Single 
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crystals were initialized without defects and with periodic boundaries in all dimensions, to 

represent an ‘infinite single crystal’, with the orientation shown in Figure 4.6. The crystals 

were temperature-rescaled to 50 K and pressure equilibrated with a Nose-Hoover isothermal-

isobaric (NPT) ensemble over 50 ps [89, 191]. The crystal orientations and exact dimensions 

are provided in Figure 4.6. Atomistic ‘images’ in this section scale the atomic colouring with 

two parameters: (a) potential energy or (b) centro-symmetry bond parameter (Pcsym) [98]. Due 

to the ‘stochastic’ nature of temperature effects, the potential energy distribution is not exactly 

homogeneous at 50 K. To illustrate this effect, Figure 4.6b shows the 50 K energy distribution 

for comparison with the static energy distribution in Figure 4.6a. 

 
Figure 4.6: Dimensions, crystal orientations and distribution of potential energy in single crystal 

Al: a) at 0K; b) at 50K 

The non-homogeneous characteristics of a heated single crystal play a critical role in enabling 

the analysis of ‘homogeneous dislocation nucleation’ in a single crystal, by enabling a local 

stable nucleus to be generated to dissipate the relatively high local energy. Hence, a 

dislocation was generated in the simulation volume at 50 K, by applying a constant rate tensile 

strain in the [11�0] direction at a rate of 5.0×108 s-1, with outputs provided every 0.1 ps for 

restarting and visualization. Nucleation occurs locally due to the thermally-activated process, 

as described in previous studies [192, 242]. From the associated restart file at this point, an 

instantaneous reverse strain was applied by rescaling the simulation y-dimension in a fashion, 

followed by immediate rapid quenching to 1 K. The kinetic energy was eliminated by 

quenching to 0 K and reducing the atomic velocities to zero. The minimum potential energy 

state was obtained by evaluating the minimum from multiple static minimizations, using the 

conjugate-gradient method [158], with an energy tolerance of 1.0×106 eV. This energy 
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tolerance matches that used by a similar prior study, which retains a ‘metastable’ dislocation 

loop at 0 K [192]. By re-shaping the simulation boundary dimensions in various aspect ratios, 

an instantaneous shear strain was applied to eliminate the excess driving force for dislocation 

loop expansion. By incrementally increasing the reverse shear strain and applying sequential 

conjugate-gradient energy minimizations, we obtain a final simulation stress-strain state with 

a stable dislocation loop that neither collapses nor expands infinitely. This structure can be 

coincidental with either a saddle point or a local energy minima, and hence it was necessary 

to perform NEB simulations to confirm the MEP. Hence, the atomistic ensemble containing 

a stable dislocation loop nucleus served as the end-state atomic configuration for NEB 

simulations. The initial state was created by following an identical heat – stress – quench 

minimization protocol; however with a much higher reverse strain to achieve a stress of 0 

GPa. In this configuration, the dislocation self-annihilates, and the simulation box can be 

considered self-consistent with the end-state, having been exposed to an identical process of 

strain deformation and temperature transitions prior to re-scaling and energy minimization. 

NEB simulations were performed using the approach described in Section 2.5, with an energy 

tolerance of 1×107 eV. To enable the NEB procedure to operate, it is necessary to eliminate 

any volume changes as the activation enthalpy cannot be properly evaluated without 

quantifying the effect of entropy. Hence, the initial state dimensions were re-scaled to match 

the final state dimensions. At 0 K, this stress state is insufficient to induce dislocation 

nucleation, and hence the structure remained fully stable.  

To study the stress-dependence of the energy threshold required for dislocation nucleation, it 

was necessary to repeat NEB simulations at various stresses. This was achieved by utilizing 

an additional stage of incrementally increasing strain in the y-dimension immediately 

following the first stage of quench-minimization. An additional stage of minimization was 

also applied. Finally, NEB simulations were performed between the identically dimensioned 

initial defect-free state and the end state containing a dislocation loop. Ea for dislocation 

nucleation was evaluated for each stress state. To evaluate whether there was any relationship 

between the Ea, activation volume, temperature, yield strength and strain rate, dynamic 

simulations were performed at various temperatures from 0 K – 1200 K, and at strain rates 

between 5.0×107 – 5.0×109 s-1. Hence, the temperature and rate dependent stress-strain curves 

were obtained. For constitutive modelling, data analysis, regression modelling and 

mathematical validation were performed with Microsoft Excel. 
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4.3.2 Transition temperature for GB structure-stabilisation 

The threshold disorder temperature (Tdisorder) can be described as the threshold beyond which 

the yield stress for dislocation nucleation deviates pronouncedly from a linear relationship. 

The characteristic Tdisorder for pure FCC Al was determined with an EAM potential [171] and 

the bicrystal and single crystal configurations illustrated in Chapter section 3.2.2. Tdisorder was 

derived by plotting the yield stress as a function of temperature, as shown in Figure 4.7. 

 
Figure 4.7: Temperature-dependent strength of single crystal Al in uniaxial tension 

Figure 4.7 demonstrates that the Al atomic potential [171] exhibits approximately linear 

temperature-strength relationships under strain rates accessible within atomic simulations. 

Note that the square data points representing yield strain correspond with the y-axis on the 

right of the figure. The results also provide a valuable analogue for the energy-based 

constitutive models, derived in later sections from NEB simulations. 

Previous detailed analysis of the thermal decomposition temperature, identified that pure FCC 

aluminium will begin to destabilize at approximately 867.7 K [234]. Referring to Figure 4.7, 

there are clearly two linear stress-temperature regimes. The intersection point between the 

extrapolated curves obtained by simple linear regression indicates the transition temperature, 

which lies directly between 800K and 900K. Analytical evaluation of the temperature at which 

the regression curves intersects, results in an exact decomposition temperature of 844.54K, 

which is in very close agreement with the results obtained in [234]. The critical strain also 

appears to deviate from a linear trend above 800 K, with a significant reduction at 900 K. 

Beyond this temperature, the critical strain increases sharply despite a reduction in the yield 
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stress, confirming that the material has distinctly altered elastic properties above 800 K. 

The minimum energy pathway transition states for the process of homogeneous dislocation 

nucleation are presented in Figure 4.8.A visualisation of the transition-state intermediates 

demonstrates the transitional atomic mechanism for dislocation nucleation from a 

homogeneous, defect free single crystal at 0 K. On the basis of the resultant activation 

parameters were evaluated at 0 GPa stress and 0 K. These parameters are important 

characteristics of the fundamental crystal structure, which form the basis of constitutive 

modelling based on thermal activation parameters [213].  

 
Figure 4.8: NEB minimum energy pathway for dislocation nucleation at 0 K and at 2.22 GPa (~ 
athermal yield stress). a) Atomic instability/ ‘defect nucleus’; b) Activation energy barrier 

for athermal dislocation nucleation 

Figure 4.8 shows the results of an NEB simulation between the initial defect free state and 

final state containing a single full dislocation loop at approximately 2.22 GPa. The process 

begins with the generation of a Shockley Partial dislocation with a Burgers vector of [1�12�], 

and magnitude of 1.672 Å. Close inspection shows that nucleation is initiated as fundamental 

atomic-scale vibration in 2 or 3 atoms, resulting in the minor bond disruption of 9 atoms in 2 

adjacent (1�11�) planes. There is a substantial reduction in potential energy, which likely 
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corresponds with the relaxation of the elastic strain energy in all non-defect atoms in the 

volume. Note that this also corresponds with a very minor reduction in shear stress of ~0.06 

GPa, however this change is considered negligible.  

The forward energy barrier approaches zero as the stress increases above 2.2 GPa, which is 

why nucleation can proceed without thermal input above the athermal stress-strain limit. It is 

interesting to note that the dislocation loop is not at a maximum size at the saddle point. 

However, this is probably explained because the saddle point involves the energy jump 

required to nucleate the trailing partial dislocation. For this reason, the potential energy of the 

defected atoms is at the highest in this replica. This also indicates that the elastic strain and 

stacking fault energies decrease beyond this point.  

The activation energy (Ea) was also evaluated for other stress conditions ranging from -0.04 

GPa to 2.19 GPa. The stress-dependence of the activation energy is illustrated in Figure 4.9. 

 
Figure 4.9: Activation energy of dislocation nucleation as a function of shear stress 

Figure 4.9 shows a nearly linear relationship exists between stress and Ea until approximately 

1.4 GPa. Beyond this point, the relationship is non-linear and approaches a more ‘exponential 

shape’. The critical stress with an Ea of 0.0eV was extrapolated from the data using a 4th order 

polynomial regression curve, fitted to the simulation data with an R2 value of 0.9998. Note 

that only 1 SF is shown in figure due to space limitations. Accordingly, the critical athermal 

resolved shear stress for spontaneous dislocation nucleation is exactly 2.26 GPa. This is 

another critical parameter that will be used for the constitutive modelling in the next section. 

The results obtained were also ideal for an explicit evaluation of the activation volume Ω, 

according to the standard thermodynamic relationship shown in Equation 4.6. 
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(4.6) 

As shown in Equation 4.6, the activation volume represents the stress dependence of Ea at 

constant temperature and hydrostatic pressure. Temperature is, by definition of the NEB 

procedure, exactly 0K. The hydrostatic pressure is 0 Bar, due to the algorithms used to define 

the uniaxial loading and with damping to reduce fluctuations from the Hoover barostat [191]. 

If evaluated from total data range, the Ω is 4.9e-28 J/Pa. For stresses greater than 2.1 GPa, the 

Ω is 2.5e-28 J/Pa and for stresses less than 2.1 GPa and greater than 0.8 GPa, the Ω is 5.66e-28 

J/Pa. The activation volume is a critical fundamental parameter that can has been correlated 

with the strain rate dependence of nucleation with simulations [229] and experiments [243]. 

4.3.3 Constitutive modelling of thermally activated nucleation 

The activation energy, Ea, can be used to quantify the temperature dependence of stress-driven 

processes, and is directly correlated with the Tdisorder according to Equation 4.7, from [1]: 

, ,01a T a K
disorder

TE E
T

 
= − 
 

 
(4.7) 

In combination with the activation volume, Ω, the stress can be evaluated according Equation 

4.8, which is a modified version of the relationship derived by Zhu et al. [1]: 

0ln b
athermal

k TN
E

νσ σ
ε

 = − Ω 

 
(4.8) 

where 𝜎𝜎athermal is the critical shear stress at 0 K, kb is the Boltzmann constant, Nv0 is the number 

of transitions attempted per second, E is the Young’s modulus and ε  is the strain rate. 

Although this method is based on fundamental theoretical physics, it is dependent on an 

accurate evaluation of the Ω, which is structure and transition pathway-dependent. 

Furthermore, the approximation is often flawed by a biased ‘prediction’ of Nv0 [67]. As the 

strain rate decreases and the temperature decreases, the stress is influenced in a multiplicative 

manner. Hence, the cumulative effects should be significant when comparing 0 K atomic 

simulations at 5.0 ×108 s-1 with experiments which are typically at strain rate <1 s-1 and at 298 

K. As an alternative to the conventional modelling approach, the thermally activated 

characteristics of dislocation nucleation have been effectively modelled with a physics-based 

correlation between the yield stress and the strain rate according to Equation 4.9 (from [243]): 
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where m is the strain rate sensitivity exponent. If the relationship between Ea and 𝜎𝜎 is 

approximately linear (see Figure 4.9), it is possible to predict a strain rate exponent by re-

arranging Equation 4.9 and solving for m. For example, when T=0.0001, Ω≈Ωathermal and 𝜎𝜎 

≈𝜎𝜎athermal. The critical resolved shear stress at a given ε  can then be approximated: 

m

Athermal Athermal

σ ε
σ ε

 
=  
 





 

(4.10) 

Using Equation 4.10, the yield stress is predicted as a function of temperature at a variety of 

strain rates between 5.0×108s-1 - 500 s-1. The model predictions are compared with simulation 

results at strain rates of 5.0×108, 1.0×108, and 5.0×107 s-1. However, it was infeasible to obtain 

results with lower strain rates, due to the computational cost of long MD simulations. 

 

Figure 4.10: Comparison of yield stress-T curves at different strain rates between MD simulations and 
model predictions. a) Yield stress in Pa; b) Log-scale yield stress 
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Figure 4.10 shows solid lines interpolated from the yield stress obtained with simulations at 

constant strain rate, corresponding with the peak stress value obtained prior to the first 

dislocation nucleation event. The data points without corresponding solid lines are values 

calculated directly using Equation 4.10. 

 

Figure 4.10b is identical to 

 

Figure 4.10a, however with a logarithmic scale on the y-axis. 
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Figure 4.10b provides a clear demonstration that the temperature dependence does not reach 

an asymptote at T>600 K and έ>5.0×104 s-1. 

The results are in agreement with thermal activation principles, showing that as the strain rate 

decreases there is a greater opportunity for thermally-activated dissipative mechanisms. 

Hence, 

 

Figure 4.10a shows that the simulations at very high strain rates, greater than 106 s-1, exhibit 

very little reduction in strength as the temperature increases, indicating that because the strain 

occurs so rapidly that there is insufficient time for thermally-activated dislocation nucleation 

to occur. Hence, this result shows a relative interplay between the thermal, mechanical and 

time domains.   

The results in 
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Figure 4.10 demonstrate remarkable consistency between the simulated and analytically 

predicted yield stress, as a function of strain rate and temperature between 1.0×107<έ<5.0×108 

and up to 800 K. This is not coincidental, as the temperature dependence is significantly strain-

rate dependent, as demonstrated by the significant difference between 5.0×108 and 1.0×108 

results seen in Figure 4.11a at 800 K. This provides a significant timescale link between atomic 

simulation (<100 μs) and experiments (>1 ms). 

It was important to evaluate the suitability of the presently established model, derived from 

an energy-based criterion, for the purposes of predicting the rate-dependence of yield stress 

and the significance of this for atomic simulation studies. This is because the primary 

challenge of simulation-based studies, is establishing an effective link between the idealized, 

theoretical model and the real-world properties. The resultant energy criteria provide pure 

thermodynamic values that are time-size-temperature independent, and can also be used to 

explain the temperature-dependent material properties by accounting for defect energies. 

However, this requires a consistent mechanism when effects of strain rate and material defects 

are included. For example, due to time-dependent effects, “slow” processes such as 

mechanical creep may not be observed in atomic simulations, because they require longer 

timeframes (>1s). However, it can be assumed to be a very good approximation of 

homogenous dislocation nucleation processes, such as is consistently observed in nano-

indentation experiments [244, 245]. The model obtained corresponds very well with previous 

studies [213, 229, 243, 246], and there is evidence that the energy-based criterion is effective 

for atomic-experimental timescale linking [213]. 
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Figure 4.11: Comparison of predicted and experimental flow stress at έ=1.54×10-2s-1 

Although the accuracy of the model established by this study was well-suited for all the 

testable strain rates, it cannot be validated at low strain rates (i.e., 5.0×108) by the same atomic 

simulation approach, as explained in the introduction. The flow stress provides an analogue 

for the experimental nucleation yield stress [229]. Hence, Figure 4.11validates the model by 

comparing the flow stress as a function of temperature from an experimental study with pure 

FCC Al [247] with the predicted yield stress at a strain rate of 1.54×10-2 s-1. This provides an 

indication of the validity of the model for low strain rate regimes by comparing with results 

in the literature. Note: this is limited due to the small data set available experimentally [247]. 

The results are very consistent around the temperature of 300 K. However, the results appear 

to diverge slightly as the experimental temperature decreases below 0° C. To test the 

divergence, the results are backwards extrapolated with regression models, showing that a 2nd 

order model will exhibit fairly significant divergence as T→0 K. However, the result is 

remarkably consistent considering that the simulation results at έ = 5.0×108 s-1 and 300 K is 

28 times greater than the experimental result. The result is a very promising time and size link 

from atomistic to experimental results. 

4.3.4 Summary of time-temperature dependence of GB properties 

The study described in this chapter section suggests that the thermomechanical properties of 
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crystalline materials can be correlated with the energy thresholds for atomic-scale crystal 

defect processes. In this manner, the yield stress (mechanical limit) in a defect-free single 

crystal was correlated with the activation energy for dislocation nucleation. The activation 

energy is also useful as a fundamental parameter for modelling the temperature-dependence 

(thermal limits). More significantly, the stress-dependence of the activation energy, or 

activation volume, is shown to accurately quantify the effect of strain rate on the temperature-

dependence of mechanical strength. Specifically, this result shows that a fundamental energy 

criterion from atomistic simulations can be used to derive an effective constitutive model for 

temperature- and rate- dependent critical nucleation stress. This is a critical insight, because 

it enables a timescale link between atomistic simulations at very high strain rates (5.0×108 s-

1), and higher scale simulations or experimental studies that involve much longer timeframes.  

4.4 Threshold for Slip Penetration with Different GB Structures  
This chapter section discusses the initial findings of atomistic simulations of dislocation - GB 

interactions. By studying the contribution of GBs to the plastic deformation response at an 

atomic scale, this study provides a quantitative evaluation of atomistic GB penetrability, with 

an aim to contribute to a structure-dependent modelling framework in mesoscale DD models.  

4.4.1 Significance of slip transmission through GBs 

The intercrystalline plasticity associated with dislocation interactions with GBs are complex. 

GBs can be either mobile or immobile, and can be classified as a barrier (repelling), a “sink” 

(absorbing) or a source (generating) with respect to dislocations [31]. The orientation and 

nature of dislocations will change upon intersection and “reaction” with a GB, which often 

necessitates the formation of a residual dislocation at the GB in order for the dislocation to 

penetrate the GB with a new slip direction into the adjacent grain [248]. GBs may also act as 

pinning points for the trailing partial dislocation of transmitted or nucleated dislocations, 

forming stacking faults originating at the GB [248]. Direct transmission is considered 

relatively rare, however is thought to be possible via a cross-slip mechanism for certain 

orientations of dissociated dislocations in FCC metals [249], but generally penetration 

involves dislocation nucleation on a new slip system [250]. 

In order to model the evolution of dislocations on the mesoscale with DD, it is necessary to 

first understand how GBs affect the stress-strain response and how this affects dislocation 

momentum. Constitutive models are required to enable to calculation of the slip system of the 
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outgoing dislocation and the character of any geometrically necessary residual GBDs.  

By qualitatively assessing atomistic simulations, we can obtain valuable insights about the 

mechanisms involved in intra- and inter-granular dislocation slip and interactions with the GB 

structure. Quantitative assessment of the stress-strain response provides a benchmark on a 

relative basis only (see section 2.4.4), but can serve to demonstrate the differences between 

different GB types with respect to the bicrystal strength [105]. For the purposes of the present 

study, the Σ5 and Σ13 stable and metastable GB structures served as the basis for comparison 

because they both provide a large multiplicity of available structural conformations. 

Prior investigations have indicated that for bicrystals loaded perpendicular to the GB plane, 

the Σ3 GBs are the most difficult to penetrate, Σ13 are moderately penetrable and Σ5 GBs are 

the most penetrable [105]. The primary feature which controls the orientation and nature of 

transmitted dislocations from grain boundaries are the slip system of the incoming (incident) 

dislocation and the possible outgoing slip systems [248]. With a uniaxial homogeneous stress 

applied normal to the GB plane, the Schmid factor (m) can be easily determined, which 

indicates how the critical resolved shear stress changes with respect to the dislocation slip 

system. For example, for a Σ5 GB, the maximum Schmid factor for the [110] (111) series of 

slip systems is 0.49; whereas for a Σ13 GB, the Schmid factor is 0.47. GB transmission can 

exhibit non-Schmid behaviour, with geometric factors constraining outgoing dislocations to 

slip systems with lower resolved shear stress than the primary Schmid system [31]. 

Furthermore, in most cases the structure of the GB must be altered in order to facilitate cross-

GB slip due to initially incoherent crystal orientations [13]. This typically involves formation 

of a residual dislocation at the GB and nucleation of a new dislocation along a slip system in 

the second crystal which causes the minimum deviation [251].  

4.4.2 Simulation procedure for nucleation analysis 

MD simulations were performed with EAM multi-body potentials for Aluminium obtained by 

Mishin et al [171]. FCC aluminium was selected for its high stacking fault energy, which 

should minimise formation of these visually disruptive faults. Single crystals (i.e., containing 

no GB) and bicrystals were generated with the dimensions and procedure described in Section 

3.2.2. A spherical void was inserted into the simulation at a position equidistant from GBs and 

cell boundaries, to provide a nucleation site for dislocations (see Figure 4.12). The radius of 

this void was selected so that it was twice the length of the minimum periodic lattice distance, 
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which equates to 0.81 nm. The simulation cells were then equilibrated to a temperature of 

~300K and a pressure of ~0 bar by running for 70 picoseconds with a-Hoover barostat [191], 

in order to represent room temperature conditions. Finally, these equilibrated bicrystal 

structures were saved to data files and compiled into libraries of stable and metastable Σ5 and 

Σ13 GBs.  

After generating a void and equilibrating to 300 K, a uniaxial compressive stress was applied 

with a constant strain rate of 1.5 * 1010 s-1, to facilitate rapid dislocation nucleation [105]. The 

atomistic data and restart files was output at time increments of 50 femtoseconds, for 

visualisation with AtomEye [97], based on the Centro-symmetry parameter [98]. By 

reviewing the image sequence, we determine the timestep at which the first atomic disruption 

was observed at the void, indicating initiation of dislocation nucleation. A subsequent 

simulation was then carried out with the corresponding restart file, in which the strain rate was 

reduced to 0 s-1 after this step. The simulation volume was then allowed to relax, which 

resulted in the nucleation of multiple dislocation loops due to the elastic strain energy stored 

within the simulation volume. Sufficient time was provided to enable dislocation slip, 

including penetration through the GB. The same procedure was repeated for both bicrystals 

and single crystals, as shown in Figure 4.12. 

 
Figure 4.12: Single crystal and bicrystal containing a spherical void dislocation source 

The penetrability of these bicrystals was analysed with respect to the compressive stress and 

corresponding uniaxial strain required to initiate intercrystalline slip in subsequent sections. 

4.4.3 Slip transmission stress-strain results 

Before comparing the responses of several metastable GBs, it was critical to first isolate 

effects of independent variables not related to the GB. Figure 4.13Figure 4.12 represents these 

‘benchmarks’ which were used to compare the stable Σ5 and the Σ13 GBs single crystal 
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plasticity results. The peak stress observed in Figure 4.13, Figure 4.14 and Figure 4.15 

corresponds with the final timestep of the applied strain. For self-consistency of the 

benchmark, this initial study involved an identical y-axis strain application for each case (see 

Figure 4.13a and c).  

 
Figure 4.13: Dislocation transmission through GB with atomistic bicrystals. a) Σ5 GB with 

compressive stress normal to GB plane; b) Σ5 GB with stress parallel to GB plane; c) 
Σ13 GB with compressive stress normal to GB; d) Σ13 GB with stress parallel to GB 

The stress response in Figure 4.13a and 32c shows an intriguing non-linear deviation, which 

occurs in the elastic stress response (before the onset of dislocation nucleation) in simulations 

without a GB. This could be an artefact of the high strain rates, which is well-understood to 

affect yield stress, and indicates an energy barrier is overcome to rapidly distort the strain field 

within the crystal before onset of dislocation nucleation [105]. Ignoring non-linearity, the 

comparative yield stresses of Σ5 and Σ13 crystal orientations agree well with Schmid factor 

predictions for Shockley partials. No strain relaxation was observed along the y-axis, which 

is expected under a homogeneous, uniaxial stress condition. Figure 4.13b and d, referring to 

strain along the x-axis perpendicular to the applied load, indicate a linear elastic stress 

response is only observed in the cases with no GB; which is converse to the results observed 
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in Figure 4.13a and Figure 4.13c. However, this likely corresponds with non-uniform 

deformation across the x and z axes (see Figure 4.14). The non-linear stress relaxation 

observed is thought to arise due to heterogeneous stresses which are stored within the bulk 

crystal and within the GB itself. The ‘tail’ in the relaxation observed in the Σ13 GB curve 

indicates a small reversal in the stress relaxation. This agrees with prior studies suggesting 

that GB act as pinning sites for dislocations, which may result in an energy barrier that inhibits 

the strain reversibility of polycrystals [22]. 

 
Figure 4.14: Strain relaxation along orthogonal axes to the applied strain (i.e. x and z axes), 

comparing the results of a single crystal and a bicrystal containing a Σ5 GB 

Plastic strain recovery is thought to be impacted and largely controlled by the pinning and 

unpinning of dislocations at GBs [22]. Studies and Gibb’s theory suggest that higher energy 

GBs exhibit a lower energy barrier for penetration [105]. Nucleation of stacking faults, and 

dislocation interactions are also largely affected by localized defects or irregular GB structures 

[105, 111].  In order to investigate these various features, a comparison is made based on both 

the visualisation and stress-strain results, taken at a timestep shortly after the first dislocation 

was nucleated from the void. By assessing the distinctive patterns in visual and stress-strain 

responses, and evaluating simulation properties, correlations are possible to explain the 

heterogeneous response.  

For simplicity of comparison, each simulation case in Figure 4.14 and Figure 4.15 is assigned 

a letter number with which it is referred.  Figure 4.14 compares simulations with the Σ5 stable 

GB and with no GB, based on the strain along the x axis and along the z axis. Figure 4.14 is 

indicative of the responses observed in all simulation cases and is included to demonstrate 
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that the combined final strain in the x and z directions is a roughly constant figure for 

simulations with identical crystal orientations and voids. This result implies that no dramatic 

deviations in total strain occurred parallel to the GBs, but rather that there was a heterogeneous 

distribution of strain.  

 
Figure 4.15: Strain relaxation along the x axis for metastable Σ5 GBs 

Figure 4.15 compares the metastable Σ5 GBs on the basis of the x axis strain, at the 6000 

femtosecond timestep. The visual results demonstrate that dislocation nucleation occurs on 

multiple slip systems that cannot correspond with the maximum Schmid factors, given that 

there are only two corresponding partial slip directions in this case. With identical crystal 

orientation and loading conditions, noting the absence of a symmetric twin grain in the case 

without a GB, these results indicate that dislocation nucleation is highly influenced by the 

initial strain field caused by the GB. Upon inspection of the results, a pattern emerges between 

the dislocation slip systems and the shape of the stress - strain relaxation response. Four 

distinct groups exist: B-E-H; C -F; A-D; and G. Similar results were also observed in the 

stress-strain curves and the slip systems of dislocations in the Σ13 metastable GBs. One 

behaviour of interest is the nucleation of stacking faults and/or dislocations originating within 

the GB to accommodate the strains. At this particular timestep, only the metastable GB in 

Figure 4.15C exhibited this response. However, upon review of at least the next 5000 

timesteps, cases E, G and H also exhibit dislocation nucleation from the GB. Unusually, 

Figure 4.15F did not exhibit the same dislocation nucleation response, despite a relatively high 

initial potential energy and qualitative features which were exceptionally close to those in C. 

However, in the case of F, particularly prevalent ‘grooves’ were observed to form in the GB 

at the top/bottom of the simulation cell, which seems to suggest that many GB dislocations 
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are forming to accommodate the strain, as opposed to stacking faults. In the next phase of this 

research, a full Burgers vector analysis will be carried out, however at the present time there 

is no clear feature which can distinguish the cases of C, G, E and H. A high variability in the 

initial nucleation slip systems was observed, due to ‘unpredictable’ heterogeneities which are 

not correlated with GB static energy. Overall, the results obtained in this study of transmission 

under very high stress and loading rate suggest that the primary influence of these GBs on the 

plastic deformation response was their contribution to the dominant slip systems of 

dislocations. 

 
Figure 4.16: Threshold for dislocation penetration of Σ5 GB 

The threshold conditions for GB penetration were also briefly considered with respect to the 

stable Σ5 bicrystal by applying a tensile reverse load on the simulation volume shortly after 

the final timestep of compressive loading. The results are provided in Figure 4.16. The strain 

was taken with respect to the y-axis. The observed stress at the point of intersection of the 

middle GB occurs at 8400 fs, which can be seen in the stress-strain curve. Despite a tensile 

strain rate of only 83% of the compressive rate, stress response returns to the origin. This is 

less non-linear and is rather more “reversible” than perhaps would be expected, given the 

dislocation interactions observed. This likely corresponds with the natural annihilation of 

dislocations upon further stress reduction [105]. The stress relaxation simulation indicates the 

distinctive shift which occurs in the dislocation slip system after penetrating the GB. 

Furthermore, after penetrating the GB almost all of the penetrating dislocations retain a pinned 

trailing partial dislocation at the GB, forming a large stacking fault.  

4.4.4 Summary of dislocation nucleation thresholds 

The influence of slip transmission and GB structure on the characteristics of bicrystal 
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plasticity were compared with single crystal analogues, using MD simulations. Comparison 

was provided with respect to the stress-strain behaviour of a series of stable and metastable 

GBs which were characterized by their CSL notation and static GB energy. The results were 

compared with a benchmark simulation involving an equivalent crystallography single grain 

(i.e. without a GB). Results indicate that the most dominant feature controlling the stress-

strain response is the slip system of nucleated dislocations. The substantial variability in the 

dislocation behaviour in simulations different metastable GB structures, despite identical 

crystal orientations, verifies the usefulness of investigating metastable GBs in lieu of the stable 

GBs. Preliminary results of a threshold analysis have demonstrated that there is a minimum 

stress below which dislocations will not penetrate the GB. The results provide strong evidence 

that the dislocation-mediated deformation of FCC metals in polycrystals is influenced 

significantly by the presence of GBs, not only as immobile barriers to slip, but as a 

consequence of complex elastic interactions affecting the slip systems of dislocations.  

4.5 Summary 
This chapter presents an analysis of the structural characterisation of Σ5(310) tilt grain 

boundaries (GBs) and the relationship between structure multiplicity, energy and 

thermomechanical properties in pure FCC aluminium. Although several quantitative metrics 

exist, to attempt to explain the properties of GBs, the present research shows that the ‘shape’ 

of the GB structure must also sometimes be considered as an independent parameter. Results 

of molecular dynamics simulations show that the GB structure is more closely related to the 

elastic strength at 0 K than the GB energy. The shape of the GB structure ‘deltahedra’ is a 

convenient qualitative metric that implies the magnitude of the available free volume and the 

relative proximity between the atoms within the GB core, which are well-established 

parameters of significance for dislocation nucleation. This study was the first to derive a 

statistically significant link between the Centro-symmetry atomic bonding parameter and the 

thermo-kinetic properties of metastable bicrystals. 

Atomic simulations were used to analyse the transitional atomic structures during the 

generation and interaction of point defects with GBs in metallic materials. The mechanisms 

of dislocation nucleation were studied in depth, to establish a conceptual framework that 

explains the importance of GB structural transformations for accommodating defect-GB 

interactions. The results of this study provide a valuable framework for constitutive models 

for the thermal properties of a variety of GB structures, and modelling thermally-activated 
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defect interactions. The activation energy for such structural transformations was evaluated 

with NEB analysis of bicrystals with several metastable 0 K GB structures in pure aluminium. 

The resultant activation energy was used to evaluate the thermal stability of the metastable 

grain boundary structures, with predictions of transition time, based on transition state theory. 

The results agree very favourably with the minimum time for irreversible structure 

transformation at 300 K, using molecular dynamics simulations. Analytical methods were 

used to evaluate the activation volume, which in turn was used to predict and explain the 

influence of stress and strain rate on the thermal and mechanical properties. Furthermore, the 

thermal instability of the GB structure directly influences the relationship between bicrystal 

strength, temperature and strain rate. Hence, theoretically consistent models are established 

on the basis of activation criteria, and used to make predictions of temperature-dependent 

yield stress at a low strain rate, in agreement with experimental results. The structure-property 

relationships play a key role in the polycrystal DD models developed in Chapter 6; and inform 

the discrete GB models.  
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5.Chapter 5                                                                       
Fundamental models of dislocation dynamics 

5.1 Introduction 
The conceptual models, methodology and results presented in this chapter contribute towards 

a multiscale simulation framework and a dataset for mixed dislocation mobility, with the aim 

to establish an exhaustive database of ‘quasi-empirical’ dislocation core behaviour. In 

particular, the methods described in the present study enable the user to prescribe a rigorous 

constant stress for the full pressure tensor in a manner that synergizes well with the mesoscale 

dislocation dynamics method [8]. An extensive database from multiple independent sources 

would provide a statistically valid basis for non-empirical modelling of the hardening and 

softening behaviours caused by glissile dislocations. 

Computational models of dislocation mobility utilise empirically derived parameters to 

explain the temperature dependence of the phonon dissipation rate, which is the limiting 

mechanism which defines the velocity of dislocations in FCC metals at low stress [252, 253]. 

Linear elasticity models are unsuitable for predicting phonon interactions with the atomistic 

dislocation core because of the singular nature within the “core cut-off region” [254]. In 

principle, MD simulations can produce a full-fidelity representation of the dislocation core, 

and hence are suitable for repeatable parametric testing in order to quantitatively evaluate the 

mobility parameters. 

This chapter presents an analysis of the atomistic characteristics of plastic deformation, in a 

manner which enables a self-consistent basis for multiscale modelling from molecular 

dynamics (nanoscale) to dislocation dynamics (microscale). Novel insights are obtained in 

terms of the characteristics of the dislocation core structure, and show that the dissociation 

width of the core has a direct influence on the steady-state dislocation velocity. Fundamental 

models are established for modelling the mobility of dislocations as a function of stress, 

temperature and loading orientation. 

5.2 Atomistic Dislocation Core Analysis 
This section presents an atomistic structural analysis of dissociated dislocations with varying 

edge or screw character, in terms of the Shockley partials observed in MD simulations. The 

influence of structural characteristics are considered with respect to key parameters of 
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significance to the dislocation mobility (i.e., Peierls barrier, phonon drag and stacking fault 

width). The methods used to generate the appropriate dislocation core structures and/or 

dislocation dipoles are described. Results are provided for a pure edge, a pure screw 0° [-

110](111) and a mixed 30°  [0-11](111) dislocation and for dislocation in FCC copper. 

5.2.1 Screw and edge dislocation core characteristics 

The <110>{111} dislocations observed in FCC metals dissociate into Shockley partials. The 

‘character’ of a dislocation (i.e., screw or edge) is primarily dictated by the orientation of the 

dislocation line direction (ξ) with respect to the full-dislocation’s Burgers vector (b). For the 

present study, the screw/edge character will be quantified with respect to the line-direction 

angle (α), which is the angle of offset between the b and the ξ vectors. For example, α = 0° 

for a pure screw dislocation and α = 90° for a pure edge dislocation. To-date, the effects of 

the structure of the simulated atomistic dislocation core on the phonon drag has only been 

loosely considered, with respect to the mobility of pure screw and pure edge dislocations. 

However, there remains a limited basis for understanding phonon drag, with respect to the 

dislocation core structure with a variety of different screw and edge characters. 

One of the primary distinctions between the mobility characteristics of screw and edge 

dislocations is related to the balance between transverse and longitudinal sonic waveforms, 

which are a consequence of the orientation of the glide direction vector [255]. For edge 

dislocations, motion occurs in the close-packed slip direction that is identical to b, whereas 

for a screw dislocation glide occurs in a direction perpendicular to b in the glide plane. The 

waveform dictates the ‘sonic limit’ that defines the maximum asymptotic dislocation velocity. 

Analysis of the phonon dispersion curves by Caro and Marian ([255]) shows that in the <110> 

directions (i.e., pure edge), phonon dissipation energy approaches infinity at the longitudinal 

velocity of sound. In contrast, for motion in the <112> system (i.e., screw), the limiting 

velocity is dictated by the transverse velocity of sound. This distinction may not influence the 

phonon drag when the velocity is considerably lower than the transverse wave speed, however 

controls the glide velocity at high stress. Furthermore, it is unclear how the unbalanced 

character of the partial dislocation cores influences the phonon dispersion curves, however it 

can be deduced that there will be an imbalance in the phonon drag (more screw character 

increases phonon drag).  

The dissociation reaction to Shockley generates two Shockley partials with different partial 
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Burgers vectors, bp, which are offset from b by -30° and the other offset by +30°. Mixed 

dislocations are distinct from the pure edge or pure screw cases, because the Shockley partials 

must dissociate with different structures and screw/edge characters. For example, the 30° 

mixed dislocation will have a ‘pure screw (i.e., 0°)’ partial and a 60° mixed partial. It is well-

established that there are unique and distinctive properties of certain partial dislocation 

structures, and recently there have been several publications on the remarkable and unique 

duality of the 90° partial dislocation core [256, 257]. Experimental studies have shown that 

the dislocation core in BCC metals (not dissociated into partials) is narrowest when it has 

‘pure screw’ character and is spread over a wider area when it has ‘pure edge’ character. 

Experimental studies suggest that non-planar dislocation core structure characteristics play a 

dominant role in the Peierls barrier effect [258]. The process of dissociation into Shockley 

partials is generally considered to result in an entirely planar core, which has been attributed 

to the absence of a significant Peierls barrier in FCC metals. However, studies have identified 

a non-negligible barrier (up to 82 MPa for a screw dislocation [259]) and a more recent study 

found that for a mixed dislocation the Peierls barrier may be greater than for a pure screw 

dislocation [260]. The present study will consider this effect again, however with respect to 

the structural and energetic properties of partial dislocation cores in copper, which has 

significantly lower stacking fault energy than aluminium. 

5.2.2 Dislocation dipole construction: General (‘default’) approach  

The simplest stable configuration for studying dislocations in 3-dimensional periodic 

boundary conditions involves a single dislocation dipole [95]. To study mixed dislocations, a 

straightforward approach to construction which results in a relatively stable, size-invariant 

dislocation dipole is the generation of a dipole with 30° mixed screw/edge character. This 

configuration serves as the default structure within the present chapter, and the methodology 

herein served as the basis for subsequent chapter sections also. 

In LAMMPs MD, a <110>{111} dislocation dipole can be readily generated in a single crystal 

at a state of thermal equilibrium at 300 K, and deleting a single (110) plane with a height of 

half of the simulation cell. When a single atomic plane is removed this generates an imperfect 

1/4[-101] edge dislocation [261]. Minimization of the energy of the structure eliminates 

kinetic energy terms and reduces the temperature, while relaxing the atomic structure. In the 

present work, the conjugate-gradient minimisation approach was applied with an energy 

tolerance of 1.0×10-20 ev [158]. Subsequently, a stable dipole would form without any 
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remaining defect debris, so long as roughly 95% of the deleted atoms were exactly 

coincidental with only one (110) plane. Hence, to achieve a stable dipole structure, it was 

sometimes necessary to apply an iterative procedure of incrementally re-adjusting the half-

plane location within the cell, and image the resultant structures to find a perfect dislocation 

dipole. It is understood that upon the relaxation of a single half plane, this leads to the 

formation of a perfect “mixed screw/edge” dislocation dipole with a full Burgers vector of 

either +30° ½ [0-11](111) or -30° ½ [-110](111) [261]. In FCC metals, it is more energetically 

favourable for this dislocation to dissociate, where: a/2 [0 -1 1] (30°) → a/6[-1 -1 2] (60°) 

+a/6 [1 -2 1] (0°) [95]. An analysis was performed using the Dislocation Extraction algorithm 

and visualised using Paraview (see Figure 5.1b). A detailed Burgers vector analysis of the 

screw/edge components is supplied in Figure 5.1c. 

 
Figure 5.1: Mixed dislocation dipole construction: a) Image of the dipole structure; b) 

Burgers vector analysis of partial dislocation cores; c) Decomposition of dislocation 
core into screw and edge components; d) detailed atomistic characteristics 

Figure 5.1 illustrates a well-constructed mixed dislocation dipole. Figure 5.1a shows that the 

atomistic cores are symmetrically structured and the potential energy is appropriately confined 

within a small core radius. Figure 5.1b shows that one partial of the dissociated dislocation 
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contains no edge character (i.e., ˆ ˆb z= ) and the other has approximately 50% edge character. 

This result exactly matches the expected core characteristics of the a/6 [1 -2 1] (0°) and the 

a/6[-1 -1 2] (60°) partials, respectively. An analysis of the distribution of the Burgers vector 

within the core in Figure 5.1c, shows that the screw core is narrower and has a greater localised 

density of Burgers vector than the mixed dislocation core. The asymmetry of the Burgers 

vector (and potential energy) distribution is a unique characteristic of mixed dislocations, not 

seen in pure edge or pure screw dislocations. 

5.2.3 Procedure for structure-specific dislocation analysis 

For the present Section, in addition to the mixed 30° dislocation configuration, it was also 

necessary to generate dislocations with different core structures, to provide a valid benchmark 

for comparison. To this end, dislocations of varying screw and edge character (i.e., with varying 

α, ξ, g, and b), were constructed in pure FCC copper, and studied in dynamic conditions with 

Mendelev’s EAM potential [173]. Dislocations were ‘constructed’ by defining an atomistic 

displacement field around a dislocation, with a specific ξ vector, b vector and α angle (angle 

between ξ and b). In all cases, the z-axis ([001] in Cartesian coordinates), coincides with the 

dislocation line vector, ξ. The xz is the glide plane with a normal vector of [111]; and hence the 

b vector can be decomposed into a screw component (aligned with ξ) and an edge component, 

according to Equation 5.1. 
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Dislocations were generated by enforcing a displacement field of a dislocation located at the 

origin defined by the per-atom displacement vectors (u) generated with Equation 5.2. 
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where the z direction is aligned with ξ, where v is the Poisson’s ratio and x and y are the distance 

of each individual atom from the origin along the x- and y- axes, respectively. Due to the 

periodic boundary conditions, it was critical that the dimensions of the simulation cell were 

defined carefully to avoid detrimental effects of image dislocations (for examples, see [262]).  
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Understanding that the geometry of a pure screw dislocation entails an α=0°, it follows from 

Equation 5.2 that the displacement field for a screw dislocation dipole involves considerably 

fewer terms, as described by Equation 5.3. 
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(5.3) 

It follows that the displacement field for a screw dislocation only requires a component in the 

direction of the ξ vector (i.e., the third vector term), with the atomic displacement field, u 

defined with Equation 5.3. The cell was sized with 30 base lattice units in the x direction, 20 

lattice units in the y direction and 6 lattice units in the z direction, or 

17.8nm×126.1nm×30.9nm and with 57,600 atoms. Minimization resulted in structural 

relaxation to a dissociated screw dipole (see Figure 5.2). A mixed 30° dislocation dipole was 

also constructed (refer to section 5.2.2, Figure 5.1), with simulation cell dimensions of 

18nm×126nm×26.8nm and with a total of 50,226 atoms. A nearly equivalent approach was 

used to obtain an edge dislocation quadrupole, with the displacement field defined by the first 

term in Equation 5.2 (i.e., x- and y- displacements only). 

 
Figure 5.2: Construction of a pure screw dislocation dipole. (a) Atomistic crystal orientation, 

(b) Burgers vector analysis of pure screw dislocation dipole 

When generating dislocations, it was observed that the dislocation core could stabilise in a 

number of different Burgers vector configurations. Additional degrees of freedom were utilised 

to obtain a variety of dislocation dipole and quadrupole configurations with a variety of Burgers 

vectors. The most important consideration was the number of primitive lattice units were used 

to define the cell dimensions. For both the pure-edge (quadrupole) and pure-screw (dipole) 

cases, the nominal simulation cell configuration required a ratio of 30x:20y:6z and 30x:20y:2z 

unit cell dimensions, respectively. Additional degrees of freedom were possible by removing a 

c
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partial (yz) half-plane of width bsin(α); and introducing a tilt to the simulation cell of magnitude 

bcos(α), which compensate for edge and screw displacements, respectively [262].  

Because there are two possible [101] slip systems available in the glide (111) plane and screw 

dislocations were observed to cross-slip into various orientations during the construction stage, 

it was critical to confirm the dislocation character with Burgers vector analysis. Furthermore, 

when removing a half-plane of atoms, dislocations of various configurations were observed. 

However, once the core structures were imaged according to the atomic potential energy (as 

shown in Figure 5.3), it was discovered that a compact potential energy contained within the 

core region corresponded with a stable structure. In this manner, the atomistic core structures 

were confirmed to be stable for the cases of the pure edge (Figure 5.3a) and pure screw (Figure 

5.3b) dislocations. However, the construction of a mixed, 30° dislocation was obtained using 

the procedure described in Section 5.2.2 and was always observed to remain stable. 

 
Figure 5.3: Comparison of the energy distribution in stable and unstable atomistic dislocation 
cores. a) Single stable pure-edge dislocation; b) stable pure-screw dipole; c) Artificial 

(unstable) edge quadrupole; d) Artificial (unstable) screw dipole. 

A key property of the dislocation core is the strain energy per unit length (Ucore). The analytical 

models for Ucore are provided in Equation 5.4, for screw and edge dislocations respectively 

[263]. 
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where μ is the shear modulus, v is the Poisson’s ratio of the material, b is the magnitude of the 

Burgers vector of a perfect dislocation, and r & r0 define the limits of the core radius. In 

copper, v is less than one which means that an edge dislocation has inherently greater core 

energy than a screw dislocation. A higher Ucore means that the core structure is further from 

an equilibrium lattice energy state, which implies that the edge configuration is more 

metastable (relatively) than a screw dislocation. This explains a reduced Peierls barrier for the 

edge case. The energy of the atomistic dislocation core (Ucore,atomic) was evaluated explicitly 

in simulations, with Equation 5.5. 
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Where Ei is the potential energy of atom i, Emin is the minimum (cohesive) energy of an atom 

at a state of equilibrium and Ldislocation is the total dislocation length.  

The width of the dislocation core correlates with the phonon drag; because a narrower core is 

increases the peak lattice misfit and Burgers vector density. The Burgers vector density within 

the partial dislocation cores at 0 K was determined from the inter-atomic spacing between 

atoms within the dislocation core. The component of displacement in the g direction (minus 

the equilibrium lattice spacing) corresponded with the edge component of the Burgers vector, 

and the displacement in the ξ direction corresponded with the screw component. 

The glide stress is defined by the component of the shear stress resolved in the direction of b 

(note that for non-edge dislocations, the glide stress direction is not g). For the simulation cells 

where ξ is aligned with the z-axis, the components of the glide stress (τg) depends on α and 

are comprised of a combination of  τxy and a τyz components, according to Equation 5.6.  

0 ( ) 0
| | ( ) 0 cos ( )

0 cos ( ) 0

xy

g g xy yz

yz

sin
sin

α τ
τ τ α τ α τ

α τ

 
 

=  
 
 

 

 
 

(5.6) 

Where |τg| is the magnitude of the glide stress. Hence, for the case of a screw dislocation, the 

glide stress is equivalent to a pure τyz stress of equal magnitude. However, for dislocations 

dissociated into partials, only cos(30°)τg contributes to the forward motion of the partials, 

because sin(30°)τg causes an equal and opposite force in the leading and trailing partials.  

To evaluate the impact of the different partial dislocation core structures on the mobility 



 

123 
 

 

behaviour, screw and mixed dislocations were stressed under pure τg stresses of 20, 30, 40, 

60, 80 and 100 MPa at 50 K and 300 K. Stress was applied by deforming the cell under simple 

shear at a constant strain rate of 109 s-1. The system was then held at constant stress for 200 

ps, using a rigorous barostat, after which a layer of atoms was removed that also removed the 

second ‘dipolar’ dislocation. Hence, any contribution caused by dipole dislocation interactions 

was eliminated. Then, the dislocation velocity was determined at each stress state, by tracking 

the change in core position over 20 ps. The core position was ‘extracted’ from the simulation 

cell with post-processing software [97].  

It was also of interest to evaluate whether the driving force for partial mobility could be 

decoupled according to screw and edge character. This was determined by observing the 

behaviour of the partials under a pure τxy stress and τyz of 100 MPa. In particular, it was of 

interest to determine whether the ‘pure screw’ partial of the full-mixed 30° dislocation would 

remain immobile during the initial acceleration phase under a ‘pure edge’ shear stress (i.e., 

τxy). It is noteworthy that, at steady state, this partial must also move due to the binding force 

causes by an extension of the stacking fault as the ‘60° mixed’ partial glides under the τxy 

stress, so the immobile behaviour would only be observed briefly during a transient 

acceleration phase.  

5.2.4 Mobility and structural characteristics of different dislocation cores 

The core width and core energy were evaluated directly from the static (0 K, 0 kPa, energy 

minimum) cells containing dislocation dipoles. The distribution of energy within the different 

dislocation cores and corresponding ‘high core energy width’ is shown in Figure 5.4 and 

Figure 5.5, where atoms are visualised using Atomeye according to potential energy [97]. 

 
Figure 5.4: Partial dislocation cores of ‘full-screw’ dissociated dislocation 
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Figure 5.5: Partial dislocation cores of ‘full-mixed 30’ dislocation, coloured by potential energy 

Results show that the partials of a full-screw dislocation exhibit a much smaller stacking fault 

width, and exhibit relatively small core volumes (in terms of depth and width). In contrast, 

there is a much larger stacking fault between partials of the ‘full-mixed 30°’ dislocation. In 

this case, the ‘pure screw’ core has a particularly low core width and peak per-atom energy, 

however is the only partial to exhibit a ‘depth’ of two atomic planes. The mixed 60° core is 

broadest of all the partial dislocation cores, and also exhibits the maximum per-atom energy* 

of any of the partials being studied. (*note, the cohesive energy of Mendelev’s EAM potential 

is -3.423 eV). 

Table 5.1: Width of high energy partial cores and total dislocation, maximum per-atom potential 
energy in each core (Emax) and total dislocation core energy (Ucore) 

 Atom 1 - Atom 2 Atom 3 - Atom 4 Atom 1 - Atom 4 
Full-screw:                                

Inter-atom distance (Å) 6.55 6.56 18.78 
Mixed:                                    

Inter-atom distance (Å) 8.65 3.895 25.27 
Screw:                                

Emax (eV/atom) 0.0667 0.0687 0.0687 
Mixed:                                

Emax (eV/atom) 0.0807 0.05372 0.07772 
Screw:                                

Ucore (eV/Å) 0.3170 0.3290 0.3230 
Mixed:                                

Ucore (eV/Å) 0.3662 0.4189 0.39829 

Table 5.1 shows that the lowest Ucore of any partial was observed in the partials of the ‘full-

screw’ dislocation, despite the fact that the maximum per-atom energy was 25% greater than 

was observed in the 0° partial of the full-mixed dislocation (atom 3- atom 4). The maximum 

energy was the 60° mixed partial of the full-mixed dislocation (atom 1 – atom 2).  

The results in Table 5.1 are fairly consistent with experimental analyses of dislocation cores 

of <110>(111) in silicon, which showed a significantly lower core misfit energy in 30° partials 

than 0° ‘screw’ partials [264]. This provides corroborative validation to suggest that 

dissociated dislocations of screw character exhibit ‘more stable’ dislocation cores because of 
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the dissociation into 30° partials. These dislocation cores exhibit a unique combination of low 

‘depth’ that is a characteristic of core-spreading in edge dislocations, and low core energy that 

is a characteristic of screw dislocations. 

The Burgers vector density distribution implies the local magnitude of misfit strain in the core. 

This has significant implications for the phonon drag, and was considered important for 

evaluation. The results are shown in Figure 5.6 to Figure 5.8. An immobile, full-edge 

dislocation (in a  quadrupole arrangement) was also evaluated, for comparison. 

 
Figure 5.6: Dislocation core structure of a dissociated ‘full-screw’ dislocation 

 
Figure 5.7: Dislocation core structure of a dissociated ‘mixed 30°’ dislocation 

 
Figure 5.8: Dislocation core structure of a dissociated ‘full-Edge’ dislocation  
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Figure 5.6 shows that the ‘Edge’ components of the full-screw dislocation Burgers vector and 

the ‘Screw’ components of the full-edge dislocation Burgers vector sum to zero, as expected. 

Interestingly, a non-negligible Burgers vector density was also observed within the stacking 

fault of the full edge and full-screw dislocations. The ‘pure screw’ partial of the full-mixed 

30° dislocation was found to be the narrowest, with an atomistic width of approximately four 

atoms. The other cores are five or six atoms wide, and hence exhibit lower peak Burgers vector 

density. In fact, the peak Burgers vector density is 22.3% greater in the partials of the mixed 

dislocation than in the partials of the screw dislocation. Assuming that the total magnitude of 

the phonon dissipation is predominately related to the maximum Burgers vector density, it can 

be expected that the full-mixed 30 dislocation will exhibit more drag during motion than the 

full-screw dislocation.  

The stress dependence of the dislocation velocity was obtained for both full-screw and full-

mixed dislocations, and is shown in Figure 5.9a-c; which correspond with 50 K, 150 K and 

300 K temperature tests. Figure 5.9d shows the temperature dependence of the phonon drag 

coefficient for both screw and mixed dislocations.  

 
Figure 5.9: Dislocation mobility behaviour of full-screw and full-mixed 30° dislocations: 

Dislocation velocity with variable glide stress at a) 50 K, b) 150 K, c) 300 K. d) Phonon drag 
coefficient as a function of temperature 

The results in Figure 5.9 show that the dislocation velocity follows a linear relationship with the glide 
stress, according to expectations of phonon-damped behaviour [78]. The stress-velocity results in 

a

d

b

c
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Figure 5.9a-c shows a large difference in the y-intercept of the linear range. The mixed dislocation 
consistently was found to exhibit greater phonon drag, as evidenced by a significantly smaller slope of 

the linear stress – velocity relationship. The reduced phonon dissipation in the screw dislocation 
matches well with well-established theory that this effect is primarily influenced by the peak Burgers 

vector density (see Figure 5.7 and  

Figure 5.8). However, the mixed dislocation exhibited relatively ‘low phonon drag’ at small 

glide stresses, corresponding with a significantly greater ‘y-intercept’. The discrepancy 

between the larger velocity at low stress, and lower velocity at high stress of a mixed 

dislocation suggests there are two different mechanisms. This corresponds well with a lower-

stress regime controlled by core energy properties, and an upper-stress regime controlled by 

the Burgers vector density. 

It is proposed that the low-stress regime is controlled primarily by Ucore  (see Table 5.1), which 

influences the Peierls barrier. A higher Ucore corresponds with a shallower potential basin, and 

hence requires a considerably smaller thermo-kinetic (i.e., time-dependent) threshold input to 

initiate dynamic behaviour (i.e., motion). A screw dislocation with a relatively small Ucore will 

exhibit a greater ‘effective Peierls barrier’ than a 30° mixed dislocation. Hence, there is a 

greater nominal stress that must be exceeded before the athermal glide motion observed in 

molecular dynamics simulations can be initiated. This corresponds with a higher x-intercept 

(or a correspondingly lower y-intercept).  

The phonon drag coefficient has been confirmed to exhibit a linear relationship with 

temperature, of the form B=B0+CT, where B0 is the y-intercept and C is a constant that is 

primarily controlled by the peak Burgers vector density. However, physically this relationship 

is impossible to explain solely with phonon effects, because there are no phonons in the 

absence of thermal vibrations. Hence, it is more consistent to consider B0 as a constant elastic 

resistance to glide motion, corresponding with the Peierls barrier (i.e., B0=f(Ucore). 

Table 5.2: Phonon drag coefficients evaluated from simulation results 
 BScrew , α=0° BMixed,α=30° BScrew / T BMixed /T 
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(Pa.s) (Pa.s) (Pa.s.K-1) (Pa.s.K-1) 
50 K 2.59×10-06 4.15×10-06 5.18×10-08 8.31×10-08 
150 K 7.15×10-06 1.25×10-05 4.77×10-08 8.31×10-08 
300 K 1.45×10-05 2.74×10-05 5.84×10-08 1.05×10-07 

The results in Table 5.2 provide a valuable indication that there is a correlation between the 

peak Burgers vector density (as shown in Figure 5.6 to Figure 5.7) and the drag force which 

inhibits the motion of dislocations. Hence, the mixed dislocation exhibits a mildly larger drag 

coefficient than the pure screw dislocation. However, the mixed dislocation was uniquely 

temperature-dependent which could suggest that there is a mild Peierls barrier effect. The 

relationship between the peak Burgers vector density (see Figure 5.7), high potential energy 

(see Table 5.1) and the Peierls barrier is well-established (for example, see [265]). However, 

recently it has been suggested that a non-planar core also has an influence [266]. The only 

case where the potential energy of the dislocation core is not contained within one atomic 

plane, is for the ‘pure-screw’ partial of the mixed 30° dislocation (see Figure 5.5). This 

observation is very consistent with conceptual theory, and provides a very good explanation 

for the displacement of the y-intercept to a stress above 0 MPa in the mixed dislocation results 

in Figure 5.9.   

Although a preliminary analysis was performed with the multi-structure dislocation cores, the 

complexity involved in controlling the stress in a self-consistent manner was prohibitive due 

to the necessarily small simulation dimensions of the pure edge and pure screw dislocations. 

Furthermore, previous researchers have already established very good models for the 

dislocation mobility of pure-edge and pure-screw dislocations in the literature [78, 267, 268]. 

For this reason, detailed and novel studies in latter chapter sections emphasize the modelling 

of the mixed 30° dislocations. 

5.2.5 Significance of dislocation core structure models 

This chapter section has introduced the concept of structure-dependent energy and mobility 

characteristics of dislocation cores, in terms of the density of the Burgers vector. The methods 

used to construct the dislocations in atomistic simulations were describe. A brief summative 

assessment of the rudimentary mobility characteristics of the screw and mixed dislocations 

suggests that the drag forces correspond with the peak Burgers vector density within the core 

structure. Novel insights about the relatively large Peierls barrier of 30° mixed dislocations 

was considered in terms of the non-planar core structure, and high potential energy within the 

core structure of the pure-screw partial dislocation.  
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5.3 Controlled Multi-Stress Dislocation Dynamics with MD 
This chapter section describes the first stage of a multiscale study of mixed dislocation motion 

and interactions with GBs, coupling the atomistic and microscales. This involved establishing 

a self-consistent approach to achieve rigorous stress control to a degree that was consistent 

with the constant external stress field in a DD simulation. The MD method has proven to be 

useful to ‘unlock’ the temperature and structure dependence of the phonon drag effect, which 

dictates the stress-dependent velocity of dislocations in FCC metals [78, 269]. This is 

particularly true, because conventional elasticity cannot predict the effect of phonon 

interactions with the atomistic dislocation core because of the singular nature within the “core 

cut-off region” [270]. However, before MD results can be considered reliable for dislocation 

mobility modelling, it is critical to ensure that the parameters obtained are independent of the 

simulation cell size, simulation timespan and the approach used to control the system stress.  

5.3.1 Achieving steady-state atomic dislocation dynamics 

Multiscale models of mixed dislocation mobility are very rare in the literature, despite 

evidence that pure edge and screw dislocations are relatively less common in real materials 

[242]. The dislocation mobility is predominately determined by the resolved shear stress 

component in the direction of the full Burgers vector, hereafter referred to as the glide stress 

(τg). By convention, the influence of multi-oriented stress conditions on the phonon dissipation 

is ignored and the mobility is considered with respect to the glide stress component of pure-

edge or pure screw dislocations (which have ‘different phonon modes’) [255, 271, 272].  

The mobility characteristics of mixed dislocations can only be measured once the stress can 

be carefully controlled for both the τxy and τyz components simultaneously. However, it is non-

trivial to accurately control the global stress components effectively under multi-orientation 

testing. This is a significant, undertaking because the vast majority of existing dislocation 

mobility studies ignore the influence of residual τxy or τyz stresses. This could help explain why 

several studies describe the observation of inconsistent behaviour of the stacking fault in fast 

moving dislocations [78, 267, 273]. For example, in the work by Olmsted et al it is explicitly 

stated that in order to maintain a rectangular box, the anisotropy introduced by the moving 

dislocation necessarily induces a “residual stress” [78]. Although the τxy component of the 

residual does not induce a Peach-Koehler force for the case specified, there is an effect on the 

dissociation width that could certainly explain the observation that “at the highest applied 

stresses, the dislocations undergo a range of degradation processes [78].” These effects can 
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be evaluated in terms of the influence of the loading orientation, if a high degree of stress 

control can be obtained. 

Controlling the stress state in MD simulations can be a source of significant errors, due to 

local (size-dependent) thermal and temporal effects that cause stress fluctuations on the 

timescale of atomic vibrations [95]. These mild disturbances can accumulate over time to 

cause very large deviations from a steady stress state. The true stress state of an MD simulation 

is only reasonably estimated from the average of hundreds of thousands of atoms and with 

respect to larger volumes and timespans [5, 75, 274]. In MD, thermostats and barostats can 

help to compensate for the lack of a mass ‘buffer’ by approximating a pressure and heat sink 

at the boundaries [275]. Barostats act to control the average stress by rescaling, deforming 

and/or tilting the simulation cell. Modern barostats, such as the modified Hoover barostat 

[276], are capable of controlling the full stress tensor by allowing for dilatation and distortion 

of the simulation cell to control the normal stresses and shear stresses, respectively. Barostats 

can produce a more ‘robust’ state of constant stress for all stress tensor components in 

simulations with three-dimensional periodic boundaries [95, 275]. Commonly applied 

barostats utilise a damping constant, which acts as a user defined interval that refreshes the 

strain rate applied at the boundaries. The damping constant interval must be short enough to 

mitigate significant stress flux, while also being long enough to avoid overcompensating for 

minor fluctuations (which can create unnecessary oscillations) [275].  

In FCC metals, the shear stress in a perpendicular orientation with respect to τg (commonly 

referred to as the ‘Escaig stress’, τe) is attributed with the process of cross slip [277] and 

influences the stacking fault width [260, 278]. The combination of τg and τe can be rationalised 

as a function of the relative orientation of the loading angle, θ, defined by the deviation of the 

combined in-plane shear stress (τc) from the dislocation line direction. The nomenclature is 

explained in the vector diagram provided in Figure 5.10. 
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Figure 5.10: Vector diagram for multi-orientation stress parameters of a 30° mixed case 

Figure 5.10 shows the relationship between θ and the ratios of τc: τe and τc: τg. Because the 

dislocation is of 30° mixed character, τc = τg when θ =30°. By understanding these 

characteristics of the mixed dislocation, it is possible to decompose the glide stress into τxy 

and τyz components, which can be easily controlled with a barostat. Note that for this 

decomposition, according to the Cartesian reference frame, the z-axis is the dislocation line 

direction, the y-axis is the normal to the glide plane and the x-axis is the direction that the 

dislocation glides (see Figure 5.10). The stress decomposition is shown in Equations 5.7 – 

5.9: 
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)30cos(1 °−= θστ g  (5.8) 

)30sin(1 °−= θστ e  (5.9) 

where σ1 denotes the total magnitude of the τc tensor. It is also noteworthy that because the τg 

and τe components are orthogonal, τc
2 = τg

2
+ τe

2.  

The Burgers vector of a dislocation dictates the necessary orientation of the stress required to 

control the glide behaviour. Hence, the mobility of mixed dislocations can only be studied 

once the stress can be carefully controlled for both the τxy and τyz components simultaneously.  

This chapter section is structured as follows. First, the procedure applied to test the mobility 

of mixed dislocations is described. Then, the approach used to tune the barostat with a range 

of parameters is explained and verified to be consistent with size invariant behaviour. 

Thereafter, the velocity and SFW of mixed 30° dislocations were evaluated for a range of 

stress orientations, temperatures, two EAM potentials and two simulation cell sizes. In 

closing, a brief commentary is provided on the significance of using a ‘quasi-empirical’ 

τc
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database of simulation results in-lieu of a comprehensive database of experimental results.  

5.3.2 Multi-stress study simulation procedure 

A dislocation dipole was constructed, following the procedure outlined in section 5.2.2. Two 

different EAM potentials for pure copper were utilised for reproducing the characteristics of 

dislocation dipole mobility [173, 196]. These were selected because they provide a good 

model for the stacking fault energy and elastic properties. The two EAM potentials have 

slightly different lattice spacing parameters and are therefore verifiably distinct, which 

provides a good basis for comparison. Copper was selected because the mobility models for 

edge and screw dislocations are already well developed for the cases of aluminium and nickel 

(see reference [78]). It is noteworthy that consistent results were obtained with two additional 

EAM potentials for copper, however are not included because they were obtained at an early 

stage before updating to a more appropriate methodology. 

To quantify the influence of dipole height and aspect ratio on the dislocation mobility was 

evaluated for different simulation sizes. Two cell dimensions were considered. The larger, 

default cell dimensions were 20.5nm ×40.0 nm ×10.0 nm, as shown in Figure 5.11, and the 

smaller dimensions were 20.5nm ×26.5 nm ×20.0 nm. The influence of the dipole height was 

also considered, with the default being half the height (~20 nm), and the smaller case being 

16.7 nm. The temperature was rescaled to 300 K over 10 ps, maintaining the equilibrium 

structure and energy using an NVE ensemble. This was followed by a 50 ps equilibration stage 

with a Nosé-Hoover thermostat [89] and barostat [191], to achieve a well-distributed 

temperature and pressure profile. The size was considered to be sufficiently large to 

accommodate the short-wave phonon mean-free path length, which at room temperature is 

about 10b [279]. These dimensions are also consistent (or larger) than similar previous MD 

studies of dislocation mobility [78, 254, 267]. Figure 5.11b shows the dislocation dipole 

configuration that was used for mobility testing. 
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Figure 5.11: Simulation cell characteristics. a) full atomic view of the minimum-energy 

single crystal structure, b) view of the dipole structure of mixed partial dislocations and 
cell orientations 

The influence of the loading orientation angle (θ) was evaluated by maintaining a constant 

combined shear stress (i.e., τc=70 MPa), however changing the ratio between τg and τe (noting 

that τc
2 = τg

2 + τe
2). 

5.3.3 Obtaining constant stress with dynamic simulation of mixed dislocation mobility 

To evaluate the stress-dependent mobility, it was necessary to ensure that any residual stresses 

within the cell at the initial state were eliminated. In LAMMPs, this involved converting the 

default boundary configuration into to a ‘triclinic cell’ with edges capable of tilting to control 

the shear stress [21]. Subsequently, the pressure was equilibrated to a state of 0 kPa for all 

stress tensor components over a time span of up to 100 ps, until the stress oscillations became 

smaller than 5 MPa. Stress-dependent mobility was evaluated under approximately ‘constant 

pressure’ conditions using an over-damped, Hoover-type barostat with varying damping 

frequencies, to evaluate the optimal control routine [191]. A rigorous barostat procedure was 

applied to maintain the τxy and τyz tightly within +/- 5% and to hold (𝜎𝜎xx, 𝜎𝜎yy, σzz, τyz and τxz) at 

approximately 0 MPa. As described in the introduction, there are glide (τg) and escaig (τe) 

components of the shear stress that can be decomposed into (τxy) and (τyz) components.  

It is noteworthy to consider the influence of dipole height, and hence the reason for the very 

large aspect ratio of the simulation cell. This is a significant consideration the mobility of 

dislocation dipoles, because the maximum interaction force is a function of the minimum 

distance between the two dislocations. Furthermore, the image forces due to periodic images 

at a distance of the width of the cell also contribute to this effect. However, as described by 

Z = [1�21�]

X = [1�01]

Y = [111]
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Mordehai et al [267]: 

“If the external force is much greater than this internal periodic force, the image forces are 

negligible.” 

According to Hirth et al [270] and Cai et al [280], the image forces are proportional to the 

distance from the equilibrium dipole position, and are largest exactly at the point when the 

moving dipolar dislocations are about to leave this equilibrium position. Hence, it is this 

interaction force which is of the greatest significance. This is particularly true when using a 

well-tuned barostat, which can dynamically provide feedback to compensate for the 

fluctuations in the stress field with time [95]. Modelling has shown that by increasing the 

dipole height in combination with a relatively large external stress, the relative significance 

of dipole interaction forces becomes reduced. The interaction force between dipolar 

dislocations can be considered to become negligible when the glide stress exceeds the 

threshold, τg,min evaluated with Equation 5.10 (from ref. [267]): 

,min 2 2
08g

bL
r

µτ
π

>  
(5.10) 

where μ is the shear modulus, L is the simulation cell length in the glide direction, b is the 

Burgers vector of a perfect dislocation, and r0 is the equilibrium distance between dipole 

dislocations at zero stress. According to this equation and with a dislocation dipole height of 

20 nm, the value of τg,min that exceeds the interaction force is approximately 3.6 MPa.  

To achieve a robust control regime for maintaining constant stress, the Nosé-Hoover barostat 

was tuned by changing the damping constant, representing the time-interval for providing a 

feedback loop for dynamic changes in the multi-stress state. The effect of underdamping or 

overdamping the barostat is summarised in Figure 5.12. 
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Figure 5.12: Effect of barostat damping on the stress with mobile dislocation dipole in periodic 

boundary conditions 

Several damping schemes and simulation configurations were considered, however, only 

results which were deemed ‘reasonably stable’ are shown in Figure 5.12. After several test 

cases were considered, it was concluded that very high frequency pressure damping was 

necessary in this case. This is considered to be a consequence of the temporary decoupling of 

the partial dislocations when the leading partial crosses the periodic boundary and enters the 

opposite edge of the simulation, while the trailing partial remains on a trajectory towards the 

boundary. Dynamic compensation was found to be necessary to avoid potential fluctuations 

that could cause divergence from steady state. However, a carefully-tuned barostat was found 

to provide an effective means of controlling the glide and Escaig stress components, in order 

to mitigate the oscillations that can occcur with an under-damped barostat. 

Figure 5.12b shows that tight control of the τg and τe stress components and the temperature 

can be retained at high stresses in the high dislocation velocity regime. A more refined 

evaluation of the multi- stress components is provided in Figure 5.12c, showing that the shear 

components of τxy and τyz are susceptible to slight oscillations. However, the magnitude of the 

fluctuations is relatively small and at worst is within a band of 10 MPa from the set-point. 

This is shown to have negligible impact on the τg and τe, as seen in Figure 5.12a. The 

magnitude of the fluctuations was relatively consistent from stresses ranging from 150 MPa 

up to 1,000 MPa without retuning the barostat. Overdamping the barostat did not show 

considerable differences, however is undesirable as this reduces the computational efficiency. 

The atoms contained within the partial dislocations and stacking fault were isolated using the 

Centro-symmetry method [98]. The partial dislocations were tracked at 500 fs intervals, using 
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the dislocation extraction algorithm developed by Stukowski et al. to evaluate a Burgers 

circuit and find the exact position of the core at each interval [99]. The velocity was calculated 

using linear regression from the average change in position over time, with respect to the 

geometric centre of the two partial cores, as shown in Section 5.2.2, Figure 5.1c. The final 

velocity was taken to be the average of the two dipole dislocations obtained from a period of 

at least 20 ps, once steady state had been achieved. While trialling the control regime with 

different EAM potentials and with variable stress loading orientations, the results were found 

to achieve superior convergence while applying a damping constant of 5 fs for the τxy and τyz 

components. The thermostat was damped at intervals of 100 fs for all cases, and this was 

found to provide an adequate level of temperature control.  

5.3.4 General methodology for constant stress atomistic dislocation dynamics 

For the study of atomistic dislocation dynamics in this and subsequent sections, the glide and 

Escaig stresses were controlled in terms of the τxy and τyz stress components. The τxy and τyz 

stresses were gradually increased with a constant applied shear strain rate of 109 s-1, until the 

system achieved the required combined shear stress. A constant stress state was obtained by 

coupling the system with a rigorous barostat, with coupling times of 5 fs for the τyz and τxy 

components and 20 fs for the normal stress components (σxx, σyy and σzz) [93]. The barostat 

compensated dynamically for stress fluctuations caused by interactions between the dipole 

dislocations and losses due to phonon dissipation. The use of a dislocation dipole with a 

rigorous barostat provided a more consistent stress state for all stress components than could 

be obtained from a single dislocation being stressed by shearing a surface layer of atoms 

without a barostat. Reducing the coupling time on the barostat caused a gradual reduction in 

stress over time, due to phonon losses, however increasing the barostat coupling had no effect 

on the τyz and τxy stresses or dislocation velocity at steady state. A thermostat was also used 

(i.e., NPT) with a coupling time of 100 fs. 

5.3.5 Controlled atomic dislocation dynamics 

When accelerating dislocations from a non-moving state, elastic waves can sometimes be 

generated which can significantly influence the stress state and the dynamic behaviour [253]. 

When the stress is ramped up from an initially immobile state, there is a brief transient phase 

when the dissociation width is known to fluctuate and the velocity change may not be steady. 

During this period, the dislocation can be said to ‘accelerate’ from a state of zero velocity in 
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a behaviour that is analogous to the process of inertia.  

 
Figure 5.13: Transient phase of dislocation motion in MD simulations and comparison of the 

‘steady-state’ velocity characteristics at various τg stress levels 

Figure 5.13 shows that the present approach is suitable for obtaining a stable, steady-state 

velocity for the full stress range down to 5 MPa. This also provides evidence to support the 

conclusion obtained in Section 2.0 that suggested that for stresses greater than 3.6 MPa, the 

velocity can reach a stable value not significantly altered by image force effects. The results 

show that the so-called ‘dislocation inertia [281]’ effect is very small, requiring a transient 

regime of approximately 20 ps for the dislocation to reach a steady state. Between 60 and 120 

MPa, the time required to reach a steady state velocity is approximately identical and is in the 

range of 15-25 ps. It is noteworthy that for all cases above 120 MPa, the velocity reaches an 

‘asymptotic limit’ defined by the shear wave speed [78]. As the stress increases above ~150 

MPa, the length of time to reach steady state becomes reduced. This is because the dislocation 

approaches the asymptotic velocity that acts as the ‘steady-state’ velocity, in-lieu of a much 

higher velocity which would be comparable with a proportional effect observed for lower 

stress cases. More detailed discussion of the phonon dissipation effect can be found in Section 

3.4. These results are in reasonable agreement with prior studies, which found that the 

acceleration time in the linear regime was approximately 15 ps [267] and 16 ps [273]. 

The influence of the orientation of the external stress field was evaluated with respect to the 

velocity and stacking fault width (SFW), taking the total combined shear stress (τc
2=τg

2+τe
2) 
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to be constant at 70 MPa. Because, both the magnitude and sign of τe influence the SFW, 

results are included for a range of -70 MPa to +70 MPa (where τc=τe). Steady state velocity 

behaviour was considered to be established when the velocity remained constant for three 

cycles, within a tolerance of 5%. The velocity results are shown in Figure 5.14a with respect 

to only the glide stress component, τg. The SFW results are provided in Figure 5.14b with 

respect to only the Escaig stress component, τe. The overall influence of the orientation angle 

θ is shown in Figure 5.14c. It is noteworthy that, for the results provided, the two copper EAM 

potentials are referred to as Cu1 ([173]) and Cu2 ([196]) and the “Large” and “small” cases 

refer to cell heights of 40.0 nm and 26.5 nm, respectively. Both the legend and axis text for 

SFW measurements are shown with red font (online version only), for the sake of clarity. 

 
Figure 5.14: Influence of stress and loading orientation on the velocity and SFW of mixed 
dislocations with different dipole heights and EAM potentials. a) Velocity as a function of 

glide stress, b) Stacking fault width as a function of Escaig stress, c) Overview: effects 
of varying θ loading orientation  

Figure 5.14a shows that by changing the loading orientation angle of a simulation, the steady 

state dislocation velocity varies due to a linear relationship with only the τg component. The 

influence of dipole height is effectively negligible except for one measurement when τg is 

reduced below 20 MPa. This shows that the dislocation mobility analysis becomes size 

invariant for the presently considered cases when the glide stress is greater than or equal to 20 

MPa, or the simulation cell height is greater than ~40 nm and with an aspect ratio greater than 

about 1.9 (see also [282]).  

To serve as a reference basis for Figure 5.14c, we obtain the linear elastic predictions for the 
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SFW at τg=0MPa by taking as inputs the planar stacking fault energy of the two different EAM 

potentials: Cu1 (39.2 mJ/m2 [173]) and Cu2 (44.2 J/m2 [196]) [283]. The linear elastic 

solutions are 18.4 Å and 21.2 Å, which is comparable with the simulation-based results of 

16.6 Å and 21.2 Å for Cu1 and Cu2 respectively (see Figure 5.14b). These results are all 

within the range of ab-initio and simulation results for the SFW of screw/edge dislocations in 

the literature [284].  

The overall trend is that the stacking fault width (SFW) tends to increase as τe becomes more 

negative, and tends to decrease as τe becomes more positive. This occurs because of the 

dissociation of the Burgers vector into partial components which are offset from the full b 

(which is the in-plane component of τg) by +/- 30°. In the current configuration, when the τe 

is negative, the leading partial receives an increased driving force for motion and the trailing 

partial receives a ‘dragging’ force of equal magnitude. Although the net effect on the velocity 

is zero because the forces on the two partials cancel out, the equal and opposite forces 

influence the SFW. The SFW does not increase to infinity or shrink into a full dislocation, 

because the forces that are caused by τe are balanced out by the repulsive forces between the 

dislocation cores and the binding force of the stacking fault energy. This also explains why 

the increase of the SFW (when τe becomes more negative) is greater in magnitude than the 

reduction of SFW (when τe becomes more positive), because the repulsive force increases 

non-linearly with the proximity between the cores whereas the binding force is constant. The 

overall trend can be said to be consistent with theoretical expectations [285, 286]. 

Figure 5.14c shows that the peak velocity occurred when θ=30°, which coincides with a pure 

glide stress of τg =70 MPa (see Figure 5.14a) and τe =0 MPa (see Figure 5.14b). The results 

unexpectedly suggest that there is a small local minimum, seen as a cusp in the SFW curves, 

when τe =0 MPa. This result was unexpected, however is confirmed with various repeated 

simulations (including attempts with changing the strain rate). It is also possible that this result 

can be interpreted as a slight increase in the SFW for any modest applied orientation of the τe, 

while the dislocations are also moving under a τg. This result appears somewhat subjective 

and is insufficient to derive a firm conclusion, particularly because the results for Cu1 are less 

pronounced and do not show a clear maximum in the curve at the 60° orientation. It is possible 

to explain the results, as a consequence of the dynamic force balance which maintains a 

‘fluctuating equilibrium’ between the binding force (stacking fault energy) and the repulsive 

force. This is because the repulsive force between the partial dislocations changes as the SFW 
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changes, and there is continually an imbalance in the glide forces experienced by the leading 

and trailing partials. In other words, as the leading partial begins to pull away from the trailing 

partial, the repulsive force decreases, which eventually will cause the partials to constrict 

again and could lead to oscillations in the SFW. Although the SFW is evaluated as a 

temporally averaged value, the dislocation extraction algorithm includes the total width of the 

atoms disturbed from their equilibrium configuration by the dislocation core. Oscillations 

would tend to increase the width of the disturbed atoms, which would explain a slightly larger 

stacking fault at these loading orientations.  

The influence of the EAM potential on the SFW are consistent, with Cu1 having a larger SFW 

by 5±0.25 Å. This remains consistent for the entire range of loading orientations between τe = 

- 70 MPa to τe = + 70 MPa. This difference is fully explained by the differences between the 

stacking fault energy values of Cu1 and Cu2 (39.2 and 44.2 mJ/m2, respectively).  

In the low-stress regime (i.e., linear stress-velocity curve), the dislocation velocity is more 

strongly temperature dependent than it is at high stresses. This is because, at high stresses, the 

dislocation velocity becomes constrained by the limiting sonic velocity [78]. The effect of 

temperature on dipole mobility is shown in Figure 5.15. 

 
Figure 5.15: Influence of temperature on the mobility of dislocations3  

                                                      

 
3 Note that the results with a legend entry “Literature” are a reproduction of data obtained from [267]
 Mordehai, D., Ashkenazy, Y., Kelson, I., and Makov, G., 2003. Dynamic properties of screw 
dislocations in Cu: A molecular dynamics study. Physical Review B,  vol. 67 (2), pp. 024112.. The corresponding 
trend-lines are dashed, and were generated in the current analysis for the purposes of comparison. 
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The velocity results shown in Figure 5.15 are qualitatively consistent with the well-established 

models for phonon dissipation, which causes greater energy dissipation (i.e., lower slope) as 

the temperature increases [252, 253, 255]. 

The results in the present study of a mixed dislocation demonstrate unique features, when 

compared with the results of pure screw dislocations. The trend-lines demonstrate linear 

results for mixed dislocations up to ~1200 m/s, whereas the linear range only extends to 

between ~800-1000 m/s for the pure-screw results in the literature [267]. Above 1550 m/s, the 

mixed dislocation velocity becomes largely temperature independent and converges to an 

‘asymptotic regime [267]’ at the ‘subsonic forbidden velocity [78]’. According to Olmsted et 

al, the ‘forbidden velocity’ is typically observed in MD simulations at about 70% of the 

transverse wave speed, Ct [78]. With a Ct of approximately 2350 m/s in copper ([87]), we 

obtain a forbidden velocity of 1644 m/s, which is a good estimate of the upper-limit of the 

velocity. 

The characteristics of the stress-velocity curve are becoming better understood with analytical 

modelling of the phonon dissipation behaviour. According to Caro and Marian’s modelling 

[255], the drag on a dislocation begins to increase once radiative damping terms become 

significant. This is said to occur above a ‘minimum velocity’, Cmin that depends on the 

screw/edge character of the dislocation. For pure-screw dislocations, Cmin is relatively small 

when compared to Ct, which reduces the stress range for a linear velocity regime and is 

characterised by a gradual slope towards the Ct. In contrast, pure-edge dislocations do not 

exhibit much radiative damping until the velocity is almost at parity with Ct, and the velocity 

rapidly plateaus after the linear (phonon drag-dominated) regime.  

To quantify the phonon drag, we perform simple linear regression with the stress-velocity data 

obtained within the linear regime (according to ref. [78]), to determine the mobility 

coefficients at various temperatures. The results are provided in Table 1, and for reference, 

experimentally determined values and results from a similar study with pure screw dipoles are 

also included. 

Table 5.3: Comparison of experimental and simulation results for dislocation drag coefficients 
 50K 150K 300K 450K 

Present study 7.0×10-6 1.1×10-5 2.1×10-5 3.2×10-5 
Literature (MD) [267] 1.3×10-5 -- 3.8×10-5 -- 
Experimental [287] -- -- 7.0×10-5 -- 
Experimental [267] 3.0×10-6 -- 2.30×10-5 -- 
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The results for the dislocation mobility drag coefficients obtained in the present study are 

more closely matched to the experimentally obtained results than the results obtained from 

simulations of pure screw dislocations. Furthermore, using the modified procedure described 

in the present study, we obtain a far more significant temperature dependence of the drag 

coefficient. This result is significantly more consistent with experimental observations that 

the mildly temperature dependent results or limited radiative damping obtained in several 

other previous studies, which have commented on this as a potential flaw of the MD 

methodology ([78, 267, 288, 289]).  

The total phonon drag and radiative damping is generally higher in screw dislocations than in 

edge dislocations. The results in Table 5.3 and Figure 5.15 suggest that the mobility of a 30° 

mixed dislocation is more consistent with pure edge dislocations than pure screw dislocations, 

despite the Burgers vector being primarily of screw type (refer to Figure 5.1c). However, 

without a self-consistent set of results for edge and screw dislocations with which to compare, 

this outcome is insufficient to make any firm conclusions. Nonetheless, with respect to the 

qualitative features of previous models (i.e., [78, 255]) and mobility results of screw dipoles 

in pure copper ([267]), it is appropriate to infer that the drag coefficient of a mixed dislocation 

is most-likely substantially less than that of a pure screw dislocation. 

Some discrepancies in the modelling remain. The dislocation core properties remain difficult 

to understand, because new findings are not necessarily easily explained with conventional 

analytical or mathematical models. In a previous study based on single dislocations with free 

surfaces, it was decided not to make any conclusive statements due phonon and shear wave 

scattering from the fixed boundaries [288]. The presently described approach may provide a 

solution through the use of periodic boundaries, however this introduces an additional 

constraint due to the image forces and dipole interactions. These limitations can be minimized 

by using a large simulation cell and appropriate aspect ratio (see also [280]), however comes 

at computational cost. 

5.3.6 Summary of controlled atomic simulations of dislocation dynamics 

When establishing a multiscale model of dislocation dynamics, it is critical that there is a high 

degree of simultaneous control of both τyz and τxy stresses. This is particularly significant for 

the case of a mixed dislocation dissociated into partials, due to the different orientation of the 

60° 1/6[-1 -1 2](111) and 0° 1/6 [1 -2 1](111) Shockley partials. The influence of several 
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factors that could limit the accuracy of the results were considered, including the 

‘acceleration’ behaviour, the simulation size, the choice of inter-atomic potential and the 

barostat procedure used to control the stress state. Systematic testing showed that robust 

control of all six stress tensor components can be achieved in MD by utilising a carefully 

tuned barostat and periodic boundary conditions. Rigidly controlling multiple stress 

components was shown to be necessary when modelling the dynamic behaviour with periodic 

boundary conditions. The dislocation velocity and stacking fault width were used to quantify 

the effect of different loading orientations of the externally applied shear stress fields, with 

respect to different ratios between the τg and τe.  

Results obtained within this study showed that the fundamental mobility behaviour can be 

reproduced between temperatures of 50-300 K and for the full range of loading orientation 

angles, θ. By reproducing several benchmarks in a robust and self-consistent manner, the 

present approach has demonstrated the efficacy of molecular dynamics for modelling the 

mobility behaviour of mixed dislocation dipoles. Despite the differences in stacking fault 

energy of the two EAM potentials, the behaviour of the partials was nearly identical for both 

cases, albeit with an unavoidable offset in the stacking fault width. The τe strongly influenced 

the stacking fault width, in a manner that is phenomenologically consistent with pure screw 

and pure edge dislocations. The temperature dependence of the phonon drag was also well-

matched to theoretical models and the drag coefficient was in good agreement with 

experimental results at 50 K and 300 K. 

The 30° mixed dislocation results display phonon drag and radiative damping characteristics 

which appear to be more consistent with pure edge than pure screw dislocations, despite the 

Burgers vector being closer in orientation to a screw configuration. This result demonstrates 

the importance of explicitly testing the mobility properties of mixed dislocations, to establish 

accurate multiscale models. However, a more exhaustive set of mixed, pure screw and pure 

edge dislocation mobility studies should be carried out to provide conclusive insights about 

the unique characteristics of each type and to make quantitative comparisons. 

5.4 Conceptual Framework for Dislocation Velocity Harmonics 
The study described in this chapter section involved an analysis of the atomistic phase-

velocity effects with high-fidelity atomistic simulations of dislocations moving at relativistic 

velocity in a dipole configuration at 300 K, using modern inter-atomic potentials. It is 
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noteworthy that the work is an extension of longstanding theoretical work, which has only 

recently become possible with the development of computationally-intensive simulations with 

rigorous stress-control regimes [290]. The investigation was motivated by the observation of 

transient stacking fault width observations and multiple velocity plateaus, during a recent 

assessment of the impact of dislocation core width on the dislocation mobility in pure FCC 

copper. These results showed that the stacking fault width, phonon drag and (by association) 

core width were impacted as the velocity approached the sonic limits. This was explained 

because the ‘narrow’ dislocation core is conventionally believed to cause the substantial 

majority of phonon drag effects at high velocity [291]. It is noteworthy that the model being 

proposed does not involve an analytical approach based on elastic theories of Liebfried [292], 

Eshelby [252] or Nabarro [293]. The conceptual framework is only based on atomistic 

behaviours in terms of qualitative and quantitative simulation results. For this reason, the 

results may also help to elucidate the remaining ‘discrepancies with simulations’ where the 

analytically predicted plateau velocities are substantially higher than simulation results [294]. 

5.4.1 Background for transonic velocity 

The observation of distinct velocity ‘plateaus’ below the upper limits of the sonic velocity 

have frustrated many in the scientific community studying high-velocity dislocation 

dynamics. Liebfried and Frank derived the well-established elastic models of dislocation 

motion, showing dislocation core energy approaches a relativistically infinite level at the 

limiting sonic velocity due to a singularity. Eshelby predicted the possibility of a single stable 

‘transonic’ velocity with the Peierls-Nabarro model, however he could not provide a physical 

mechanism to explain the acceleration from the sub-sonic velocity limit. Weiner proposed a 

linear elastic model where the atomic masses within a dislocation move in a coordinated (or 

harmonic) manner due to coupled momentum transfer, and used this to predict the limiting 

velocity at 0 K. In modern times, detailed phonon dissipation models have been developed to 

predict the dislocation velocity relationships at higher temperatures. However, few studies 

have been performed to show how phonon interactions with dislocations influence the 

atomistic behaviour. This chapter section presents a conceptual model based on the coupled 

motion of multiple atoms in the dislocation core. When compared with the results of MD 

simulations, the model predicts key qualitative and quantitative metrics, such as the lower and 

upper limiting dislocation velocities. 

On the basis of the distinctive characteristics of the dislocation core, a simple physical 
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mechanism is proposed which would explain the existence of several velocity plateaus, based 

on the principle of resonance in the coupled atomistic motion. The chapter describes the 

conceptual framework and mechanism for the multiple velocity plateaus of dislocations, with 

a relevant literature review of phonon dispersion models. High-fidelity atomic simulations are 

used to analyse the linear vibrational motion of atoms in the direction of dislocation motion, 

to explicitly evaluate the disruption in the phase velocity caused by slip. The velocity of the 

dislocation core is evaluated independently from the atomic motion by post-processing to 

extract the dislocation core as a ‘linear defect’ from the atomistic framework [100]. By 

distinguishing the dislocation and atomistic phase velocities, this study investigates the 

‘resonance effects’ within a dislocation core moving at the limiting velocities. This study used 

simulations to evaluate the behaviour of the atomistic medium, and hence determines whether 

it can be distinguished from the behaviour of a moving dislocation because of coupled 

momentum effects (i.e, atomistic harmonics). By simplifying the description of the atomistic 

motion into a group of atoms arranged in a one-dimensional chain along the direction of 

dislocation glide, the resonance effects caused by the ‘knock-on’ effect can be studied.  

5.4.2 Concept of ‘resonance’ due to mass-coupling  

The stress-velocity relationship of dislocations has been described with simplified linear 

elastic ‘coupled-spring’ models since the early 1960s, in terms of the displacement on a one-

dimensional row of atoms caused by a propagating shear wave (dislocation) [295, 296]. In 

such models, atoms are initially placed at the equilibrium lattice sites in a linear orientation, 

and are only able to be translocated up to a peak potential or to the minimum of the energy 

well. These models predict that the linear relationship between the stress and the steady-state 

velocity will ‘break-down’ when the velocity is high enough to cause an atom to cross the 

saddle point of the potential energy surface and enter the adjacent energy well [297]. This 

provides a physically-realistic mechanism for dislocations approaching an asymptote at a 

subsonic limiting velocity. It also explains the break-down of the singular dislocation core at 

relativistic velocities approaching sonic limits. However, the simplification into a one-

dimensional spring model ignores temperature effects that cause thermal vibrations, phonon 

interactions and vacancy interactions. Hence, the suitability of such models for explaining 

relativistic dislocation velocity effects in non-static conditions cannot be predicted with 

simplified spring models.  

In 1956, Eshelby derived an analytical solution which predicted a stable super-sonic 
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dislocation velocity could be obtained at √2 times the transverse velocity of sound (Ctr); 

however at the time this was considered little more than a theoretical curiosity [252]. In fact, 

it was considered to be physically impractical or impossible to reach velocities exceeding the 

sonic limit, and despite a mathematical solution existing, there was no physical mechanism 

proposed to explain this [298]. However, modern-day molecular dynamics (MD) simulations 

of dislocations at high temperature and stress regularly describe the observation of several 

discrete supersonic dislocation velocities [78, 255, 273, 298, 299]. These are commonly 

referred to as transonic or supersonic velocity regimes; however the observation of steady-

state motion at velocities above the longitudinal speed of sound (Cl) has not been confirmed 

[78].  

Caro and Marian proposed a model in 2006 [255] which decomposes the mobility behaviour 

into a linear regime when the velocity is below a minimum value (Cmin), above which radiative 

terms become significant. The “limiting velocities” indicate a “singularity” in the stress-

velocity relationship, where the limits are influenced by Ctr [255]. A demarcation is made 

between the lower (Ctr,low) and upper (Ctr,high) transverse sonic velocity singularities, which 

depend on different phonon dispersion modes. The principles of the model and results 

obtained for Cmin, Ctr,low and Ctr,high are described in this chapter and used as a quantitative 

benchmark.  

Bhate predicted that phonon-interactions with dislocations could be coincidental with these 

‘local modes’ of dislocation motion at favourable velocities [271]. The phase velocity motion 

of thermally excited atoms can be described in a simplified manner by using a sinusoidal 

velocity profile, which will serve as a suitable approximation for the results presented. This is 

analogous to the Weiner model [295], which assumed that the coupled potential wells of a 

row of atoms can be described as a parabolic peak and trough. If the disruption in the 

vibrational motion caused by a dislocation is sufficient to cause an atom to leave its potential 

well, it will cause a knock-on effect in the adjacent atom. Such behaviour is analogous to the 

harmonic coordinated motion of coupled pendulums [295, 296]. Weiner performed a simple 

computational evaluation of the linear spring model to show that the ‘knock-on’ effect would 

occur at approximately 0.7 times the transverse velocity of sound (Ctr). The knock-on effect 

resulted in core spreading, due to the compression and rarefaction in leading and trailing 

dislocation edges [296]. The effect of spreading extension of the dislocation core was 

described as a “break-down” effect [297].  
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At elevated temperature, the dislocation velocity is limited by the drag forces that are caused 

by energy dissipation from interaction with phonons (quantized sound waves [253]). At high 

velocities, radiative damping by phonon scattering effects is widely accepted as the dominant 

mechanism and will increase with the stress [273, 289, 298]. Although modern results indicate 

that radiative damping can occur at any velocity, strong deviations from linear behaviour are 

not apparent until the velocity approaches the sonic velocity thresholds [78, 255]. Bhate et al. 

[271] originally claimed that phonon modes might exist which coincide with equivalent 

phases of dislocation glide motion, however this model does not fit well with results obtained 

from rigorous atomistic analysis [78]. According to Caro and Marian’s model, the complexity 

of the phonon dissipation effect is compensated for with a sophisticated model that accounts 

for non-linear radiative damping effects, albeit with some assumptions [255]. In Caro’s model, 

Cmin was predicted from the minima of the dispersion curves for the Ctr,low and Ctr,high phonon 

curves; however these curves depended strongly on the glide direction of the dislocation line. 

Accordingly, for a dislocation moving in the [110] direction, it was analytically predicted that 

Cmin would be ~0.34 Cl , Ctr,low would be ~0.38 Cl and Ctr,high was 0.65 Cl. More recently, 

Pellegrini obtained a convenient solution from a multi-physics, collective variable 

mathematical approach incorporating the effects of core-width fluctuations on the high-rate 

dislocation inertia [294]. On this basis, he mathematically predicted a ‘bifurcated’ velocity 

profile, with a sudden (near-instantaneous) transition from ‘subsonic (Ctr)’ to ‘transonic (Cl)’ 

velocity. Pellegrini’s model also described the importance of arbitrary core-width variations 

in obtaining an accurate solution for the velocity approaching the ‘transonic velocity’ [294].  

5.4.3 Harmonic velocity simulation procedure 

The work in the present section involves a mixed 30° dislocation dipole, which was 

constructed according to the procedure in Section 5.2.2, with simulation cell dimensions of 

20.5nm ×15.1nm ×19.6nm, containing 505,000 atoms. The simulation involved an EAM 

potential that reproduced the characteristics of pure FCC copper  [196]. The final crystal 

orientation and dipole configuration can be seen in Figure 5.16.  
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Figure 5.16: Schematic of atomistic simulation cell for harmonic motion study 

After forming a dislocation dipole, the temperature was rescaled to 300 K and was equilibrated 

with a Nosé-Hoover thermostat over 200 ps [89]. At the same time, the pressure was slowly 

equilibrated with a barostat to 0 kPa for all stress components [191]. Dynamic simulations 

were achieved following the procedure described in Section 5.3.4 

5.4.4 Conceptual framework for harmonics-based mobility modelling 

The simplified model described in this chapter section can be likened to ‘harmonic’ effects in 

a string. The model schematics provided in Figure 5.17 are simplified by assuming that the 

momentum of the atoms is directly coupled and the dislocation-induced motion ceases within 

one cycle. Hence, at the ‘first harmonic’ shown in Figure 5.17a, the second atom (‘atom 2’) 

will return to its original equilibrium lattice position (plus the Burgers vector displacement) 

after 2.0 π sine-wave cycles. This means that the dislocation-induced motion is exactly in-phase 

with the unaltered atomistic vibrational mode. According to this model, there is an additional 

favourable mode, or ‘second harmonic’, when the dislocation-induced disruption is large 

enough to cause a trailing atom within a moving dislocation to begin accelerating when the 

leading atom reaches peak velocity. In this case, the momentum of atom 1 and atom 2 are 

directly coupled, with coincidental acceleration and deceleration effects.  

According to the linear-elastic models of dislocation-induced atomistic motion, such as the 

Frenkel- Kontorova [300], Atkinson-Cabrera [296] and Weiner [295], the dislocation motion 

can be decoupled from the atomistic displacements from their equilibrium lattice sites. At 

elevated temperatures, high velocity dislocations can be considered to have an ‘effective 

momentum’ related to the phenomenon of phonon excitation [301]. If the transfer of momentum 

between atoms outside of the dislocation core remains small, the phonon component of motion 

[-101]
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in a linear cluster of atoms in the glide direction can be decoupled from the dislocation 

component.  

The repulsive interactions between atomic nuclei increases in proportion to the inverse squared 

distance between them, and hence there is linear momentum transfer between atoms in the 

moving dislocation core [302]. Mathematical models involving phonon dispersion curves have 

been used to show there will be a strong dissipation of energy if the dislocation glide velocity 

exceeds a critical level, with respect to the relevant phonon modes in the direction of motion 

[255, 271]. The strongly dissipative interactions caused by dislocations at velocities near the 

relativistic limits has been predicted to cause ‘coincidental’ phase velocities in the phonon and 

dislocation modes [271]. The effect is analogous with the concept of resonance, and a 

theoretical schematic of this resonance effect is provided in Figure 5.17a and 2b.  

This model is based on the observations that at the ‘first harmonic’, only one atom would ‘be 

seen’ to move forward at a time. In contrast, two atoms were shown to move at the same time 

in a coordinated fashion to reach the ‘second harmonic’. This effect is qualitatively in 

agreement with the visual observation of the displacement of a linear row of atoms within the 

glide plane of the dislocation at the ‘first harmonic’ and ‘second harmonic’ conditions in Figure 

5.17c-d. In these figures, the atoms are coloured in accordance with the common-neighbour 

analysis number using Atomeye [97].  The central position of atoms at the “Initial” state are 

shown as white circles, only including the atoms which are being disrupted by dislocation glide 

motion. These circles serve as a reference point in an identical location at the ‘Final’ state.  

 
Figure 5.17 : Simplified atomic velocity profiles for harmonic motion for: a) ‘first harmonic’ 
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frequency; b) ‘second harmonic’. Motion of atoms in leading edge of the dislocation; c) 
at the ‘first harmonic’; and d) at the ‘second harmonic’ 

Figure 5.17 shows the ‘harmonic’ effects of coupled atomistic and dislocation motion. It is 

noteworthy that in Figure 5.17a, “Atom 1” and “Atom 2” simply serve as a reference basis, 

showing the natural thermal vibrational mode due to phonon interactions. The velocity-phase 

lines for these atoms are only included to show the effect of a dislocation-induced shift in the 

atomic vibrational mode of “Atom 1+ Dislocation” and “Atom 2+ Dislocation”. Qualitatively, 

the interaction between the moving dislocation and the atomistic positions (Figure 5.17c-d) 

can be seen to match well with the harmonic prediction (Figure 5.17a-b). Namely, at velocities 

equal to (or below) the first harmonic, it was observed that one atom was shifted from its 

original position at a time. This motion is annotated by an arrow in the second image. In 

contrast, at the second harmonic (higher velocity plateau) it can be clearly observed that two 

atoms are displaced in a coordinated fashion. 

 
Figure 5.18 : Multi-frontal shockwave ‘observed in dislocation above sonic velocities (Figure is 

re-used with copyright permission obtained from reference [298]) 

The coordinated motion of multiple atoms could explain the temporary observation of 

supersonic velocities in MD simulations under very high strain rate. Crossing the sonic 

threshold would correspond with the generation of a shockwave which could initiate coupled 

motion in several leading and trailing atoms. Atomistic simulations of super-sonic dislocations 

show the propagation of multi-frontal shockwaves from the leading and trailing edges of 

dislocations above the sonic velocity plateau, as shown in Figure 5.18 [298]. The atoms which 

propagate the motion of the dislocation front need only cross the sonic velocity threshold once, 

and subsequently could (in theory) retain a semi-stable ‘third-harmonic’ from inertia-alone. 

However, the associated significant increases in phonon dissipation would necessitate a 

significant supply of additional energy to compensate for losses [255]. This effect would also 

correspond with a gradual break-down within the core of the dislocation, which involves 

excessively high dissipative effects. Hence, true supersonic velocities could only be observed 
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in a transient phase of material failure [78]. 

5.4.5 Atomistic structure of the dislocation core under influence of harmonic effects 

According to the phonon dispersion models, there are two favourable velocities for 

dislocations moving within the <110> family of directions, related to the transverse wave 

speed. These are the previously mentioned lower transverse (Ctr,low) and upper transverse 

(Ctr,high) velocities. To determine whether the difference between the limiting velocities is 

related to a rapid ‘phase-shift’, the acceleration behaviour of the dislocation core was assessed 

when the velocity approached steady-state. The motion of a dislocation is quantified from 

dislocation core positions obtained using the Dislocation extraction tool [303]. The dislocation 

velocity was thereafter determined using linear regression, with respect to the change in 

position during three timespans of linear motion. Results are shown in Figure 5.19 for the case 

of a dislocation moving at Ctr,low (i.e., τyz=800 MPa) and slightly above the Ctr,high (i.e., 

τyz=1100 MPa).  

 
Figure 5.19: Comparing the velocity profile of dislocation motion: a) below the lower 

transonic stress (800 MPa); b) above the upper transonic stress (1100 MPa) 

Figure 5.19 shows that, after 10,000 fs, the velocity has rapidly accelerated in both simulation 

cases to reach a fairly steady state with a linear slope of ~1350 m/s (i.e., slightly below Ctr,low). 

Figure 5.20 shows that at 800 MPa, the velocity reaches the steady-state velocity of 1440 m/s 

after an ‘intermediate transition phase’ when the dipolar dislocations cross over each after 

4000 fs. In contrast, at 1100 MPa the dislocation ‘jumps’ rapidly from the initial stable 

velocity, to reach a new steady state velocity of 2170 m/s (i.e., Ctr,high). This suggests that the 

dislocation velocity shift is not a simple consequence of acceleration under a greater driving 

force, but is rather a ‘stepwise’ transition to a new favourable mode. 

Below Ctr,low, the steady-state dislocation velocity increased in linear relation to the stress. 

This relationship with stress is a well-established consequence of temperature-dependent 
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phonon drag effects [78, 267, 304, 305]. The stress-velocity relationships of dislocations 

relative to the sonic limits have been studied in several recent studies. Figure 5.20 provides 

some examples, where a) is a result from the present study; b) is obtained from a prior 

analytical study [294]; and c) is obtained from in an independent simulation-based study [24]. 

 
Figure 5.20: Velocity of dislocation as function of resolved shear stress: a) Present study of 

motion of dissociated edge dislocation in copper, b) Pellegrini’s model of transonic and 
sonic plateau (blue squares) [294], c) Literature study of dissociated dislocation in 

copper with MD [24] 

The present study shows that the transition which occurs in the velocity profile from Ctr,low to 

Ctr,high is ‘bifurcated’, as proposed in Pellegrini’s model [294] and Caro and Marian’s 

prediction [255]. This occurs at an abrupt critical stress threshold, above 1000 MPa. As 

discussed in Section 5.4.1, the velocity singularity at the transverse velocities is denoted as 

the ‘first harmonic’ (Ctr,low) and the ‘second harmonic’ (Ctr,high). The results shown in Figure 

5.20a match a number of quantitative predictions of the model proposed in Section 4,  

including:  

1. Assuming that Ctr,low occurs at the ‘first harmonic’ state (shown in Figure 5.17a), the 
atomistic velocity would have an approximately sinusoidal profile. Assuming direct 
correspondence with the dislocation velocity, Ctr,low can be predicted as the 
approximate root mean square of the transverse wave velocity (2325 m/s in pure 
copper [87]). This prediction (~1644 m/s) is in good agreement with the first harmonic 
velocity obtained from six atomic simulations (shown in Figure 5.21a). 
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2. In the second harmonic (i.e., Ctr,high), three cycles of dislocation-disrupted atomistic 
motion are completed within the time taken for two cycles at the first harmonic (see 
Figure 5.17a and b). Assuming the peak velocity of the atoms is identical at the first 
and second harmonics, the velocity at Ctr,high would be ~1.5× Ctr,low. Hence, the second 
plateau would occur at a velocity of 2040 m/s. This matches well with the second 
harmonic results, as shown in Figure 5.20. 

These results can also be compared with the predictions obtained by Caro and Marian on the 

basis of the phonon dispersion models of pure nickel. Note, that in the present case, however, 

the dislocation mobility is obtained for pure copper. According to Marian’s model for a 

dislocation moving in one of the <110> directions, the lower transonic velocity (first 

harmonic) should occur at ~0.38 Cl and the upper transonic velocity (second harmonic) should 

occur at ~0.65 Cl; where Cl ≈4760 m/s [306]. Hence, Caro’s model over predicts the first 

harmonic velocity by 24.7% (1808 m/s), and the second harmonic velocity by 42.6% (3094 

m/s). The apparent discrepancies may be a consequence of the differences between the phonon 

dispersion models of copper and nickel. Furthermore, the model authors acknowledged that 

the behaviour of a dislocation dissociated into Shockley Partials does not directly match the 

purely longitudinal or transverse phonon polarities exhibited by full edge or screw dislocations 

[255]. 

The results in this chapter show that there are three distinct dislocation velocity regimes 

observed in the simulations. These are the sub-harmonic (below 350 MPa), first harmonic 

(above ~400 MPa), and second harmonic regimes (above 1100 MPa). A simple test was 

performed to evaluate whether there was a relationship between the dislocation velocity 

regimes and the coordinated motion of ‘coupled atomic masses’ within the moving 

dislocation. This involved tracking the X-positions of four atoms along the [-1 0 1] direction 

(the X-axis), oriented in a linear manner within the glide plane of the dislocation. Figure 6 

shows the results, where the plots on the left correspond with the cumulative change in 

atomistic position over time (accounting for thermal vibration and phonon interactions). The 

plots in the right of Figure 6 show the atomic velocity discretised with respect to time. Black 

ellipses in the plots on of atomic velocity denote coupled atomistic motion matching the 

expected harmonic behaviour; and the red ellipses suggest a partial state of harmonic motion. 

It is also noteworthy that the cumulative displacement in Figure 6a is negative, because the 

dislocation was moving in an opposite direction than was the case in Figure 6b-c. The 

dislocation glide direction does not affect the atomistic behaviours. 



 

154 
 

 

 

 
Figure 5.21: ‘Harmonics’ in the coupled atomistic displacements and velocities within a 

dislocation core as a function of time for different mobility regimes: a) v=1200 m/s (above 
Cmin, at τyz=250 MPa), b v=1440 m/s (first harmonic, τyz =800 MPa), c) 2170 m/s 

(τyz=1200 MPa) 

The atomistic velocity results provide evidence that coordinated atomistic motion occurs with 

dislocations moving at the relativistic velocity limits of Ctr,low and Ctr,high, suggesting the 

influence of ‘harmonic effects’. The approximately sinusoidal velocity profiles shown in 

Figure 5.14a/c for the harmonic velocities match qualitatively with the predicted profiles 

shown in Figure 5.21a and 2b. Figure 5.14c is in particularly strong agreement with the 

predicted profile, which can be most easily verified by comparing the exactly in-phase motion 

of atoms 1-3 and atoms 2-4, as the dislocation passes the atoms between 5200-5800 fs. In 

contrast, the ‘sub-harmonic’ results in Figure6a do not show any coordination or ‘in-phase’ 

atomic velocity.  

Further evidence can be derived by comparing the peak single-atom velocity in each regime. 

Significantly, the peak atomic velocity at the second harmonic (~771 m/s) was only 2% higher 

than the atomic velocity at in the first harmonic (~755.6 m/s), despite more than 40% 

difference in the dislocation velocity. In contrast, the velocity in the sub-harmonic state (~604 

m/s) was 20% lower than the peak atomic velocity at the first harmonic, which corresponds 

directly with a ~23% difference in dislocation velocity. This indicates that the difference 
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between the first and second harmonic velocity regimes is caused by the change in the phase 

that corresponds with ‘harmonic’ (i.e., coupled) motion of multiple atoms instead of a change 

in atomistic velocity magnitude. 

The atomic displacement profiles in the left column of Figure 5.21 show that the behaviour is 

consistent with the expected dislocation behaviour, because the cumulative displacement 

sums to the Burgers vector of copper (2.55 Å). The atomistic displacements end abruptly, 

which matches the expectation that there will be no motion beyond the absolute end of the 

trailing edge of the dislocation. The displacement profile also suggests an interesting 

behaviour of the motion in the dislocation stacking fault. Namely, the atoms move by gradual 

oscillatory displacement which continue steadily between the leading and trailing partials. In 

other words, this suggests that residual inertia is maintained within the atoms contained in the 

stacking fault of the dislocation. This could be loosely associated with the ‘break-down’ effect 

described in the early elastic models of dislocations, where the dislocation core spreads across 

multiple atoms as the velocity approaches relativistic levels.  

5.4.6 Summary of ‘harmonic’ dislocation velocity study 

The study described in this chapter section provided clear evidence to support the suitability 

of linear elastic dislocation mobility models based on athermal conditions for the prediction 

of several atomistic behaviours obtained at high temperature (despite phonon interactions). 

The observation of multiple velocity plateaus was considered with respect to the theory of 

coordinated transfer of momentum between adjacent atoms due to ‘harmonic’ effects posed 

by Weiner et al. [295]. The ‘harmonic effects’ can be considered to be a consequence of 

resonant vibrational frequencies caused by thermally-excited atomistic motion (i.e., phonon 

modes) and the displacement induced by a moving dislocation. This is justified, in terms of 

the dissipative effect caused by ‘break-down’ of the dislocation core (see also Earmme and 

Weiner [297]), and with reference to the phonon dispersion models of Caro and Marian [255]. 

Results also verify that the velocity of multiple atoms can reach a state of in-phase motion, 

which indicates the disturbance induced by a dislocation coincides with the phonon mode at 

the ‘harmonic velocities’. The harmonic model predicts a number of unique quantitative and 

qualitative properties, which have been described and verified in the present chapter section. 

Key conclusions of the study presented in this chapter section include: 
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• The maximum per-atom velocity was identical at the first harmonic and second 

harmonic velocity plateaus, despite a ~50% increase in dislocation velocity. In contrast, 

the difference in atomic velocity between a sub-harmonic dislocation and a first-

harmonic dislocation was 20%, with a corresponding 23% dislocation velocity increase. 

• A sudden transition was observed between the dislocation velocity at the first-harmonic 

and the second-harmonic, indicating a corresponding phase-shift occurs in the atomic 

motion rather than gradual dislocation acceleration.  

• Assuming a sinusoidal velocity profile, the first harmonic velocity of the lower 

transverse velocity would occur at 66% of the acoustic transverse velocity (~1534 m/s), 

which is fairly consistent with the atomistic simulation results (Ctr,low =1450 m/s). 

• The model predicts that the second harmonic will occur at 50% higher velocity than that 

of the first harmonic (i.e., 1.5×Ctr,low), which is consistent with the atomistic results 

(Ctr,high =2170 m/s). 

Overall, it can be stated that the atomistic ‘phase velocity’ of a linear cluster of atoms inside 

a moving dislocation at Ctr,low and Ctr,high matched very well with the predictions of the first 

harmonic (π cycles out-of-phase) and the second harmonic (π/2 cycles out-of-phase). 

5.5 Constitutive Model for Dislocation Mobility with Escaig Stress 
This section considers the unique mobility characteristics of dissociated mixed dislocations, 

which comprise the atomistic basis for multiscale dislocation dynamics studies in this work.  

5.5.1 Mobility with variable core character and multi-stress components 

The <110>(111) dislocations observed in FCC metals dissociate into two Shockley Partials 

which have different Burgers vectors. The character of the partial dislocation cores (i.e., 

screw, edge or mixed) dictates the mode of phonon interactions [7] and MD simulation studies 

suggest that the dislocation character influences the drag forces ‘felt’ by dislocations [9, 10]. 

Experimental observations of moving <110>(111) dislocations in silicon suggest that the drag 

forces experienced by the two different core structures of the partials could be of different 

magnitudes [307]. 

In the literature discussing the subject of cross-slip in FCC metals, the component of the 

external stress causing constriction or separation of the Shockley partials is known as the 

Escaig stress (henceforth referred to as τe) [277, 278]. The interactions between the partial 
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dislocations can influence the stacking fault width (SFW). The SFW can also be manipulated 

by controlling the non-glide component of the total shear stress within the glide plane, which 

is also the τe. Figure 5.22 provides a schematic to clarify the concepts of the Escaig and glide 

stress (τg) with respect to the dislocation structure.  

 
Figure 5.22: Schematic of vector decomposition of a mixed dislocation in fcc metal 

Figure 5.22 shows the significance of the orientation of the partial Burgers vectors of the 

mixed dislocation, bp1 and bp2. Note that τg and τe are shown in simplified vector form, which 

actually indicates the direction of the force that they would contribute to the dislocation within 

the glide plane. It is particularly noteworthy that the τg causes a force of equal magnitude in 

both the bp1 and bp2 directions (with a net force ‘felt' in direction of b), which causes glide 

motion along the g direction. In contrast, τe contributes a small positive force in the bp1 

direction and an equal and opposite force in the direction of bp2 (with a net zero force ‘felt' in 

the direction of b). 

The energy dissipated by a moving dislocation and corresponding drag force is understood to 

be influenced by the magnitude of the Burgers vector density of the core [25]. Models have 

shown that Shockley partials will experience less drag forces than full dislocations because of 

core spreading over a greater width, which results in a ‘planar core' structure [25, 308]. Figure 

5.23A demonstrates this concept. The τe influences the stacking fault width (SFW), due to the 

different forces in the direction of b on the two partials, however the impact of these changes 

on phonon interactions within the core is not well-understood. With a τe of sufficient 

magnitude, the partial cores will recombine to a full dislocation (a key mechanism that enables 

cross-slip [277]) and cause a corresponding increase in the phonon drag (see Figure 5.23B). 

However, the true structure of partials cannot be accurately predicted and require an atomistic 

model of the core structure (i.e., Figure 5.23c).  
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Figure 5.23: Dislocation core structure and effect of τe on the SFW. a) Model of Shockley 
partial cores with zero τe; b) Model of overlapping partial cores due to a large τe; c) 

Atomistic simulation, showing the actual 30° core structure at 0 MPa 

Let us consider the force equilibrium for the two partials in the steady-state. Forces exerted 

on the partials are due to the external glide stress τg, the external Escaig stress τe, the binding 

force related to the stacking fault γ, and the phonon friction force Biv. These forces are 

maintained in equilibrium by an elastic repulsive force (F(R)), which is a function of the 

distance, R, between the partials (F ∝ μb/R2) and which dictates the SFW. The relationship is 

most easily understood in terms of the relationships in Equation 5.10: 
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(5.10) 

where || 0.5 3b b=  is the component of the partials Burgers vector parallel to the full Burgers 

vector, / 2b b⊥ =  is the perpendicular component, and b the magnitude of the full Burgers 

vector. On the one hand, summing the equation of motion of the two partials yields an implicit 

equation for the steady-state velocity of a full dislocation in Equation 5.11: 

1 2( ) 0gb B B vτ − + =  (5.11) 
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On the other hand, subtracting the second line of Equation 5.10 from the first results in a force 

balance from which the width of the stacking fault can be determined with Equation 5.12: 
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(5.12) 

Unique behaviour occurs when the dislocation velocity approaches the “limiting sonic 

velocity” [78, 255], which will hereafter be referred to as the relativistic regime. In the 

relativistic regime, phonon models have shown that the energy dissipation rate increases 

dramatically in relation to the velocity due to radiative damping terms [255]. Equation 5.12 

shows that, assuming that B1 and B2 have different magnitudes due to the different core 

structures of the mixed dislocation partials, the SFW (or ‘R’) is effected by the dislocation 

velocity. Hence, this implies that the SFW of mixed dislocations becomes a function of the 

glide stress τg in addition to the Escaig stress τe, in the relativistic regime. This is a unique 

characteristic of mixed dislocations. 

Experimental observations provide evidence that dislocations in the relativistic regime do, in 

fact, exhibit different magnitudes of B1 and B2 in mixed dislocations. Most notably, the 

observation of a ‘temporary decoupling of partial dislocations' has been observed in silicon 

experiments at high stresses above the transonic wave velocity [264]. It is noteworthy that in 

a previous study by Mordehai et al. [266], simulations showed that the apparent phonon drag 

of the trailing partials of a pure screw dislocation dipoles increase as the velocity approached 

a limiting velocity. However, the influence of τe on the SFW was not mentioned in this 

previous study, which raises doubts about the validity of the results because the magnitude of 

τe can become very large at high velocities [78]. 

5.5.2 Simulation procedure for Escaig-dependent mobility study  

For the present analysis, MD simulations were performed using an EAM potential that is 

representative of pure FCC copper [173]. This inter-atomic EAM potential has a 

corresponding stacking fault energy of 45.1 mJ/m2. The simulation cell dimensions were 205 

Å in the X direction (‘g’), 265 Å in the Y direction (‘N’) and 107 Å in the Z direction (‘ξ’), 

and there was a total of 482,640 atoms. This is slightly larger than previous simulation studies 

of the mobility of dislocations [9, 28]. With the present cell height and aspect ratio, the 

influence of image forces has been calculated to become negligible for τg magnitudes greater 

than 15 MPa, according to the analysis described in Section 5.3.3. A mixed 30° dislocation 
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dipole was constructed, according to the procedure described in Section 5.2.2. The shear stress 

components for glide (τg) and Escaig effects (τe) were controlled rigorously, using the 

approach described in Section 5.3.4. Hence, the velocity was measured under a variety of 

mixed loading conditions, with τg between -200 MPa to +200 MPa and for τe stress values that 

included -1000, -500, 0, 500, 1000 and 2000 MPa. To confirm that pure τe loading did not 

induce any dislocation motion directly, the velocity was also calculated under pure τe loading 

conditions of -2000 and +2000 MPa. The drag coefficient, b, was calculated from the slope of 

the linear section of the relationship between velocity and τg, with different τe stresses.  

As illustrated in Figure 5.23, the partials of a 30° mixed dislocation have very different core 

structures. The mixed 60° partial is relatively ‘broad and thin’, compared to the more compact 

core of the 0° ‘pure screw' partial.  

The influence of a potential ‘drag imbalance' between the two partial dislocation cores was 

determined by evaluating the SFW over a wide range of τg stresses. This was partially 

motivated by previous observations that a very high magnitude τg stress caused an instability 

leading to an infinite extension of the stacking fault. The SFW and dislocation velocity were 

also measured and compared for the case of pure τg loading at high glide stresses of +2000 

MPa and -2000 MPa, to determine if there was a consistent relationship between the 

dissociation width and the velocity in the absence of a τe stress. 

5.5.3 Stress-dependent velocity results and modelling 

The effects of τe and combined τe + τg stresses were observed in the influence on the velocity 

and stacking fault width (SFW) of a mixed 30° dislocation. 
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Figure 5.24: Effect of τe stress on the behaviour of mixed dislocation partials. a) the glide 

velocity of a mixed dislocation as a function of τg, b) the SFW of a mixed dislocation as 
a function of τg 

Figure 5.24a shows that the relationship between τg and the velocity transitions from a ‘linear 

regime' to a ‘relativistic plateau' at approximately 128 MPa. Figure 5.24b shows that relatively 

large magnitudes of τe are required to cause a significant increase or reduction of the SFW of 

a mixed dislocation. Above τg ≈ 128 MPa, Figure 5.24b shows that the SFW is also effected 

by τg, even for cases when |τe| ≤ 500 MPa. When τg was held at 0 MPa, the dislocation remained 

immobile, even when τe was increased to ± 2000 MPa. A 'positive' τe of +2000 MPa caused 

constriction of the SFW by 11.95 Å. In contrast, -2000 MPa τe caused the stacking fault to 
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extend to the total width of the simulation cell. Because the results for the case of a 

significantly widened stacking fault are intrinsically tied to the size of the periodic cell, the 

steady-state SFW and velocity can be considered somewhat unreliable for the results where τe 

or high τg caused a significant increase in the SFW. According to Figure 5.24b, this is shown 

to occur when τe ≤-500 MPa, and/or when τg ≥ 100 MPa. 

To verify whether 500 MPa is a reasonable threshold for the upper-limit of the Escaig stress 

magnitude, above which the stacking fault will extend to infinity, we refer to a recent study 

by Baudouin et al. [309]. In the study, an analytical model was developed for the equilibrium 

SFW of a moving dislocation as a function of τe; however the solution could only be used for 

predictions for a dislocation that has reached a steady-state glide velocity under a τg stress 

[309]. The magnitude of τg was not specified, however we conservatively assume it is less 

than half the range of τg stresses in the linear range (say, τg ≈ 50 MPa). The exact solutions 

have been computed for comparison, using the Equation 5.13 from [309]: 

2 22 4 cos
24 (1 ) e

v v GbSFW
v

ϑ
π γ βτ

+ −
=

− −
 

(5.13) 

where ν is the Poisson's ratio, G is the shear modulus and γ is the stacking fault energy (in this 

case, 45.1 mJ/m2). β can be taken to be a√(6)/12, where a is the lattice constant of copper. The 

‘prediction' results in Table 5.4were obtained accordingly. 

Table 5.4: Linear elastic prediction of SFW as a function of τe compared with simulation results 

τe (MPa) -500 -250 -100 0 100 500 
Simulated SFW (Å) 29.7 21.45 18.5 17.6 15.2 10.9 
Predicted SFW (Å) 101.4 31.2 22.1 18.5 15.9 10.1 

According to Table 5.4, the model slightly over-predicts the SFW over the whole range, 

however the results are generally very consistent. It possible that the simulation result at 500 

MPa is mildly influenced by the additional repulsive forces generated by periodic images or 

self-self interactions across the periodic boundaries, despite the SFW being less than half the 

width of the simulation cell. Generally speaking, the prediction would suggest that at τe =-500 

MPa the SFW remains only marginally stable, as is the case in Figure 5.24c (which extends 

to infinity when τg is increased to 128 MPa). It is also noteworthy that if τe where increased to 

600 MPa, the SFW prediction would exceed 1000 Å. This result is quite well-matched to the 

simulation results cited within the paper by [309] for 316L austenitic stainless steel with a 

SFW=40 mJ/m2, which also reaches an unstable stacking fault width at about 500 MPa. 
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It is also notworthy that a positive τe of 500 or more causes a slight reduction in the velocity, 

which can be explained by an increased Burgers vector density (according to the model 

demonstrated in Figure 5.23b). There is a small increase in the velocity for the cases with 

large negative τe stresses, however the validity of these results is difficult to confirm due to 

uncertainties regarding the effect of interactions between the partials and image forces when 

the SFW increased. 

The influence of the τe on the SFW when τg is 0 MPa is only significant when the magnitude 

increases beyond 100 MPa. However, once τg exceeds 128 MPa, the influence of τe becomes 

greatly significant on the SFW for the cases of ± 100 MPa. The cause of the influence of τg on 

the SFW can be explained in terms of relativistic effects and increased radiative damping. 

The significance of the core structure on the drag forces and dislocation mobility are more 

clearly understood with respect to the slope of the stress-velocity curve in the linear regime, 

as shown in Figure 5.25. For modelling purposes, the effect on the phonon drag is quantified 

by the drag coefficient, B, provided in Table 5.5. 

 
Figure 5.25: Influence of Escaig stress effect on the 'linear curve fit' of the velocity - τg 

Figure 5.25 shows that within the linear velocity regime, a large magnitude Escaig stress can 

have a significant effect on the velocity – τg curve. Most notably, it was discovered that in 

order to obtain a reasonable linear curve-fit with a broad range of τe stresses, it is necessary to 

include an offset for the y-intercept, v0.The authors recognise that it is physically unrealistic 

for the dislocation to be moving when the glide stress is zero, however v0 was considered to 

be a valuable fitting parameter to obtain a more self-consistent basis for comparison. The use 

of a y-intercept offset is well-established in the literature in high quality published studies [78, 

255]. 
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Although Figure 5.25 shows there is only a relatively mild influence the slope, there is a 

relatively more substantial effect on the drag and on B due to the relatively significant offset 

of v0. This could indicate that there is mildly non-linear stress-velocity behaviour at low stress 

magnitudes in mixed dislocations, however additional studies with different boundary 

conditions and/or cell dimensions need to be performed to verify this effect. The actual values 

for the B coefficient obtained from Figure 5.25 are provided in Table 5.5. 

Table 5.5: Effect of Escaig stress on the drag coefficients stress for a mixed (30°) dislocation 
τe (MPa) -1000 0 1000 2000 

v0 (m/s) 159.7 107.5 3 -143 

Predicted SFW (Å) 2.21×10-5 2.34×10-5 2.55×10-5 2.74×10-5 

Table 5.5 verifies that the relative influence of τe on B remains small, when compared with τg, 

even up to high stress magnitudes of 1000 MPa. However, the influence on v0 is relatively 

more significant and would cause a noticeable influence in the dislocation mobility. This result 

suggests that the τe causes both a nominal increase in the intrinsic drag caused by the medium 

(i.e., a ‘quasi-Peierls barrier’ effect), and a mild increase in the phonon dissipation rate. This 

would make sense, because it is well-established that the reason for an apparent absence of a 

Peierls barrier in FCC metals is the relatively planar core structure that is a characteristic of 

Shockley partials. 

The relatively small influence of τe on the velocity can be explained by the corresponding 

effects on the SFW (show in Figure 5.24b) and the narrow core width of the partial 

dislocations (shown in Figure 5.23B). The SFW does not reduce considerably until τe exceeds 

500 MPa, and increasingly larger stress magnitudes are necessary to further constrict the SFW 

due to the non-linear increase in the repulsive forces between the partials. When the SFW is 

reduced to approximately 9 Å (i.e., τe =1000 MPa), there is only anticipated to be a mild 

overlap of the true core regions of the partials, as shown in Figure 5.23C. Assuming that the 

relative shape of the cores remains unchanged4, the peak Burgers vector density in the screw 

partial cannot be anticipated to increase significantly until the SFW is approximately 6.5 Å or 

less, at which point the Shockley partials begin to merge into a full dislocation. However, the 

results obtained in this study provide valuable insights about the influence of core proximity 

                                                      

 
4 note: Accurately evaluating the core structure and Burgers vector density at 300 K and with high τe or τg stress 
is not feasible due to the highly non-equilibrium state of the lattice atoms 
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on the mobility and verify that this effects the drag forces. 

In the relativistic regime with τg ≥ 128 MPa, further increases in τg caused only a slight increase 

in the velocity and a rather significant influence on the SFW. This effect was observed, even 

in the absence of any τe stress component. Unexpectedly, the influence of τg on the SFW at 

large stresses is of similar magnitude to the influence of a pure τe stress. A qualitative 

comparison is provided in Figure 5.26, which also verifies that the stacking fault remains 

intact at high stresses [78]. 

The behaviour observed in Figure 5.26 shows a similar qualitative influence on the SFW of 

mixed dislocations is caused by τg and τe stresses, once the magnitude is very large. To provide 

greater insight into the influence on the dynamic behaviour and dislocation velocity, results 

are provided in Figure 5.26. 

 
Figure 5.26: Direction-dependent SFW of mixed dislcoations with different stress components. 

a) Pure Escaig stress; b) Pure glide stress  

The reduction of SFW when the velocity increases in one direction (+2000 MPa τg), whereas 

there is an increase in the SFW in the opposite direction (-2000 MPa τg) has not been 

documented except for a few cases in silicon [264, 307]. The previous cases also pertained to 
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high-moving mixed dislocations. These results provide strong evidence that the drag forces in 

the relativistic regime, caused by radiative damping and phonon drag [255], are strongly 

influenced by the core structure5. This only occurs at high τg stresses because the energy 

dissipation that causes drag forces increases in a significant and non-linear relationship as the 

velocity increases in the relativistic regime. 

The behaviour observed in Figure 5.26 shows a similar qualitative influence on the SFW of 

mixed dislocations is caused by τg and τe stresses, once the magnitude is very large. To provide 

greater insight into the influence on the dynamic behaviour and dislocation velocity, results 

are provided in Figure 5.27. 

 
Figure 5.27: Effects of stress components on the SFW and velocity of a mixed (30°) dislocation 

in the relativistic regime. a) Pure Escaig stress; b) Pure glide stress 

The results in Figure 5.26 and Figure 5.27b show that the influence of the τg on the SFW of a 

30° mixed dislocation are strongly dependent on the direction of dislocation glide. 

Furthermore, Figure 5.27 shows that the addition of a τe can effectively counter-act the 

influence of τg in increasing or reducing the SFW and velocity. To the knowledge of the 

author, this is the first quantitative observation of such a direct correlation with respect to a 

dissociated mixed dislocation.  

The uniqueness of the mobility of dissociated mixed dislocations is conclusively demonstrated 

in the results in Figure 5.26, where the direction-dependence of the SFW must be a result of 

the different core structures of the partials of mixed dislocations because it is not possible for 

there to be a direction-dependence if the dislocation structure is perfectly symmetric. In fact, 

                                                      

 
5 Noting from Figure 58C, a small difference in the Burgers vector density of the two partials 
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in a previous study of the mobility of pure screw dislocation dipoles with a similar 

configuration to those being studied presently, only an increase in the SFW was observed in 

both directions [266]. The influence of the core structure must be understood to explain the 

relative changes in the drag coefficient and y-intercept caused by τe. It is also valuable to 

clarify why and how the partial dislocations do not become entirely decoupled when the SFW 

increases, unless the τe became very large (i.e., when τe <  -500 MPa in Figure 5.24b). To this 

end, a simplified model is proposed to account for the independent drag coefficients of the 

two partials, which are also dependent on non-linear functions of the velocity: 1 1( )B f v=  and 

2 2( )B f v= . 
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where R is the SFW, and v1 = v2, when the SFW remains constant at steady-state. The only 

situation where v1 is not equal to v2 occurs when the SFW increases to a point where the elastic 

repulsive force becomes negligible, causing the partial dislocations to become decoupled and 

the stacking fault to ‘extend infinitely'. This is the same reason why the SFW does not increase 

infinitely (or collapse into a full dislocation) when the τe causes small to moderate changes in 

the SFW (i.e., in Figure 5.24b). For the case when the stacking fault increases due to greater 

drag in the trailing partial, this is only possible so long as the repulsive force between the 

partials remains non-negligible (i.e., when SFW is approximately ≤ 40 Å). Beyond this point, 

v1 ≠ v2, and the partials ‘become uncoupled' which would cause an infinite extension of the 

SFW.  

A dependency of the partial dislocation drag forces on the velocities provides a ‘beautifully' 

self-consistent, physics-based model that explains both the relationship between a τg and the 

the SFW (i.e., Figure 5.26) and also the influence of the SFW (caused by a τe) on the velocity 

at steady-state (i.e., Figure 5.25). Because Figure 5.27 shows that τe can counteract the 

influence of τg on the velocity, this provides further evidence that the drag force depends 

directly upon the core structure. The slightly non-planar structure of the 0° partial (see Figure 

5.23A) and higher Burgers vector density (see Figure 5.1d) would explain the relatively higher 
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drag force than the ‘planar' 60° partial. This structural asymmetry of the Burgers vector 

density is absent in pure screw or pure edge dislocations. For a 30° mixed dislocation, when 

the screw partial (higher drag) is in the leading configuration, the velocity (relative to the 

trailing partial) will be reduced as the τg increases and the SFW is reduced. Conversely, when 

the 'pure screw' partial is in the trailing orientation, it will drag behind the relatively faster 

leading mixed partial and increase the SFW. In both cases, a steady state SFW can only be 

obtained due to the corresponding changes in the elastic repulsive force between the partials 

(i.e., the second term in Equation 5.12. The uniqueness of mixed dislocations has evidence, 

shown by previous studies of the influence of motion of pure screw dislocations in the 

relativistic regime which observed an increase in SFW and a "non-planar" fault extension 

from the trailing partial in both directions [266]. 

The influence of τe on the SFW at high velocities (see Figure 5.27) also has potential 

implications for the testing of supersonic dislocation velocity. Several studies cite an 

instability of the dislocation core, which occurs as the velocity exceeds the transonic limits 

and becomes supersonic (to cite a few, see [273, 298   OlmstedHectorJr.CurtinClifton2005]). 

By utilising an opposite τe stress, it is possible to significantly reduce or eliminate the 

decoupling of the partials and mitigate the increase in the SFW. This could enable future 

studies to retain a supersonic dislocation velocity for prolonged period and potentially to 

obtain steady-state, which could help elucidate whether Eshelby's prediction of a stable 

velocity at √2Ct can actually be achieved [252]. However, it is important to acknowledge that 

it is unclear what influence the shockwave generated by the initial crossing of the speed barrier 

has on the core stability and the evaluation of such effects is beyond the scope of the current 

study.  

The results obtained in the study described in this chapter section suggest that there are still 

features of the dynamic behaviour of mixed dislocations which remain to be discovered. 

Hence, it is shown that atomistic methods remain useful for providing a ‘high fidelity' 

representation of the discrete characteristics of the dislocation core. It is important, however, 

to acknowledge that there are several limitations with the MD method and uncertainties about 

its accuracy. It is uncertain how the SFW is influenced by the extremely high strain rate used 

to stress the simulation cell, which is an intrinsic part of MD simulations confined by very 

short timeframes and/or by excessively small volumes. Likewise, the influence of cell 

dimensions could play a significant role (particularly when the SFW increases), due to image 
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forces and an additional repulsive force between the partials when the SFW > half of the 

length of the cell in the glide direction. Other factors, such as the selection of interatomic 

potential (which defines the stacking fault energy) and the consistency of the stress-state with 

a physically-realistic condition, will also play a significant role. For these reasons, until the 

results are validated experimentally, it is most appropriate to only refer to the results of MD 

as a valuable method to guide future experimental or simulation studies. However, with some 

consideration of previously-established models (for example [78]) and some experimental 

observations of similar behaviour in mixed dislocations (i.e., [278]), the results in the present 

study are well-matched and the mechanisms fit neatly within the established framework for 

dislocation mobility [283]. 

5.5.4 Summary of Escaig stress-dependent dislocation mobility study 

The study described in this chapter section considered the influence of the Escaig stress and 

glide stress on the velocity and stacking fault width of mixed dislocations. An extensive 

analysis with a wide range of magnitudes of pure τg, pure τe or τg + τe stresses showed that 

when τe caused a significant constriction or extension of the SFW, there was a corresponding 

increase or decrease in the phonon drag, respectively. Conversely, when the drag force was 

very large (i.e., at high velocity in the relativistic regime) there was an influence on the SFW. 

The influence of pure τg stress on the SFW in the relativistic regime was shown to be 

dependent on the direction of glide, and could either result in constriction of the SFW or an 

extension that caused the partial dislocations to 'separate'. This can be considered a unique 

behaviour of a mixed dislocation, because the core structure of a pure screw or a pure edge 

dislocation is symmetrical. The ability to counter-act the spreading of the SFW caused by high 

velocity motion approaching the supersonic limit, suggests that an Escaig stress may be an 

invaluable parameter when studying the mobility of mixed dislocations at relativistic 

velocities to inhibit the decoupling of the partials. 

Overall, the results of this unique study showed that the Escaig stress can cause a significant 

increase in the phonon drag when it causes constriction of the stacking fault width of a 

dissociated dislocation. Furthermore, for the unique case of mixed dislocations, an imbalance 

in the drag forces experienced by the leading and trailing partials causes a unique ‘direction-

dependence' of the equilibrium SFW, particularly at high velocities.  
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5.6 Summary 
This chapter considers the influence of the structure and dynamic behaviour of the dislocation 

core on the stress-dependent mobility of atomistic dislocations. Results showed that there are 

unique characteristics that can only be explained by the asymmetric structure of the different 

Shockley partial dislocation cores. Structural characterisation implied that there was a unique, 

mildly non-planar core structure in one of the partials of the mixed 30° dislocation. This was 

not observed in pure-screw or pure-edge dislocations. On this basis, it was predicted that there 

might be an enhanced Peierls barrier and/or greater phonon drag experienced by the 

dislocation with a mixed core structure. 

MD simulations were used to explicitly reproduce the structure and behaviour of moving 

partial dislocations in a 30° mixed dislocation in copper. The leading and trailing partials were 

shown to have distinct structural properties in relation to their different screw and edge 

Burgers vector characters. Further analysis confirmed that the pure screw partial was shown 

to have slightly non-planar characteristics and greater peak Burgers vector density within the 

core region. The velocity and SFW at steady-state depended on the direction of dislocation 

motion, which implies that there was a greater drag force or a ‘quasi-Peierls barrier' being felt 

by the ‘pure screw' partial than on the 60° partial. This result is considered to be a consequence 

of the difference in peak Burgers vector density of the two partial cores. 

The magnitude and direction of the ‘Escaig component' of the stress, τe influenced the 

equilibrium stacking fault width (SFW). A novel force balance equation was proposed, to 

provide a self-consistent physical model that explains the unique observed that pertained to 

the velocity-dependent drag forces of the two different partial dislocation cores. The 

mechanistic causes for a structure-dependent velocity model are well-justified, particularly 

for the case where the SFW is reduced extensively, because this results in overlap of the partial 

dislocation cores. Overlapping partials results in a merger back to a ‘full dislocation’, with a 

corresponding increase in the peak Burgers vector density and in the drag forces [308].  

This chapter shows that the atomistic representation of dislocation processes can yield 

significant novel insights to provide a more realistic multiscale model of plastic deformation. 

Furthermore, the novel approach used to perform self-consistent simulations with mixed 

dislocation dipoles serves as the basis for an multiscale study of dislocation dynamics in 

bicrystals (such as Figure 6.15 and Figure 6.16 in Section 6.5).  
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6.Chapter 6                                                                         
Computational framework for polycrystal DD 

modelling 
6.1 Introduction 
Since the proposal of Taylor’s theory of work hardening 1934 [12], the materials research 

sector has aimed to achieve a physics-based multiscale model to non-empirically predict the 

non-linear (plastic) stress-strain behavior and properties of dislocation-hardened metals. 

Dislocation dynamics (DD) simulations are widely acknowledged as a breakthrough 

mesoscale technique, with the capacity to establish a phenomenological link between 

fundamental atomistic studies and macroscale continuum models useful for real-world 

material design [8, 122, 310]. However, DD remains in a development stage and has yet to be 

implemented in a way that can accommodate dynamic grain boundary interactions in 3D, 

which is necessary to understand effects of dislocation pile-ups and re-oriented slip 

transmission [23]. 

This chapter describes the development of a hierarchical multiscale implementation of 

polycrystal plasticity, involving the modelling of atomistic-informed GB-dislocation 

dynamics. In Section 6.2, the operating principles used to distinguish different crystal regions 

and a rudimentary approach used to reproduce the atomistic structure of GBs as a discrete 

dislocation array are described. In Section 6.3, the comprehensive modelling framework for 

implementing multi-grain slip systems and complex intercrystalline dislocation – GB 

interactions is presented. Section 6.5 describes the theory and accurate reproduction of a 

diverse set of crystallographic orientation-dependent GB structures, with an atomistic-

informed Frank-Bilby approach. Section 6.4 demonstrates the suitability for the current 

implementation to provide a unified, comprehensive framework for realistic polycrystal DD 

with applications involving GB sliding, structure-dependent bicrystal strength and an 

experimental validation with respect to bicrystalline micropillar compression. 

6.2 GB Structure Modelling and Mesh-Based Partitioning of DD  
This section describes an early iteration of the currently implemented polycrystal DD, which 

established a discrete dislocation representation of the GB structure at the mesoscale. The 

framework described establishes a novel, versatile three-dimensional framework to enable the 

modelling of discrete GB structures and partitioning the simulation domain into multiple 
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arbitrarily complex polycrystal geometries. This early version did not provide a 

comprehensive model for intercrystalline dislocation reactions or for modelling multiple 

different crystallographic orientations. However, this serves as the foundation for the final 

versatile construction of the current polycrystal DD version and allows modelling of an 

arbitrary crystallography, size and grain geometry. The approach for partitioning the 

simulation domain also provides an ideal future basis for modelling dislocation dynamics in 

precipitate-hardened materials and alloys. 

6.2.1 Significance of GB microstructure on dislocation dynamics 

GBs are an intrinsic microstructural component of all metal (excluding single crystals) and 

contribute both a barrier to dislocation mobility and the transition between different slip-

deformation systems [311]. GBs contain intrinsic dislocations (GBDs) which must be 

considered carefully, particularly when attempting to model inter-granular interactions with 

mobile lattice dislocations. The dynamics of GBDs within the interface may also play a 

significant role, particularly in terms of the influence on the stress field and contribution to 

inter-crystalline plasticity. Hence, polycrystalline DD models should account for the 

dynamically evolving dislocation and grain boundary microstructure [311].  

The properties of polycrystalline materials are predicated by the orientation of the slip systems 

with respect to the loading direction, and by the microstructure which inhibits the dislocation 

mobility. Grain boundaries (GBs) are an intrinsic microstructural component of all metal 

(excluding single crystals) and contribute both a barrier to dislocation mobility and the 

transition between different slip-deformation systems [311]. GBs primarily inhibit dislocation 

motion; however, trans-granular ‘slip transmission’ can occur via a corresponding nucleation 

of new, re-orientated dislocations in the adjacent crystal [31]. For these reasons, the impact of 

dislocation dynamics on the non-linear stress-strain properties of polycrystalline materials can 

only be truly understood when interactions with the 3D microstructure containing a network 

of GBs is accounted for.  

For these reasons, the impact of dislocation dynamics on the non-linear stress-strain properties 

of polycrystalline materials can only be truly understood when interactions with the 3D 

microstructure containing a network of GBs is accounted for. The present DD formulation 

(i.e., MoDEL, as described in Section 2.5), had already incorporated the usage of  a mesh prior 

to the current work. A mesh was not necessary for utilisation, but was required for modelling 
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finite geometries to inform the boundary condition solver that compensates for surface effects.  

6.2.2 Method for modelling polycrystal sub-regions in DD 

A novel framework was established to partition the simulation domain into multiple different 

grain regions. The identification of mesh regions and constraint of nodes to specific grains 

requires three key modifications to the conventional framework: 

1. Approach to check the region that contains a current or projected dislocation position 
within the mesh, and assign the rID. 

2. Search algorithms and a comprehensive framework for constraining objects to their 
original grain. 

3. Comprehensive set of algorithms to re-position GB dislocation objects so that they lie 
exactly to the intersection plane between the original and an adjacent grain. 

Mesh regions 

The distinctive element of the mesh-based component of the polycrystalline DD 

implementation is the concept of ‘rIDs’ (rIDs), used to constrain dislocation objects to glide 

only within the original mesh regions to which they are assigned. A multi-domain mesh of 

arbitrary complexity with one, two or more grains can be readily generated from a `regular 

.stl file' that has been converted into a tetrahedral mesh. Each mesh region contains several 

tetrahedral elements which share an identical rID that becomes the unique identification ID 

for each grain. The mesh is independent of the dynamic behavior of the simulations, and hence 

within the current framework the rID is an immutable component of the initial-state crystal 

geometry. While this inhibits the implementation of GB migration within the current 

framework, it is valuable to assure efficiency and avoid arbitrary distortion of the interfacial 

mesh. Hence, this original approach to defining the GB structure provides a robust, efficient 

and ‘generic’ basis for modelling polycrystals of complexity within a DD simulation. 

Mesh tetrahedra 

The present method exploits the unique properties of tetrahedra (see Figure 6.1) to constrain 

dislocations to a trajectory that remains within the original grain. Because tetrahedra are 

defined by four vertices; any facet is defined by any set of three vertices, for a total of four 

facets. Each facet must always share the rIDs of the two adjoining tetrahedra or be a surface 

with only one rID, and hence mesh facets must either have one or two rIDs. Any position must 

either be: (a) internal within a tetrahedron; (b) lie on a facet bounded by three vertices; (c) lie 

on the line between two vertices; or (d) exactly intersect a single vertex.  
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Figure 6.1: Concept of mesh-based polycrystal partitioning. a) Three tetrahedra mesh 

showing possible rID combinations; b) Mesh search algorithm schematic 

Because each dislocation node is assigned the rIDs of all tetrahedra containing its position, it 

is non-ambiguously designated as a either a surface node, an internal node within a grain or a 

GB node at the intersection between two or more grains. An ‘internal node’ must non-

ambiguously have only one rID, a surface node must lie on a facet but have only one rID, a 

GB node must have two rIDs and a triple-junction node can have three rIDs. 

Mesh search algorithms 

For simulations starting at timestep 0, the rID must be evaluated from the initial-state positions 

of all nodes, whereas for simulations re-started from a later simulation step the rID is read 

from a file. once rIDs are evaluated for each dislocation object (network, segments, nodes) at 

the start of a simulation, these are used to define a reference to the 'grain' object that contains 

the rID at the start of a simulation. 

To find the tetrahedra containing the end-state position, a complex set of algorithms have been 

developed which find the shortest path between adjacent tetrahedra starting with a 'guess' 

tetrahedron that contains the dislocation's initial position. This search algorithm minimizes 

the deviation in the path from the direction of the trajectory. If no previous tetrahedra is 

known, the search begins with a ‘guess’ tetrahedra located near the geometric centre of the 

grain. This minimizes the number of tetrahedra that need to be checked by approximately two 

orders of magnitude, compared with arbitrarily looping over all tetrahedra in the mesh. If the 

final position lies in a tetrahedron containing a different rID, it was subsequently re-positioned 

to exactly intersect the interface between the two regions and assigned as a grain boundary 

node containing a reference to the grains defined by the two rIDs. A schematic overview of 

the mesh search algorithms is provided in Figure 6.1b.  
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Snapping dislocations to GB plane, at the ‘trajectory line’ - facet intersection 

To enforce that dislocations do not artificially cross the GB interface, an algorithm was 

developed to check the rID of the mesh position that the node is projected to move towards 

along its current trajectory at each timestep. When the projected position would lie within a 

mesh tetrahedron that is assigned a different rID than the current position’s rID, a complex 

procedure was triggered to implement dislocation-GB intersection.  

GB intersection to a coincidence site exactly shared by both intersecting grains was achieved 

by looping over the faces of the final tetrahedron on the mesh-search trajectory, to find the 

facet plane that is shared by two rIDs. The normal to this tetrahedron plane defines the GB 

normal vector, which is subsequently assigned to the GB dislocation node. The local GB plane 

was defined by the midpoint of the facet and the facet normal vector, and plane-line 

intersection was used to find the intersection site, using the initial trajectory line. The GB 

normal vector was then assigned to the dislocation node, and the node was constrained to the 

GB plane by eliminating any component of the velocity in this normal direction. It is 

noteworthy that a similar principle was also applied to enable intersection with the fixed mesh 

boundary, corresponding with the surface6 of the polycrystal specimen.  

6.2.3 Computational procedure 

To establish a polycrystal mesh, a template MATLAB script was developed [312] which could 

be modified to define the size of the mesh, interface orientation, and crystal rIDs for either a 

rectangular prism or a cylinder bi-crystal geometry. The mesh itself was generated with tetgen, 

using a Delauney tetrahedralization constrained by maximum tetrahedron volume to control 

the coarseness of the mesh [313]. All the mesh tetrahedra within the one of the sub-domains 

defined by the matlab script are assigned the same integer (rID) that is unique to the crystal. 

It was necessary to ensure that dislocation nodes that intersect the mesh faces shared by two 

rIDs are coincidental with the GB interface. This was achieved by identifying any tetrahedra 

nodes that were within a nominal floating point distance tolerance interface plane, and 

modifying the positions of two adjacent mesh nodes so that the mesh faces were correctly 

aligned. Hence, the mesh-elements of the GB were defined so that any nodes incidental with 

                                                      

 
6 The suitability of this procedure to reproduce surface intersection with curved geometries, such as cylinders, 
suggests that future implementations could also consider the modelling of GB migration with curved GB 
geometries. 
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a face sharing two rIDs would align correctly with both the GB plane and the internal 

crystallographic lattice. 

The equilibrium atomistic structure of the GB core and the spacing and Burgers vectors of the 

intrinsic GB dislocations (GBDs) are entirely dependent on the misorientation angle and 

interfacial plane of the GB intersecting two adjacent crystals. Low angle GBs can be fully 

described as an array of GBDs, and have been observed to occur with misorientation angles 

less than the ‘transition angle’ which is approximately between 10-15° [314]. The dislocation 

structure of higher angle GBs are generally more difficult to classify; however, it is commonly 

believed that the GB core consists of overlapping dislocations in this case. These are difficult 

to classify as dislocations, because they cannot be identified by forming a Burgers circuit 

according to the conventional methodology. Energetically favourable structures of GBs 

involve a repeated ‘structural unit’ of equi-spaced clusters of GBDs [111, 140, 163]. In 

situations with high local stress concentration, such as near nanoindenters [315] and inside 

dislocation pile-ups [316], mobile lattice dislocations can ‘penetrate’ through the GB by 

interacting with the GBDs. Specifically, lattice dislocations can indirectly ‘transmit’ across 

the GB by forming junctions with GBDs, partially annihilating and re-nucleating a new 

dislocation with different orientation in the adjacent crystal.  

Characterization of the GBDs in high-angle GBs (misorientation > 15°) has been difficult to 

achieve due to the overlapped nature of the dislocation cores within the plane [140, 317]. Low-

angle GBs are more readily modelled, due to the greater spacing between GBDs and 

subsequently greater ease for classifying the distinct atomistic dislocation cores [318, 319]. 

Three pure-tilt grain boundaries were simulated in full-atomistic from, using bi-crystals 

obtained with LAMMPs molecular dynamics simulations [21]. The GBD structure of the fully 

atomistic GB plane were analysed using Stukowski’s dislocation extraction algorithm [99]. 

The results are shown in Figure 6.2. The dislocation line-direction is parallel to the tilt axis, 

which is the same [0 0 1] direction for all three GB structures (as shown in Figure 6.2A). 
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Figure 6.2: Structure of high and low angle GBs described in two formats. Atomistic structural 
GB units [140]: a) low angle (8.1°); c) high angle (22.6°); d) high angle (36.9°). and b) low 

angle GB - array of GBDs 

Figure 6.2b) shows that the dislocation extraction algorithm effectively identifies intrinsic 

dislocations spaced at intervals equivalent to the atomistic structural GB units, only for the 

low angle GB case. However, the direct comparison of the atomistic structures of the different 

GBs provides an invaluable insight for modelling with some of the high angle GBs. This is 

because the spacing of atomistic structural units can be evaluated despite being unable to 

extract the dislocation content. For the current crystallographic misorientation, the inter-GBD 

spacing is 15.7 Å, (i.e., 6b, where b is the Burgers vector). The GBDs can be considered 

‘perfect’ edge dislocations with full Burgers vectors aligned in the direction of the GB normal 

(the [6 5 0] or the [-6 5 0] directions). This is consistent with the symmetric pure-tilt ‘parallel-

edge wall’ GBs described in ref. [320]. It is noteworthy that the ‘nose-to-tail’ spacing of the 

‘C’ atomistic structural units (which are also described in detail in ref. [111]) is 6.1 Å for the 

Σ=13 case. Furthermore, for the case of the Σ=5 GB, which has a higher misorientation angle, 

the nose-to-tail spacing is 0.0 Å (i.e., there is no inter-GBD gap) between qualitatively 
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identical ‘C’ atomistic structural units. This suggests that high angle GBs can be modelled in 

a similar manner as low-angle GBs, however with a reduced spacing between GBDs. The 

validity of this claim is the subject of future studies.  

According to Frank’s formula [155], the structure of a low-angle symmetric tilt grain 

boundary is comprised of a single dislocation array, with a net Burgers vector density (Bp) 

that can be found using Equation 6.1: 

)2/sin()ˆ(2 θρ×= pBp  (6.1) 

Where p is the spacing vector between adjacent dislocations, ρ̂ is the tilt axis vector of unit 

length, and θ is the misorientation angle that defines the GB. This is a special case, because 

the Burgers vector, b, is geometrically constrained to be perpendicular to both p and ρ̂ , which 

dictates that b is perpendicular to the GB normal vector and the ρ̂ vector must lie within the 

GB plane. Hence, the structure is comprised of edge dislocations that have a line direction 

perpendicular to the tilt axis and the GB normal. Assuming that the Burgers vector of the 

interfacial dislocations is approximately equivalent to that of full lattice dislocations, which is 

approximately appropriate for the case with very low θ [155, 222], then the magnitude of the 

p vector can be obtained using Equation 6.2: 

)2/sin(2/|||| θbp =  (6.2) 

For the present study, the structure used to perform dynamic simulations was based on the 

low-angle atomistic case shown in Figure 6.2A, with a misorientation of only 10.39° with 

respect to the 90° Σ1(110) interface, to provide a first-case benchmark for comparison. It is 

noteworthy that an approach to approximate the interface of GBs with higher θ angles is only 

included to shown the intention for future development, however required the usage of 

‘special’ intrinsic GB dislocations which may be comprised of ‘displacement shift complete’ 

(DSC) dislocations, not full crystal lattice dislocations [106, 155]. Hence, for this case the 

spacing between dislocations is |p|=0.4a, where a is the lattice parameter of the material. As 

shown in Figure 6.3, intrinsic GBDs were assigned in DD simulations of a bi-crystal 

containing a planar GB with a normal vector in the vertical direction, with an equivalent 

spacing and Burgers vector character as obtained from atomistic analysis. 
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Figure 6.3: Low angle bicrystal DD simulation containing discrete array of GBDs to 

approximate the GB structure of a Σ401 5.32° GB 

The details of modelling dislocation – GB interactions are primarily accommodated by well-

established junction formation procedures within the conventional DD framework [8]. 

However, the computational procedure to obtain 100% confidence that the dislocations would 

not arbitrarily cross the interface involves extensive modifications to the simulation code. It 

was also necessary to establish a new simulation procedure to enable dislocation nucleation 

and, hence, slip transmission. 

6.2.4 Self-consistent testing of mesh-partitioning accuracy 

The most-critical aspect of interest for the purposes of the preliminary polycrystal DD 

implementation, was the confirmation that dislocation objects never artificially cross the 

interface between different mesh regions. If this were to occur at any point in the simulation 

procedure, the mesh rID check would fail to correctly identify an intersection event at the 

subsequent node – motion step. After extensive stability testing, a few challenges were 

identified and subsequently were resolved to obtain a robust framework which ensures that 

the GB is never ‘arbitrarily penetrated’.  

The first challenge observed for artificial interface-crossing, involved an inherent numerical 

(rounding) error that occurred after dislocation nodes were made to intersect the GB plane. In 

this case, nodes moving within the GB plane sometimes were incorrectly identified with only 

one rID due to truncation and rounding errors, so the node was no longer on a shared mesh 

face (GB). No solution was identified to completely eliminate this effect, however fortunately 
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this issue has been overcome entirely by asserting that nodes intersecting the GB are 

constrained to the plane defined by the GB normal vector, without requiring a check for the 

mesh rID.  

The second issue identified provided a more fundamental challenge for the modelling, caused 

when lattice dislocations formed a junction that intersected with the GB plane. In this case, in 

order to assert crystallographic consistency it was necessary that dislocation nodes be placed 

at the exact point intersecting the glide planes of the lattice dislocations and the GB plane. 

This was further complicated, when junctions also were formed with GBDs, requiring a point 

of intersection between four independent planes (mathematically improbable). This meant that 

in certain cases there was no existing direct solution which effectively merged the dislocation 

segments into a junction at a point which was also coincidental with the GB plane. The 

conventional junction-formation protocol assertions would result in a junction that artificially 

crossed into the second crystal. A temporary fix has been implemented, which disables 

dislocation junction formation if the projected intersection position that is coincidental with 

the three (or more) constraining planes does not remain in the original rID. It is a future aim 

to establish a new approach to more rigorously model junction formation at the GB by 

performing sequential junction formation and re-alignment. Due to the crystallographic 

constraints, it is likely that this will involve a complex procedure of annihilation, nucleation 

and recombination to maintain the conservation of Burgers vector and glide-plane constraints 

that are an intrinsic property of dislocation dynamics [203]. 

Careful checking and testing with a variety of stress conditions, dislocation densities and 

geometries of the fixed micro-pillar boundaries has demonstrated that the present version of 

the code is empirically an ‘inherently stable’ simulation framework. This has very positive 

implications for 3D DD modelling in the future with dislocation pile-up formations in 

polycrystals and for modelling the accumulation of very high internal dislocation densities. 

Examples are provided in Figure 6.4a and in Figure 6.4b. to demonstrate the efficacy of the 

presently described method to model arbitrarily complex systems and dislocation pile-ups. It 

is also noteworthy that this method is also exceptionally well-suited for simulating defects or 

precipitate hardened alloys that involve impenetrable inclusions. 
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Figure 6.4: Qualitative verification of GB impenetrability with high dislocation densities. a) 

Dislocation pile-up formations at the GB under a singular slip system; b) Multi-junction 
formation and high dislocation density accumulated at the GB interface 

6.2.5 Summary and significance of multi-region DD simulation mesh 

This Section described the implementation of a novel utilisation of a modified mesh, in order 

to assign a unique region ID to dislocations contained within different crystals. A series of 

algorithms have been developed to provide a modelling framework that ensures that 

dislocations do not arbitrarily cross the mesh region-interface. The code also asserts that 

dislocations which would otherwise cross the grain boundary (GB) interface will instead 

exactly intersect the GB plane.  

MD simulations, coupled with the dislocation extraction tool, were used to determine the 

discrete dislocation structure of a low angle GB and explicitly convert this into a mesoscale 

DD format (i.e., a planar array of GBDs). It has been determined that the code is inherently 

stable, and will not allow for slip transmission across the mesh-region interfaces unless 

dislocation nucleation is triggered. This has been used to demonstrate stress concentration 

within a dislocation pile-up, dislocation absorption into the GB core and the accumulation of 

high local dislocation density adjacent to the GB.  
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6.3 Comprehensive Lattice-Based Framework for GB Interactions 
 This chapter section describes the currently implemented version of DD, which utilises a 

novel lattice-based approach to model polycrystal interactions. The lattice provides an 

accurate means of constraining the motion to the appropriate 3D slip systems in a manner that 

realistically reproduces polycrystal plasticity and GB – dislocation interactions. This paper 

aims to establish a robust and versatile simulation framework for a 3D polycrystal model with 

'realistic' penetrable grain boundaries, to serve as a discrete mesoscale method for modelling 

GB engineering and nano-manufacturing. 

This section is structured as follows. First, the theoretical and methodological aspects of the 

approach to implementing a polycrystal dynamics framework is and the unique multi-lattice 

implementation are described. The atomistic-informed, micromechanical models for 

reproducing discrete (local) dislocation-GB interactions of transmission, absorption, 

dissociation and GB sliding are presented and explained. In closing, the section summarises 

the capabilities and limitations of the current model and reinforces the significant 

opportunities for detailed GB dynamics modelling. 

6.3.1 Background for polycrystal DD  

The interactions between grain boundaries (GBs) and dislocations are diverse, complex, and 

depend on the crystallographic misorientation and atomistic structure of the GB (see Figure 

2.1 in Section 2.2 for a schematic overview) [155]. The celebrated Hall-Petch relationship 

between grain size and strength is attributed to the effects of pile-ups; which induce a back 

stress that inhibits dislocation motion in the vicinity of the GB [321]. With small grain sizes, 

this can inactivate the primary slip systems until the pile-up penetrates the GB to initiate inter-

granular slip transmission, resulting in a secondary yield stress or strain burst (characterised 

by `stair-case' stress-strain results) [30].  

Modern numerical solutions for the non-singular core, based on the work of [95], are 

compatible with the concept of ‘super-dislocations’ that consist of a junction between the 

dislocations at the leading edge of a pile-up, once the stress concentrates to a magnitude 

exceeding the repulsive interaction forces [322]. These `super dislocations' are energetically 

unfavourable regions of high Burgers vector density, and hence play a key role in initiating 

various relaxation mechanisms for pile-ups at GBs. In coarse grained materials, very large 

pile-ups can generate extreme stress environments that initiate the inter-crystalline 
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transmission of dislocations at low external stress magnitudes [35]. Depending on the 

compatibility of the interface and orientation of the loading, dislocations may also dissociate 

and become absorbed into the GB plane in a process known as `GB sliding7'. In this case, 

dislocations dissociate to products containing the smallest Burgers vector magnitude, which 

is unique to the ‘displacement shift complete' (DSC) lattice, defined by the GB structure itself 

[119]. The influence of the GB also involves distinctive features of the coincidence site lattice, 

which describes the unique crystallographic constraints for dislocations contained in the 

‘inter-crystalline region’ within the GB. A novel feature of the present implementation is the 

self-consistent constraint of dislocations to glide within the local crystallographic lattice in a 

physically realistic manner, including intergranular slip transmission and GB sliding, using 

unique DSC and CSL lattices that are unique for the GB misorientation angle and structure. 

Increasingly sophisticated methods have been developed to reproduce short-range interactions 

such as junction formation, cross-slip, annihilation and superposition (based on the 'non-

singular' core description [116]). However, to-date there have not been any implementations 

capable of comprehensively reproducing the full set of unique, discrete dislocation – GB 

interactions which are a key characteristic of polycrystal DD (see overview provided in Figure 

2.1). This chapter describes the extensive unified framework for these discrete events that was 

developed in the present PhD.  

The current version provides a versatile, open-source database for modelling polycrystalline 

FCC metals of nickel, copper and aluminium. According to the approach described in Section 

6.2, the present implementation can model with 3D geometries of arbitrary complexity. The 

framework is entirely consistent with the concept of ‘multi-slip’, with 12 unique slip systems 

available in each grain. With respect to the present chapter section, the most notable feature 

is the phenomenological framework for modelling GB penetrability, dissociation and GB 

sliding intercrystalline reactions.  

                                                      

 
7 This work only considers the process of Raschinger GB sliding, which is understood to be mediated by the 
motion of glissile GB dislocations, and which has been observed to occur even under low temperature conditions 
within large pile-ups, typically adjacent to triple-junctions[13] Priester, L., 2001. “Dislocation–interface” 
interaction — stress accommodation processes at interfaces. Materials Science and Engineering: A,  vol. 309–
310 (0), pp. 430-439. 
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6.3.2 Established models of intercrystalline dislocation – GB reactions  

Comprehensive criteria for the dislocation transmission behaviour were developed by Lee, 

Roberston and Birnbaum [35], based on experimental observations of the favourable 

characteristics of the outgoing dislocation. These included a nominal change in the trace of 

the glide planes of incoming and outgoing glide planes on the GB plane, small deviation in 

the direction of loop expansion and transmission along the system with maximum resolved 

shear stress. Among the compatible slip systems in this glide plane, the one which reduces the 

residual Burgers vector on the interface is generally considered to be the most energetically 

favourable. Recently, it has been shown that the geometric criteria are not very effective for 

determining the behaviour of interfaces where direct transmission is not possible. In this case, 

it is the maximum resolved shear stress and/or the nominal dissociation reaction which creates 

a complete (glissile) EGBD [119], which determines whether GB sliding, nucleation and/or 

indirect transmission (re-emission of accumulated Burgers content) will occur [33]. The 

prediction of the favoured outgoing slip system for inter-granular plasticity has been the 

subject of several publications, and it is generally agreed that the primary slip plane must 

maximize the geometric criterion, Ng, as defined in Equation 6.3 [35]: 

( )( )g in out in outN l l b b= • •  (6.3) 

where lin and lout are the trace vectors and bin and bout are the Burgers vectors of the incoming 

and outgoing dislocations, respectively. For symmetric tilt GBs (STGBs), there is always a 

compatible slip system in the outgoing crystal that shares a slip trace on the GB plane with 

the incoming glide plane, and hence the condition (lin ∙ lout =1) must be obtained before 

transmission can occur. The procedure for determining the optimal slip system involved the 

following steps: 

1. Determine the compatible outgoing slip plane normal (nout), by evaluating the trace 
vector of the glide plane of the incoming dislocation and all four of the possible 
outgoing glide planes until the outgoing system is obtained which satisfies the 
condition that lin ∙ lout =1. 

2. Identify the 'geometrically optimal' slip system with a direction perpendicular to nout , 
by evaluating Ng for all compatible slip directions within the plane (including slip 
directions within the original grain, which could result in an unlikely 'reflection' 
behaviour). Only the slip direction/s which maximize Ng are considered for the 
process of direct transmission, according to [35]. 

3. The outgoing Burgers vector in the optimal slip direction (be) and the nout vector are 
used to evaluate the local resolved shear stress τrss, comprised of a combination of the 
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external stress field and the total combined Peach-Koehler force from long-range 
contributions of other dislocations. If multiple slip directions have maximum Ng 
criterion, the system with maximum τrss is selected. 

4. Slip transmission only occurs if τrss exceeds the threshold value, defined by the grain 
boundary properties (as a function of crystallographic misorientation). 

Arguably, for geometrically compatible interfaces for direct transmission such as STGBs, the 

most important condition to consider is the threshold for the onset of direct transmission [54] 

[54]. From the literature, there are three primary criterion-based approaches for predicting the 

threshold for direct transmission interactions at GBs:  

1) 'Structure -  Energy'  criterion 

There is a well-established correlation between the angle of misorientation and (to a lesser 

degree) the density of the coincidence site lattice on the 'penetrability' of grain boundaries in 

FCC metals [35, 155]. Recent 3D polycrystal DD studies have attempted to 'quantify' the 

influence of the GB 'structural properties' by utilizing the GB energy γgb) determined from 

atomistic simulations, to quantify the differences in the structural compatibility for slip 

transmission [16, 54]. The use of the γgb is convenient and can provide an ideal parameter to 

quantify the relative penetrability of a diverse set of GB structures through the use of 

molecular dynamics simulations. This approach has been considered suitable for the purposes 

of comparing between geometrically ideal sets of interfaces (i.e., planar STGBs), as a means 

of distinguishing between 'easily penetrated' low angle GBs and the 'difficult to penetrate' high 

angle GBs. However, the correlation between the γgb and the true activation energy for 

embryonic dislocation nucleation and GB structure transformation (which comprise the 

mechanisms of transmission), are not well-established and the energy alone cannot be 

compared in a 1:1 basis [151, 323]. Furthermore, the γgb fails to account for geometrical 

featiures such as GB ledges, faceting (i.e., asymmetric tilt) or twist components [204]. 

The general principle of the γgb -based criterion is that slip transmission will not occur unless 

the total energy at the initial point of intersection is larger than the total system energy when 

dislocations directly penetrate the grain boundary. For the direct transmission interaction, 

assuming that the magnitude of the incoming and outgoing Burgers vectors are the same, the 

threshold can be understood in terms of the energy inequality in Equation 6.4, with respect to 

a unit length of dislocation (J/m) (from [54]): 

2 2
1 2| ( ) | | | ( )i rss gb i rb C b C bτ γ µ≥ +  (6.4) 
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Where the first term is the work energy released by expanding a dislocation loop, the second 

term is the energy required (J/m) to disrupt the GB structure and penetrate the interfacial 

lattice, and the final term is the line energy of the residual Burgers vector content, (i.e., br = 

bo - bi), μ is the shear modulus, C is a constant, which can be quantitatively approximated 

from the intrinsic stacking fault of the particular FCC metal [135] 

2) 'Stable loop nucleus' criterion 

MD simulations and experimental studies suggest that even when perfect transmission occurs 

with 'zero residual content' in the GB plane, the edges of the transecting dislocation remain 

'pinned' at the local sites intersecting the misfit dislocations. On this basis, it can be assumed 

that the effective 'nominal' source length ("Lmin") for a transmission event pinned at both ends 

by intrinsic GB dislocations can be determined with Equation 6.5: 

min ( )i iL pξ ξ=   (6.5) 

According to the classical model in Equation 6.6, the critical resolved shear stress, τcrss, as the 

minimum value required to bow the segment in a process analogous to the mechanism of 

Frank-Read source activation [324].  

2 2 2 2
min( ) ( ) ( )o crss o m gb i i rG b L b b b bµ τ γ γ µ µ∆ = − + − +  (6.6) 

 

where γm refers to the misfit energy that accounts for the energy required to generate a stacking 

fault and disrupt the coherent GB structure. It can generally be assumed that L must occur in 

intervals of Lmin, defined by the incoming glide plane and the spacing of coincidence sites 

within the GB plane. Hence, this approach accounts for the influence of the GB structure and 

low angle or high angle misorientation on the transmission behaviour. 

3) ‘Temperature-dependent' criterion 

The thermal fluctuations that generate a stable loop nucleus, as described in the previous 

section, are 'rare events' which occur sporadically in a relatively slow, process. Because there 

is a thermal component and kinetic (time-dependent) component, the process of transmission 

via this mechanism can be considered to be influenced by the temperature and strain rate. Kato 

et al. [325] proposed that the nucleation of dislocations from GBs can be modelled in terms 

of an activation energy, G0 required for 'de-pinning of EGBDs within the interface', and the 

'athermal' strain rate', γ 0. Accordingly, the τcrss (T γ  ) can be determined with Equation 6.7: 
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where p is an exponent generally required to fit the curve shape to empirical data, and k is the 

Boltzmann constant. Although this model is well-established in principle, in practice there are 

too many inter-dependent unknown parameters (G0, γ 0}, p), the strain rate, γ , is often not 

constant and the significant variability that exists in the activation energy for nucleation from 

different GB structures cannot be exhaustively determined [192]. Hence, this approach is not 

considered to be a suitable method except, perhaps, for specific well-understood cases for the 

predictions of the temperature and/or strain-rate dependence. 

4) Structure-stress dependent stable loop nucleus criterion 

A recent study of the influence of the discrete dislocation structure of GB interfaces showed 

that by increasing the density of interfacial dislocations, the magnitude and size of the local 

stress field generated by a GB decreased significantly [106]. Assuming that the dislocation 

structure of a GB interface can be accurately predicted, this effect provides a distinct 

quantitative structural insight from the dislocation content alone, without requiring atomistic-

informed parameters. Namely, the stress field generated by the discrete dislocation structure 

of the GB, with a net GB Burgers vector content determined from the Frank-Bilby 

relationship, contribute a structure-specific effect on the slip transmission behaviour [326].  

Conceptually, this approach explains the demarcation between high angle and low angle GBs, 

because for the case of low angle GBs ,transmission can occur very easily in the gaps between 

the relatively very large intervals observed between GB dislocations (as shown in Section 

6.2.3, Figure 6.2). Furthermore, this approach will provide a more realistic reproduction of 

the local pinning of a dislocation that transects a low angle GB, as shown in Figure 6.16. 

Furthermore, as the results obtained in [106] suggest, this model could explain why 'special' 

GBs with a high density of perfect GB dislocations, such as the Σ GB structures, are penetrated 

by dislocations at lower stresses than other GBs with a similar misorientation angle. 

GB sliding 

Experimental observations suggest that the residual dislocation content accumulated within 

GBs tends to ‘anneal out’ within the interface as the temperature increases, suggesting that 

there is a dissociation reaction into glissile (sliding) GBDs and sessile (climb) GBDs [327]. 

The primitive basis vectors for the displacement shift complete (DSC) lattice define the 

shortest possible Burgers vectors of the GBDs stored within the GB plane [155]. After 
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reviewing the observations of interactions with several well-defined grain boundaries, it was 

observed that no significant residual Burgers vector content was observed in a number of high 

angle GBs when exposed to heat [119]. It was concluded that the dislocations became 

absorbed into the GB, casing delocalisation of the strain by spreading the glissile dislocations 

stored within the GB itself [13]. Experimentally, this is verified because the strong anisotropic 

patterning within dislocation pile-up interactions with grain boundaries are shown to initially 

exhibit a distinctly linear slip trace on the GB plane which dissipates with time and 

temperature [13, 248]. Furthermore, the rate of annealing is shown to be related to the 

magnitude of the DSC basis vectors, with small DSC vectors corresponding to rapid 

absorption, dissociation and spreading of dislocations [119]. 

A few numerical models which have been proposed for reproducing the interactions of 

dislocations at the interface include the following: 

1. Kinetic model for delocalization (spreading) of GBDs [13]. 

2. Dissociation model [143] 

6.3.3 Lattice-based implementation  

Mapping global coordinates to the 'lattice coordinates' of a grain 

Polycrystals are inherently comprised of individual grains with unique crystallographic 

orientations, and the current implementation achieves this by constraining dislocation objects 

to glide only within the original mesh regions to which they are assigned. The local 

crystallographic orientation is defined by a unique 3x3 rotation matrix that is indexed 

according to each grain's mesh rID, passed to the simulation at the start of the simulation with 

an easily modified input script. A 'polycrystal' class has been developed, which has 

significance primarily during initialization in order to assign all the dislocation objects to their 

appropriate 'grain' class which defines the local lattice orientation. The mesh-based framework 

described in Section 6.2.2 is used to determine the mesh rID8 and hence grain ID of each 

dislocation node.  

Once objects are assigned to specific grains, the dislocation coordinates must be converted to 

the crystallographic orientation of the grain in a ‘Cartesian’ (i.e., non-lattice) format with 

                                                      

 
8 or rIDs if intersecting a GB 
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double precision, which serve as the `global coordinates'. All dislocation objects are also 

mapped to a grain-specific lattice, which accurately constrains the global coordinates so that 

they coincide exactly with the realistic crystallographic slip systems. An additional benefit of 

converting from global coordinates to lattice coordinates, is the elimination of the rounding 

errors which may accumulate below the floating point tolerance. This is because lattice 

coordinates are stored in integer format as an exact combination of the three 'primitive vectors' 

that define the nominal lattice unit cell. The primitive lattice vectors are dictated by the 

crystallographic orientation that are simply the three independent <110> directions that define 

the slip directions in an FCC crystal, for an un-rotated grain. 

Objects within the lattice frame of reference (integer) cannot be compared with objects in the 

global (double) format without causing errors, however in-built functions have been 

developed to reversibly convert between global and lattice coordinates. The planes, lines and 

intersections between them have also been conveniently encoded into lattice objects9. 

Comprehensive mapping algorithms have been developed to ‘snap’ vectors and dislocation 

positions from a global coordinate system to the ‘closest local lattice vector’ contained within 

the various lattice objects. 

In this sub-section, we have described the framework used to define the local crystallographic 

lattices of multiple grains that define a polycrystal. To the knowledge of the authors, this is a 

unique implementation within the DD literature that enables multi-slip with 12 

crystallographic slip systems per grain in a manner that fully constrains dislocations to the 

realistic atomic lattice.  

Defining and mapping to the unique GB network lattices 

So far, we have described the necessary components required to define a polycrystal with 

several independent single crystal lattices, however have not considered the interfaces 

between grains. However, grain boundary interactions with dislocations and motion within 

the interface between two grains cannot always be accurately defined by either of the single 

crystal lattices. Furthermore, the GB plane is unlikely to be coincidental with one of the 

crystallographic (111) slip planes, and each GB’s lattice plane is generally unique and must 

be evaluated individually in order to map the global coordinates to the GB lattice. For each 

                                                      

 
9 2D lattice for a plane; 1D lattice for a line or plane-plane intersection and 0D for any line intersection 
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GB in the network, three unique lattices must be evaluated: 

1. The displacement-shift-complete lattice (DSCL) which contains all of the lattice sites 
of the two adjoining grains [328]. 

2. The coincidence-site lattice (CSL) that contains all of the exactly overlapping lattice 
sites [328]. 

3. The GB lattice planes (GBL) which define the 2D interfacial lattice in the single-
crystal lattices of the adjoining grains. 

The first step of the process involves determining the geometry of the network of GB planes. 

This is achieved by looping over the mesh tetrahedra, grouping all of the facets10 shared by 

two tetrahedra with different rIDs, and sorting these facets into 'region boundary' containers. 

The normal direction to the plane is evaluated in the global reference frame, from the plane 

defined by the three vertices of a region boundary facet, for both grains transected by the GB. 

The lattice site which acts as the 'origin' of the  GBL in each grain is not trivial to determine, 

however currently is obtained autonomously by looping over the region boundary mesh facets 

until a vertex is found that exactly intersects a lattice site in that grain. The shared axis of 

rotation between the two grains is then determined by evaluating the eigenvector 

corresponding with an eigenvalue of 1.0, from the rotation matrices used to specify the 

crystallographic orientation of the two grains. The primitive lattice vectors that define the 

lattice of the plane are determined. With the origin to the plane and primitive vectors that 

comprise all lattice sites within it evaluated; the code generates two unique LPs for each GB. 

These LPs are particularly useful for setting the global coordinates of dislocations intersecting 

the GB, so that all GB dislocations are exactly co-planar. 

A schematic summary of the single crystal lattices, the LPs and the CSLs of a polycrystal 

containing three GBs are shown in Figure 6.5a, and a demonstration of the unique DD 

implementation of and lattice-based orientation is shown in Figure 6.5b. 

                                                      

 
10 Currently, all facets must be co-planar. However, it is possible to enable curvature of the region interface in 
order to study (for example) the process of GB migration. 
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Figure 6.5: Application of lattice concept to for a polycrystal with a triple junction. a) Schematic 

of lattice objects, the coincidence lattices and GB plane lattices; b) Triple crystal DD 
simulation  

Once the geometry of the GB network is known in global coordinates, it is necessary that  two 

'lattice plane' objects be defined and assigned to each individual GB, As shown in Figure 6.5a. 

This is because the LPs depend on the local coordinate system in the two adjoining grains. 

In this sub-section, we have described the approach used to define the grain boundary network 

lattice, by evaluating the geometry from the mesh and defining the DSCL, the CSL and the 

two LPs for each GB, which play a critical role in subequent models of the interactions of the 

intra-granular dislocation objects that directly intersect the interface. 

Assigning atomistic-informed energy and structural properties of GBs 

The energetic and discrete structural properties of GBs can also significantly influence the 

inter-granular interactions, including the compatibility for dislocation transmission through 

the interface (which is significantly higher for low-angle GBs) [54]. The inter-dislocation 

spacing can provide useful insights for modelling transmission, and was painstakingly 

evaluated using the structural unit model approach [167], based on methods is [106]. The 

magnitude of the intrinsic GB dislocation Burgers vectors was evaluated using Frank's 

formula for symmetric tilt boundaries, and the intrinsic net defect content obtained from 

Frank-Bilby for comparison [326]. The GB energy and discrete spacing of Frank-Bilby 

dislocation content can be determined from atomistic simulations of bi-crystals for the 

symmetric tilt structures, and in this manner an exhaustive library of properties has been stored 

within the code. The properties were obtained using LAMMPs molecular dynamics 
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simulations, with embedded atom method potentials for three FCC metals: aluminium ([172]), 

copper ([196]) and nickel [171]. These properties are automatically assigned to each GB in 

the network. The structure-specific properties include several GB types for a range of 

symmetric tilt <001> and <110> GBs (shown in Figure 6.6) and a few asymmetric tilt GBs 

used for benchmarking purposes11. 

 
Figure 6.6: Overview of the available "GB types" stored and accessible within the fully-

automated identification framework: a) Symmetric tilt <100> GB types. b) Symmetric tilt 
<100> GB types 

This sub-section, describes the basic components of the GB structure database contained 

within the presently developed polycrystal DD framework. 

6.3.4 Modelling discrete dislocation interactions with GBs 

Experimental studies show a significant disparity in the interfacial 'barrier' strength and 

interaction behaviours of a GB, depending on the angle of misorientation [36]. This section 

presents the conceptual framework and means of numerical implementation of the inter-

crystalline mechanics.  

Concept of GB pinning sites – ‘line tension' analogy 

MD simulations verify that the activation energy for dislocation interactions with GBs is 

strongly structure-dependent [151, 192]. The dislocation content is important, as it represents 

the localised accumulation of `lattice misfit'. The present model accounts for several features 

from previous models, such as geometric criteria for slip system determination [251, 329], 

'line tension' for structure-dependence [133]and GB energy [135]. Two fundamental 

principles are utilised to model the influence of GB structure: 

                                                      

 
11 Other asymmetric tilt and 'general' GBs can also be implemented, however the primitive lattice vectors and 
energies for these need to be determined on a case-by-case basis from MD simulations. 
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1. The activation stress for transmission is inversely proportional to the length between 
pinning sites, analogous to the equation Equation 6.7 Frank-Read source activation: 

2 (10 )crss
b
L

µτ
π ν

=  
(6.7) 

where τcrss is the activation stress, μ is the shear modulus, ν is the Poisson's ratio and L is the 

length between pinning sites. As will be explained later, L decreases with increasing 

misorientation angle. 

2. The elastic energy of the residual dislocation content is strongly dependent on the 
angle of deviation between the incoming and transmitted burgers vectors: 

2 (10 )line
bE
L

µ
π ν

=  
(6.8) 

Transmission is generally favourable in GBs with a low angle of lattice misorientation. The 

stress-field and accumulation of misfit within the intrinsic GB dislocations can be realistically 

expected to act as a 'pinning site'. MD simulations suggest that transmission involves the 

nucleation and coalescence of stable loops, with a critical radius that increases for low angle 

GBs and is reduced for high angle GBs [330]. This can be rationalised, because when there is 

a very small angle of deviation between the two crystal orientations (≈<5°), it is appropriate 

to consider a GB as a planar accumulation of the geometrically necessary dislocations that 

accommodate the total elastic strain required to 'bend the lattice' between the adjacent single 

crystals [155]. In this case, it is generally considered appropriate to consider the interface to 

be semi-coherent. Hence, the lattices can be considered 'quasi-coincidental' in the region 

between GB dislocations; and hence exhibit little or no slip incompatibility between these 

regions. It is a rational approximation to conclude perfect transmission in this case, with a 

nominal change of the Burgers vector by 5° having a residual elastic energy less than 1.0% of 

a full dislocation. However, as the misorientation angle increases, the spacing between GB 

dislocations reduces until the cores become directly adjacent or ‘overlapping’. The concept of 

‘high coincidence regions’ mdispersed by localised lattice misfit and stress discontinuity can 

be quantified in terms of the spacing between GB dislocations. The relationship between GB 

misorientation angle and dislocation spacing is demonstrated in Figure 6.7. 
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Figure 6.7: Influence of misorientation angle on the spacing between edge dislocations in 

symmetric tilt <100> GBs 

The dispersion of the local Burgers vector is accommodated by several relaxation mechanisms 

that depend on the GB structure, such as absorption and dissociation, and GB sliding. 

Dissociation is energetically favoured when there are small DSCL vectors (see Section 4.3), 

however the capacity to relax the local stresses and/or subsequently dissociate further 

accumulated content requires GB sliding, which in turn requires a high density of the CSL. If 

the stress is reversed, dislocations may also 'desorb' via a 'reverse transmission reaction' from 

the grain boundary so that a dislocation loop collapses back into itself in the original grain in 

a process that is analogous to the Bauschinger effect. 

In this section, the fundamental principles used to quantify the structural influence of the GB 

on inter-crystalline deformation mechanisms have been described, in a manner that remains 

compatible within a dislocation dynamics context. Using the Read-Shockley approximation, 

the discrete spacing of dislocations can be approximated, and are used to establish a 'default-

case' approximation for general GBs. However, the present work utilises an automated 

approach which will match the GB properties to an 'atomistic-informed' database of cases for 

the <100> and <110> symmetric tilt GBs, when appropriate. On this basis, the present 

implementation provides a comprehensive, physically self-consistent model to account for the 

differences in the GB structure, energy and ‘structural misfit’. 

Determining the geometrically optimal deformation mechanism 

Deformation tends to occur via the 'weakest link' mechanism, which requires the least 

activation energy to obtain the maximum release of Gibbs free energy. Stress-assisted, 

geometric criteria are generally utilised in order to determine the appropriate interfacial 

interaction, based originally on the work of Livingston and Chalmers [331]. In the present 

formulation, energy-based criteria have been developed to differentiate between the direct 
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transmission, dissociation and reflection behaviours (see Figure 2.1 for a schematic overview). 

In all cases, it is also a necessary pre-requisite that the Peach-Koehler force in the new slip 

system must be resolved in a manner that causes the spontaneous expansion of the loop away 

from the original dislocation-GB intersection site. 

A distinction is made between 'transmission-type' events which result in the emission of lattice 

dislocations within either of the single crystal lattices, and 'dissociation-type' events, shown 

schematically in Figure 6.8. Dissociation is unique, as the dislocation products are not 

necessarily crystallographic ‘full dislocations’, but may also include partials contained within 

the unique GB DSC lattice and may result in GB sliding [119]. This is important, because GB 

dislocations have significantly reduced mobility that is strongly temperature-dependent (i.e., 

high Peierls barrier), and hence the energy released by the work of loop expansion cannot be 

considered as a significant contribution towards the stability of the dissociation reaction. For 

the case of direct transmission, is also geometrically necessary that there’s a common line of 

intersection between the incoming and outgoing glide planes in the GB plane12. 

 
Figure 6.8: Schematics demonstrating the key geometrical features used to evaluate the 

energetic stability for transmission and dissociation discrete events 

The change in the elastic line energy of dislocations, ∆E, from a dissociation and/or 

transmission reaction can be determined according to the relationship: 

2 2 2[ ( ) ( ) ( ) ]line r r o o i iE L b L b L bαµ µ∆ = + −  (6.9) 

where bo, bi and br are the outgoing, incoming and residual Burgers vector and the L terms are 

the associated lengths of the segments (as demonstrated in Figure 6.8). The criteria is based 

                                                      

 
12 This geometric compatibility constraint means that direct transmission is only assured to be possible for the 
case of symmetric tilt GBs 
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on the nominal length for a discrete reaction to occur spontaneously, which depends 

intrinsically on the spacing between GB dislocations. Furthermore, for the case of 

transmission, Lo is taken to be the length of a perfectly circular half-loop (i.e, Lo =(πLr)/2), 

because this maximises the work released by loop expansion which is a key element for 

ensuring a stable loop nucleus. 

The change in work energy, ∆Ework, released by the formation of a stable loop nucleus can be 

determined according to Equation 6.10: 

2
2 20.5 ( ) ( )

2work o o r i
LE b L bτ π µ ∆ = − 

 
 

(6.10) 

Where τo is the resolved shear stress in the outgoing slip system. A discrete event is only 

activated once the total change in Gibbs free energy, ∆G becomes negative according to the 

relationship provided in Equation 6.11: 

0work work GBG E E E∆ = ∆ + ∆ + ∆ ≤  (6.11) 

where ∆EGB is an additional term which can be included to account for the structural 

transformation of the GB itself. However, in the current implementation, the ∆EGB term is 

conventionally assumed to be zero.  

If the condition described in Equation 6.11 is met, the discrete event is energetically 

favourable and will occur spontaneously. Note that the check for direct transmission takes the 

order of precedence, because transmission can be presumed to cause a greater change in the 

Gibbs free energy when it is geometrically possible.  

In this section, we have described the conceptual framework that is used to determine the 

onset of discrete GB-dislocation interactions within the polycrystal DD framework. The 

structural characteristics and interfacial lattice compatibility are intrinsic parts of the criteria.  

6.3.5 Numerical implementation of intercrystalline DD 

The discrete interactions with GBs cause dislocation processes to penetrate the 'inter-

crystalline region', which cannot be modelled comprehensively in terms of the lattice basis for 

a single crystal DD framework. These short-range interactions, like junctions and cross-slip, 

require comprehensive models that can account for all of the possible crystallographic 

permutations and provide accurate criteria that accurately determine the onset from the local 

forces and temperature conditions. The presently developed approach provides a robust, self-
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consistent basis for modelling discrete dislocation interactions with GBs by establishing a 

holistic physics-based framework. 

For the case of transmission, the code loops over the available glide planes in the outgoing 

grain and identifies compatible slip systems which share a common line trace in the GB plane 

with the incoming glide plane. If the outgoing Burgers vector and resolved shear stress 

combination results in a reduction in the system energy (according to Equation 6.11), the 

original segment is removed, and replaced with a new 'junction' segment containing the 

residual Burgers vector br= bi+ bo). The junction segment is constrained by the DSCL, with a 

nominal stable configuration is a half-loop of radius Lmin. Because these loops can be observed 

to coalesce into a contiguous loop in the second grain, we consider it appropriate to implement 

the transmission process with a residual segment length of any integer multiple of Lmin. 

Reflection is implemented in the same manner, however the calculation is simplified because 

the nucleated 'outgoing loop' does not need to be converted into a new lattice basis. 

GB sliding occurs when dissociation to GB dislocations is favourable and there is a sufficient 

resolved shear stress within the GB plane to accommodate irreversible expansion away from 

the original segment. In the present formulation, the dissociation reaction can only occur once 

a ‘super-dislocation’ has formed at the tip of a dislocation pile-up at the GB and hence only 

dislocations with a Burgers vector content greater than unity are considered. Dissociation 

occurs by nucleating a new segment with a Burgers vector defined by the nominal primitive 

vector that defines the DSC lattice of the GB. The original segment is replaced with a junction 

between the original full crystal disocation and the nucleated GB dislocation, however cannot 

be considered to lie within either lattice. Such segments are only considered to be acceptable 

if they consist of junctions containing a GB sliding dislocation and are fully constrained within 

a GB plane. 

GB sliding is highly temperature-dependent, and can the mobility of GB dislocations involves 

kink-pair shuffling with a Peierls barrier that must be evaluated on a case-by-case basis. The 

present implementation establishes a unique mobility model that can provide a more 

physically-realistic reproduction of the GB sliding process, and requires atomistic-informed 

parameters to define the Peierls stress (τp) and activation enthalpy (∆H0), which must be 

specified for each material-GB pair to produce a fully accurate result. However, it is physically 

consistent to assume that the Peierls barrier is a function of the nominal DSCL vector 

magnitudes. The mobility law for GB sliding dislocations is analogous to the recently 
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developed model for BCC dislocations [118], and is provided in Equation 6.12: 
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(6.12) 

where v is the velocity, B0 and B1 are the athermal and thermal components of the phonon 

drag coefficient of the FCC metal, T is the temperature and kb is the Boltzmann constant. All 

products of GB dissociation reactions are confined to the DSCL within the GB plane, and have 

mobility modelled in this manner to account for the temperature-dependent characteristics. 

In this section, we have described the unique discrete events that occur during inter-crystalline 

dislocation dynamics. Several models have been discussed, and the numerical approaches 

used to implement the micromechanics have been described. This provides a novel, lattice-

constrained approach which is effective for reproducing the structure-specific characteristics 

of different GBs. 

6.3.6 Brief summary of polycrystal DD implementation 

A computational modelling framework has been presented for a realistic model of dislocation 

and GB dynamics at length scales of nanometres to several microns, which is suitable for 

reproducing 3D polycrystals of arbitrary geometry and with penetrable GBs. To the 

knowledge of the authors, this is the first robust 3D implementation of polycrystalline DD that 

accommodates multi-slip, slip transmission, GB sliding, variable GB misorientation and 

inclination, cross-slip and compatibility with complex polycrystal geometries. A 

comprehensive system for mesh-based partitioning and region identification is established 

which conveniently enables polycrystals of arbitrary size, shape and complexity to be defined 

from regular .stl files; and serves for differentiating the various polycrystal grains. A novel 

multi-lattice approach is utilised to constrain the motion of dislocations within their 

appropriate crystallographic slip systems and to realistically and self-consistently model inter-

granular processes with coincidence site lattices that are unique for each GB structure. A GB 

structure-informed, physics-based approach is implemented, based on the work of Giacomo 

et al. [118], which establishes a realistic framework for modelling the threshold and outgoing 

slip systems for slip transmission and/or GB sliding interactions. 

6.4 Benchmarking Applications and Model Validation 
The key unique value proposition of polycrystalline dislocation dynamics, is the ability to 

study both local and non-local effects of dislocation pile-ups at grain boundaries. The 



 

200 
 

 

significance of pile-up sizes with three of more dislocations is strongly reinforced by high 

resolution experimental studies involving excessive plastic deformation [31, 119, 332] , 

however atomistic methods cannot capture multi-dislocations within the size constraints and 

`in-situ' experimental resolution is poor. On the other hand, finite element crystal plasticity 

cannot capture the local stress concentration within a single slip system, and homogenization 

protocols eliminate many of the key details. For these reasons, the present method holds 

significant potential as a unique `intermediate-scale link', to show the mechanisms of multi-

dislocation-mediated structural relaxation and intergranular transmission. The subsequent 

sections will provide benchmark examples that verify the suitability of the present simulation 

tool to reproduce such effects, and the versatility for studying multiple geometries and grain 

boundary structures. 

Experiments suggest that the strengths of bi-crystals can be correlated with the grain boundary 

structure [36] and involve interactions with the intrinsic dislocation content within the 

interface [34], [35]. The primary objective of this work was to develop a microscale physics-

based representation of realistic dislocation and GB dynamics and show the capability for 

studying the discrete structure-dependent mechanical properties of polycrystals. Strong 

examples of the influence of GB structure-dependent behaviour are becoming increasingly 

available in the literature, with recent bi-crystal micropillar compression experiments that 

include the presently cited 2016 study from ref. [43]. 

6.4.1 Grain boundary - mediated deformation (aka `GB sliding') 

A key question of interest in recent studies of plastic deformation with nanocrystalline 

materials, is the transition from a ‘dislocation-dominated' to a  ‘GB -mediated' process of 

plastic deformation [333]. The current polycrystal DD implementation can show the influence 

of GB sliding, which has significant implications for modelling of the inverse Hall-Petch 

effect (i.e., see [334, 335]) and GB engineering to achieve ‘exceptional ductility and strength' 

[336, 337]}.  

We establish a simple tricrystal geometry with suitable GB structures for testing GB sliding, 

with the crystallographic and GB orientations as shown in Figure 6.5and dimensions of 0.51 

μm × 0.51 μm × 0.255 μm, where the smallest dimension is the sample thickness. This is a 

thermodynamically realistic configuration due to the energetically favourable GB structures, 

and produces a unique geometrical symmetry comprised of two Σ3 GBs and one asymmetric 
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tilt Σ9 GB (see also [338]). The vertical Σ3 GB is especially significant for the present 

investigation, because this is a coherent twin boundary (CTB) structure aligned with the 

loading axis, which has been shown to cause `exceptional strength and ductility' in size-

constrained nanocrystals, due to the relatively high influence from GB sliding [339, 340]. The 

CTB is also uniquely ideal for modelling the GB sliding behaviour, because the twin plane 

coincides with the (111) glide plane and hence it is suitable to model the mobility of the 

twinning partials (i.e., decoupled Shockley partials) with the same rules used to model the 

dissociated dislocations that are observed in FCC metals. The triple crystal was subjected to 

a simulated uniaxial tension along the vertical axis with a constant strain rate of 1.0×103 s-1, 

and three frank-read sources were placed equidistantly from the geometric centre of the triple-

junction (as shown in Figure 6.5). The qualitative and quantitative characteristics of the 

simulations are provided in Figure 6.9, to demonstrate a stable implementation of GB sliding 

as a means of accommodating the stress-relaxation of a dislocation pile-up, and to show the 

pinning of a dislocation at the intersection with a triple-junction. 

 
Figure 6.9: ‘Super dislocation' dissociation process, leading to GB sliding or ‘twinning' within 
the CTB. a) Super dislocation formation. b) Threshold for GB sliding c) Pinning of GB 

dislocations at triple junction and free surfaces.  

Figure 6.9 demonstrates the micromechanics involved in the process of GB sliding, involving 

formation and dissociation of a `super dislocation' due to the extreme stress concentration 
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within a large pile-up. The stability of the code is shown, through the sequential loop 

formation, and junction formation between adjacent GB dislocations during the process of 

sliding, in Figure 6.9b. It is also of significance to note that this dissociation reaction was 

observed at multiple sites along the CTB, despite identical pile-up formations on the bottom-

right Σ3 boundary. As expected, the favourably configured and structured vertical GB (i.e., 

CTB structure) accommodates the relaxation of the dislocation pile-up by facilitating the GB 

sliding process [205]. Experimental studies suggest that the orientation of the CTB, with 

respect to the loading axis, is critical in determining the influence of the CTB on the 

mechanical response of a nanocrystalline sample [341]. This could explain why no GB sliding 

was observed in the Σ3 CTB on the bottom right, which is perpendicular to the loading axis. 

In fact, an experimental study has shown there is an unambiguous and exceptional 

strengthening effect, only for nanocrystalline pillars containing nanotwins in a perpendicular 

orientation to the loading axis [61], whereas other studies have shown an enhanced softening 

effect in nanocrystalline materials containing nanotwins that ‘facilitate dislocation storage’ 

(i.e., dissociation/ sliding) [205, 341]. Furthermore, studies suggest that the accommodation 

of GB-mediated deformation in CTB-strengthened materials corresponds with superior 

ductility and enhanced strength, which must be a characteristic of the enhanced mobility of 

stored dislocations within CTB structures [342]. Figure 6.9d shows that there is a softening 

and enhanced ductility associated with the GB sliding phenomenon, however the relative 

magnitude of the plastic deformation is quite small because the swept area by the expanding 

GB dislocation is inhibited by the very small thickness of the tri-crystal thin-film. Still, this 

result confirms that the GB sliding occurs at a very high stress, and is capable of facilitating 

plasticity which can produce a balance of ductility and strength. 

Triple junction pinning is considered to be of very high significance, because experimental 

studies implicate triple junctions as sources of dislocation multiplication under pile-ups [343, 

344]. This behaviour can be postulated to involve a mechanism of either multiplication via 

the formation of a spiral-armed dislocation source, or the re-emission of accumulated debris 

(such as is described in [135, 333]. As shown in Figure 6.9c, pinning at the triple junction is 

accurately reproduced within the current implementation. This behaviour is perfectly 

compatible with the lattice-constrained model because there is typically only one site of lattice 

coincidence intersecting the glide planes in three different crystals. Further studies using the 

presently developed method are required to provide a more detailed correlation between the 
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twin orientation, inter-lamellar spacing and to distinguish the effects of `general GBs' and 

CTBs. 

6.4.2 Symmetric tilt bicrystal strength as a function of misorientation angle 

Recent studies with bicrystalline micro- and nano-pillar compression have shown that the GB 

mechanics are dependent on the crystallographic orientation [42, 43]. Although the stress for 

the onset of plastic deformation is largely dictated by the Schmid factor, the stress required to 

initiate intergranular dislocation interactions in bicrystals is also strongly dependent on the 

misorientation angle between the two crystals [345].  

 
Figure 6.10: Bicrystal micropillar simulations with different GB structures and plane 

inclinations. a) Comparison of inclination plane, with low and high angle GBs. b) Slip 
transmission through GBs with different misorientation and inclination angles 

To evaluate the validity of the models used to distinguish the intercrystalline barrier strength 

of the numerous symmetric tilt GB structures, a series of simulations were performed with 

bicrystalline micropillars with a diameter of 2000b; and a height of 4000b. To provide a self-

consistent basis for comparison, the crystallographic orientation of the bottom grain was 

identical in all bi-crystals and only the crystallography of the top grain in the bi-crystal was 

rotated. the initial dislocation source microstructure was also identical in all cases, utilising a 

single Frank-Read source with a length of 400b and a midpoint located at 1000b below the 

geometric centre of the grain. To obtain a symmetric tilt GB structure with various 

misorientation angles, it was also necessary to incline the GB plane itself from the horizontal 
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configuration. A demonstration of the inclination of the GB plane, in order to accommodate 

an accurate crystallographic misorientation, see Figure 6.10a. A full range of misorientation 

angles were tested, ranging from the Σ401, 5.3° GB to the Σ530, 85° GB. Each bicrystal was 

placed under an identical initial load, below the threshold stress for transmission, until a 

dislocation pile-up of 5 dislocations was formed. Thereafter, the stress was incrementally 

increased until transmission occurred. It is noteworthy that the pile-up was larger than might 

be observed when loading a bi-crystal with a horizontal GB, because the differences in the 

Schmid factor in the crystals (which are absent for horizontal GB plane bicrystals) favour 

transmission on a different Burgers vector and this reduces the contribution from pile-up 

forces. However, the specimen geometry is considered ideal for the present study, due to the 

fully self-consistent initial Schmid factor, source activation stress and approximate distance 

from the GB interface in the identically oriented bottom crystal (see Figure 6.10 for examples). 

The resultant bi-crystal `transmission stresses', provided in Figure 6.11a, detail the micropillar 

compressive stress required to initiate transmission into the second grain in terms of the 

`global stress' and resolved stress in the transmitted slip system (shown as a dashed bar). For 

comparison, Figure 6.11b shows the transmission stresses which would be required without 

utilizing a structure-modified model. 

 
Figure 6.11: Transmission strength and Schmid factor analysis of bicrystal micropillars with 

different inclined GB structures. a) Transmission modelled as function of GB structure b) 
Transmission modelled with generalised approach 
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The transmission stress values, shown in Figure 6.11a, correspond with the example images 

in Figure 6.10b that illustrate the first simulation timestep of transmission. The low angle GB 

structures with an angle less than ~20°, known to have less `geometrically necessary 

dislocation' pinning sites and lower barriers to transmission (see [345]) are effectively shown 

to have lower barrier strengths in the present model shown in Figure 6.11a. Because the source 

length (between pinning sites) is modelled non-ambiguously as a function of the GB structure, 

this mitigates errors and uncertainty related to the source length used to determine the 

appropriate transmission dislocation loop size. Qualitatively, this is observed in the greater 

source length of the Σ13 GB than the Σ5 GB, which is known to have a very close spacing 

between pinning sites. It is noteworthy that within the model, modest compensation is also 

made for the GB energy, which enables `special' high-symmetry structures with low 

interfacial misfit energy (such as the Σ5(310) interface to retain a lower transmission stress 

(as shown in Figure 6.11a). 

In contrast to the results in Figure 6.11a, there is no distinction between the structural strengths 

of the bicrystals without the model. It is noteworthy that this `generalised model', retains an 

evaluation of the transmission stress based on the residual Burgers vector (‘line energy' in 

Equation 6.9, Section 6.3.4) and angle of deflection between incoming and outgoing slip 

directions (‘work energy’, in Equation 6.10). However, the source length of the transmitted 

dislocation segment in the non-structure compensated model is dependent on the original 

length of the incoming dislocation intersecting the GB, which is somewhat arbitrary and 

depends on the protocols used to perform node re-distribution. This perhaps explains the 

somewhat random scatter observed in the transmission strength responses of the non-

structural model results in Figure 6.11b. 

It is also noteworthy to consider the slip systems involved in the transmission reaction. 

Because these are symmetric-tilt GBs, the chord must be shared between the incoming and 

outgoing glide planes. Hence, with an incoming slip system of [0 1 -1](-111), the transmitted 

dislocation must remain on one of the slip systems within the (-111) plane. Interestingly, for 

structures with an angle < 45°, the outgoing slip system remains the [01-1] Burgers vector; 

with the unique exception of the 5.4° GB which has a slightly higher Schmid factor in the 

[101] direction. However, for the inclined bicrystals with a misorientation angle > 45°, the 

preferred Schmid system of the transmitted dislocation is actually the [-1-10] direction. This 

can be qualitatively observed in the different colour of the transmitted segment in Figure 
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6.10b, corresponding to the change in the dislocation Burgers vector. 

The results in this section show that the model is robust and versatile, and can accommodate 

various GB inclination and misorientation angles. Furthermore, the results demonstrate the 

structure-dependent model is necessary to produce a misorientation-dependent response. The 

model parameters can be easily altered in the future, to match more specific, experimentally 

validated benchmarks, if an accurate quantitative analysis is desired in the future. The results 

obtained suggest that without compensation for the structure of the GB, low angle GBs will 

not accurately reproduce the `easy slip transmission' response observed in experimental 

studies [345]. 

6.4.3 Experimental validation: bicrystal micropillar compression with low/high angle GBs 

The influence of GB interactions becomes increasingly significant with micron-scale 

specimen sizes or smaller, however the diversity of outcomes and complexity of specimen 

production and experimentation limits the capacity to determine the mechanics and/or directly 

verify the experimental results. For example, some studies show GBs cause ‘staircase’ 

hardening and superior strength of bicrystalline micropillars [346], other studies show no 

hardening but a generally increased strength [42]; whereas other studies suggest mild 

softening [347]. It is apparent that more study is necessary to improve the understanding and 

elucidate the various influential factors. 

Recently obtained experimental results of carefully fabricated micro-pillar bicrystal 

specimens provide a self-consistent comparison of the slip transmission behaviour of a low 

angle and a high angle GB structure [43]. These results, suggest that a low angle GB (LAGB) 

provides nominal resistance to slip transfer and does not significantly change the strength of 

the bi-crystal in comparison with the identically oriented single crystals, whereas a high angle 

GB (HAGB) significantly increases the strength. In this case, a general 38.7° asymmetric tilt 

high angle GB and a 5.4° low angle GB are compared. In this case, the strength of the of the 

single crystals of the HAGB case are mostly dominated by only one (or two) primary slip 

systems with very high Schmid factors (see Figure 6.11c) which means that there is less work 

hardening caused by dislocation microstructure accumulation and junction formation. The 

interplay between GB penetrability, multi-slip or single slip and dislocation-based work 

hardening is a key facet of interest, which is ideally suitable for study using the presently 

developed polycrystal DD method. 
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To establish a benchmark comparison with the experimental results, two cylindrical 

micropillar bi-crystals were generated with vertical GBs and diameters of 0.7 μm, and a height 

of 1.4 μm. The size is half of the pillar dimensions used for the HAGB experimental study, 

however this enabled more extensive deformation to be achieved within a reasonable 

computational timeframe, using a strain rate of 1.0×103 s-1. Figure 6.12 shows the results. 

 
Figure 6.12: Experimental benchmark of influence of GB structure (high and low angle) and 

enabling slip-transmission. a) Experimental results (obtained from [43]). b) Polycrystal DD 
simulation results, with impenetrable GBs. 

The results in Figure 6.12 illustrate the unique advantage of utilising a discrete representation 
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of the dislocation microstructure, by providing a detailed micromechanical insight into the 

structural causes of hardening processes. The experimental results in Figure 6.12a are 

reproduced from a study by [43]. These results suggest that the strength of a bicrystal 

containing a single crystal with multiple active slip systems and a single crystal containing a 

single active slip system with a relatively very high Schmid factor can be significantly 

strengthened by the introduction of an internal high angle GB interface. In contrast, the 

addition of a GB between two single crystals with very similar crystallographic orientations 

and multiple available slip systems will have negligible effect or even a mild softening effect. 

This result is also likely attributed to a more easily penetrated GB interface, as evidenced by 

the smooth inter-crystalline slip traces shown in the high resolution images in [43]).  

The present polycrystal DD framework provides a highly realistic, physics-based 

representation of the fundamental dislocation micromechanics including cross-slip, junction 

formation and surface-step ‘annihilation’ in micropillar simulations with finite volume [116]. 

The validity of this approach is evidenced by the highly comparable characteristics of the 

stress-strain results, which are well-matched to the experimental results in Figure 6.12 a & b, 

particularly in terms of the differences between the strengths of the two single crystals. The 

influential factors to the unique hardening characteristics of the high angle bicrystal (hereafter 

‘HAGB’), are shown in Figure 6.12c to be a combination of multi-slip, single-slip and 

dislocation pile-ups at GBs (and/or slip transmission).  

In terms of the micromechanics, it is observed in all cases that a single active slip system is 

activated at an early stage in the deformation which contributes to an increasing dislocation 

density via the process of cross-slip. For the single crystal cases, within the highly confined 

volume of a nanopillar the internal dislocation accumulation is relatively small resulting in 

limited hardening, as most of the dislocation content is deposited and `annihilated' by the 

deposition of steps at the surface. In contrast, dislocations are unable to form a step at the GB 

interface and form a pile-up, which contributes a back stress that inactivates further glide 

within that specific slip plane. The reasons for exceptional hardening in the HAGB bicrystal 

are twofold. Firstly, larger dislocation pile-ups will form in the HAGB case due to the relative 

difficulty of slip transmission, which is also apparent from the experimental results showing 

that the slip traces are much darker in the HAGB bicrystal (see figures in original reference 

for details  [43]). 

Secondly, the secondary slip systems have a considerably smaller difference in Schmid factor 
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than in the case for the LAGB bicrystal. Furthermore, the relatively very high Schmid factor 

in the adjacent crystal promotes more rapid accumulation of dislocation pile-ups which also 

contributes to stress anisotropy within the multi-slip crystal [235]. These factors promotes a 

more homogeneous strain distribution and multiple active dislocation slip systems, which is 

highly beneficial for the purposes of strength, ductility and inhibiting sudden collapse from 

strain bursts. These insights suggest that the presently developed method could be very helpful 

for establishing `proof-of-concept' micromechanical models for GB engineering 

nanocomponents with tailored GB structures. 

6.5 Representing Grain Boundaries as Discrete Dislocation Arrays 
This section presents a multiscale simulation study, comparing the dipole kinematics and 

dynamics in atomic scale bicrystals (see Sections 3.2.2, 5.2.2 and 5.3.3), with mesoscale 

bicrystals from the polycrystal DD implementation described in Section 6.3. A novel approach 

is utilised to provide a discrete structural model of high angle and low angle GBs within the 

polycrystal DD bicrystals, to provide a more realistic representation of the concept shown in 

Figure 6.2. This chapter section is structured as follows. First, background theory is provided 

to inform the dislocation-based GB modelling. With this knowledge, an atomistic-informed 

numerical implementation of the ‘Frank-Bilby’ models is established and used to reproduce 

the discrete dislocation structure of high angle GBs. The results are compared directly with 

MD simulations of dislocation dipole interactions in bi-crystals containing three types of GB 

structures: Σ5(high angle), Σ13(intermediate angle) and Σ401(low angle). On this basis, the 

present study implements a novel, model for mesoscale GBs as discrete dislocation arrays. 

Hence, for the first time ever, this study aims to provide a basis for showing the significance 

of the GB-induced stress fields on the interfacial DD interactions. 

6.5.1 Frank-Bilby description of GB dislocations 

The diversity of the strength-ductility properties of polycrystalline micropillars, depending on 

the initial microstructure, has led to the conclusion that a greater understanding of the 

multiscale influence of GB structure requires a systematic, simulation-based approach [63, 

106]. Static discrete simulation studies have proven to be successful for the purpose of 

modelling low angle GBs with a discrete array of dislocations [319] and in non-discrete, 

continuum models [123, 135]. However, the structure of high angle GBs are not easily 

discerned experimentally and have not been modelled discretely in dynamic simulations to-
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date [155]. Fortunately, as introduced and Section 6.2.3 and illustrated in Figure 6.2, the 

discrete dislocation structure of a high angle GB has been confirmed to correspond with the 

spacing observed according to the structural unit model (briefly discussed in Section 3.2.1). 

Furthermore, for dynamic studies with discrete polycrystal DD, the microstructure-dependent 

stress field generated by the GB interface has not been studied at-length [155].  

The Frank-Bilby equation (FBE) evaluates the exact dislocation density mathematically 

required to accommodate the misfit strain of an interface [326]. Accordingly, for the case of 

a pure tilt or twist GB connecting crystals with indices i and k, the relative lattice deformation 

of either crystal can be characterised by the rotation matrix Ri and Rk. For a pure tilt interface, 

we find there is a vector, p, which is the periodic spacing normal to the unit tilt axis u, and 

unit normal vector to the GB, N; the net Burgers vector content of discrete dislocations, Bp, is 

found according to a modified FBE relationship (for symmetric-tilt case only [155]): 

( )p i kB R R p= −   (6.12) 

The generalised FBE in Equation 6.12, is widely accepted as the exact solution that can be 

generically describes the net defect content for any tilt or twist angle [155, 321]. However, the 

FBE is a continuum approach that provides an infinite number of possible solutions, and is 

insufficient to evaluate the discrete dislocation spacing[348]. Read and Shockley [349], Frank 

[350] and Hirth et al. [321] developed models for evaluating the GBD content of low angle 

grain boundaries, which can represent the long-range stress field and internal energy of low 

angle GBs [155]. The discrete structure of pure-tilt GBs can be represented as one (symmetric 

case) or two (asymmetric case) arrays of pure edge dislocations, whereas pure twist 

boundaries must be comprised of either two sets of pure screw dislocations . 

The Read-Shockley [349], description of low angle tilt or twist GBs as an array of intrinsic 

GB dislocations (GBDs) is generally considered suitable describing the dislocation content of 

low angle GBs up to a misorientation angle of ~15°. However, these models break down when 

attempting to predict the discrete dislocation structure of high angle GBs, due to the close 

proximity and/or ‘overlap’ of the dislocation cores [350]. However, recently there has been a 

resurgence of interest in reproducing the statistical dislocation content in continuum-based 

polycrytal plasticity models of high angle GBs [106]. These models, provide a dislocation-

based structural model of GBs, based on the structural unit model characterisation obtained 

using MD simulations[106, 351]. In the present work, a similar method is utilised to establish 
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a semi-comprehensive framework for modelling the symmetric tilt <001> GB structures in a 

fully-discrete manner, using polycrystal DD simulations of bi-crystals.  

6.5.2 Conceptual framework for ‘GBD’ dislocation models of GB structure 

There are two unknowns which can be quantified in order to establish a discretized dislocation 

structure from the Frank-Bilby relationship. Either the magnitude of the Burgers vectors of 

the intrinsic GBDs must be known (i.e., bp) or the nominal spacing vector between GBDs, dp, 

must be known. In either case, we must then define a vector, p of arbitrary length which is 

(for the case of tilt GBs) perpendicular to both the GB normal and the axis of tilt, used to 

determine Bp. Recent studies have utilised experimental observations [203] and/or molecular 

dynamics simulations [106, 351] to provide an ‘atomistic-informed’ approach to obtain a 

discrete solution to the Frank-Bilby equation [348].  

Recently, a study by Beers et al was published, describing an approach to predict the discrete 

solution for the FBE by predicting the spacing of dislocations for symmetric tilt <100> and 

<110> GBs. This approach was predicated on the assumption that the GB is comprised of a 

dislocation array of only one ‘type’ of primary dislocations [106]. This has evidence from the 

work of Sutton et al., which explains the cusps in the GB energy curve in terms of the structural 

unit model (see Section 3.2.1), caused by ‘special structures’ of fully-dense arrays of the 

primary dislocation structures [161]. The primary dislocations correspond with the 'perfect 

crystal' GB plane orientations, that correspond with the Σ1(100)[01-1] and Σ1(110)[1-10] 

GBDs, or the twinning Σ3(111)<211> Shockley partials. This approach was justified in terms 

of the known characteristic that GB energy is strongly correlated with the angle of deviation 

from the aforementioned plane orientations (see Section 6.3.3, Figure 6.6). 

For the implementation described by Van Beers et al. [106], the Burgers vector of the 

dislocation array was approximated to be bΣ1(100) =a[100], bΣ1(110) =a/2[110] and bΣ3(111) 

=a/3[111]. Using the Read-Shockley approach, a discrete solution was obtained for the FBE 

up to ‘high angle’ GB structures13. For symmetric-tilt <100> GBs, it was assumed that the 

                                                      

 
13 It is noteworthy that within the singular theory of crystal dislocations, this approach must break down at high 
values of misorientation angle, as Frank's formula yields a GBD spacing that is smaller that the core radius [155]
 Sutton, A.P.a.B., R.W. , 1995. Interfaces in crystalline materials Oxford : Clarendon Press ; New York 
: Oxford University, 1995.. However, modern non-singular dislocation models eliminate this problem by 
enabling junctions of different primary dislocation types… 
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structures were fully encompassed by the bΣ1(100) and bΣ1(110) primary dislocations. In this 

implementation, the demarcation between the two cases occurred at a misorientation angle of 

36.9° (i.e., Σ5(310)). The model described by Beers et al provides a suitable numerical 

implementation approach to achieve a discrete dislocation structure, and has been shown to 

produce a reasonable representation of high angle GB structures with an angle larger than 15° 

[106, 352]. However, our own atomistic simulation work has revealed that in addition to the 

bΣ1(100) and bΣ1(110) primary dislocations, the Σ5(310) ‘secondary dislocations’ should also be 

considered. These cases can be rather considered as a junction between the Σ1(100) and 

Σ1(110) dislocations according to Equation 6.13: 

5 [110] [100] 2 [310]
2 4
a ab aΣ

 = + =  
 

 
(6.13) 

Energetically, we find that these are favourable reactions according to Frank’s law (b2
product < 

b2
inputs), where the squared norm of the Σ5 products are ~7.4% smaller than the Σ1 inputs 

(according to Equation 6.13). Both structural analysis and energetic analysis of the GB types 

suggests this must be the case in the very high angle GB range where the dislocation cores 

overlap, between angles of 36.87° – 53.13°. This is illustrated elegantly in Figure 6.13. 

 
Figure 6.13: GB energy curve for [001] symmetric tilt GBs, showing the transition between Σ1, 

Σ1’ and Σ5 GBD types 

It is noteworthy that in Figure 6.13, Σ1 is the 0° (100) GBD; Σ1’ is the 90° (100) GBD; Σ5 is 

the 36.87° (310) GBD and Σ5’ is the 53.13° (210) GBD. Although it is conceptually possible 

to obtain other dislocation Burgers vectors by forming additional junctions between the Σ5 
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and Σ1 GBDs, this was not observed in MD simulations in the present study. On this basis, 

we establish a simple atomistic-informed Frank-Bilby model to establish an ‘automated’ 

system of populating the discrete dislocation structure of any arbitrary symmetric tilt <001> 

GB. Assuming a structure comprised of only a single GBD type, it is simply necessary to 

determine the characteristic Burgers vector that corresponds with the SUM (bp) and hence 

determine the spacing distance between GBDs (p). This is achieved, using Equation 6.2 in 

Section 6.2.3, with |bp| determined according to: 

1'

0.5*( 1 1')

5

| | 707, __ 36.87
| | 0. , ___________ 36.87 53.13

| | , ____

0.
854

0 _ 53.13.791
GBDs

b
SUM b

b

θ
θ

θ

Σ

Σ +Σ

Σ

= ≤ 
 = = < < 
 = > 

 

(6.14) 

This model matches both the structural characteristics of the GBs, in terms of the SUMs shown 

in Figure 6.13; and the differential between the different GB energy terms. Namely, the 

magnitude of|bΣ5| is ~5.13% greater |bΣ1’|; which matches almost exactly the ~5.9% energy 

differential between the Σ5(310) cusp [465 mJ/m2], comprised of a fully-dense array of Σ1’ 

GBDs, and the Σ5(210) cusp [494 mJ/m2] comprised of a fully dense array of Σ5 GBDs. 

Similarly, the 10.58% difference between the GB energy of Σ97 GBs, and the Σ5(310) GB 

matches almost exactly the 10.56% difference between |bΣ1’| and |b0.5*(Σ1+Σ1’)|. 

Further evidence of the suitability of the SUM approach is obtained by comparing the spacing 

vectors, and the structural characteristics with a range of atomistic GB structures. Such a 

comparison has been provided in Figure 6.14.  

 
Figure 6.14: Structural unit model interpretation of GBD spacing from MD simulations 
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6.5.3 Mechanisms of dislocation - GBD interactions 

As described in section 2.4, MD simulations are particularly well-suited demonstrating the 

fundamental scale mechanics, particularly for comparison of the dynamic behaviours on a 

relative basis in terms of the atomistic structural properties. For the case of polycrystals, the 

influence of GB structure contributes significantly to the `penetrability' of the interface for 

intergranular slip transmission and there is a particularly strong effect of misorientation angle 

(i.e., high angle or low angle) and lattice symmetry (i.e., symmetric tilt or asymmetric tilt). 

MD was used to provide an atomistic benchmark for the influence of the 'structural 

characteristics' of the GB at four different misorientation angles, comparing three symmetric 

tilt bi-crystals with low angle, medium angle and high angle <100> GBs. A perfect dislocation 

dipole was introduced to each of the atomistic bi-crystals with different GB structures and the 

simulation cell was slowly heat and relaxed to 300 K and 0 kPa pressure (see Sections 3.2.4 

& 5.3.3). This was not a trivial undertaking in MD, as the dipole was not oriented in a manner 

that was parallel any axis of the simulation cell boundaries. We achieved success in generating 

mixed 30° dislocation dipoles according to the procedure outlined in Section 5.2.2, after 

extensive work generating an optimally oriented simulation cell. This involved using a rotated 

coordinate system to define the half (110) planes, and utilised a very extensive iterative 

procedure for deleting and relaxing the resultant structures. The bicrystals were subsequently 

quenched to 0.0001 K, and any residual stresses were gradually eliminated via the barostatting 

procedure (as described in Section 5.3.3). The structures were relaxed, by static minimization 

to an energy tolerance of 1.0e-20 eV, yielding the bicrystals in Figure 6.15. 

 
Figure 6.15: Atomistic bicrystals containing a mixed 30° dislocation dipole. a) Σ401(20.1.0) 

bicrystal; b) Σ13(510) bicrystal; c) Σ5(310) bicrystal; d) Σ65(740) bicrystal 
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The relative influence of the dislocation structure and density of interfacial ‘pinning sites’ is 

shown from an athermal compression analysis of the bicrystal structures provided in Figure 

6.15. For this analysis, a uniaxial compressive strain was applied at a constant rate of 1.0×109 

s-1, along the direction parallel to the GB normal. To attempt to explain the differences 

between the bicrystals, an analysis is also provided in terms of the compressive stress-strain 

characteristics and corresponding potential energy of the bicrystals. It is noteworthy that the 

energy results are compared in terms of a change from the initial-state and not in terms of the 

total energy, because each bicrystal had significantly different intrinsic stable energies. To 

attempt to demarcate between the GB structure effect and dislocation effect, an additional 

energy value was evaluated from a region within a spacing of ± 1.5nm of the GB. 

The primary interest was the trans-granular slip transmission behaviour. To demonstrate the 

atomistic mechanisms, we compare the bicrystals in terms of characteristic features of the 

transmission dislocation microstructure (from the initial state bicrystals in Figure 6.15). The 

resultant images, stress-strain and delta energy results are compared in Figure 6.16. 

 
Figure 6.16: Summary of the atomistic features of the athermal slip transmission results for the 

four bicrystals (see also Figure 6.15) 
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Figure 6.16 shows that the GB structure significantly alters the characteristics of slip 

transmission, particularly with respect to the spacing of the GBDs which are seen to act as 

‘pinning sites’. This is well-illustrated in the low angle Σ401 bicrystal, which has a wide 

spacing between GBDs, and negligible interfacial resistance can be observed for the complete 

and direct transmission of slip in the space between. However, the GBDs are evidently 

significant barriers to the local slip transmission, and cause ‘pinning’. Hence, transmission 

proceeds in a manner that is akin to the activation of a Frank-Read source, which is in 

agreement with previous linear elastic models of the process [133]. The same pining effect is 

observed in the Σ13 bicrystal (albeit with a very small gap available). However, the 

dislocations essentially overlap in the Σ5 and Σ65 bicrystals, which means the interface 

effectively acts as a barrier that totally pins the initial dislocation. For the ‘special case’ of the 

Σ5 GB, there is a high number of coincidence lattice sites, which enables direct transmission 

of the leading partial dislocation. This readily results in the transmission of a partial 

dislocation, only, however the subsequent simulation generates a large energy and internal 

stress due to the stacking fault. For the Σ65 bi-crystal, inter-granular slip appears to occur via 

a more indirect mechanism involving the nucleation and emission of new partial dislocation 

loops, coinciding with significant disruption of the local atomic structure. 

In addition to the evolution of the inter-granular dislocation microstructure, there are also key 

characteristics of the dynamic GB structures caused by slip transmission, particularly in terms 

of the residual dislocation content within the GB plane. Namely, for the low-angle Σ401 GB 

the dislocation is entirely transmitted between the pinning sites with no residual dislocation 

in the GB plane. In contrast, for the Σ13 and Σ5 GBs there is an evident residual dislocation 

line within the GB plane and for the Σ65 GB, there is significant and extensive disruption of 

the GBDs in a wide area adjacent to the transmitted dislocation. These results provide very 

good evidence to support the constitutive polycrystal DD models proposed in Section 6.3.4. 

6.5.4 Multiscale simulation study of GB – dislocation dipole interactions 

Due to time constraints within the PhD, it was impossible to perform an extensive multiscale 

study of the structure-strength characteristics and/or the realistic mechanisms of 

intercrystalline plasticity at low stress due to large dislocation pile-ups in DD. However, the 

implementation of GBD-based structures is enabled within the framework of the code 

described in Section 6.3, using the atomistic GBD spacing database in Section 6.3.3. Hence, 

the mesoscale bicrystal structures shown in Figure 6.17 were obtained.   
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Figure 6.17: Mesoscale reproductions of atomistic bicrystals with discrete dislocation GB 

structures. a) Σ401 low angle GBs; b) Σ13 ‘moderate angle’ GBs; c) Σ5 ‘high angle’ GBs 

It is noteworthy that the reproduction of the accurate GBD structure is not trivial within the 

lattice-constrained polycrystal DD method, as the GB plane must be defined by the mesh in 

Cartesian double format, whereas the GBDs have to be exactly defined in lattice terms. Hence, 

the mesh needs to be carefully constructed to exactly reproduce the GB lattice plane 

characteristics that are unique for each polycrystal misorientation. 

Future work is needed to perform a sufficiently extensive multiscale analysis to provide a 

detailed quantitative study of the structure-dependent mesoscale intercrystalline deformation 

kinematics. However, a preliminary study has been performed, to demonstrate the suitability 

of the polycrystalline DD on the basis of the Σ13 ‘intermediate angle’ bicrystal structure in 

Figure 6.17b and Figure 6.15b. To this end, quasi-static analysis was performed using an 

instantaneous compression to 95% of the original height of the bicrystal. The atomistic 

bicrystal was allowed to statically equilibrate under an energy minimization to a tolerance of 

1.0 × 10-8 eV. For the polycrystal DD case, the simulation was compressed under constant 

stress conditions and allowed to relax quasi-statically. A qualitative analysis of the multiscale 

polycrystal dislocation mechanics is provided in Figure 6.18. 
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Figure 6.18: Multiscale comparison of atomistic and discrete dislocation models of Σ13(510) 

bicrystal compression. a) MD simulation; b) Polycrystal DD simulation; c) close-up image 
to show GBDs and transmission characteristics in DD 

Figure 6.18 compares the slip transmission process in terms of a full atomistic description and 

a purely dislocation-based description of the GB structures. In terms of the qualitative 

characteristics, the two methods are very well-matched and almost identical in terms of the 

intercrystalline slip mechanics. Figure 6.18a nicely illustrates the initial intersection, pinning 

of transmitted dislocation loops at GBDs and subsequent coalescence of stable dislocation 

nuclei in the second grain. Figure 6.18b shows the dislocation dipole acts as two Frank-Read 

sources within the DD framework, however results in a very consistent slip trace that leads to 

inter-granular slip via three discrete stable loop nuclei at the top and bottom GBs. The same 

coalescence process is observed, resulting in a single final dislocation loop. Importantly, a 

close-up of the transmission site in Figure 6.18c shows that the polycrystalline DD 

implementation realistically reproduces the atomistic transmission process. Namely, a stable 

loop nucleus is generated in the second grain that is exactly pinned at the GB lattice sites 
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between two adjacent GBDs and shares a line of intersection with the incoming dislocation in 

the first grain. The exceptional consistency of the structure-behaviour characteristics with an 

atomistic and dislocation (linear-elastic) basis, suggests the establishment of a self-consistent 

framework for future multiscale polycrystal plasticity studies. 

6.5.5 Summary and significance of multiscale bicrystal simulation study 

This section presents a unique, mesoscale model for representing the structural characteristics 

of GBs as a discrete dislocation array. Analysis of the MD bicrystal structural characteristics 

verified that there was a strong consistency between the SUM description of GBs in terms of 

Σ1(100) and Σ1(110) primary GBDs, and the Σ5(310) ‘secondary’ GBDs that are a junction 

of the two primary structures. Hence, a phenomenological model for the prediction of the 

atomically appropriate dislocation Burgers vector and periodic spacing was obtained. 

Dynamic and quasi-static analysis of the dislocation interactions with Σ401, Σ13, Σ5 and Σ65 

bicrystals showed that the GBD content directly altered the slip transmission mechanics by 

acting as pinning sites. Transmission was observed to proceed via ‘nucleation’ of stable nuclei 

between adjacent GBDs, before subsequently coalescing into one large ‘dislocation loop’ in 

the second grain. The polycrystal DD implementation in Section 6.3 was used to reproduce   

the low angle Σ401, intermediate angle Σ13 and high angle Σ5 bicrystals. Qualitative 

comparison of the multiscale polycrystal dynamics showed that the linear elastic description 

of dislocation-mediated plasticity can be used to realistically reproduce atomistic plasticity. 

 This novel implementation expands upon the recently developed atomistic-informed 

continuum approach (see also [106]) that is an extension of the conventional modelling 

framework that was appropriate for low angle tilt boundaries [349, 350]. In this manner, by 

utilising MD results to obtain a discrete dislocation structural unit model, the present study 

obtains a discrete solution to the Frank-Bilby equation for high angle GBs which is not 

possible with conventional approaches.  

6.6 Summary 
The present DD formulation has been shown to be suitable for volumes of 2.0 μm3 and can 

produce a direct correlation between dislocation density evolution and the mechanical 

properties such as strength and ductility. As such, the method described provides an invaluable 

multiscale bridge between atomistic and finite element scale crystal plasticity simulations, and 

is expected to enhance the future of design optimisation for applications such as GB 
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engineering. The present work describes a comprehensive 3D polycrystal DD framework14 

incorporating the following features: 1) 3D network microstructure of semi-penetrable GBs; 

2) Variable inter-crystalline barrier strength to intergranular slip transmission (misorientation 

dependent); 3) Absorption of a `super-dislocation' at pile-up tip into GB by dissociation; 4) 

GB sliding; 5) Reflection and/or Bauschinger-type desorption of GB dislocations; 6) Re-

emission of accumulated dislocation content. 

The presently described version of dislocation dynamics uses object-oriented C++ 

programming, to store positions within loops as `nodes' and generates linear splines to 

establish arbitrarily curved dislocation loops in 3D. The curvature is determined by the local 

stress field obtained from the sum of long-range interactions with all other dislocations and 

local force interactions. When finite boundary conditions are desired, a mesh can be utilised 

to define the geometry and position of the surface where image forces are introduced to 

eliminate any long-range stress effects outside the boundary, and an elastic correction is 

automatically generated to compensate for the `surface displacement step' when dislocations 

intersect the free surface [8]. 

The newly developed methodology introduces many novel features that are essential 

components of polycrystal deformation, which include: 

3. A `multi-region' mesh for partitioning the simulation domain and automating the 
assignment of crystal orientations to grains (see Section 6.2 for details). 

4. Search algorithms and a comprehensive framework for constraining objects to their 
original mesh region/ grain (see Section 6.2 for details). 

5. Lattice-based framework, for mathematically constraining glide to the appropriate slip 
systems within the grain (see Section 6.3 for details). 

6. GB network mapping procedure, for generating a unique displacement shift complete 
lattice and assigning the atomistic-informed GB properties (see Section 6.3). 

7. Comprehensive library of discrete GB-dislocation interactions, reproduced with 
sophisticated and physically-realistic models (see Section 6.3 for details). These 
include: 

                                                      

 
14 The framework is versatile, and the crystal interfaces that can be reproduced are not limited to grain 
boundaries in metals. This method is also ideally suited for heterophases such as epitaxial thin films and 
precipitate-hardened alloys. 
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A. Direct transmission of dislocations across the GB interface. 

B. Absorption, dissociation and GB dislocation spreading. 

C. GB sliding. 

D. Reflection and `desorption' to reproduce Bauschinger-type effects. 

8. Novel phenomenological model for representing high angle GBs as a discrete 
dislocation array (See Section 6.4). 

9. Multiscale framework for self-consistently reproducing the structure-dependent 
polycrystal plasticity at the atomistic and mesoscales. 

This chapter serves as the penultimate contribution of the present PhD work, and develops the 

first extensive model for a discrete GB structure model within a 3D polycrystal DD simulation. 

As such, this chapter establishes a significant and novel scientific contribution towards the 

modelling of fundamental plastic deformation behaviours, and dynamic processes 

microstructure-dependent hardening.  
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7.Chapter 7                                                                                   
Summary and conclusions  

7.1 Summative Overview 
With major recent developments in the field of nanocrystalline materials, GB engineering is 

becoming an increasingly viable approach for obtaining superior strength or unique ductility 

by controlled manufacture of the microstructure. The modern-day significance of structure-

dependent models of grain boundary properties motivated the present work to develop a 

polycrystal implementation of discrete dislocation dynamics as an alternative to the prevailing 

single crystal approaches that inform conventional studies of plasticity. 

This research involved a multiscale study of the microstructure-dependent polycrystal 

plasticity behaviours, in terms of atomistic grain boundary - dislocation model, from an 

atomistic-informed structural basis. The unique capacity of the model to reproduce localised 

stress concentrations within dislocation pile-ups, while also reproducing a raft of realistic 

intercrystalline slip processes could elucidate unique intercrystalline deformation mechanics 

that were never possible to reproduce in the past. Furthermore, the capacity to provide discrete, 

predictive models serves to inform GB engineering design in a time and cost-effective manner. 

As an alternative to conventional single crystalline dislocation dynamics, a comprehensive 

atomistic-informed framework was established for performing realistic 3D polycrystal DD 

simulations with penetrable GBs. The result is the first full-featured implementation that 

enables multi-slip with all available permutations of the FCC slip systems, cross-slip, junction 

formation and compatibility with various grain orientations. With a capacity to study volumes 

in excess of 5.0 μm3 and timeframes of seconds, the present work establishes an invaluable 

mesoscale model that considerably extends beyond the constraints of atomistic methods [23].  

7.1.1 Novel contributions 

The multiscale simulation study provided a raft of unique insights into the fundamental 

structure-dependent nature of grain boundary and dislocation properties. Unique models for 

explaining the metastability, defect-driven transformations to generate non-equilibrium GB 

structures and relevance of structure multiplicity were derived from detailed MD studies. 

Nudged elastic band, multi-sampling and statistical analysis were used to establish several 

insights into the nature of the influence of GB variability on the thermo-mechanical properties 

of bicrystals and dislocation-mediated plasticity. Analysis of dislocation nucleation and 
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accumulated dislocation content verified the significance of GB energy, interfacial free 

volume, residual stress; and implied an independent contribution of the GB structure itself. 

An atomistic assessment of the characteristics of dislocation dynamics yielded several insights 

into the influence of non-glide stress and character of the mixed dislocation core on the 

mobility behaviour. New models were derived for explaining the stable ‘transonic velocities’ 

and phonon drag characteristics of mixed dislocation dipoles under variable loading 

orientations. The mixed dislocation dipole analysis also served as the foundation for a first-

ever multiscale study of discrete dislocation interactions with intrinsic GBDs in bicrystalline 

microcompression simulations. 

The combined contributions of the PhD work on GB structural characterisation, thermo-

mechanical bicrystal-defect analysis and dynamic modelling led to the development of a 

unique, atomic-informed framework for  3D polycrystal DD. This is the first comprehensive 

and robust implementation of realistic intercrystalline GB – dislocation interactions and is 

also uniquely versatile in terms of polycrystal geometry and crystal orientation. This work 

considerably extends the dislocation dynamics framework developed by Ghoniem et al. [114] 

and recently improved  by Po et al. [116], to provide the following unique features: 

• Mesh-based partitioning, suitable for generating 3D specimen of arbitrary complexity; 

• Lattice-based approach for realistic crystallographic constraints on motion; 

• Variable barrier strength of interfaces

• Impenetrable interfaces with a parametric structure-dependent model; 

• Absorption of a `super-dislocation' at pile-up tip into GB by dissociation 

• GB sliding 

• Reflection and/or Bauschinger-type desorption of GB dislocations 

• Discrete representation of high angle GBs as dislocation arrays 

•  Unique model for the structure-dependent slip transmission and ‘pinning’ effects 

Because GBs influence the ‘plastic coupling’ of dislocation processes directly, this offers a 

unique insight into the role of the defect microstructure due to intergranular stresses that cause 

slip transmission, grain rotation and interfacial sliding. As such, the method described 

provides an invaluable multiscale bridge between atomistic and finite element scale crystal 
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plasticity simulations, and is expected to enhance the future of design optimisation for 

applications such as GB engineering. 

7.2 Outlook and Recommendations for Future Work 
The work on GB structure effects has already proven to be a fruitful subject matter for 

developing novel scientific insights into the fundamental nature of defect-dependent 

mechanical properties in crystalline materials. However, the realisation of a truly robust and 

comprehensive DD software package has only been recently finalised and is just now 

becoming available as an open-source code in the Bitbucket ‘MoDEL’ repository. As such, it 

is anticipated that there is considerable opportunity for ground-breaking work on the subject 

of multiscale coupling from atomistic to macroscale crystal plasticity.  Moreover, the mesh-

based multi-partition framework offers a versatile basis for modelling several important 

heterogeneous crystalline materials, such as precipitate-hardened alloys, surface coatings or 

composites. 

The present work concerned FCC metals, and future work will be necessary to extend to 

include the capacity for modelling BCC and/or HCP metals. As the MoDEL development 

team has already obtained a fully-functioning BCC implementation, this is anticipated to be 

well within the scope of being developed within the short-term future. The framework for 

modelling the mobility of GB dislocations, the available ‘library’ of GB structures and 

empirical validation and/or tuning of the slip transmission and GB sliding parameters should 

also be the subject of future studies. 

Most significantly, there are several applications that hold considerable industrial and 

scientific interest. Possible future opportunities include elucidating the structure-dependent 

influence of GBs on strain bursts [30], Hall-petch strengthening or softening [335] and 

unlocking the `exceptional strength and ductility' of specifically-oriented nanotwinned 

materials containing twins [341]. From a materials science perspective, this offers an exciting 

possibility of a new frontier for multiscale crystal plasticity modelling, bridging the atomistic 

and macroscale structure-property mechanical investigations. From a mechanics perspective, 

the present framework provides a beautifully self-consistent foray into the complex 

phenomena involved in work hardening and softening mechanisms in polycrystal plasticity. 

7.3 Conclusion 
The presently developed polycrystal DD framework could provide an ideal first pass 
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evaluation of the `ideal' GB structure design for microcomponents with volumes of less than 

5.0 μm3 by performing parametric testing with the extensive library of symmetric tilt GBs. 

This PhD entailed an extensive investigation of the GB structure-dependent properties 

provides a unique, multiscale basis for modelling the fundamental evolution of defect 

microstructures in a fully discrete manner. The representation of high angle GBs with discrete 

dislocation arrays in a manner that reproduces the structural characteristics of MD simulations 

is the first-ever such implementation, to the knowledge of the authors. The atomistic-informed 

3D polycrystal DD is the first to provide a comprehensive, unified implementation of the 

discrete intercrystalline dislocation reactions of slip transmission, GB sliding and GB 

dissociation reactions with a fully realistic constraint to the crystallographic slip systems.  
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