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Abstract

Abstract
This thesis investigates the mechanisms of erosion-corrosion of Cr3C2-NiCr thermal spray coatings under
high temperature, high erodent velocity, turbine conditions.

Erosion-corrosion is a generalised wear

phenomenon where the combined effect of each degradation mechanism generates more extensive mass loss
than the sum of each mechanism acting independently. Previous research has highlighted several theoretical
mechanisms under this generalized process, ranging from the erosion induced breakdown of oxide scales in
corrosive environments, through to the development of oxide layers in highly erosive environments. Prior to
this current work experimental simulation of these mechanisms has focused on bulk alloy materials with well
characterised oxidation responses, under conditions of low temperature, low erodent impact velocity and
high erodent flux, conditions which are readily generated within laboratory scale rigs and which tend
towards the low impact energy conditions encountered within fluidised bed combustors. Few works have
addressed erosion-corrosion under simulated turbine conditions of high temperature, high erodent impact
velocity and low erodent flux. While comparative trials have been run under such conditions on a purely
mass loss basis, little has been presented regarding the microstructural analysis of such degradation,
particularly for materials that rely on the industrially relevant, slow growing oxide scales Cr2O3 and Al2O3.
Thermally sprayed Cr3C2-NiCr coatings are routinely applied to combat wear at high temperature due to the
high wear resistance imparted by the hard carbide particles and the high temperature oxidation resistant
nature of the Cr2O3 oxide formed over both phases. However, most published work characterising the
erosion-corrosion response of these coatings has been conducted on a comparative basis by contrasting
coatings of various composition ratios, deposited by various techniques, with the response of well
characterised bulk materials.

Little has been presented on the microstructural mechanism of erosion-

corrosion of Cr3C2-NiCr coatings, a point highlighted by the limited understanding of the oxidation
mechanism of the Cr3C2 phase, the oxidation mechanisms of the combined composite Cr3C2-NiCr and the
influence of the coating splat structure on the oxidation response. While the erosion response of thermal
spray coatings and bulk cermets is more widely understood, most works have been conducted under milder
conditions than used in the current work. In addition previous works have been conducted primarily on assprayed coatings with few works taking into account the effect of heat treatment induced changes in the
coating composition and microstructure that occur with extended in-service exposure at elevated
temperature.

In addressing the short comings in the current state of knowledge, the aim of this work was to characterise
the mechanism of erosion-corrosion of high velocity sprayed Cr3C2-NiCr thermal spray coatings under
turbine conditions, incorporating the effect of variation in the composition and carbide distribution with inflight degradation, variations in starting powder morphology, heat treatment, erosion conditions and
exposure temperature.
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75 Cr3C2-25(Ni20Cr) coatings were deposited by Aerospray™ HVAF, GMA Microjet™ HVOF, Stellite Jet
Kote™

HVOF

and

TAFA

JP-5000™

HVOF

spraying

under

optimised

conditions

using

agglomerated/sintered and blended powders. The prealloyed powder based coatings, characterised in terms
of microhardness, porosity content and phase degradation, were found to exceed the average values of
coating quality presented in the literature. The blended powder based coating of this work was comparable
with the coating attributes presented in the literature for plasma and HVOF coatings based on this powder
morphology. Based on these results the coatings were considered representative of those sprayed industrially
and therefore the responses of the samples in this work to oxidation and erosion were considered indicative
of the response of industrially applied coatings of this composition in service.

Heat treatment trials were conducted on the Aerospray™ HVAF and Microjet™ HVOF coatings at 900ºC in
air and argon for up to 60 days to simulate the compositional and microstructural development of these
coatings under elevated temperature conditions in service. In the prealloyed powder based coatings, rapid
carbide precipitation occurred within the first two days in both coatings to reach the steady state composition
of 75-80vol%.

Minimal in-flight carbide dissolution in the HVAF coating led to preferential carbide

precipitation on the retained carbide grains. In the Microjet™ HVOF coatings, which suffered extensive inflight carbide dissolution, carbide precipitation occurred as fine precipitates in the carbide-free zones,
forming large sponge-like agglomerates. With extended exposure Ostwald ripening led to coarsening of the
individual carbide grain size and widespread agglomeration of the carbide grains into an extensive three
dimensional network after 30 days exposure, with minimal development out to 60 days. Compositionally,
heat treatment led to a dramatic reduction in the supersaturated matrix phase Cr content, with the steady state
Cr composition of the Microjet™ HVOF coating exceeding that of the Aerospray™ HVAF coating based on
XRD analysis. Cr3C2 was the only carbide detected with heat treatment. Heat treatment of the blended
powder based coating led to sintering of the single phase splats. Diffusion of the carbide elements into the
matrix phase splats occurred, allowing fingers and nodules of the carbide to develop into this phase as well
as increasing the matrix phase Cr concentration.

Oxidation of Cr3C2 by hot stage XRD analysis at 600ºC, combined with TGA analysis at 600-850ºC,
supported the mechanism of stepwise decarburisation prior to Cr2O3 formation, presented as one possible
mechanism in the literature. Oxidation of the Cr3C2-NiCr coatings over the range 700-850ºC was dependent
on the starting powder morphology and the extent of dissolved carbide in the matrix phase. Oxidation of the
as-sprayed prealloyed powder based coatings was dictated by the matrix phase, the high Cr concentration
resulting from carbide dissolution leading to rapid growth of the Cr2O3 phase over the oxidising carbide
grains. Growth stresses induced by such overgrowth lead to the formation of interfacial voids over the
carbide grains at high temperature. Heat treatment reduced the matrix phase Cr concentration, resulting in
the coating phases oxidising independently with a reduced magnitude of lateral matrix based scale growth
over the carbide phase. In the blended powder based coating, bulbous Ni oxides dominated the scale
topography. With extended exposure a continuous Cr2O3 scale formed below the faster growing Ni oxides,
which enabled lateral growth of the scale over the carbide based Cr2O3 scales. Following heat treatment the
matrix phase Cr concentration increased, minimising the development of Ni oxides on this phase.
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Erosion studies were carried out in a custom built high temperature erosion apparatus. Ambient temperature
trials were conducted using Al2O3 erodent at velocities of 150m/s. The as-sprayed prealloyed powder based
coatings exhibited a brittle impact response, which was accentuated in the Microjet™ HVOF coating by the
increased extent of in-flight carbide dissolution and the splat structure which made this sample more
susceptible to brittle erosion mechanisms. Heat treatment of these coatings led to sintering of the splats and
a more ductile impact response due to the increased ductility of the matrix phase. The as-sprayed blended
powder based coatings exhibited a range of impact responses from brittle erosion of the carbide through to
ductile erosion of the matrix based splats. Mass loss was accentuated by the poor intersplat adhesive
strength. Heat treatment led to sintering of the splats, resulting in a more microstructural based erosion
response.

The two prealloyed powder based coatings generated similar erosion rates under the aggressive conditions,
distinctly more erosion resistant than the blended powder based coatings. Heat treatment improved the
erosion resistance of all the coatings, however, the duration of heat treatment had a negligible effect on the
magnitude of erosive mass loss.

Erosion at 800ºC, with an impact velocity of 235m/s, lead to significantly deeper erodent penetration into the
coating than noted at ambient temperature. The significant increase in the matrix phase ductility at elevated
temperature minimized the impact of carbide dissolution on the matrix impact response in the prealloyed
powder based coatings. The primary effect of carbide dissolution was to reduce the carbide concentration,
allowing deformation of the matrix to dictate the coating response. Carbide development with heat treatment
significantly reduced the ability of the matrix to deform in this manner. The increased matrix phase ductility
in the blended powder based coating reduced the concentration of impact energy on the splat boundaries,
leading to a more microstructural based erosion response. Heat treatment had a negligible effect on the
coating response, given the reduced significance of the splat boundary adhesion.

Erosion at 700ºC generated similar erosion responses in the prealloyed powder based coatings to those noted
at 800ºC, the lower matrix phase ductility reflected in the more brittle response evident as brittle cracking
and fracture. The effect of carbide development with heat treatment was not as dramatic as at 800ºC due to
the reduced matrix phase ductility at this temperature. Erosion of the blended powder based coating at 700ºC
generated the same spectrum of erosion response as noted at 800ºC in both the as-sprayed and heat treated
states, with the variation in matrix phase ductility with temperature overshadowed by the heterogeneous
coating impact response resulting from the heterogeneous phase distribution.

The steady state erosion rate at 700ºC was comparable across all of the coatings in both the as-sprayed and
heat treated conditions. At 800ºC, heat treatment had a negative impact on the prealloyed powder based
coatings, but no definitive effect on the blended powder based coatings. The Microjet™ HVOF coatings
were more erosion resistant than the Aerospray™ HVAF coatings under these conditions. These results
pointed to a reduction in the significance of the coating splat structure on the magnitude of erosion, in favour
of a more microstructural based response at high temperature.
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In both the ambient and elevated temperature trials the coating microhardness values proved to be a poor
indicator in predicting the magnitude or relative ranking of the erosion response of the different coatings
under these aggressive erosion conditions.

Erosion-corrosion under turbine conditions of high temperature, high erodent velocity and low erodent flux,
was simulated by oxidizing samples at 900ºC and subjecting them to one second of erosion every 48 hours
over a period of 60 days. The degradation testing was assessed in accelerated testing in additional trials by
polishing the oxide scale formed at 900ºC from the sample surface every 48 hours over the same time period.
Under these conditions the coatings formed thick oxide scales that penetrated into the coating. Preferential
internal oxidation of the Cr3C2 phase occurred in the coating, consuming the grains in the near surface zone
through the formation of Cr2O3 to a depth dependent upon the test temperature. Oxygen ingress occurred
along the carbide-matrix interface and was accentuated in the regions of impact damage surrounding the
erodent indentations. Internal oxidation of the carbide phase sealed off the pockets of matrix phase which
were eventually consumed by oxidation once they were no longer able to maintain a protective Cr2O3 oxide.
The extent of internal attack was consistent in the 20, 40 and 60 day samples, suggesting that the internal
oxidation front proceeded at a constant rate in front of the erosion front into the coating. The prealloyed
powder based coatings were more resistant to such internal degradation relative to the blended powder based
coatings, with an internally oxidised zone of 6µm relative to the 10µm thick internally oxidized band in the
blended powder based coating. While each erodent impact event may be classified as oxidation affected
erosion, the low erodent flux effectively led to a long-term response more accurately described as erosion
affected oxidation.
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0 - Introduction

Chapter 1
Introduction

Thermal spray coatings have been widely applied to mitigate the effects of erosion-oxidation in industrial
environments. In this deposition technique, droplets of molten or semi-molten material are generated and
projected at a surface to form a coating. In this manner, any material that does not undergo sublimation or
degradation upon heating may be applied as a coating. Materials ranging from polymers through to metals,
cermets and ceramics are routinely sprayed by this technique. Thermal spray coatings based on the cermet
Cr3C2-NiCr are commonly applied to combat wear at high temperatures due to the high wear resistance
imparted by the hard carbide phase particles and the high temperature oxidation resistant nature of the Cr2O3
scale formed over both composite phases. Erosion-oxidation is a wear phenomenon where the combined
effect of each degradation mechanism generates more extensive mass loss than the sum of each mechanism
acting individually. Degradation in this manner occurs across a wide range of industries, but research has
been driven primarily in regard to applications associated with fluidised bed combustion and those utilising
turbines for power generation and propulsion.

Shortcomings in the current state of knowledge arise from a concentration of previous studies on low
temperature, low velocity, high flux situations akin to those found in fluidised bed applications. The
conditions of high temperature, high velocity and low flux, are harder to simulate at the laboratory scale, but
are more relevant for the simulation of turbine applications. This means previous work has often been forced
to neglect the oxidation component on the degradation for industrially relevant slow growing Cr2O3 and
Al2O3 scales.

Further shortcomings in the current knowledge also arise from the comparative nature of previous studies
where the erosion-oxidation behaviour of coatings of various composition ratios has been contrasted. Little
has been presented regarding the microstructural mechanism of erosion-oxidation of Cr3C2-NiCr coatings.
This is highlighted by the limited understanding of the response of coatings of this composition to erosion or
oxidation. While the oxidation behaviour of the Ni20Cr binder phase has been well characterised in regard
to the mechanism and kinetics of oxidation, debate still exists over the mechanism of Cr3C2 oxidation.

More generally, the knowledge of the erosion and oxidation response of Cr3C2-NiCr thermal spray coatings
has been determined largely with regard to as-sprayed coatings. Few studies have addressed the effect of
heat treatment induced changes in the coating composition and microstructure that occur during extended inservice exposure at elevated temperature. As a result, little is known regarding the effect of in-flight carbide
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degradation on the erosion and oxidation responses of these coatings, and how these responses vary as the
coating composition and microstructure tend towards steady state.

To address these shortcomings this work has characterised the erosion-oxidation of high velocity sprayed
Cr3C2-NiCr coatings under simulated turbine conditions of high velocity, high temperature and low erodent
flux. Given the complexity of the mechanism of erosion-oxidation under these conditions, the approach of
this work was to focus on developing an understanding of the response of Cr3C2-NiCr coatings to each
component of erosion-oxidation degradation. In addition the erosion-oxidation response of heat treated
samples has been fully investigated to reflect the behaviour of these coatings after extended service. The
experimental strategy of this thesis is schematically illustrated in Figure 1.1.

Coating Characterisation
Heat Treatment
900ºC

Oxidation
700-900ºC

Erosion
Ambient Temperature

Erosion
Elevated Temperature

Erosion-Oxidation
700-900ºC

Figure 1.1 Overview of the experimental strategy of this thesis.
This thesis presents the results of this investigation, putting them in the context of thermal spray coatings and
cemented carbide coatings more generally (Chapter 2).
employed are outlined in Chapter 3.

The experimental techniques that have been

Particular emphasis is applied to discussing the attributes and

limitations of each technique that impact on the interpretation of results generated for Cr3C2-NiCr cermets.

Prior to testing, it was critical to ensure that the coating samples sprayed in this work were representative of
industrial quality, such that the response of the specimens could be considered indicative of those applied
industrially during in-service exposure. To this end Chapter 4 broadly reviews the literature on Cr3C2-NiCr
thermal spray coatings so as to establish a benchmark of industrial coating quality in terms of compositional
variation and degradation, microhardness and porosity. This discussion builds on the generalised processes
of phase degradation outlined in Chapter 2, detailing the specific mechanism of oxidation, decarburisation
and carbide dissolution in regard to the Cr3C2-NiCr system and how these degradation features are observed
in the analysis of the coating results. In order to incorporate the effect of the range of industrial coating
quality on the sample response, high velocity sprayed coatings were deposited using the Aerospray HVAF,
GMA Microjet HVOF, Stellite Jet Kote HVOF and TAFA JP-5000 HVOF techniques.

2

All the

0 - Introduction

coatings were characterised on the basis of their physical properties and compositional distributions to act as
a basis of comparison when contrasting the response of the different coatings to treatment in subsequent
chapters.

Critical to the understanding of the in-service response of these coatings was how the physical properties and
phase concentrations/distribution changed as a function of high temperature exposure within a turbine
environment. Chapter 5 reviews the previous heat treatment trials presented in the literature, highlighting the
postulated mechanisms of compositional and physical property development. In the current work coatingonly samples were subjected to heat treatment in air and argon at 900ºC for up to 60 days. Compositional
phase reconstitution and carbide phase microstructural development were assessed over time as a function of
starting powder morphology and the variation of in-flight phase degradation generated by different
deposition techniques. Such characterisation enabled a pre-treatment regime to be developed that allowed
samples of equilibrium microstructures to be developed. By contrasting the response of the heat treated
samples with those in the as-sprayed condition the variation in coating response to oxidation and erosion
over extended in-service periods could be simulated.
In order to explore erosion-oxidation behaviour of Cr3C2-NiCr coatings under turbine conditions, the coating
response to oxidation and erosion alone were characterised. Chapter 6 investigates the high temperature
isothermal oxidation response of the Cr3C2-NiCr coatings. The application of this cermet at elevated
temperature relies on the formation and maintenance of a protective Cr2O3 scale layer. While the oxidative
response of the Ni20Cr binder phase has been extensively investigated, little has previously been presented
about the oxidation characteristics of the Cr3C2 phase. In this chapter the oxidation mechanisms of the
cermet components and combined composites are reviewed. Exploratory trials conducted on the Cr3C2
powder used within the blended powder based coatings are discussed to highlight the mechanism and
kinetics of oxidation of this phase. Coating-only samples were subjected to isothermal exposure at 700900ºC for up to 48 hours.

Through characterisation of the mass gain kinetics and oxidised surface

topography, mechanisms of the cermet oxidation are discussed, taking into account the effect of as-sprayed
and heat treated microstructures for both the prealloyed and blended powder based coatings.

Chapter 7 provides the current state of knowledge about erosion, highlighting the primary mechanism of
erosive mass loss and focussing on the response of composite materials to particle impact as a function of
their composition and microstructure. Attention is also given to the significance of the thermal spray coating
splat structure on dictating the erosive response under varying impact conditions. Chapter 8 presents the
results of erosion testing in a custom-designed apparatus. Both as-sprayed and heat treated coatings were
exposed to erosion at ambient temperature at impact velocities of up to 150m/s. Short term exposure
samples were used to characterise the degradation induced by single impacts, with longer term incremental
testing utilised to assess the steady state erosion rate. Similar trials were carried out at 700ºC and 800ºC at
impact velocities up to 235m/s to simulate erodent impact conditions within a turbine environment. The
results of the single impact trials are discussed, highlighting the variation in response as a function of inflight phase degradation, phase morphology, starting powder morphology and temperature. The steady state
erosion rate data were assessed and correlated with the trends highlighted in the single impact studies to
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determine the primary coating attributes associated with erosion resistance under these conditions. The
results of this chapter, progressing through the ambient temperature trials, up through the 700ºC and 800ºC
experiments, form a critical foundation for the understanding and justification of the erosion-oxidation
mechanisms outlined in Chapter 9.

Chapter 9 builds upon the results discussed in Chapters 5-8, combining the effect of heat treatment in the
simulation of long-term in-service exposure, with the results of the oxidation and erosion trials, to highlight
the mechanisms of erosion-oxidation of high velocity sprayed Cr3C2-NiCr coatings under simulated turbine
conditions. Single impact trials on preformed oxide scales were carried out at 700-800ºC to characterise the
response of the scale as a function of substrate composition, phase morphology, temperature and scale
thickness. The long-term erosion-oxidation response of the Cr3C2-NiCr coatings was assessed over the range
700-900ºC for up to 60 days using cyclic oxidation-polishing and oxidation-erosion regimes.

The

compositional and microstructural variations following treatment are discussed as a function of deposition
technique, starting powder morphology, heat treatment and exposure temperature.

These results are

correlated with those presented in the previous heat treatment, oxidation and erosion chapters to define a
generalised erosion-oxidation mechanism for Cr3C2-NiCr thermal spray coatings under high temperature,
high erodent impact velocity and low erodent flux conditions similar to those within turbine applications.

Chapter 10 highlights the primary conclusions from the original contributions of this work in the fields of
heat treatment, isothermal oxidation, erosion and erosion-oxidation of high velocity sprayed Cr3C2-NiCr
thermal spray coatings.
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Chapter 2
Thermal Spraying
– An Introduction

2.1 Introduction
Thermal spraying is a generic coating technique whereby droplets of molten or partially-molten material are
generated and projected at a surface to form a coating. The droplets undergo little interaction with the
substrate, merely adhering to the roughened surface through physical means to form an “overlay” coating. A
variety of techniques have been designed for this process, varying in the manner in which they heat the
material, the operating temperature and the velocity to which the droplets are accelerated. Through the range
of operating conditions generated, any material that does not undergo sublimation or degradation upon
heating can be applied as a coating. Materials ranging from polymers through to metals, cermets and
ceramics are routinely sprayed.

Porosity

Splat

Oxide
Inclusion
(“stringer”)

Substrate

Figure 2.1 Schematic development of the thermal spray process and mechanism of coating build-up.
In the generalised thermal spray process, the coating material in rod, wire or powder form, is fed into a high
temperature heat source, where it is heated close to, or in excess of, its melting temperature. A high velocity
accelerating gas or combustion gas stream accelerates the droplets of material to the substrate, where they
impact and spread across the surface to form a “splat”, Figure 2.1. The splat material deforms to match the
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surface topography, forming mechanical interlocking bonds as it undergoes rapid solidification (106 K/s [1]).
The coating is built up by multiple particle impacts to form the fundamental heterogeneous microstructure
characteristic of this technique. The complex interaction of the heat source, velocity profiles, and particle
thermal and mechanical properties means that the droplets reach a variety of states prior to deposition.
Oxidation can occur in-flight around the particle periphery, such features forming “stringers” of oxide
around the deformed splats in the coating. Similarly, melting of the particles may contribute to phase
dissolution in multiphase materials. Rapid solidification generates non equilibrium metastable phases and
amorphous structures in the splats. Conversely particles that are not sufficiently molten do not deform
significantly upon impact, potentially generating voids and porosity within the coating. The extent to which
the material phases in the powder are retained in the coating, and the coating density, are critically dependent
upon the deposition technique and spray parameters. The highest quality coatings are generated by high
velocity particles (minimisation of exposure time to oxidation and high degree of deformation upon impact
to minimise porosity), heated to a low temperature sufficient for deformation and spreading upon impact.

The characteristic splat structure and phase variations induced in-flight during thermal spraying have a
significant influence on the coating response in-service. These features are significant in this work in regard
to an understanding of the coating response during deposition, heat treatment, oxidation, erosion and erosionoxidation discussed in the following chapters.
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2.2 Thermal Spray Techniques
The various thermal spray techniques are broadly classified into three categories based on their method of
heating – combustion, plasma, and electric arc. Each of these categories encompasses a range of different
methods, Figure 2.2.

The techniques most applicable to this investigation were plasma spraying, detonation gun (D-Gun)
spraying, high velocity oxygen fuel (HVOF) and high velocity air fuel (HVAF) spraying. The latter two
techniques exclusively were used to generate the coatings assessed in this work.

Combustion

Low Velocity

Plasma

High Velocity

Flame Wire

D-Gun

Flame

HVOF

HVAF
Cold
Spray

Air Plasma
(APS)

Low Velocity

Wire Arc

Vacuum
Plasma
(VPS or LPPS)

Air

Chamber

Shroud

Chamber
Vacuum

High Velocity

Shroud

Inert

Vacuum

Inert
Underwater

Figure 2.2 Summary of significant thermal spray techniques. Those most applicable to this work are
highlighted (Adapted from [2]).

2.2.1 Plasma Spraying
In this technique, a mixture of inert gases, typically based on Ar or N2 with additions of H2 and He [3], is
passed through a direct current arc generated between a central thoriated tungsten cathode and radial copper
anode. The arc heats the process gases to temperatures in excess of 25,000 K [1] where they dissociate into a
“plasma” of ions and electrons. The ionised gas undergoes rapid expansion and accelerates out through the
nozzle of the gun. The typical temperature distribution of this expanding gas is 3000-15,000 K [1]. The
resulting gas velocity, ranging from 200-400 m/s [4] up to 600-800 m/s or higher [1, 3, 4], is dependent upon
the nozzle design and operating parameters. The coating material in powder form, is entrained in an inert
carrier gas and injected either through a radial tube just outside the nozzle, or internally through the nozzle
itself. The particles are rapidly melted and propelled towards the substrate by the high velocity gas stream.
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2.2.2 Detonation Gun Spraying (D-Gun and Super D-Gun)
The D-Gun consists of a water cooled barrel approximately one metre long, with an internal diameter of 25
mm [3]. Pulses of the combustion gases, oxygen and acetylene are injected into the end of the barrel, along
with a “charge” of powder entrained in a carrier gas. A spark plug ignites the mixture, generating a
detonation wave that reaches a maximum temperature of 4500 K and speeds in excess of 2900 m/s [3]. The
entrained powder is heated and accelerated to speeds of 750-800 m/s [2-4] in the D-Gun and 900 m/s in the
Super D-Gun processes [3] respectively. The barrel is purged with nitrogen prior to the next firing, which
occurs 1-15 times per second [2, 3]. Each shot of powder generates a circular disc of material on the
substrate, made up of multiple overlapping splats. Successive firings overlap the discs of deposited material
to build up the coating. By confining the powder and combustion gases within the nozzle, air entrapment is
minimised, resulting in low oxide content coatings. The high powder velocities generate significant particle
deformation on impact, minimising porosity and resulting in high bond strengths.

2.2.3 Continuous Combustion High Velocity Spraying
This technique encompasses a variety of processes whereby high pressure, high flow-rate fuel is
continuously combusted with a high pressure oxidant within a combustion chamber, at pressures higher than
atmospheric. The high temperature combustion gases (2750-2920ºC [3-5]) expand supersonically down a
cooled nozzle at speeds approaching 2000 m/s [3]. The coating material in powder form is entrained in a
carrier gas and fed into the high temperature, high velocity gas stream. In a similar manner to the D-Gun,
confinement of the combustion gases and entrained powder within the nozzle generates rapid particle heating
and acceleration, with particle speeds up to 600-800 m/s achieved in some systems [3]. The high particle
impact velocity, combined with the low degree of mixing with air and low combustion temperature relative
to plasma spraying, results in very dense, low oxide content coatings.

The two principle classes within this technique are based on the oxidant used – either oxygen (high velocity
oxygen fuel, HVOF) or air (high velocity air fuel, HVAF). The general dynamics of the HVAF technique
are similar to HVOF spraying, although it operates over a lower temperature and velocity envelope [5]. The
effect of air versus oxygen is largely unknown, although it is postulated that the large volume of nitrogen
injected as part of the air stream absorbs considerable amounts of the combustion energy, thereby reducing
the flame temperature. An advantage of this is the less oxidising environment generated relative to oxygen
based systems which minimises in-flight phase degradation.

The spray guns in these classes vary in the design and length of the nozzle, design and location of the
combustion chamber, geometry and location of the power feed and the fuel used. The majority of HVOF
systems use a gaseous fuel, such as acetylene, propane, propylene, hydrogen or MAPP (Methylacetylenepropadiene), with only the JP-5000 HVOF system commonly using liquid kerosene [3, 4]. All of the
HVAF systems use kerosene.
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Combustion and powder injection are achieved differently in the four main designs [2]:
i.

Ignition of the fuel/oxygen mixture occurs within a combustion chamber. The combustion gases
are then directed to a mixing region where the powder is injected via a carrier gas. The Jet Kote
system operates on this principle [5], Figure 2.3a.

ii.

Fuel and oxygen are combusted within a central axial combustion chamber. The powder is fed in
a carrier gas through an axial tube into the combusted gases. Used in the Diamond Jet system
[5].

iii.

The fuel, oxygen and carrier gas/powder are injected into a central combustion chamber and
continuously combusted. The particles are heated within the combusting gas and accelerated with
the exhaust gas stream. The CDS, Top Gun and Microjet systems are based on this
principle [2, 5], Figure 2.3b.

iv.

Combustion occurred within a central combustion chamber, the exhaust gases escaping through a
throat section into a nozzle. Powder, entrained in a carrier gas is injected after the throat region.
This generic process forms the basis of the JP-5000 HVOF system Figure 2.3c and both the
Aerospray and Accel-Jet HVAF spray systems, Figure 2.3d.

Following combustion, the combustion gases and entrained powder expand through a nozzle based on one of
two principle designs. Barrel nozzles form a straight cylinder from the outlet of the combustion chamber,
Figure 2.3a. Supersonic flow is only achieved as the gas exits the barrel. De Laval nozzles incorporate a
converging section at the exit of the combustion chamber, forming a constricting throat, followed by a
diverging region, Figure 2.3c. Supersonic velocities are reached inside the nozzle, imparting greater speeds
and increased heat transfer to the sprayed particles [5].

The variation in physical design and operating conditions (gas pressures and flow rates, fuel composition,
spray distance etc) means that each system generates its own characteristic thermal and velocity profiles in
the gas jet. These factors dictate the degree of particle heating, the exposure period to oxidising gases and
the extent of deformation upon impact.

These, in turn, determine the extent of oxidation and phase

degradation incorporated within the coating, as well as the splat properties. The impact of such variation in
the HVOF/HVAF coating quality on the erosion-oxidation response of Cr3C2-NiCr coatings is a primary
focus of this work.
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(a) The JetKote system, where
the fuel and air are combusted
separately and directed into a
mixing region where the powder
is heated. The gun uses a straight
barrel which is water cooled [2,
5].

Water Cooling

Powder

Combustion

Oxygen

Fuel

(b) The Microjet and Hipojet
HVOF systems are small,
handheld guns similar to the
larger CDS and Top Gun
HVOF systems. The powder is
axially
injected
into
the
combustion area. The nozzle is
air cooled. Schematic supplied
by Metal Spray Suppliers (NZ)
Ltd.

Air Cooling
Oxygen/
Fuel
Powder

Air Cooling

(c)
The JP-5000 HVOF
system, where the powder is
radially injected into the low
pressure region down stream of
the converging-diverging nozzle.
The system is water cooled [2, 5].

Powder

Fuel

Oxygen
Water Cooling

Powder

Fuel

Cooling Air
Passage

Cooling/Combustion
Air

(d)
The generalised HVAF
system, variations of which form
the basis of the Aerospray and
Accel-Jet systems. Air is used
to cool the gun prior to
combustion.
A convergingdiverging nozzle is used, with
powder injected into the same
region as the system above [5].

Figure 2.3 Schematic illustrations of the most common HVOF and HVAF thermal spray systems.
(Reproduced from the works of [2, 4, 5] and information supplied by Metal Spray Suppliers (NZ) Ltd.)
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2.3 Cr3C2-NiCr Cemented Carbides
2.3.1 Introduction
Cr3C2-NiCr coatings are the second most commonly applied cemented carbide thermal spray coatings behind
the WC-Co based system [6]. Both cemented carbide composites are extensively applied to resist wear,
abrasion and erosion. While the higher hardness and greater wear resistance of WC means it is preferentially
applied for wear resistance at ambient temperature, the poor corrosion and oxidation performance of this
coating limits application of WC-Co in corrosive environments or at temperatures above 450-500ºC [6-15].
Cr3C2-NiCr coatings offer greater corrosion and oxidation resistance, whilst also having a high melting point
and maintaining high hardness, strength and wear resistance up to a maximum operating temperature of
900ºC [11, 12, 15-18]. Of significant additional benefit is that the coefficient of thermal expansion of Cr3C2
is similar to that of iron and nickel that constitute the base of most high temperature alloys. This minimises
stress generation through thermal expansion mismatch during thermal cycles. These attributes mean Cr3C2
based coatings have been applied to a wide range of industrial components, including components used in
steam and gas turbines [8, 11, 15, 16, 19-26].

2.3.2 Components of the Ni-Cr-C System
The Ni-C Binary System
Ni shows negligible carbon solubility over the temperature range of interest, reaching a maximum of 0.6
wt% in the solid state, Figure 2.4 [27]. A eutectic occurs at 2.2 wt% carbon at 1326.5ºC. While no stable
carbides exist in this system, a metastable Ni3C phase has been reported [27-29] during rapid solidification
(≈106 ºC/s) of molten Ni-C alloys.

The Ni-Cr Binary System
Ni (fcc) forms a fcc substitution solid solution with Cr (bcc) [30, 31], the Cr solubility limit increasing with
temperature to a maximum of approximately 48 wt% at 1345ºC [30], Figure 2.5. Increasing Cr alloying in
this single phase region leads to a reduction in the temperature of liquid phase formation. The larger size of
the Cr atom relative to Ni causes an expansion in the fcc lattice from a d-spacing of 3.532x10-10 m to
3.582x10-10 m as the Cr content increases from 1 to 25 wt% [32]. Below 600ºC Ni2Cr (γ’) phase formation
occurs at Cr contents of 20-37 wt%.
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Figure 2.4 The Ni-C equilibrium phase diagram (Reproduced from [27])

Figure 2.5 The Ni-Cr equilibrium phase diagram (Reproduced from [30])
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The Cr-C Binary System
Three stable carbides form in the Cr-C system – Cr23C6 (cubic crystal structure [33]), Cr7C3 (orthorhombic
crystal structure [33]), and Cr3C2 (orthorhombic crystal structure [33]), Figure 2.6 [28, 34]. Each exists over
a very narrow homogeneity range with melting temperatures of 1576ºC, 1766ºC and 1811ºC respectively.
Several metastable phases have been noted upon rapid solidification from the liquid phase for compositions
up to 10 wt% C. Cr23C6 formation may be suppressed through rapid cooling to form a metastable mixture of
Cr7C3 + (Cr) [34]. The metastable Cr3C phase (orthorhombic crystal structure) [33, 34] has been reported to
form upon rapid quenching of Cr-C melts in the range 13-22 at%C and was proposed to occur during thermal
spraying of Cr3C2-NiCr coatings in the work of Guliemany et al [33, 35]. Heat treatment above 700ºC
transforms this phase into the equilibrium Cr23C6 structure [34].

Figure 2.6 The Cr-C equilibrium phase diagram (Reproduced from [34])
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Table 2.1 presents a range of physical properties of the Cr carbide phases. Of significance in this work is the
reduction in hardness with decreasing carbon content reported by Mayr et al [36].

Table 2.1 Properties of Cr3C2 and other compounds of interest.
Compound

Cr3C2

Cr7C3

Cr23C6

Cr

Ni

Crystal
Structure

Orthorhombic [33]

Orthorhombic [33]

Cubic [33]

BCC [37]

FCC [37]

Melting
Temperature
(ºC)

1810ºC
Peritectic
temperature [6]

1765ºC [28]

1576ºC [28]

1875ºC [23]

1453ºC [23]

Density (g/cm3)

6.68 [6]

7.2 [37]

8.9 [37]

Youngs
modulus (GPa)

370 [6]

Microhardness
(GPa)

26.6 [36]

Thermal
Conductivity
(W/m.K)

19[6]

Coefficient of
Thermal
Expansion
(m/m.K)

10.3x10-6[6]

14

20.2-23.6 [36]

14.1 [36]

14 [6]
13
(Ni20Cr alloy)

[38]
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The Ni-Cr-C Ternary System
The ternary equilibrium phase diagram for the Ni-Cr-C system at 800ºC developed by Kajihara and Hillert
[39] and Lee [40] is presented in Figure 2.7.

The most pertinent features with regard to this thesis are the very low carbon solubility in the NiCr solid
solution and the transition towards equilibrium mixtures of NiCr + Cr3C2 + Cr7C3 and NiCr+ Cr7C3 + Cr23C6
as the carbon content is reduced at this temperature.

Figure 2.7 The calculated equilibrium phase diagram for the Ni-Cr-C system at 1073K from the work of
[39]. The symbols represent the results of various experimental works referenced by the authors and
incorporated to validate the calculations.
The understanding of the transitions within this system have been driven by the development of solid and
liquid phase sintering production routes in the manufacture of Cr3C2 cemented carbide composites with Ni
based binders [32, 41-44]. Vlasyuk et al [41, 42] reported solid state sintering of Cr3C2-Ni composites
initiated at 700-800ºC, increasing in rate as the temperature increased to the point of eutectic melting.
Mechanistically Cr and C dissolved from the carbide into the binder, forming a NiCr alloy and globular
graphite particles, the latter on account of the minimal carbon solubility in Ni and NiCr. Dissolution of
Cr3C2 appeared to occur through direct separation of Cr and C atoms into the binder phase, without
preferential loss of either element, or the stepwise formation of lower carbon content carbides (Cr7C3 and
Cr23C6). Small particles were noted to preferentially dissolve, with larger carbides undergoing limited
surface dissolution to temperatures of 900ºC. Above 980ºC irregular dissolution over the larger carbide
surface was noted, forming a dimpled porous appearance. After sintering above 1030ºC pockets of Ni alloy
were noted to have diffused into cracks and pores of Cr3C2. Negligible penetration of Ni into the Cr3C2
phase occurred, with Cr3C2 having a maximum Ni solubility of 0.89% [42]. An increase in sintering
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temperature to 1080ºC led to the disappearance of the carbide surface pores and the transition of the internal
Ni rich phase towards the carbide periphery. These authors proposed that Ni diffusion into the carbide
grains, in combination with Cr dissolution into the alloy, resulted in the localised formation of a low melting
point eutectic between 1030ºC and 1080ºC. In support of this mechanism they reference the work of Koster
and Kaberman [42] who experimentally determined two eutectic compositions:

i.

32 %Ni, 67 %Cr, 1%C at 1270ºC

ii.

76.5 %Ni, 20 %Cr, 3.5 %C at 1045ºC

The higher temperature eutectic has also been reported by Ramqvist et al [45] and Ionkina et al [44], both in
relation to Cr3C2-Ni composites.

The influence of Cr additions to the starting alloy on the phases formed on contact with Cr3C2 during liquid
phase sintering at 1500ºC has been investigated by Panasyuk et al [32] by depositing molten droplets of NiCr
alloys on to Cr3C2 compacts. Characterisation of the contact zone using a Ni-5wt%Cr alloy highlighted the
dissolution of the Cr3C2 phase, resulting in (Cr,Ni)7C3 carbide formation and increase in the Cr alloy content
to 8wt%. Similar phases were generated with a Ni-10wt%Cr starting alloy, the Cr content of the resulting
alloy phase of 14.6 wt%Cr. Excess carbon was assumed to be accommodated within this alloy phase. With
a starting composition of Ni-25wt%Cr a (Cr,Ni)7C3 phase of finer structure than the previous samples was
formed and surprisingly the Cr content of the alloy close to the Cr3C2 phase decreased to only 16.2 wt%. In
general these authors noted that contact of Cr3C2 with NiCr alloys resulted in carbide transformation to Cr7C3
and alloying of the NiCr phase. The rate limiting step for this transformation was identified as Cr diffusion
from the carbide into the bulk alloy.

In contrast to the apparent preferential formation of Cr7C3 over Cr3C2 in Ni-Cr-C melts noted by Panasyuk et
al [32], Perevertailo et al [43] noted preferential Cr3C2 formation when molten NiCr droplets were applied to
graphite at the same temperature as the work above. Cross sections of the contact zone for Ni-36at%Cr
melts showed formation of Cr3C2, a eutectic phase of 14-15at%Cr and retained graphite. Increasing the
starting alloy composition to 60at%Cr led to total consumption of graphite, but the remaining phases
comprised of only Cr3C2 and the eutectic alloy phase. Only at starting composition greater than 60at%Cr
was Cr7C3 noted to occur.
The Ellingham diagram for carbides presented by Shatynski [28], Figure 2.8, indicates that
thermodynamically Cr7C3 is significantly more stable than Cr3C2 and as such would be expected to form
preferentially in the above situations. The fact that variability exists in the carbide transition suggests that
the kinetics of the reaction are dependent upon treatment conditions and local phase compositions.
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Figure 2.8 Ellingham diagram for the first transition series carbides published in the work of [28].
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2.4 Thermal Spraying of Cemented Carbides
2.4.1 Introduction
Cemented carbides are a class of composite material incorporating a hard, brittle carbide phase (typically
WC, Cr3C2 or TiC) encapsulated within a metallic binder (commonly Co, Ni or Fe based alloys). Where
used as coatings, the hard carbide phase generally makes up in excess of 70wt% of the composite. In this
way the carbide phase generates high hardness and wear resistance, while the softer binder phase increases
the composite toughness and resistance to mechanical and thermal shock. This combination of attributes
results in these coatings being extensively used to mitigate the effects of wear, erosion and abrasion.
As a feedstock for thermal spraying these materials are formed into powders of typically 5-53 µm by
combining carbide and alloy matrix powders through mechanical blending, agglomerating and sintering,
fusing and crushing, or spray drying and sintering. Some powder production routes incorporate additional
flame or plasma treatments to spheroidise and/or densify the particles to improve flowability and reduce
internal particle porosity [3]. The make up of these powders in terms of carbide size, distribution and
morphology, the composition of the binder and the overall mass ratio of carbide to binder (which determines
the binder distribution and thickness between the carbides) is determined by the requirements of the coating
application – as discussed in more detail in Chapter 7. These physical features are based on the extensive
results of work conducted on bulk sintered cemented carbide composites with very controlled compositions
and microstructures. During thermal spraying deposition, however, the composite particles are prone to
oxidation, phase dissolution and decarburisation, which significantly affect the coating composition, phase
concentration and carbide morphology.

For this reason the as-sprayed coating microstructure may

potentially be quite different to that expected, based on the starting powder attributes, severely degrading the
coating wear performance [5].

2.4.2 Phase Degradation during High Velocity Thermal Spraying
Phase degradation during thermal spraying is dictated by the temperature of the particle in-flight and the
oxidising nature of the surrounding environment. Three regions of the spray process have been defined in
regard to this interrelationship, which highlight the effect of the spray process variables on the extent of
degradation [46-49], Figure 2.9. Region 1 incorporates the period from particle injection through to the end
of the jet “core”. In this zone the particles are rapidly heated and accelerated by the combustion flame, with
a dwell time of approximately one millisecond [49]. Oxidation is controlled by the oxidising nature of the
combustion products (CO2 and H2O [50]) and the free oxygen, such variables controlled through the
selection of fuel gases and oxygen/fuel ratios [47, 51-55]. Region 2 occurs from the end of the visible jet
“core” through to the substrate [49, 56]. The variation in the jet temperature and velocity relative to the
surrounding atmosphere induces significant turbulent mixing after distances as short at 80 mm [50, 51]. The
incorporation of the surrounding air greatly increases the oxygen content of the jet stream and thus the
potential for oxidation [46, 49, 56, 57]. The typical residence time for particles in this zone is 1 millisecond
[56]. Upon impact the hot particles spread and rapidly cool. In this third region the impinging gas stream
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maintains a hot, oxygen rich boundary layer over the deposited material. While the temperature is lower
than in the flame, the dwell time is significantly longer, increasing the potential for post deposition phase
degradation [55, 56, 58, 59].

Region 2

Region 1

Powder Injection

Region 3

Figure 2.9 The three generalised regions where phase degradation can occur, from powder injection to
deposition.
The extent of phase degradation within each these regions is determined by the particle temperature, which is
dictated by the temperature and velocity of the accelerating jet, the particle flux, particle composition and
particle size. With regard to oxidation alone, Vardelle et al [48] has highlighted that the extent of oxide
development depends on the rate limiting step in the process of mass transfer of oxygen to the particle
surface, chemical reaction at the powder periphery and subsequent diffusion of oxygen into the interior of the
particle. Given the turbulent mixing within the spray plume of the HVOF system outside the jet core,
oxygen transport to the particle surface is expected to be sufficiently rapid to not inhibit the rate of oxidation.
The remaining processes are temperature dependent [47] and hence dependent upon the spray technique and
deposition parameters. At low particle temperatures the rate of reaction for oxidation is slow. The particles
reach only a softened or partially-molten state and are heavily dependent on high gas velocities to generate
sufficient deformation at impact to form the coating [47]. Oxidation is most likely to occur during the
extended exposure to the combustion gas induced heating after impact. As the temperature increases
oxidation potentially occurs from the point of powder injection through to the point of impact and
solidification, leading to higher oxide contents in the coating. Deformation upon impact is greater than at the
lower temperature, generating more exposed splat surface area and enabling post deposition oxidation to
further contribute to the coating oxide content. At still higher temperatures the particle becomes molten soon
after injection. Rapid surface oxidation occurs prior to impact. In addition, the turbulent nature of the
surrounding gas can lead to physical movement and mixing of the material within the particle in-flight [46,
57], breaking up the surface scale and distributing it and any dissolved oxygen throughout the particle. Upon
deposition such molten particles are prone to “splashing”, forming irregular splats and satellite droplets
which greatly increase the exposed surface area. Depending on the spray conditions this, in turn, may
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generate substantial amounts of coating surface oxide formation. This is accentuated by the fact that hotter
splats take longer to cool and generate higher substrate temperatures, both of which accelerate the rate of
oxidation.

Under fixed spraying conditions the response of the powder particles is size dependent. Analysis and
modelling of HVOF spray systems by Yang et al [60] and Thorpe and Richter [61] indicate that the smallest
particles, <10 µm, rapidly heat up and melt well within the nozzle. Hence they are superheated upon
exposure to air in the spray plume and readily oxidise. Slightly larger particles may not become fully
molten, forming a liquid periphery around a solid core. The largest particles take the longest to heat up and
hence travel longer distances prior to undergoing extensive oxidation. As a result, significant extents of
particle oxidation occur closer to the substrate, or in fact after deposition, as the particle size increases [62].
Similarly, the critical distance at which oxidation becomes significant shifts further down stream in the jet
plume as the melting point of the powder material is increased, as well as for spray systems where the
powder is radially injected after the combustion chamber as against axially through it. This effect is
complicated by the interrelated influence of the particle size on the particle velocity. Smaller particles
accelerate faster, spending less time in the flame. The largest particles travel more slowly and are exposed to
the oxidising atmosphere for longer periods prior to impact.

The above conclusions have been generated primarily on the basis of alloy coatings whereby oxidation is the
most common compositional degradation mechanism.

The addition of carbides in cemented carbide

powders introduces two additional considerations – oxidation of those carbides exposed to the jet
atmosphere, and interaction between the carbide and matrix phase within the particle. Peripheral carbides
undergo decarburisation upon exposure to oxygen at high temperature, evolving CO/CO2 [63]. Ultimately
this results in the evolution of the pure metal upon which the carbide is based, typically W, Cr, Ti, which
rapidly oxidises. The rate of oxidation is dependent on the temperature, oxygen content and metal oxidation
kinetics, as well as the thermal conductivity of the carbide phase [64].

The primary degradation mechanism of carbide based coatings occurs within the particle [63, 65]. During
spraying the particle heats up until the matrix phase melts. Up to this point minimal phase interaction occurs
between the carbide grains and the matrix. [63]. As the matrix liquefies, rapid dissolution of the carbide into
the melt occurs. Due to the high carbide content, this reaction can potentially continue until the equilibrium
composition of matrix saturation is reached. Small carbide grains may totally dissolve, while larger grains
typically exhibit rounded features where sharp corners and asperities preferentially dissolve. The peripheral
melt, now saturated in dissolved carbide elements, is prone to oxidation resulting in decarburisation of the
particle composition. Under such conditions Stewart et al [65] have utilised the Ellingham diagram for
oxides to highlight the preferential oxidation of dissolved carbon to CO at temperatures where the matrix
phase becomes molten. CO formation may occur directly at the surface or in the near surface zone by virtue
of dissolved oxygen. Decarburisation in this outer zone continues to drive carbide dissolution deeper within
the particle due to the resulting carbon concentration profile. With extended decarburisation in this manner
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the particle forms an outer band essentially devoid of carbides, surrounding a core of more carbide rich
material.

Upon impact, solidification occurs so rapidly that minimal phase reconstruction can occur. Supersaturated
solid solutions generated by carbide dissolution are frozen in a metastable state, often exhibiting amorphous
microstructures. Where total carbide dissolution occurs in-flight, the resulting splats appear as single phase
regions in the coating. Peripheral carbide dissolution and decarburisation generates a banded appearance to
the particle, which is carried through to the coating as pockets of carbide rich material surrounded by a band
of single phase material.

Minimal particle heating generates limited carbide degradation, generating

microstructures of similar appearance to the powder.

After solidification the potential for carbide

degradation essentially ceases, with matrix phase oxidation thermodynamically favoured over an oxidation
of dissolved carbon. As a result of such carbide degradation the overall coating carbon content is reduced
below that of the powder. Dissolution further reduces the carbide content, the dissolved carbide elements
significantly altering the properties of the potentially supersaturated matrix phase.

In terms of the regions of significance highlighted in the oxidation analysis, carbide degradation occurs only
in Regions 1 and 2. Carbide dissolution occurs as soon as the matrix melts and is independent of the
surrounding environment, so it can potentially occur from soon after the particle is injected, through to
solidification. Decarburisation is oxygen dependent, occurring primarily in Region 2. This can only occur to
a significant degree after dissolution. Deposition techniques utilising high flame temperatures and those that
axially feed the powder through the combustion chamber are observed to generate the greatest degrees of
carbon loss and dissolution [66, 67] as highlighted in the results of Schwetzke et al [67] in Table 2.2.
Table 2.2 Carbon loss as a function of deposition technique in the spraying of a WC-Co 83-17
agglomerated/sintered powder (-45/10 µm). Reproduced from [67].
HVOF System

Fuel

Oxygen/Fuel Ratio

Carbon Loss
(%)

Jet Kote

Hydrogen

0.5

27

Propane

6.0

46

Ethylene

5.9

40

Hydrogen

0.5

67

Propane

5.0

58

Ethylene

3.0

60

DJ Standard

Propane

4.6

35

DJ 2600

Hydrogen

0.45

38

DJ 2700

Propane

4.6

33

Ethylene

2.9

40

Kerosene

4.3

37

Top Gun

JP-5000
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This has been reflected most significantly in the works contrasting HVAF and HVOF systems by Jacobs et al
[5, 66, 68, 69] and Akimoto et al [70]. Both groups noted negligible carbide phase dissolution and
decarburisation in the HVAF deposition of WC based coatings, a result attributed to the low flame
temperature of this technique, the cooling effect of nitrogen in the air stream for combustion and the radial
injection of powder downstream of the combustion chamber [5]. Such factors significantly reduce the
particle temperatures at impact [5, 66].

In addition to the physical spray parameters, Schwetzke et al [67] noted a significant impact of the
composition and manufacturing technique of the powder on the extent of the carbon loss, Table 2.3.
Table 2.3 Carbon loss as a function of powder production method in coatings sprayed using the propane
fuelled Diamond Jet™ 2700 system. Reproduced from the work of [67].
Powder

Manufacturing Method

Particle Size
(µm)

Carbon Loss
(%)

WC-Co 83-17

Agglomerated/Sintered

-45/+10

33

WC-Co 88-12

Agglomerated/Sintered

-45/+10

24

WC-Co 88-12

Sintered

-45/+5.6

19

WC-Co 88-12

Fused

-45/+10

7

WC-Co-Cr 86-10-4

Sintered/Crushed

-45/+11

10

WC-Co-Cr 86-10-4

Sintered

-45/+15

5

WC-Co-Cr 86-6-8

Sintered

-45/+15

16

Compositions with low initial carbon contents suffered less decarburisation.

With regard to particle

morphology, extensive porosity in the agglomerated and sintered powder resulted in the greatest degree of
decarburisation.

Such degradation was minimised in the denser sintered and fused powders, a result

attributed to the lower degree of heating in these particles. For a given powder composition, carbide
degradation has also been noted as a function of the carbide grain size – fine and nano-sized carbide grains
(70-250 nm) under went extensive dissolution relative to conventional sized carbide grains (2-5 µm) in the
work of Stewart et al [65]. At the other extreme Jacobs [5] and Li [62] highlight the potential for large
carbide grains to rebound off the surface during composite powder deposition, resulting in a dramatic
reduction in the coating carbide content.
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2.5 Summary
In this chapter the fundamental mechanism of thermal spraying was introduced, along with the thermal spray
techniques most commonly utilised in the deposition of composite materials. The Cr3C2-NiCr composite
system was discussed in detail. The key points stemming from this review are discussed below.

Thermal spraying is a generic coating technique whereby droplets of molten or partially-molten material are
generated and projected at a surface to form a coating.

The build up of lenticular “splats” forms a

microstructure characteristic of thermal spray coatings and impacts on the coating wear and oxidation
behaviour.

A variety of techniques have been designed for this process, varying in the manner in which they heat the
material, the operating temperature and the velocity to which the droplets are accelerated. Those most
commonly used to apply the Cr3C2-NiCr cermet of this work are plasma spraying, D-Gun™ spraying and
high velocity continuous combustion thermal spraying. In the plasma spraying technique, mixtures of inert
gases are passed through a DC arc, forming a plasma that reaches temperatures in excess of 25,000K. The
expanding plasma passes through a nozzle, which accelerates the plasma to speeds of up to 800m/s. Powder
is injected in to the plasma stream either though the nozzle or via a radial tube just outside the nozzle. Most
commonly applied in air (air plasma spraying, APS), plasma spraying is also conducted in controlled
atmospheres, most significantly under vacuum (low pressure plasma spraying, LPPS, and vacuum plasma
spraying, VPS).

The D-Gun™ thermal spraying system operates using a 1 metre long water cooled barrel. Pulses of
combustion gases and oxygen, along with a “charge” of powder, are injected into the barrel and ignited. The
expanding combustion gases, at temperatures of up to 4500K, heat and accelerate the powder particles up to
speeds of 800m/s. Each “shot” of powder generates a circular disc of material on the substrate, made up of
overlapping splats of powder. Successive firings overlap the discs of material to form the coating. Air
entrapment in the combustion gases is minimised due to the nozzle length, which also generates high particle
velocities, leading to minimal oxide inclusions and low coating porosities.

High velocity continuous combustion thermal spraying incorporates a variety of techniques whereby
combustion gases or kerosene are combusted with an oxidant, at high pressure, in a combustion chamber.
The expanding combustion gases, at temperatures up to 2920ºC, escape along a nozzle configured to
generate high gas velocities approaching 2000m/s. The coating material in powder form is introduced via a
carrier gas either through the combustion chamber, or downstream of the combustion chamber at the
entrance to the nozzle. The primary differentiation in techniques relates to the oxidant, either oxygen in high
velocity oxygen fuel (HVOF) techniques, or air in high velocity air fuel (HVAF) spraying. Further variation
exists within the HVOF systems in regard to the fuel used, nozzle configurations, powder injection location
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and operating parameters, each of which generates a variation in the flame temperature and velocity
characteristics.

The Cr3C2-NiCr system is the second most commonly thermally sprayed composite behind WC-Co. In the
chromium carbide system three stable carbides exist – Cr3C2, Cr7C3 and Cr23C6, each of successively lower
carbon concentrations. These phases show negligible solubility for the other components in the NiCrC
system.

The latter two phases are primarily identified as products of decarburisation during thermal

spraying. The Ni based binder forms a fcc substitutional solution with Cr, reaching a solubility limit of
48wt% at 1345ºC. The larger size of the Cr atom relative to the Ni atom leads to an increase in the d-spacing
of the alloy phase with increasing Cr alloying. Ni and NiCr alloys show negligible carbon solubility over the
temperature range of interest in this investigation.

Cemented carbides are a class of composite materials incorporating a hard, brittle carbide phase encapsulated
within a metallic binder. Cr3C2-NiCr is the composite of focus in this investigation. Degradation of the
cermet composition during thermal spraying occurs through oxidation, decarburisation and carbide
dissolution, the effects of which are retained in the as-sprayed coating as a result of the rapid solidification of
the material upon impact. Such degradation has been described in terms of a regional approach, accounting
mainly for the oxidative environment in-flight, and a microstructural approach, related to the particle
temperature and velocity. This analysis has highlighted the significance of the operating parameters such as
the fuel composition, oxygen/fuel ratio, spray distance and powder injection position, as well as the powder
characteristics, in determining the extent of in-flight phase degradation.

In regard to high velocity

combustion systems, previous works have highlighted the minimal degree of phase degradation in HVAF
sprayed coatings relative to HVOF systems in the deposition of WC-Co powders.
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Chapter 3
Experimental Equipment
and Analytical Methods

3.1 Metallographic Specimen Preparation
Coated substrates of mild steel and 253MA stainless steel were sectioned down to smaller samples using a
manual high speed cutting machine (Struers Discotom). The coated parts were oriented so that the cutting
blade kept the coating under compression during cutting to prevent separation from the substrate. Sectioning
of edge-sensitive samples, such as oxidised and coating-only samples, was carried out using a semiautomated cutting machine (Struers Accutom) equipped with a high speed diamond cutting blade.

Oxidation and heat treatment trials were conducted using coating-only specimens produced from coatings
sprayed to approximately 0.8-1 mm thick. Coated samples of 15 mm x 15 mm were mounted vertically to
the end of 15 mm x 15 mm x 25 mm support stubs using Crystalbond metallographic adhesive. The
manual cutting machine was used to cut through the substrate side of the coating-substrate interface to
remove the coating. Any remaining mild steel substrate material was removed by heating the samples in a
10% nitric acid solution. Copper plates were placed in contact with the samples to speed up the iron
dissolution. Analysis by X-ray diffraction (XRD) and energy dispersive X-ray analysis (EDS) indicated no
detectable variation in composition as a result of acid treatment. The coating-only specimens were manually
ground and polished to 3 µm using a 45 µm diamond pad, 9 µm polishing pad (Struers Allegro) and 3 µm
polishing cloth (Struers DP-Dur). The samples were supported during preparation by affixing them to the
machined head of a M16 bolt using double sided tape.

Samples for metallographic inspection were mounted in low vapour pressure epoxy (Struers Epofix) using
vacuum impregnation (Struers Epovac) in order to preserve the coating microstructure during grinding and
polishing. Edge sensitive samples were copper plated prior to impregnation. The specimens were initially
platinum coated for 10 minutes to form an electrically conducting surface. They were then copper plated in a
standard electrolytic cell for 5-10 minutes.

Grinding and polishing were carried out on a semiautomatic polishing machine (Struers Abramin). Grinding
was performed using diamond pads under the conditions in Table 3.1. Polishing was carried out using 9 µm
Struers DP Plan and 3 µm DP Mol cloths.
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Table 3.1 Metallographic preparation procedure.
Preparation Step Abrasive Grain
Size

Disc Speed
(Complimentary
rotation)

Load per
Specimen

Lubricant

Time

Planar Grinding 125 µm Diamond
Pad

300 rpm

20 N

Water

Until flat

Grinding

40 µm
Diamond Pad

300 rpm

20 N

Water

1-2 minutes to remove
scratches from previous
stage

Polishing

9 µm Diamond
paste

150 rpm

25 N

Struers DP Blue

5 minutes

Polishing

3 µm Diamond
suspension

150rpm

25 N

Struers DP Blue

5 minutes

3.2 Vickers Microhardness Testing
The hardness of the coatings was tested on the polished cross section using a Vickers Hardness tester (LECO
M-400 Hardness Tester). In this test a diamond indenter in the form of a square pyramid is forced into the
surface [1]. Measurement is made of the two diagonal lengths of the square and correlated via conversion
tables to a Vickers hardness number. Trials were conducted using a 300g load for 10 seconds, unless
otherwise stated. Because of the inhomogeneous nature of thermal spray coatings, operator judgement was
required to pass or fail each indent as being representative, especially in terms of cracking.

Ten

representative indents were averaged for each sample.

3.3 Porosity
The coating porosity was measured on polished coating cross sections using image analysis. Images taken at
500X magnification (Olympus BX60M microscope) were captured using a digital camera (Phase One
PhotoPhase and Studio Kit Digital Camera incorporated into a Phase One Digital Studio Camera System).
Image processing was performed using the software package UTHSCSA Image Tool for Windows [2].
Porosity features were determined manually using a threshold function related to the image greyscale. This
threshold image was converted to a black and white image, with the calculated percentage of black particles
indicative of the coating porosity. Ten images were processed per sample. Care must be taken in comparing
porosity results for two reasons. Generating a representative cross-sectional sample without introducing
defects through metallographic preparation is extremely difficult. This was especially so in these coatings
which were prone to carbide pullout, as observed by SEM analysis, in regions of high carbide density.
Interpretation of the “true” coating porosity features versus “induced” porosity requires operator judgement
and hence leads to further variability. This is particularly significant in high quality high velocity sprayed
coatings where the porosity values are typically less than 5 %. Within one series of experiments, such errors
were minimised as much as possible by preparing and analysing all the samples at the same time.
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3.4 Scanning Electron Microscopy (SEM)
3.4.1 Beam-Specimen Interactions [3].
Scanning electron microscopy is an analytical technique that exploits the electrons and x-rays generated by
the interaction between an electron beam and specimen, to generate information on surface topography and
specimen composition.

Interaction between the beam electrons and the specimen atoms can occur by either an elastic or inelastic
process. In the elastic process a beam electron interacts with an atom and is deflected without loosing a
significant amount of its initial kinetic energy. The angle over which deflection occurs is large, ranging from
average values of 2-5º up to 180º. Through this process, incident beam electrons can interact with the
specimen and escape back out of the surface, being detected as “back scattered” electrons. During inelastic
scattering an incident beam electron interacts with a substrate atom, giving up some of its initial kinetic
energy. The beam electron is deflected, typically over angles <0.1º and continues into the sample. Of the
various mechanisms of beam electron-substrate atom interactions generated through inelastic scattering,
those most relevant to this work involve transfer of energy to the outer band of electrons, and ejection of an
inner shell electron from the atom by the beam electron. Following this interaction, the atom is in an
“excited” state, relaxation of the atom resulting in the formation of “secondary” electrons and “characteristic
x-rays” respectively.

The dispersive nature of the electrons of the primary beam within the specimen, combined with the multiple
interactions that each electron has, means that the signals generated from the point of the incident beam are
generated over a larger “interaction volume”. The energy of the electrons or x-rays formed determines the
depth from which they can escape the surface and be detected, leading to significant variation in the volume
of material analysed in each technique, Figure 3.1.
Incident electron beam
Backscattered electrons
Characteristic X-rays
Secondary electrons
10nm
0.45µm
1.3µm

Analysis Volume

Figure 3.1 Schematic illustration of the relative depths from which secondary electrons, back scattered
electrons and characteristic x-rays may escape the surface to be detected. The numerical values are
specified for a Cu-10Co alloy with an incident beam energy of 20keV (Reproduced from [3]).
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3.4.2 Secondary Electron (SE) Imaging
During inelastic scattering the incident beam electron transfers sufficient energy to a valance band or
conduction band electron in the substrate atom, that it can escape the atom and travel out of the surface.
These “secondary” electrons are of low energy and hence only those in the very near surface region receive
enough energy to escape the surface to be detected, Figure 3.1. Tilted surfaces generate more secondary
electrons than flat regions, generating topographical contrast and the ability of surface features to be imaged.

3.4.3 Energy Dispersive X-ray Spectrometry (EDS)
Ejection of an inner shell electron by the beam electron elevates the substrate atom to an excited state.
Relaxation occurs when one of the electrons from an outer shell drops down to fill in the vacancy and energy
is released. This energy may be released through the generation of an auger electron or, as measured in this
context, as an x-ray. Because the energy levels of these electron shells occur at specific energies for each
atom, the energy released as an x-ray is characteristic of that element.

Energy dispersive x-ray spectrometry involves analysis of the intensity of emitted x-rays as a function of
their energy. The characteristic elemental x-ray energies are plotted as peaks in a spectrum. The intensity of
the peaks can be correlated with the concentration of each element through the use of mathematical models.
Analysis can be conducted on a specific point of material (spot scan), or over multiple points in a raster

Counts

pattern to generate an “x-ray map” of the distribution of elements on a surface.

Binding Energy (keV)

Figure 3.2 EDS spectrum of a dissolution zone of an as-sprayed Cr3C2-NiCr coating. The Ni and Cr spectra
are readily identifiable.
With regard to the elements of interest in this work, the spectra of Cr and Ni are readily identifiable, Figure
3.2. Oxygen can also be readily detected with the equipment used in this study. However, a limiting
complication in terms of oxide identification is that two secondary Cr peaks occur either side of the oxygen
peak, Figure 3.3.
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topographical or BSE images so that oxide phases could be correlated with physical features of the coating.
Quantitative analysis of oxide phases was not carried out using this peak.

Cr O

Counts

Cr

Binding Energy (keV)

Figure 3.3 EDS spectrum of Cr2O3, the magnified section illustrating the overlap of the secondary Cr
elemental spectrum lines with that of oxygen.
The low atomic mass of carbon approached the detection limit of the instrument used. While a peak
indicative of its presence was detected, it again was only used in conjunction with topographical or BSE
images for phase identification and not for quantitative analysis.

3.4.4 Back Scattered Electron (BSE) Imaging
The yield of BSE’s increases with increasing atomic number of the sample material. Elements of higher
atomic mass appear brighter in BSE images. In multi phase alloys and compounds the intensity of BSE
generation is dependent upon the average atomic mass based on the mass fractions of the elements in the
analysis volume. On flat surfaces, compositional distribution is reflected in varying shades of grey.

As the deflection angle of back-scattered electrons with substrate atoms is quite low, multiple interactions
with the substrate atoms are required before the electron can escape the surface. The larger volume over
which the back scattered electrons travel means the resolution of this technique is lower than in SE imaging.
As a result of this greater analysis volume, compositional information from material below the surface
appears in the BSE image. If the incident beam of electrons interacts with a secondary phase of high atomic
mass beneath the surface, a higher number of electrons will be elastically scattered from this material than
the surrounding matrix. As a result the back scattered electron intensity above this region will be greater
than in the matrix phase alone. Essentially the BSE signal represents an average atomic mass contrast over
the entire analysis zone, Figure 3.4.
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Mid-grey BSE contrast generated by
the averaging of the atomic mass of
the material within the analysis
volume
BSE contrast resulting from
the compositional
distribution

High atomic mass
material
Appears bright in the
BSE image

Low atomic mass
material
Appears dark in the
BSE image

Figure 3.4 Schematic illustration of BSE greyscale variation as a function of atomic mass distribution
within the sample.
A significant complication arises in this work in
regard to the BSE greyscale contrast being
generated by compositional variation and structural
phase variation within the analysis volume. Figure
3.5 represents a BSE image of a Cr3C2-NiCr
coating cross section. The dark phase represents
the carbide phase, surrounded by the bright, higher
atomic mass matrix. During spraying, dissolution
of the carbide phase into the alloy matrix and
decarburisation of the carbide particles can occur.
Carbide dissolution may produce a band of alloy
around that carbide that is supersaturated with
carbide elements. This material would have an
average atomic mass between that of Cr3C2 and the
NiCr matrix, therefore occurring as a mid-grey

Figure 3.5 BSE image of a Cr3C2-NiCr coating cross
section illustrating the variation in greyscale contrast
thought to result from the mechanism discussed
above.

region. Decarburisation of Cr3C2 to Cr7C3 may
possibly result in a band of the degradation phase forming around the outer region of the particle. Cr7C3 has
a higher atomic mass than Cr3C2 and so would also appear as a mid-grey band. In high quality coatings
minimal carbide phase degradation occurs, resulting in only Cr3C2 and NiCr in the coating. However the
physical orientation of the carbides is randomly distributed relative to the cut surface. If a carbide is oriented
at a shallow angle to the surface, a region of greyscale will be generated where regions of both the matrix
and the carbide occur within the BSE analysis volume, Figure 3.6.

Because of this complication,

information gained from BSE images was cross correlated with SE, EDS and/or XRD information during
interpretation of the phase distribution.
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Plan view showing the
orientation of the carbide
grain to the cross-sectional
surface
Depth of BSE analysis

BSE image of the cross
section as seen in a
captured image

Greyscale variation resulting from the
atomic mass averaging of the carbide
and matrix phase in the region of
analysis

Figure 3.6 Mechanism of imaging induced greyscale variation around the periphery of single phase carbide
particles in a BSE image.

3.4.5 Equipment Details
Analysis was conducted on a Philips XL30S FEG field emission scanning electron microscope with an Edax
Phoenix EDS analysis unit. Imaging was conducted at an accelerating voltage of 20kV. Prior to analysis
samples were coated with platinum using a Polaron SC7640 Sputter Coater (voltage 1100kV, current 20mA,
coating time 3 minutes).

3.5 Xray-Diffraction (XRD)
3.5.1 Fundamentals.
X-ray Diffraction exploits the similarity in magnitude between the wavelength of X-rays and the inter-atomic
spacing of the planes of atoms in crystals, that enables X-rays to be diffracted [4]. X-rays of a fixed
wavelength are projected onto a sample. They penetrate the surface and are scattered by the regular array of
planes of atoms, only those travelling out of the specimen in the same direction as the incident beam being
detected. Within a crystal, diffraction occurs if the different distances travelled in the direction of the
detector by the scattered x-rays are equal to a whole number of wavelengths. If so, the wavelengths
reinforce each other through constructive interference, generating a very large intensity signal. If the
variation in distance travelled does not fit this criterion, diffraction does not occur and the detector registers
only a low “back ground” signal of X-rays randomly scattered in this direction. The peaks in intensity based
on the inter-atomic spacing are characteristic for a specific set of planes of atoms for each compound. As a
compound typically has several families of crystallographic planes that may diffract X-rays, several peaks
occur at different incident angles.

A spectra is generated by scanning a range of incident angles and measuring the X-ray intensity. The peak
positions within this spectra are related to the inter-atomic spacing, d, the wavelength of the X-rays, λ, and
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the angle of the incident beam to the surface. The relationship between these variables is described by
Bragg’s Law, Equation 3.1.
λ= 2d sinθ

Equation 3.1

Results are typically presented as spectra of intensity versus 2θ. Identification of the compounds within a
spectrum is achieved by comparing the relative intensities of the various peaks and their peak positions with
standard spectra within the JCPDS (Joint Committee on Powder Diffraction Standards) database. Where
mixtures of phases are present, the amount of each component is proportional to the intensity and the area
underneath the peaks for that compound. Intensities for a given composition are dependent upon the atomic
number for that compound and are also affected by the mass absorption of x-rays by the material.
Calibration of spectra intensities through the use of standard mixtures is required for quantitative
compositional analysis.

Two factors commonly complicate spectral interpretation. Standard spectra from the JCPDS database are
generated from pure, homogeneous samples where the crystals with diffracting planes are randomly oriented
with respect to the incident beam. Where one family of diffracting planes occurs preferential to the others
(preferential orientation), the position of the peaks will remain fixed but the intensity will be a lot higher than
in the standard spectra.

Secondly, the compounds considered to this point have been crystalline. Diffraction can also occur in
materials where the periodicity of the atoms is not as regulated, such as amorphous materials. In this case a
broad peak is generated, centred on a d-spacing where the amorphous material atoms show a preference for a
particular inter-atomic distance.
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3.5.2 Analysis Techniques
Locked Couple XRD: This is the most commonly used of the two techniques considered for general
compositional identification. The source and the detector are moved together so that the angle that the
incident beam strikes the surface is the same angle that the detector collects X-rays leaving the surface,
Figure 3.7.

X-ray detector
X-ray source

Figure 3.7 Schematic illustration of
the locked couple XRD technique. The
x-ray source and detector are moved
at the same time so that they maintain
the same angle relative to the sample.

θ2

θ2
θ1

θ1
Sample

The depth of analysis of this technique is determined by Equation 3.2 [4].

GX = 1− e

− 2 µx

sinθ

Equation 3.2

Where GX = fraction of the total diffracted intensity of x-rays contributed by a surface layer of depth x
(taken as being 95% of the total diffracted intensity)
x = Depth of penetration for the above percentage of intensity
θ = Incident beam angle
µ = Mass absorption coefficient, Table 3.2
For the greatest depth of penetration θ = 90º. For GX = 0.95 the depth of analysis for Ni and Cr is presented
in Table 3.2.

These values are indicative of the order of magnitude of analysis depth and would vary further for the
carbide compounds and oxides considered in this work. While this is almost the total depth from which Xrays are diffracted, most of the information is generated in the top 5-10 µm [4].
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Glancing Angle XRD: In this technique the X-ray source is held fixed at a low incident angle,
typically <3º, while the detector is rotated between 0-90º, Figure 3.8. The spectrum is produced in the same
manner as for the locked couple technique, but the depth of analysis is a lot shallower, Table 3.2. The
greater surface sensitivity is exploited to analyse thin surface films without significant contribution from the
bulk substrate material.

The technique was used in this work to determine the surface composition of Cr3C2 powder particles
oxidised at 600ºC (Appendix 3).

X-ray detector

Figure 3.8 Schematic illustration
of the glancing angle XRD
technique. The x-ray source is
fixed at a low angle relative to the
sample, while the detector is moved
over the range 0-90º relative to the
sample to detect the diffracted
beams.

X-ray source

θ<3º
Sample

Table 3.2 Mass absorption coefficients[4] and the corresponding depth of analysis for Ni and Cr in the
locked couple and glancing angle modes of operation.
Property

Material

Source: Co Kα1

Source: Cu Kα1

Mass absorption coefficient

Ni

435.1 cm-1

657.1 cm-1

Cr

2696 cm-1

1814 cm-1

Ni

34.4 µm

22.8 µm

Cr

5.6 µm

8.3 µm

Ni

-

1.2 µm

Cr

-

0.4 µm

Depth of Analysis – Locked Couple

Depth of Analysis – Glancing
Angle

3.5.3 XRD Analysis of Components Within the NiCrC System
Cr7C3 is the principle decarburisation phase generated in the degradation of Cr3C2 during thermal spraying
and heat treatment. XRD analysis of this compound is complicated by the overlap of the Cr7C3 spectra with
peaks of the Cr3C2 and NiCr spectra, Table 3.3 and Figure 3.9. The primary Cr7C3 peak overlaps the primary
Ni alloy peak, Figure 3.10. The most intense secondary Cr7C3 peak, 50% relative intensity, is overlapped by
two minor Cr3C2 peaks while the 30% relative intensity peak overlaps on the lower d-spacing side of the
primary Cr3C2 peak. Instead its presence was considered through inference. The area under the combined
primary Cr3C2 and secondary Cr7C3 peak was compared with a characteristic peak of the Cr3C2 spectra that
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did not undergo preferential orientation. This ratio was compared between samples to assess indicative
variations in the Cr7C3 concentration.
Table 3.3 Spectra data of significance in this work.
Compound

JCPDS Number

d-Spacing of the Three Most Intense Peaks
(subscripts are the relative intensity of that peak to the most intense
peak in the spectrum, X)

Cr3C2

35-0804

2.31X

2.2460

1.8750

Cr7C3

36-1482

2.05 X

2.1250

2.3030

Cr23C6

35-0783

2.05 X

2.1820

2.3820

Ni*

04-0850

2.03 X

1.7640

1.2520

Cr2O3

38-1479

2.67 X

2.4890

1.6790

NiO

04-0835

2.09 X

2.4190

1.4860

NiCr2O4

23-432

2.49 X

2.5390

1.4780

* Note that the peak positions of the Ni alloy are shifted to higher d-spacings than presented here due to
expansion of the inter-atomic distance by the larger Cr atoms.
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Intensity

Representative Cr3C2-NiCr Coatings Spectrum

Degree 2θ

Intensity

Cr3C2 Spectrum

Degree 2θ

Intensity

Cr7C3 Spectrum

Degree 2θ

Intensity

Cr23C6 Spectrum

Degree 2θ

Intensity

Ni Spectrum

Degree 2θ

Intensity

Cr2O3Spectrum

Degree 2θ

Figure 3.9 Standard spectra of the Cr3C2, Cr7C3, Cr23C6, Ni and Cr2O3 phases from the JCPDS database.
The Ni phase peaks are shifted to higher d-spacing values in this work on account of Cr alloying.
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Intensity

30% relative intensity
Cr7C3 peak on the lower
d-spacing side of the
primary Cr3C2 peak.

The primary Ni peak is moved to a
higher d-spacing due to Cr alloying
and forms the dominant peak in the
spectrum. It is over lapped by the
primary Cr7C3 and Cr23C6 peaks.

Most intense secondary Cr3C2
peak. Not overlapped by any
other compound peaks in this
system.

50% relative intensity
Cr7C3 peak overlapped
with minor Cr3C2 peaks.

Degrees 2θ

Figure 3.10 Close up analysis of the primary peaks in the coating spectra illustrating the overlap of
spectrum peaks of many of the primary phases. The colour of the standard spectra lines (vertical
lines) corresponds to those in the previous figure.

3.5.4 Equipment Details
XRD analysis was conducted on two instruments over the coarse of this investigation:
i.

Philips PW1729 X-ray generator with a Co source (Co Kα1 = 1.789 Å) operated at 35 kV and 40

mA. The diffractometer was a Siemens 122D connected to a Sietronics PW1710 interface. Analysis
was conducted in the locked couple mode only.
ii.

Bruker D8 Advance diffractometer with a Cu source (Cu Kα1 = 1.542 Å) operated at 40 kV and

40 mA. Analysis was conducted in both the locked couple and glancing angle modes.
Unless indicated otherwise, XRD spectra were recorded in locked couple mode.

3.6 Thermogravimetric Analysis
Thermogravimetric analysis is the study of mass change as a function of temperature [5]. The technique was
used to continuously measure the oxidative mass gain of samples exposed to elevated temperature to assess
the oxidation kinetics. Coating-only samples of approximately 15 mm x 15 mm and of varying thickness
were accurately measured in order to calculate their exposed surface area. Prior to testing they were
thoroughly cleaned with detergent and ethanol.

Analysis was performed using a Setaram TGA 92

thermogravimetric system. Samples were suspended from a platinum wire by notches cut into the specimen
sides. The furnace was allowed to reach the trial temperature before the samples were lowered into it. The
oxidative mass gain measured by the micro-balance was continuously recorded by the Setaram data logging
software. Following the exposure period the furnace was switched off and the samples were allowed to
furnace cool to ambient temperature. All trials were conducted in still air.
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Chapter 4
Characterisation of
Thermally Sprayed
Cr3C2-NiCr Coatings

4.1 Introduction
In order for the results of this work to be industrially applicable the coatings used had to be representative of
the high quality applied in industry. This chapter broadly reviews the literature on Cr3C2-NiCr thermal spray
coatings to establish a benchmark of industrial quality in terms of compositional variation and degradation,
microhardness and porosity. This provides a basis of comparison for the coatings used in this trial such that
the responses to heat treatment, oxidation, erosion and erosion-oxidation observed in the following chapters
may be considered indicative of that expected from industrial coatings in-service. In order to incorporate the
full range of industrial coating variation three HVOF techniques – Stellite Jet Kote™, TAFA JP-5000™,
GMA Microjet™, were used, along with an Aerospray™ 150 HVAF system, to deposit an
agglomerated/sintered powder. The HVAF system was employed to act as a basis of comparison for
minimal phase degradation relative to the HVOF techniques, based on the work of Jacobs et al [1] who
observed negligible degradation of WC-Co cermets using this technique. To assess the effect of starting
powder morphology a blended powder of the same composition as that above was sprayed using the
Microjet™ HVOF system.

Consideration was given to this powder on the basis that much of the

development work on Cr3C2 based plasma and D-Gun coatings that led to their industrial application was
based on blended powders.

The experimental strategy for the chapter is schematically illustrated in Figure 4.1.
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Coating Characterisation
• Samples: Aerospray HVAF, Microjet HVOF, Jet Kote HVOF, JP-5000 HVOF,
Blended Powder
• Optimisation of Spray Parameters – Aerospray HVAF, Microjet HVOF
• Analysis:
o Phase Analysis: XRD, BSE
o Microhardness
o Porosity
• Goal: Characterisation of coating properties relative to industrial quality
coatings
Heat Treatment
900ºC

Oxidation
700-900ºC

Erosion
Ambient Temperature

Erosion-Oxidation
700-900ºC

Figure 4.1 Overview of the experimental strategy of this chapter.
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4.2 Review of Cr3C2-NiCr Coating Quality
4.2.1 As-Sprayed Phase Composition and Coating Microstructure
The most commonly applied Cr3C2 based composite thermal spray coatings are based on the 75wt% Cr3C225wt%(Ni20Cr) composition.

Traditionally based on blended mixtures of Cr3C2 and NiCr powder,

developments in powder manufacturing have now led to increasing use of prealloyed composite powders in
order to reduce in-flight carbide degradation and improve the homogeneity of the phase distribution in the
sprayed coatings. These powders are typically applied using HVOF, plasma and D-Gun™ deposition
techniques. Figure 4.2 represents a typical XRD spectrum and BSE cross sectional image for a prealloyed
composite powder based coating, which highlight the phase degradation features typically generated in
coatings of this composition.

Formation of decarburised
phases, typically Cr7C3 and
Cr23C6.

Reduction in NiCr peak
intensity and formation of
higher d-spacing (left hand
shift) amorphous “hump”
resulting from carbide
dissolution into the matrix
phase during spraying

Formation of oxide phases,
most commonly Cr2O3

Total carbide dissolution
resulting in a carbide free
splat of mid grey contrast
resulting from the
supersaturation of the matrix
with Cr and C.

Widespread carbide
dissolution. Only the largest
carbides retained.

Core of high retained carbide
content. Carbides maintain
faceted features indicative of
negligible dissolution

Thin elongated splat structure
indicative of the particle
being molten in flight and
hence prone to significant
carbide degradation

Figure 4.2 Typical XRD spectra of a prealloyed Cr3C2-NiCr powder and resulting coating (top),
highlighting the phase degradation commonly observed as a result of spraying (Reproduced from [2]).
These compositional variations are illustrated in the BSE image (bottom), particularly the extent of carbide
dissolution which impacts on the carbide concentration and morphology.
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Phase degradation occurs according to the mechanisms outlined in Chapter 2, leading to matrix phase
oxidation, carbide dissolution and decarburisation. Oxidation of the matrix phase typically forms Cr2O3,
with NiO and NiCr2O4 less commonly reported. These form on the particle periphery in-flight and become
distorted upon impact, appearing in the coating as long, thin dark patches, termed oxide “stringers”. The
formation of nitride phases such as CrN, Cr2N and CrXCYNZ have been considered by several authors [3, 4],
but have only been observed experimentally during reactive plasma spraying in nitrogen atmospheres [4].

2C + O 2 → 2CO

Peripheral zone
denuded in carbide

Cr3 C 2 → 3Cr + 2C
Interior carbide dissolution
driven by loss of carbon
from the particle periphery

Total carbide
dissolution

Core of retained
carbides with outer
zone of carbide
dissolution

Carbide Dissolution
and Decarburisation

Carbide dissolution, low retained
carbide content and rounded carbide
features

Cr3 C 2 + O 2 → .... → Cr2 O 3 + CO
Cr3 C 2 → 3Cr + 2C
Carbide Dissolution

2Cr +

3
O 2 → Cr2 O 3
2
Carbide and Matrix
Oxidation

Figure 4.3 Schematic illustration of mechanisms of carbide degradation in-flight.
Carbide degradation occurs through dissolution into the matrix phase, and decarburisation to form lower
carbon content chromium carbides. Melting of the matrix phase in this composite leads to dissolution of Cr
and C from the carbides, reducing the carbide concentration and leading to saturation of the NiCr phase with
Cr. The low solubility of carbon in Ni may lead to graphite formation, while its high diffusivity means that
considerable amounts of carbon may be lost as CO/CO2 as it is oxidised at the particle periphery, Figure 4.3.
Upon solidification the dissolved elements are trapped within the matrix phase, resulting in high degrees of
supersaturation of the Ni phase. This appears in BSE images as mid-grey contrast regions, corresponding to
variation in the degree of saturation and hence variation in the atomic mass of that phase, Figure 4.2. The
combined effect of carbide dissolution and amorphous phase formation of the matrix with rapid solidification
is reflected in the XRD spectra as broad “humps” on the higher d-spacing side of the NiCr spectra peaks,
Figure 4.2. These features represent a variety of metastable phases and fine crystal structures that revert
back to equilibrium carbide and NiCr phases with heat treatment. The narrow matrix peak on the lower d-
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spacing side (higher 2θ side) of the broad peak represents crystalline NiCr material that is largely unaffected
by the spraying process. This appears in BSE images as the brightest phase, associated with high carbide
contents at the core of larger splats. The fact that the broad peak occurs at a higher d-spacing than the
crystalline matrix peaks indicates an increase in the distance between the atomic planes in the matrix
structure, indicative of Ni alloying with larger Cr atoms. The exact composition of the phases contributing to
this broad peak are unknown and are possibly variable, based on the degree of carbide dissolution. In the
broadest sense they are proposed to range from the NiCr starting alloy with minor degrees of alloying with
Cr and C, through to regions of total carbide dissolution where the resulting alloy phase is dominated by Cr
[2, 5]. The broad nature of the matrix peaks is accentuated by the amorphous or finely grained crystal
structure generated upon rapid solidification, as well as possible residual stress states within the matrix phase
due to physical stresses in the coating from quenching upon impact, and compositional stresses generated by
the high degrees of supersaturation resulting from rapid solidification.

The extent of carbide dissolution and decarburisation is technique dependent, particularly in regard to the
deposition temperature and resulting extent of particle heating. The extremely high flame temperature of
plasma systems results in high degrees of carbon loss, and this has lead to HVOF becoming the dominant
thermal spray deposition technique for carbide based coatings. However, even within this general category
extensive variation still exists in the extent of carbon retention for Cr3C2-NiCr coatings, as reflected in the
work of Zimmerman et al in Table 4.1.

Table 4.1 Variation in carbon loss as a function of HVOF deposition technique and fuel/oxygen ratio as
measured by Zimmerman et al (Reproduced from the results of [6]).
HVOF System

Fuel

Oxygen/Fuel Ratio

Carbon Loss (%)

Jet Kote

Propane

7.3

19.8

Ethylene

4.2

27.3

Hydrogen

0.7

17.7

Propane

4.3
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Propane

5.0

52.3

Propane

6.6

61.9

Ethylene

3.0

46.8

Hydrogen

0.5

47.9

Propylene

4.3

17.8

Ethylene

2.9

17.9

DJ 2600

Hydrogen

0.45

17.2

JP-5000

Kerosene

Oxygen 56.6 m3/hr
Kerosene 22.7 l/hr

12.9

Top Gun

DJ 2700

Such results highlight not only the extensive variation in coating quality as a function of deposition
technique, but also as a function of the deposition parameters within each technique, emphasising the need
for optimum parameters to be defined for each powder/gun combination. Contributing to this, is the

43

Chapter 4 – Characterisation of Thermally Sprayed Cr3C2-NiCr Coatings

morphology of the carbide phase and the manner in which it is exposed to either the oxidising atmosphere or
molten matrix, Table 4.2 [7, 8].

Table 4.2 Variation in carbon loss as a function of starting powder composition and manufacturing
techniques.
Reference

Deposition Technique

Powder Composition
(wt%)

Manufacturing Method

Carbon Loss
(%)

[7]

DJ 2600 HVOF
Fuel: Hydrogen

Cr3C2-NiCr
(Cr-34Ni-7.7C)

Proprietary

17

Cr3C2-NiCr
(Cr-16Ni-10.7C)

Blend

66

Cr3C2-NiCr
(Cr-16Ni-10.7C)

Chemical Clad

36

75 Cr3C2-25NiCr

Agglomeration

32

75 Cr3C2-25NiCr

Blend

55

93 Cr3C2-7NiCr

Blend

38

50 Cr3C2-50NiCr

Chemically Clad

50

80 Cr3C2-20NiCr

Chemically Clad

35

75 Cr3C2-25NiCr

Blend

14

75 Cr3C2-25NiCr

Agglomerated/Sintered/Plasma
Alloyed

8

[8]

[9]

DJ 2600 HVOF
Fuel: Hydrogen

JP-5000
Fuel: Kerosene

Carbon loss most commonly occurs through carbide dissolution and subsequent carbon oxidation as outlined
in Chapter 2. However, gross carbon loss may occur through physical rebounding of the carbide grains off
the coating during spraying, leading to extensive localised carbide loss and the formation of pockets of
matrix phase in the coatings. This mechanism is expected to predominate in blended powders where large
individual carbide particles may not be heated to a sufficient degree to adhere, but Li et al [10] contest that
prealloyed composite powders are also susceptible.

The second prominent mechanism of carbide degradation is the formation of lower carbon content chromium
carbides, although this process is not fully understood. Cr7C3 is the most commonly formed degradation
phase, Figure 4.2, with Cr23C6 less commonly observed. The metastable Cr3C phase has been reported in the
works of Guilemany et al [2, 11] but has not been widely reported. Cr3C2 degradation occurs initially during
powder manufacture [2, 5, 11]. In Cr3C2-25wt%NiCr powders formed by a variety of techniques, Cr3C2 may
make up <20% of the total carbides, the remaining hard phases dominated by Cr23C6 and Cr7C3. With further
carbide degradation occurring in-flight and/or during deposition [12]. This transition in phase composition
may potentially occur through two mechanisms, neither of which has been characterised in the literature:
i.

Carbide dissolution and re-precipitation (potentially occurs in composite powder particles where
carbide grains are not exposed to the gaseous environment)

ii.
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With regard to the first mechanism it is thought unlikely that Cr7C3 forms during the dissolution phase. In all
the works discussed in Chapter 2 regarding Cr3C2 dissolution in Ni or NiCr alloys, no mention was made of
preferential dissolution of carbon. The dissolution process in these works, and presumably during thermal
spraying, occurs by stoichiometric separation of Cr and C atoms into the matrix, leaving smaller single phase
Cr3C2 particles. As such, dissolution in this manner is thought unlikely to account for the core-rim features
observed in BSE images that are sometimes attributed to Cr7C3 formation. If the particle temperature
continues to rise or maintains an approximately constant value prior to impact, then it is expected that the
deposited splat will consist of undissolved Cr3C2 particles in a supersaturated matrix phase. No Cr7C3 is
likely to occur.

If, however, the particle temperature peaks in-flight and begins to cool prior to impact, the matrix may not be
able to maintain the high Cr and C solubility as the liquid cools. In this case precipitation of the carbide
particles in the melt may occur [1], either as discrete particles or as features on the retained Cr3C2 grains.
The composition of this precipitated phase depends on the extent of component diffusion. The small size of
carbon atoms means that this element may diffuse relatively far from the dissolution point and may be lost as
CO/CO2. The localised ratio of Cr:C at any point of potential nucleation is likely to be Cr rich relative to
that of Cr3C2, and therefore Cr7C3 would be favoured. As the time of diffusion is limited and the greatest
extent of saturation would occur next to the carbide grains, conditions would therefore be suitable for
nucleation on the carbide grains themselves. This may be a potential mechanism for core-rim feature
formation, Figure 4.4 [2].

Typical core-rim features of
the carbide particles

Note the asymmetric
morphology of the rim
features and the variability
in carbide size around
which such features
develop.

Figure 4.4 Typical core-rim features developed around the periphery of some Cr3C2 grains during spraying
of Cr3C2-NiCr composite powders (Reproduced from [2])

The localised coating compositions resulting from such phase transformations are essentially frozen upon
impact due to the rapid rate of cooling and solidification. Although the matrix may be supersaturated with
dissolved carbide elements, it seems unlikely that compositional refinement occurs to the extent to allow
Cr7C3 formation during solidification. While subsequent particle impacts and gun passes may heat the
supersaturated material, the temperatures encountered are a lot lower than in-flight and are not expected to
induce significant post-deposition carbide development. Cr7C3 formation according to this mechanism is
difficult to confirm definitively. The presence of carbide-free splats in as-sprayed coatings indicates that
particles small enough to reach sufficient temperatures to dissolve all of the carbide phase, impacted and
solidified before cooling in-flight to the point where Cr7C3 could develop. It is, therefore, unlikely that any
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larger particles with retained carbides could undergo Cr7C3 formation according to this mechanism.
Microstructurally, Cr7C3 development in this manner would be expected to generate carbide grains of
rounded morphology, as a result of dissolution, surrounded by a circumferential band of brighter BSE
contrast material.

Given the temperature conditions necessary, such features would occur around all

neighbouring carbides of a similar or smaller size. While core-rim contrast features are commonly observed
in BSE images of as-sprayed Cr3C2-NiCr coatings, Cr7C3 development is not thought to be the primary cause
of such features. They are generally observed around isolated carbide grains and not in bands of material,
while in many cases larger grains are noted to exhibit lighter contrast features despite smaller neighbouring
carbide grains retaining a homogeneous, dark BSE contrast.

In addition the rim features are often

asymmetric relative to the carbide grain and not present around the entire grain periphery as would be
expected to result from a dissolution based mechanism. Furthermore, several TEM studies [2, 5, 13, 14],
aimed at characterising the carbide composition within Cr3C2-NiCr coatings, have not identified the presence
of Cr7C3 in spite of assessing numerous retained carbides, partially-dissolved carbides and amorphous
phases. Identification of this phase on the basis of EDS and WDS (wavelength dispersive spectroscopy) are
also prone to error given the small size of such morphological features relative to the analysis volume of
these techniques. This is reflected in the conclusions of Guilemany and Calero [5], who identified matrix
phase regions with compositions corresponding to Cr7C3 by EPMA, but indicated that there was no evidence
that this carbide precipitated in the region of analysis.

The second mechanism proposed for Cr7C3 formation is carbide oxidation, discussed in Chapter 6 and
Appendix 3. In its reliance on exposure to an oxidising atmosphere this mechanism is limited primarily to
those carbide grains on the particle periphery of prealloyed powders that are directly exposed to the
combustion gases, or at least those that come in contact with dissolved oxygen in the outer peripheral band of
the particles in-flight. Oxidation of such Cr3C2 grains occurs immediately upon exposure to the high
temperatures of the flame, resulting in Cr7C3 formation. Morphologically such a mechanism would account
for asymmetric core-rim features on account of decarburisation only occurring on the exposed surface.

While evidence for this mechanism is not definitive in terms of prealloyed composite powders it is perhaps
more evident in blended powders of mixed, single phase particles. In many D-Gun™ and plasma coatings
developed for the initial applications of Cr3C2 based coatings, and utilising blended powders [3, 15-22],
Cr7C3 is detected by XRD analysis. In the spraying of this powder the individual carbide grains are fully
exposed to the oxidising environment. In addition the carbide grains must reach hot enough temperatures
that they are molten or at least softened in order to deform and adhere to the surface upon impact. Carbide
degradation in this case is again a function of particle heating. Several works [23, 24] have detected graphite
in the as-sprayed coatings. They postulate that Cr3C2 melts during spraying to form a Cr alloy and graphite.
Both phases are retained in the coating since the high solidification rate prevents reconstitution of the
elements to form the carbide phase. Should particles be able to reach this state and then cool, whilst still
being molten, it is possible, based on the Cr-C phase diagram, that Cr7C3 could form in the melt as long as
the localised carbon content was reduced. Alternatively, the carbide grain could undergo extensive oxidation
resulting in decarburisation and the formation of Cr7C3, which may, in turn, melt or be deposited in a
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softened state. Of these mechanisms, Cr7C3 formation by oxidation has a greater chance of occurring as all
the carbide grains are potentially oxidised, while not all will experience the conditions necessary to develop
Cr7C3 formation from the melt. The requirement of the carbide grain being molten or at least partially
molten in order to adhere to the coating, combined with the rapid solidification rate, means that much of the
carbide in the coating may be present as an amorphous phase. This would explain the low intensity of the
carbide spectra in the as-sprayed XRD spectra of many coatings of this sort, in spite of the high carbide
content evident in the optical cross sections. In this case any Cr7C3 detected in the as-sprayed state is most
likely formed by in-flight oxidation, especially if there is some retained Cr3C2 detected, the latter of which
would not be expected if Cr7C3 formed from the melt.
Cr7C3 formed in this way may also contribute to the observed increase in Cr7C3 with heat treatment observed
in the blended powder based coatings in this work (Chapter 5). Should Cr3C2 particles undergo extensive
decarburisation to Cr7C3 prior to impact, the Cr7C3 phase would potentially solidify as an amorphous phase.
Heat treatment would allow such splats to undergo recrystalisation, enabling this phase to be detected as a
crystalline phase by XRD. In relation to the generalised oxidation mechanism of Cr3C2 the ideas discussed
above are reliant on the first oxidation mechanisms being operative. Should direct oxidation to Cr2O3 occur
without decarburisation, then Cr2O3 and not Cr7C3 would form preferentially during spraying.

4.2.2 Microhardness
Mechanistically, the plastic deformation of bulk sintered cemented carbides during hardness testing has been
characterised based on which of the phases undergoes deformation [25, 26]. In the continuous carbide
skeleton mechanism it is assumed that the carbide grains are in contact with each other, essentially forming a
three-dimensional structure. During indentation this structure distributes the applied load over a large area,
thereby resisting penetration. Plastic deformation of the carbide grains themselves is assumed [25, 26]. In
contrast, the continuous matrix phase mechanism assumes that the carbides exist as separate entities
separated by thin bands of matrix material, with all deformation occurring within the matrix phase [25, 26].
The most commonly applied model of cemented carbide hardness [26] is that developed by Lee and Gurland
[25] based on the continuous carbide mechanism for the WC-Co system, Equation 4.1.
H C = HWCVWC C + H M (1 − VWC C )
Where

Equation 4.1

HC = Hardness of the composite
HWC = Hardness of WC phase
HM = Hardness of the matrix phase
VWC = Volume fraction of WC
C = Contiguity of the WC phase
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Based on the law of mixtures, this model incorporates the effect of the long range carbide continuity by
defining the continuous carbide function, VC [25], to describe the influence of the carbide microstructure on
the composite hardness, Equation 4.2.
VC = CVWC

Equation 4.2

The contiguity, C, quantifies the degree of contact between neighbouring carbide grains and has been defined
by Gurland [25] as “the fraction of the total internal surface area of a phase that is shared by particles of the
same phase”. Figure 4.5 illustrates the relationship between volume fraction of carbide and the contiguity of
the carbide grains for various carbide grain sizes.
Figure 4.5 Variation in carbide contiguity as a
function of carbide volume fraction for carbide
particles ranging up to 6 µm diameter
(Reproduced from [25]).

Further microstructural influence is incorporated in Equation 4.1 through the specification of the hardness of
the composite components within the cermet microstructure, as against the use of pure, bulk component
values. Carbide hardness is defined by Equation 4.3, reflecting the greater hardness values measured with
decreasing carbide grain size [25]:

H WC = A + Bd

Where

−1

2

Equation 4.3

A,B = Experimentally determined constants
d = Average WC grain diameter

The hardness of the matrix is typically observed to be higher than that of bulk samples due to substitutional
solid solution strengthening resulting from alloying with the carbide phase, as well as the constraint on
deformation of this phase by the carbide skeleton. The magnitude of this structural effect, Equation 4.4, is
related to the distance between the carbides, λ, the binder mean free path, as defined by Lee and Gurland
[25] in Equation 4.5.
H M = A + Bλ
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The relation between the matrix hardness and the carbide size comes about through the relationship,

λ=d

VCo
(1 − VCo )(1 − C )

Equation 4.5

where λ is related to the average carbide grain size, d, carbide volume fraction, (1-VCo), and the carbide
contiguity, C.

The model of Enqvist et al [26] has refined that of Lee and Gurland and focused on the microstructural
implication of the inter-relationship between λ, d, and VCo. They note that reducing the carbide size reduces
λ, and thereby increases the composite hardness. Similarly decreasing the binder volume fraction reduces λ

and achieves the same effect. This is graphically illustrated in Figure 4.6 of hardness as a function of binder
mean free path for various grains sizes, the length of each line spanning the range of 0-40% binder fraction.
It is evident that smaller grain sizes have smaller λ values, even at reasonably high matrix volume fractions,
this combination generating high hardness values. Conversely, for larger average carbide grain sizes the
hardness drops considerably as the binder volume fraction is increased, as a result of increasing λ, as
illustrated in Figure 4.6 and Figure 4.7. In particular the authors note that when λ exceeds approximately
1µm in the WC-Co system the influence of the hard-phase becomes negligible for all carbide grains sizes,
the hardness of the matrix tending towards that of bulk single phase specimens.

Figure 4.6 Theoretical composite hardness values
Figure 4.7 Variation in theoretical composite
calculated from the model of Engqvist et al [26] as a hardness from the model of Engqvist et al [26] as a
function of binder mean free path for various carbide function of carbide grain size for varying binder
grain sizes. Each trend line represents a binder
volume fractions (Reproduced from [26]).
composition ranging from 0 to 40% (reproduced from
[26]).
The implications of this work with regard to Cr3C2-NiCr thermal spray coatings are twofold. The effect of
carbide size is most significant in blended powders versus most other powders with smaller carbides. Based
on the work of Enqvist et al [26] the carbide phase in blended power based coatings is expected to have a
minimal influence on the hardness of the matrix within the region of material elastically/plastically loaded
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during a microhardness indentation. As a result, blended powder based coatings would be expected to
generate lower average hardness values, with a wide range in response due to the heterogeneous
microstructure and extensive variation in the hardness of the component phases – a conclusion supported by
the works of Keller et al [27], Fagoaga et al [28], Wolfa et al [29] and Houck et al [30]. Similarly the effect
of the hard phase content on the composite hardness has been widely observed in Cr3C2-NiCr coatings [27].
More generally, variation in the coating carbide content has been observed as a result of in-flight dissolution
and decarburisation. Within Cr3C2-NiCr composite particle based powders, many works have noted reduced
hardness with increasing carbide degradation [6, 7, 12, 27, 28, 31-34] as is graphically illustrated in the work
of Zimmermann et al [6] for agglomerated/sintered powders sprayed by various HVOF techniques, Figure
4.8.

Vickers Microhardness (300g)

Figure 4.8 Variation in the
microhardness of various HVOF
Cr3C2-NiCr coatings as a function
of coating carbon content
(Reproduced from [6]).

Coating Carbon Content (wt%)

Softening as a function of carbide degradation occurs due to:
−

Carbide dissolution: Reduces the effective carbide content which both reduces the amount of hard
phase and increases the λ of the matrix, both of which reduce the composite hardness.

−

Phase Degradation: Occurs as total carbon loss, reducing the available carbide content, as well as
formation of lower carbon content phases which are softer than Cr3C2, [12, 24, 27].

While the above considerations apply to the material within the splats, the gross splat structure itself also
influences on the coating hardness. This influence is load dependent. Li et al [35] noted that at low indentor
loads only a small volume of material incorporating limited sections of, or small numbers of splats, is
affected. The heterogeneous nature of the coating structure generates significant variability in such results.
As the load is increased, a greater volume of material is incorporated, reducing the measurement variability.
However, with increasing load, thermal spray coatings are prone to cracking and inter-lamellar boundary
sliding.

Such permanent deformation reduces elastic recovery of the loaded structure, decreasing the

measured hardness value. For a given hardness test load several factors may influence the measurement
result through their effect on inter-splat adhesion, such as the size of the initial powder particles [29, 30], and
hence the number of splat boundaries within the zone of material effected by the test, porosity [7, 8, 13, 14,
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31-36], extent of deformation upon impact and related inter-splat adhesion [7, 8, 28, 34], unmelted particles
[31, 34] and inter-splat oxides which may reduce the extent of splat binding [36, 37].

A summary of microhardness values of Cr3C2-NiCr thermal spray coatings is presented in Figure 4.9 from a
variety of sources [3, 6-9, 12, 13, 21-24, 27-30, 33, 34, 37-53]

Vickers or DPH Microhardness (100-300g)
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HVOF Blended
Powder 75/25

HVOF Composite
Powder 75/25

HVOF Composite
Powder 80/20

Plasma Blended
Powder 75/25

Plasma Composite
Powder 75/25

D-Gun 75/25

Figure 4.9 Summary of microhardness values presented in the literature for Cr3C2-NiCr coatings from a
range of powder morphologies and deposition techniques. The numerical ratios represent the ratio of
Cr3C2/NiCr in wt%.
The variability in all samples reflects not only the quality of the coating as a function of powder production
method, deposition technique and operating parameters, but also hardness testing conditions, with data
generated using 100-300g loads. The HVOF coatings exhibit similar hardness values of 900-960 VHN300
in the range of 75-80wt% Cr3C2 and across all powder production routes. The average hardness of the
plasma and D-Gun coatings was lower than the HVOF coatings, substantially so in the case of the blended
powder based plasma samples.

4.2.3 Coating Porosity
As described in Chapter 3, porosity analysis is most commonly conducted using image analysis of polished
cross sections. Values generated in this manner give an indication of the coating porosity generated during
spraying and induced through metallographic preparation. Porosity generated during coating build-up is
generally thought to result from splats not fully conforming to the pre-sprayed surface, either as a result of
surface roughness, or discontinuities such as un-melted particles [1]. Further inter-lamellar voids may result
as the coating cools and the splats contract from each other. Intra-splat porosity may be carried in to the
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coating from porous powders or as trapped gas [1]. Porosity formed in this manner may be minimised
through the use of high velocity deposition techniques, which generate sufficient particle deformation upon
impact to cause particle spreading and conformation to the pre-sprayed surface.

The variation in mechanical properties of the carbide and matrix phase complicates the metallographic
specimen preparation process. During cutting, grinding and polishing, the abrasive media may selectively
remove carbide gains instead of cutting through them. These “pullouts” appear in the polished surface as
voids and were noted in this work to occur in regions of high carbide density where there was insufficient
matrix phase to bind the carbide grains.

Figure 4.10 summarises the porosity data presented from a variety of sources [9, 12, 21-24, 34, 42, 43, 51,
52, 54-56]. It must be noted that the information on D-Gun™ Cr3C2-NiCr coatings was very limited, the
data in Figure 4.10 representing the results of only two works. Generally the high velocity HVOF and DGun™ coatings generated lower porosity content coatings relative to those sprayed by plasma, with most
works specifying values of <1% or <3%. These values must be taken as indicative only as in most cases
insufficient information was presented on the technique of analysis, particularly the magnification of the
images, for definitive comparisons to be conducted.
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Figure 4.10 Summary of porosity values presented in the literature for Cr3C2-NiCr coatings from a range of
powder morphologies and deposition techniques.
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4.3 Coating Deposition and Characterisation
4.3.1 Coating Description
In this work five coatings were sprayed using the Stellite Jet Kote™ HVOF, TAFA JP-5000™ HVOF, GMA
Microjet™ HVOF and Aerospray™ 150 HVAF techniques.

Four coatings were based on a WOKA

agglomerated/sintered powder, Figure 4.11 and Table 4.3. The remaining coating was sprayed from a
powder blended from a WOKA Chromium Carbide powder and a Sulzer Metco 43VF-NS Ni20Cr powder,
using the GMA Microjet™ HVOF system, Table 4.3 (In order to avoid confusion, the nomenclature of Table
4.4 will be used throughout the thesis in referencing each coating deposited from the specified
technique/powder combination). Jet Kote™ (Triple R Engineering Ltd, NZ) and JP-5000 HVOF (HVOF
and Laser Technologies Australia Pty Ltd, Australia) coatings were outsourced and sprayed under
proprietary conditions. The Aerospray™ HVAF and Microjet™ HVOF coatings were sprayed at Holster
Engineering Co Ltd, under optimised conditions in Table 4.5 and Table 4.6. Appendix 1 describes the
optimisation of these coatings using factorial design of experiment techniques and highlights the trends in
coating quality as a function of process variable settings. Note that the optimisation trials were performed
using Stellite JK7184 powder, while the coatings in this section were sprayed with WOKA 2075-NiCr
powder.

The change occurred due to availability and economic issues.

The powders had the same

composition and size range, but the WOKA powder was more porous and had a different carbide
morphology. While such properties may influence the coating microstructure, the optimum spray parameters
required to generate sufficient heating and acceleration are thought to be comparable for both powders.

Table 4.3 Summary of the coatings characterised in this study.
Powder
Description
WOKA 2075NiCr

WOKA
Chromium
Carbide
Sulzer Metco 43
VF-NS
Mechanical Blend

Composition
(wt%)

Production Route

Particle Size Range

Deposition Technique

75Cr3C225(Ni20Cr)

Agglomerated/
Sintered

–45/+5

Aerospray™ HVAF
Jet Kote™ HVOF
JP-5000™ HVOF
Microjet™ HVOF

Cr3C2

Crushed

–45/+5

-

Ni20Cr

Water Atomised

–45/+5

-

75Cr3C225(Ni20Cr)

Blend

–45/+5

Microjet™ HVOF

(µm)
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Table 4.4 Coating nomenclature.
Powder

Deposition Technique

Coating Nomenclature

Prealloyed Powder
Based Coatings
(WOKA 2075-NiCr)

Aerospray™ 150 HVAF

HVAF

GMA Microjet™ HVOF

Microjet

Stellite Jet Kote™ HVOF

Jet Kote

TAFA JP-5000™ HVOF

JP-5000

GMA Microjet™ HVOF

Blended

Mechanical Blend
Powder

WOKA 2075 NiCr Powder

WOKA Chromium Carbide Powder

Sulzer Metco 43VF-NS Powder

Figure 4.11 Topographical (left) and cross sectional (right) images of the WOKA 2075-NiCr, WOKA
Chromium Carbide and Sulzer Metco Ni20Cr powders.
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Table 4.5 Optimised Deposition parameters for the Aerospray 150 HVAF system.
Air Consumption

3.3m3/min (120scfh)

Fuel

kerosene

Fuel Consumption

23 lph (6gph)

Nozzle Length

200 mm

Chamber Pressure

275-310 kPa (40-45 psi)

Powder Feeder

Browning Thermal Spray System Mark XV
(1/4” diameter 8 pitch screw)

Powder Feedrate

300 rpm (35g/min)

Carrier Gas

Nitrogen (870lph @ 290kPa)

Oxygen pressure

827 kPa for 10 seconds at ignition

Traverse Speed

150 mm/s

Spray Distance

150 mm

Table 4.6 Optimised Deposition parameters for the Microjet HVOF system.
Oxygen Pressure

7 bar

Propane Pressure

5 bar

Nozzle Length

32 mm with 38 mm Air cap

Carrier Gas

Nitrogen (as for HVAF)

Traverse Speed

55 mm/s

Powder Feedrate

100 rpm (11.7 g/min, Feeder as for HVAF)

Spray Distance

125 mm

4.3.2 Phase Analysis – Powders
XRD analysis of the starting powders was conducted using the Bruker D8 Advance diffractometer (Cu
source, 40kV, 40mA). The Sulzer Metco 43 VF-NS Ni20Cr powder spectra showed defined peaks, their dspacing position higher than the standard spectra for Ni on account of Cr alloying, Figure 4.12. The WOKA
Chromium Carbide powder spectrum was significantly more complex. While dominated by Cr3C2 spectra, a
significant concentration of Cr7C3 was detected, as highlighted in Figure 4.12. In spite of the greater mass
ratio of chromium carbide powder, the NiCr spectra dominated the XRD spectra of the blended mixture of
these two powders, Figure 4.12. The carbide spectrum was dominated by Cr3C2 with Cr7C3 difficult to detect
at the low carbide spectra intensity. Variability in the carbide spectra was contributed to by the powder
morphology. As evident in Figure 4.11 the crushed powder particles show faceted faces, suggesting that the
bulk specimens fractured along crystallographic planes. This morphology, in turn, influences the manner in
which the particles pack together, preferentially orienting some planes to the x-ray beam more than others.
This may influence the apparent ratio of the phases present, generating preferential orientation of some peaks
in each component spectra.

The carbide phase in the WOKA 2075-NiCr spectrum was of a greater relative intensity to the matrix phase
compared to the blended powder. The NiCr spectra showed narrow defined peaks indicative of minimal
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carbide dissolution in spite of the agglomeration and sintering manufacturing process. The carbide phase
appeared more pure than that of the chromium carbide powder alone, with only Cr3C2 definitively detected.
Some variability in the relative intensity of the carbide spectra was noted between the WOKA 2075-NiCr
powder carbide spectra and the chromium carbide powder spectra, primarily in the lower intensity peaks.
This was thought to be a function of the powder morphology in the crushed powder as discussed above.

Cr3C 2
Cr7C 3
NiCr

Intensity

WOKA Chromium Carbide Powder

Sulzer Metco Ni20Cr Powder

Blended 75wt%Cr3C2-25wt%Ni20Cr
Powde r

WOKA 2075-NiCr Powder
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Figure 4.12 XRD spectra from the WOKA Chromium Carbide powder, Sulzer Metco Ni20Cr powder,
blended powder based on the previous two powders, and the WOKA 2075 75wt%Cr3C2-25wt%NiCr powder.
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4.3.3 Phase Analysis – XRD of the Coatings
The XRD spectra of all the coatings based on the agglomerated/sintered powder generally mirror the spectra
presented in the literature. In all cases the matrix spectra was reduced in intensity relative to the carbide
phase, whilst also forming a higher d-spacing “hump” on all peaks, Figure 4.13.

The HVAF spectrum remained dominated by the matrix phase peaks. While an amorphous “hump” had
formed next to the main matrix peak, this remained at a relatively low intensity relative to the primary NiCr
peak. The primary matrix peak itself had decreased in intensity relative to the powder and become broader.
The higher d-spacing hump can only result from an increase in interplaner spacing through alloying, its small
size indicative of a limited degree of carbide dissolution. The broadening represents a slight variation in dspacing centred around that of the crystalline NiCr phase of the powder. This may be induced by rapid
solidification of an amorphous structure or phase of very small grain size, as well as residual stresses. The
composition, however, remains dominated by NiCr without alloying. Such features suggest that negligible
carbide dissolution occurs in-flight as well as minimal matrix melting. The carbide phase was dominated by
Cr3C2 with no evidence indicative of the formation of lower carbon content carbides. All of the Cr3C2 peaks
maintained the same relative intensity to the primary Cr3C2 peak, except for the most intense secondary peak
which was higher than the standard spectra. No other phase peaks overlap with this peak, indicating this
effect was generated purely by the Cr3C2 phase itself. Such intensity variation occurs through preferential
orientation of one set of crystallographic planes (i.e. the crystallographic planes are not randomly distributed
within the sample [57]). As this was not observed in the powder, the effect has been generated during
spraying and deposition, however, the mechanism generating this variation is unknown. No oxide phases
were detected in the wider spectra analysis.

The Microjet HVOF spectra indicated a greater degree of carbide dissolution occurred, relative to the HVAF
coating, based on the larger amorphous-peak-to-crystalline-peak ratio of the matrix, Figure 4.13. Significant
crystalline NiCr material remained, however, with the primary Ni20Cr peak of greater intensity relative to
the amorphous phase. The carbide phase intensity was very low and overlaid with significant background
noise. Of the definitive peaks, Cr3C2 was identified as the dominant phase. In this instance the secondary
Cr3C2 peak intensity relative to the primary peak matched that to the standard spectra. While no distinct
Cr7C3 peaks were identified, the lower d-spacing broadening of the primary Cr3C2 peak is thought to be
indicative of the presence of this phase. No definitive Cr2O3 or NiO peaks were identified, indicating that the
concentration of these phases was below the detection limit of this technique.

The Jet Kote and JP-5000 HVOF spectra were very similar, Figure 4.13. The matrix phase spectra intensity
dropped significantly relative to the powder, to the point where it was lower than that of the carbide phase.
In addition the primary crystalline matrix peak was only slightly greater in intensity than the amorphous
phase. As noted above, the amorphous phase forms from carbide dissolution into the matrix.
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Figure 4.13 Summary of the XRD spectra of the WOKA 2075-NiCr powder, Aerospray HVAF coating,
Microjet HVOF coating, Jet Kote HVOF coating and JP-5000 HVOF coating.
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The reduction in the primary crystalline peak, however, is not necessarily indicative of all of the matrix
alloying with carbide elements. Instead it is thought to indicate the amorphous nature of this phase and its
lack of crystallinity as a result of rapid solidification. This feature suggests that the matrix phase is almost
completely molten in all the particles, and as such is potentially prone to significant carbide dissolution.
Cr3C2 dominated the carbide phase in both coatings, the primary difference being the relative secondary peak
intensity. While that in the Jet Kote spectrum correlated with the standard based on the primary Cr3C2 peak,
the JP-5000 coating showed preferential secondary Cr3C2 peak intensity in a similar manner to the HVAF
coating. While no definitive Cr7C3 peaks were identified, the lower d-spacing broadening of the primary
Cr3C2 peak indicative of the presence of Cr7C3 was more distinct than in the HVAF coating, particularly in
the Jet Kote sample. No oxide phases were detected in either coating.

The blended powder based coating
Cr3C 2
Cr7C 3
NiCr
Cr2O3

spectra differed from those based
on the prealloyed powder, Figure
4.14.

The only prominent peaks

were those of the matrix phase,
which were notably broader than in
the powder spectra.

As noted

above, such broadening results from
the amorphous or microcrystalline
nature of this phase in the coating.
Intensity

The carbide phase was not readily
distinguishable

above

the

background noise, in spite of the
Blende d 75wt%Cr3C2-25wt%Ni20Cr Powder

dominant nature of this phase in the
BSE analysis.

Cr2O3 peaks were

noted, indicating that significantly
greater concentrations of this phase
formed in this coating than those
previously considered.
?

Blended powder base d Microjet HVOF coating
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Figure 4.14 Summary of the XRD spectra of the blended powder and
blended powder HVOF coating.

59

Chapter 4 – Characterisation of Thermally Sprayed Cr3C2-NiCr Coatings

4.3.4 Phase Analysis – BSE of the Coatings
The compositional distribution of the HVAF coating presented in the BSE images of Figure 4.15 shows an
essentially two phase structure of dark carbides in a bright matrix phase. The retained carbide concentration
remained high, being evenly distributed throughout the coating with no bands of carbide free zones. The size
distribution of the carbide phase was wide, suggesting no preferential dissolution of the smaller particles.
Similarly the carbide grains retained a blocky shape with sharp corners and faceted edges, reflecting the
negligible degree of dissolution during deposition. The greyscale contrast of the matrix reinforced this,
showing negligible greyscale variation as would be expected should Cr and C alloying have occurred. While
some instances of contrast variation were noted around the periphery of some carbides this was thought to be
generated by variation in the phase composition of the analysis volume during BSE imaging (Refer to
Chapter 2) and not to phase degradation of the carbide itself.

Oxide stingers were rarely observed,

reinforcing the lack of such phase in the XRD analysis. The lack of dissolution phases and inter-splat oxides
meant that the splat structure was not readily evident.

In contrast to the largely dissolution free HVAF structure, extensive grey scale variation pointed to
significant degrees of matrix alloying through carbide dissolution in the Microjet HVOF coating, Figure
4.15. The carbide grains were heterogeneously distributed in isolated pockets surrounded by bands of mid
grey material indicative of high carbide dissolution zones. In some splats no carbides were seen, indicating
total carbide dissolution. Others appeared as mid-grey contrast splats with low concentrations of larger,
isolated carbides, their morphology significantly more spherical than in the HVAF coating due to carbide
dissolution. The largest splats contained cores of relatively unaffected material, surrounded by bands of
supersaturated matrix phase. Such compositional distribution highlights the variation in the degree of
particle heating and effect of the particle size distribution in this technique. Inter-splat oxide stringers were
evident, however they were not extensively observed, accounting for the absence of oxide peaks in the XRD
analysis. Cracking was evident between the splats and occasionally across thinner splats, possibly generated
by shrinkage of the material upon solidification. The variation in greyscale contrast, combined with such
microstructural features, highlighted the thin lenticular splat structure, emphasising the fact that the majority
of the splats were fully molten at impact.

The features indicative of carbide dissolution were also extensively observed in the Jet Kote sample, Figure
4.15, although the extent of carbide degradation did not appear to be as significant as in the Microjet coating.
While bands of mid-grey carbide free material dominated the coating, the overall carbide content appeared
higher and the patches of unaffected material more apparent. Oxide stringers were observed but were not
extensive and the degree of cracking was a lot lower than that of the Microjet sample. As such the splat
structure was not as readily evident as that of the previous sample.
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Aerospray HVAF

Microjet HVOF

Jet Kote HVOF

JP-5000 HVOF

Figure 4.15 BSE images of the Aerospray HVAF, GMA Microjet HVOF, Stellite Jet Kote HVOF and Tafa
JP-5000 HVOF as-sprayed coating cross sections.
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The general features of the JP-5000 coating resembled those of the Jet Kote sample, although the extent of
carbide dissolution did not appear as severe, Figure 4.15.

While mid-grey regions characteristic of

dissolution were apparent, most still retained some carbide grains, unlike the dark carbide free regions in the
previous coatings. As such, the carbide grains appeared more homogeneously distributed throughout the
coating. Oxide stringers were rarely observed, as in the Jet Kote sample. The splat structure was again
difficult to observe, although isolated features of splat boundaries, combined with the degree of carbide
dissolution suggests that the powder particles were molten, but not extensively so, at impact. The greater
evident carbide content in this and the Jet Kote coating, relative to the Microjet sample, supports the
postulated reason for the lack of crystalline matrix peak in the XRD analysis being the formation of an
amorphous/microcrystalline matrix phase upon rapid solidification, as against extensive carbide dissolution
and alloying.

Analysis of the compositional degradation in these images in relation to those presented in the literature
suggests that the range of responses spans that typically observed for industrial high velocity sprayed coating
from agglomerated/sintered powders.

As such it may be assumed that the mechanisms and relative

responses of the coatings assessed in this work reflect those expected to occur across most HVOF coatings in
industry. Under the conditions used in the work the extent of carbide degradation according to deposition
technique follows the order of Microjet > Jet Kote > JP-5000 > HVAF.

Blended Powder
HVOF

Figure 4.16 BSE images of the blended powder HVOF as-sprayed coating cross section.
The structure of the blended powder HVOF coating was dramatically different to that generated by the
agglomerated/sintered powder, Figure 4.16. Thin splats of each phase attest to the fact that both phases were
fully molten prior to impact. Negligible phase interaction occurred in this coating prior to solidification and
as such grey scale variation occurs for different reasons than in the prealloyed powder coatings. The bright
phase again represents the matrix particles, the lack of carbide dissolution in this phase reflected in the
consistent contrast of these splats. The mid-grey splats represent the carbides. Variation in contrast in this
phase occurs as a function of decarburisation through oxidation. The lower carbon content carbides have
higher Cr:C ratios than Cr3C2 and therefore appear brighter relative to this phase (refer to Chapter 3). The
complex splat structure, however, means that some degree of grey-scale variation near the periphery of the
carbides may be induced by the overlap of the carbide and matrix phases in the BSE analysis volume (refer
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to Chapter 3). The darkest phase, which typically occurred as thin inter-splat stringers, represents the oxide
phase Cr2O3. These were significantly greater in concentration than noted in the previous coatings, as
highlighted in the XRD analysis. While the overall composition appeared to roughly equate to a 75/25 mix
of carbide to matrix, the thin nature of the carbide splats relative to the larger, less deformed matrix splats
suggests that the smaller carbide powder grains were preferentially deposited. The large grains may not have
reached sufficient temperature to adhere to the surface and simply bounced off.

The overall coating structure and phase degradation closely resembled that of HVOF and plasma coatings
sprayed from blended powder in the literature. In a similar manner to the previous range in coatings, this
sample was used as a benchmark for the response of this type of coating microstructure such that the results
may reflect those expected to occur with similar industrially sprayed coatings.

4.3.5 Physical Coating Properties
The coating porosity and microhardness values were assessed according to the procedures outlined in
Chapter 3. The results are presented in Table 4.7, the figures in brackets representing the standard deviation
of the sample measurement. All values are in line with the values reported for similar coatings in the
literature in sections 4.2 and 4.3.

Table 4.7 Coating microhardness and porosity results for the prealloyed powder based HVAF and HVOF
coatings and the blended powder based HVOF coating.
Sample

Vickers Microhardness (VHN300g)

Porosity (%)

Aerospray HVAF

953 (74)

2.7 (1.1)

Microjet HVOF

1023 (64)

3.1 (0.8)

Jet Kote HVOF

1078 (129)

2.5 (0.8)

JP-5000 HVOF

1026 (82)

2.4 (0.8)

Blended Powder HVOF

734 (78)

3.6 (0.7)
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Microhardness
Relative to previous works presented in Figure 4.8, the prealloyed powder based coatings were close to or
above the average value presented for HVOF coatings from similar powder morphologies. The blended
powder sample had a significantly lower hardness relative to the prealloyed powder based coatings and was
towards the lower end of the range presented in the literature.

The HVAF coating was considerably softer than all of the HVOF coatings, although the reason for this is not
obvious. Compositionally, cemented carbides with higher carbide contents would be expected to generate
higher hardness values. From the BSE analysis it was evident that the HVAF coating had the least amount
of carbide dissolution and greatest retained carbide content and so on this basis would be expected to
generate high hardness values. Clearly the carbide phase is not the dominant hardness mechanism in
accounting for the variation in hardness in this work. The concentration of the hard Cr2O3 oxide phase was
qualitatively higher in the HVOF coatings relative to the HVAF coating, but this phase was present in very
low concentrations and thought to not sufficiently account for the observed variation.

The greatest

compositional contribution to the hardness is thought to result from the carbide dissolution phases. SEM
analysis of the microhardness indents showed that regions of carbide supersaturation were prone to brittle
cracking, Figure 4.17, a response indicative of such phases being harder than the original matrix phase. Such
phases in the HVOF coatings would therefore resist penetration up until the point of brittle fracture, where as
the essentially pure matrix phase in the HVAF coating would be more likely to plastically deform in a ductile
manner and as a result enable greater depths of penetration. A contributing factor may be the physical splat
structure variation generated between the coatings as a function of the extent of particle melting at impact.

With regard to the blended powder based coating, the low hardness is thought to be generated primarily by
the low degree of inter-splat adhesion. SEM analysis suggested that in a number of indents the applied load
was relieved by intersplat sliding, leading to low hardness readings. To some extent the compositional
distribution may also have contributed, especially the large areas in the matrix only splats. However, over
the volume incorporated within the hardness test the material composition tended to be dominated by the
carbide phase, suggesting this was not a dominant factor. While the presence of the hard Cr2O3 phase,
detected by XRD and highlighted as oxide stringers in the BSE analysis, may have been expected to increase
the overall coating hardness given that numerous splat boundaries were included within the hardness indent,
Figure 4.17, the presence of this phase may have actually reduced the effective intersplat adhesion strength,
accentuating the extent of splat boundary sliding.
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Evidence of splat
boundary
separation/sliding
under indenter
loading

Brittle trans-splat
fracture of the splats
where high degrees
of carbide
dissolution have
occurred.

Multiple splat
boundaries
incorporated within the
volume of material
indented per hardness
indent leading to a
high potential for splatsplat sliding

Figure 4.17 Indentation resulted in brittle fracture of the dissolution phases of the prealloyed powder based
coatings (top). Within the blended powder based coatings a large number of splat boundaries were
incorporated within the indentation during microhardness testing (bottom), the applied load from which may
potentially be relieved by splat boundary sliding.

Porosity
The porosity values of all the coatings were very similar, being representative of the high density values
presented in the literature for high velocity sprayed coatings, Figure 4.10. The features analysed in the
optical images were quite large relative to the compositional microstructure and, based on this microstructure
and heterogeneous distribution, thought to have been generated through metallographic preparation, not
during spraying. Given the extensive regions of fully dense material in these images, such values reflect
more the degree of inter-splat bonding more than coating density. SEM analysis indicated that porosity on a
microstructural scale also occurred primarily through pullout of isolated carbide grains in the prealloyed
powder based coatings, possibly carried in to the coatings from porosity in the starting powder. Long, thin
intersplat voids were occasionally observed, primarily in the Microjet coating using the prealloyed powder,
and were thought to form as the splat cooled and shrank. Such features were rarely observed in the other
coatings.
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4.4 Summary
This chapter reviews the literature regarding the mechanisms of phase degradation during thermal spraying
of Cr3C2-NiCr coatings as well as highlighting the range of microhardness and porosity values typically
encountered in industrially sprayed coatings. The optimisation of HVAF and Microjet HVOF deposition
parameters is presented, with details of the factorial design of experiment trials presented in Appendix 1.
Representative coatings deposited by the HVAF, Microjet HVOF, Jet Kote HVOF and JP-5000 HVOF
systems were analysed and contrasted with the literature results indicative of the quality of industrially
applied coatings. The key points stemming from this analysis are presented below.

Cr3C2 based coatings are typically applied using plasma, D-Gun™ and HVOF thermal spray techniques.
High temperature spraying leads to oxidation, decarburisation and carbide dissolution in-flight. Cr2O3 is the
primary oxide phase formed, occurring as oxide stringers in the coating. Oxidation of the carbide phase
leads to decarburisation and the formation of Cr7C3 and Cr23C6. Carbide dissolution occurs when the matrix
becomes molten in-flight, leading to supersaturation of the matrix phase which is trapped within the coating
due to the high rate of cooling. In flight, carbon may be lost from the melt through oxidation to CO/CO2.
Degradation occurs to the greatest extent in high temperature techniques where the matrix phase melts
rapidly within the flame. Techniques that minimise excessive heating of the powder, through injection down
stream of the combustion chamber and the use of favourable oxygen/fuel ratios, retain the greatest amount of
carbide in the coating.

The hardness of cermet materials is determined by the hardness, concentration and morphology of the
carbide phase. In Cr3C2-NiCr coatings, hardness variations arise due to the extent of carbide dissolution and
decarburisation which reduces the concentration and size of the carbide particles. A contributing factor in
thermal spray coatings is the intersplat adhesive strength, which determines the extent of intersplat cracking
during testing.

Analysis was carried out on the HVAF, Microjet HVOF, Jet Kote HVOF and JP-5000 HVOF coatings
sprayed from the WOKA 2075-NiCr agglomerated/sintered powder. The HVOF coatings underwent the
greatest degrees of carbide dissolution.

The HVAF coating microstructure showed minimal carbide

degradation. No Cr7C3 formed in any of the coatings. Oxide stringers were of low concentration and noted
to be more prominent in the HVOF coatings.

The microhardness of the HVOF coatings ranged from 1023-1078VHN300. The HVAF coating was softer,
with an average microhardness of 953VHN300.

These values were in excess of the average coating

microhardness presented in the literature for high velocity deposition techniques. The porosity of all the
coatings was less than 3%, comparable with values presented in the literature.
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The blended powder based coating underwent greater degrees of in-flight oxidation of the NiCr and carbide
particles than the prealloyed powder coatings, such that the carbide phase was dominated by Cr7C3. The
microhardness of this coating was 734VHN300, towards the lower end of the hardness range presented in the
literature. The coating porosity content was 3.6%.

67

Chapter 5 – Heat Treatment of Cr3C2-NiCr Thermal Spray Coatings

Chapter 5
Heat Treatment of
Cr3C2-NiCr Thermal Spray
Coatings

5.1 Introduction
Cr3C2-NiCr thermal spray coatings have been extensively applied in high temperature applications ranging
up to 850-900ºC [1, 2]. However, the long-term effect of such exposure on the coating composition and
microstructure has not been widely addressed [3-5]. For high velocity thermal spray coatings no long-term
(>24 hours), systematic studies of elevated temperature microstructural evolution have been presented. The
aim of this section of work was to characterise the effect of extended exposure of Cr3C2-NiCr coatings at
900ºC on the development of the metastable as-sprayed coating composition towards equilibrium, the
microstructural development of the carbide phase, as well as the impact of such microstructural development
on the coating hardness. Such work is critical to the understanding of the long term in-service response of
these coatings at elevated temperature. Almost all reported testing of the response of Cr3C2-NiCr coatings to
simulated industrial wear, oxidation and corrosion conditions has been conducted on as-sprayed coatings.
Little is known about how such responses change with extended high temperature exposure even though it is
known that heat treatment affects the microstructure significantly [6-8]. Characterisation of the coating
response in this work enabled a heat-treatment regime to be developed that allowed samples of equilibrium
microstructures that simulated those resulting from extended high temperature exposure, to be produced. By
trialing as-sprayed and heat-treated samples in oxidation trials (Chapter 6), erosion trials (Chapter 8) and
erosion-corrosion trials (Chapter 9), the transition in the mechanisms and magnitudes of coating response as
a function of extended in-service exposure could be simulated. Trials were conducted on Aerospray
HVAF and Microjet HVOF coatings sprayed using the prealloyed WOKA 2075-NiCr powder.

As

highlighted in Chapter 4, these coatings spanned the range of carbide dissolution typically generated by high
velocity combustion techniques.

Characterisation of the response of these coatings should, therefore,

incorporate the responses of most industrially applied coatings under the same conditions.

The experimental strategy for the chapter is schematically illustrated in Figure 5.1.
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Coating Characterisation

Heat Treatment
• Samples: Aerospray HVAF, Microjet HVOF, Blended Powder
• Heat treatment
o Temperature: 900ºC
o Atmosphere: Air, Argon
o Duration: 2, 5, 10, 20, 30, 40, 60 days
• Analysis:
o Phase analysis (XRD, BSE)
o Microhardness
o Carbide phase development – Line intercept analysis
• Goal: Determine steady state phase and microstructure with extended high
temperature exposure, and mechanisms of phase development.

Oxidation
700-900ºC

Erosion
Ambient Temperature

Erosion-Oxidation
700-900ºC

Figure 5.1 Overview of the experimental strategy of this chapter.
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5.2 Review of Heat Treatment Literature
Short term heat treatments of Cr3C2-NiCr thermal spray coatings described in the literature have highlighted
the rapid transformation of the metastable as-sprayed coating composition upon exposure at elevated
temperature. XRD spectra of HVOF and APS Cr3C2-NiCr coatings heat treated at 600ºC [8] and 800ºC [7,
8] for 1 hour show dramatic changes, particularly in the matrix phase peaks, Figure 5.2. At 600ºC the
amorphous peak was significantly reduced in area, while the matrix spectra increased in intensity and
became more defined. After treatment at the higher temperature all evidence of the amorphous hump had
disappeared, the matrix spectra narrower and more defined relative to the as-sprayed condition.

Figure 5.2 Variation in the XRD spectra of HVOF and APS Cr3C2-NiCr coatings as a function of exposure
temperature (Reproduced from [8]).

71

Chapter 5 – Heat Treatment of Cr3C2-NiCr Thermal Spray Coatings
As-Sprayed HVOF Coating

Figure 5.3 Carbide microstructure
development of an as-sprayed Top Gun
HVOF Cr3C2-NiCr coating (top) after heat
treatment for 1 hour at 800ºC in an
evacuated quartz tube (bottom)
(Reproduced from [7]).

Mid-grey bands characteristic
of matrix phase saturated with
dissolved carbide elements
Heat Treated 1 hour at 800ºC

Marked reduction in mid-grey
contrast and the precipitation of
fine carbide particles.

Figure 5.4 TEM images of carbide precipitation within a CDS-100 Cr3C2-NiCr HVOF coating following
isothermal heat treatment at 650ºC for 265 hours (Reproduced from [6]).
Such phase development occurs due to rapid recovery and recrystalisation of the matrix phase and the
nucleation of carbide grains from the supersaturated matrix as it tends towards an equilibrium composition.
This has been verified in TEM examination of nanostructured samples annealed at 800ºC [9, 10]. In general,
precipitation of non-coherent particles occurs at the greatest rates at grain boundaries and dislocations, with
the most sluggish development occurring within the matrix [11]. High dislocation densities and nanometre
sized matrix phase crystals have been observed in as-sprayed Cr3C2-NiCr coatings [6, 12] and are believed to
account for the distribution and morphology of the carbide precipitates in Figure 5.4 [6, 10]. The small size
of the nucleated carbides generates a high interfacial area between the matrix and carbide phases. Following
the reduction in the compositional driving force through nucleation, subsequent carbide growth occurs by
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Ostwald ripening. This results in the consumption of the smallest grains by larger grain growth, and
spheroidisation of the carbide morphology to reduce the surface area of the precipitates.

Figure 5.5 Variation in microhardness as a
function of heat treatment temperature for
various HVOF coatings trialed by
Zimmermann and Kreye [7] (Reproduced
from [7]).

Figure 5.6 Variation in microhardness as
a function of heat treatment for an APS
and JP-5000 HVOF coating trialed by
Otsubo et al [8] (Reproduced from [8]).

These heat treatment induced changes alter the coating mechanical properties. The coating microhardness in
particular has been found to vary as a function of the duration and methodology of heat treatment. Two
mechanisms have been proposed to account for such developments – carbide refinement [7, 8, 13] and the
formation of oxide phases [4, 5, 9, 10, 14-16]. Vacuum heat treatment of HVOF and plasma Cr3C2-NiCr
coatings for 1 hour at temperatures up to 1000ºC led to an increase in the coating microhardness with
temperature. This peaked in the range 600-800ºC, with the coatings softening at higher temperatures, Figure
5.5 and Figure 5.6. This response was attributed to the precipitation of chromium carbides with heat
treatment, with the peak hardness achieved when the carbide nuclei reached the optimum size to strengthen
the structure [7]. Softening at high temperature was postulated to result from coarsening of the carbide
structure [8]. The variation within the data presented by Zimmermann and Kreye [7], Figure 5.5, as a
function of deposition technique occurred as a result of in-flight carbide dissolution. The reduced variability
in the JP-5000 HVOF results was linked to the minimal degree of carbide dissolution in-flight and therefore
the limited concentration of precipitated carbides formed with heat treatment. The higher retained carbide
concentration in the as-sprayed coating also accounted for the highest coating microhardness of all the
samples. This hypothesis is supported by the carbon loss results of Zimmermann and Kreye [7] discussed in
the previous chapter. Spray conditions resulting in significant in-flight carbon loss generated the softest assprayed coatings. For carbon loss to occur, significant carbide dissolution must take place in-flight, reducing
the carbide content and increasing the percentage of the softer matrix phase in the as-sprayed coating. With
heat treatment, the coatings with high concentrations of dissolved carbide have the greatest potential to
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undergo carbide precipitation, and therefore the potential for variations in microhardness. This is reflected in
the results of the Jet Kote and Top Gun coatings in Figure 5.5, both of which suffered greater degrees of
carbide dissolution than the JP-5000 sample.

In blended powder based coatings, where carbide refinement and precipitation is minimal compared to heat
treated agglomerated/sintered powder based coatings, Sahoo et al [4, 5] and He et al [9, 10] contest that it is
the formation of internal Cr2O3 oxide phases that dictates the microhardness response with heat treatment.
Sahoo et al [4, 5] noted rapid increases in the as-sprayed hardness of 85wt% and 95wt% Cr3C2 based
coatings heat treated at 540ºC and 650ºC during the first 24 hours of treatment. The coatings maintained the
same elevated hardness value for exposure periods of up to 260 hours. He et al [9, 10] noted a similar
response in the heat treatment of 75wt% Cr3C2 based HVOF coatings treated for 8 hours at temperatures up
to 1023K, Figure 5.7. A nano-composite blend based powder showed a significant increase in hardness
when treated above 700K, while the increase was not as extensive in a conventionally sized powder of the
same composition.

Figure 5.7 Variation in microhardness as
a function of heat treatment for a
conventional blended powder and nanostructured Cr3C2-NiCr powder sprayed by
Diamond Jet HVOF (Reproduced from
[9]).

Both groups attributed the hardness improvement to the formation of Cr2O3 directly from the chromium
carbide grains according to Equation 5.1and Equation 5.2.

4Cr3 C 2 + 17O 2 → 6Cr2 O 3 + 8CO 2

Equation 5.1

4Cr7 C 3 + 33O 2 → 14Cr2 O 3 + 12CO 2

Equation 5.2

Based on the extensive TEM, XRD and SEM results, He et al [9, 10] postulated that such oxide forms during
heat treatment as a result of high concentrations of oxygen dissolved in the matrix phase reacting with the
nano-carbides to form Cr2O3. The formation of oxides is questionable, however. The uniform formation of
Cr2O3 on and within Cr3C2 particles throughout the coating was based on x-ray oxygen element maps.
Should EDX, as against wavelength dispersive x-ray analysis (WDS), have been used (No mention was
made of the analysis technique), it is possible that error may have been introduced in the mapping results by
the close proximity of two Cr peaks that lie on either side of the oxygen peak in the EDX element spectra –
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Refer to Chapter 3. No mention was made in the literature about removal or the interference of these low
intensity Cr peaks and it is possible that they were overlooked. It is also difficult to justify the required
diffusion of oxygen through the matrix, considering the high reactivity of Cr, which was readily available in
this phase. In addition no mention is made of the consequences of CO/CO2 formation within the matrix
phase.

Improvements in the microhardness of CDS HVOF sprayed Cr3C2-25NiCr coatings from blended powder
after 24 hours at 900ºC in air were also attributed to Cr2O3 formation in the work of Fagoaga et al [14].
Hardness readings increased from 713 VHN300g in the as-sprayed state to 883 VHN300g after treatment.
Analysis of the post treatment coating cross section, however, suggests that oxide formation occurred
through penetration of oxygen into the coating along splat boundaries to form pervasive oxide stringers,
rather than internal oxidation of the splats themselves. In the same work, agglomerated and sintered powder
based coatings showed a slight reduction in hardness with heat treatment from 961 VHN300g to 933 VHN300g.
The higher readings in this coating relative to that from the blended powder were attributed to the higher
retained carbide content and greater cohesiveness of the splats. While oxide penetration was evident in the
cross sectional images of the harder coating, the Cr2O3 content did not appear as high and this phase was not
considered to contribute significantly by the authors.

Analysis of VPS and JP-5000 HVOF Cr3C2-25NiCr coatings heat treated in vacuum at 800ºC and 1000ºC for
1 hour by Tomita et al [16] largely discounted the impact of compositional development on the
microhardness variation, Table 5.1.

Table 5.1 Microhardness variations as a function of heat treatment for vacuum plasma sprayed and HVOF
coatings. From the work of Tomita et al [16].
Heat Treatment

Microhardness - VPS

Microhardness - HVOF

As-Sprayed

1243 ± 80

958 ± 44

800ºC for 1 hour

1149 ± 77

857 ± 48

1000ºC for 1 hour

1105 ± 78

886 ± 58

Heat treatment led to softening of both coatings from the as-sprayed condition, the VPS coatings remaining
significantly harder than the HVOF coating in all trials. The authors contested that while carbide nucleation
may play a role in the hardness trends, carbide precipitation was noted in both coatings and therefore
unlikely to account for the variation between techniques and with heat treatment. Similarly any possible
hardness increase on account of the formation of Cr2O3 or possible decarburisation phases, the latter of
which were considered harder than Cr3C2 in this work [16], would have occurred to a greater extent in the
atmospheric HVOF coating, and hence are largely discounted by the lower hardness of this material.
Intersplat oxide stringers were in fact proposed to weaken the intersplat bond strength in the HVOF coating,
the lack of such phase formation in the VPS coating accounting for its greater hardness value. The higher
hardness reading of the HVOF coating at the higher temperature was proposed to result from increased splat
cohesion and reduction of intersplat voids as a result of the elevated temperature exposure. A similar
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conclusion was proposed by Tobe et al [3] to account for the increase in hardness of 70%Cr3C2-NiCr HVOF
coatings heat treated at 1073K for up to 2400 hours.

While the above studies considered the hardness of heat treated coatings at ambient temperature, Sasaki et al
[17] evaluated several clad 80%Cr3C2-20 NiCr powder coatings deposited by a Diamond Jet HVOF system
in a hot hardness tester up to 1173K, Figure 5.8. In the as-sprayed condition the hardness was constant up to
473K, beyond which it gradually softened. The rate of reduction rapidly increased above 773K. Following a
heat treatment of 1 hour at 850ºC in air, the initial hardness rose from an average of approximately 900
DPH300 in the as-sprayed condition to almost 1000 DPH300. The response with increasing temperature
closely paralleled that of the as-sprayed coating while maintaining an approximate 100 DPH300 difference in
hardness until 873K, above which the difference narrowed considerably.

Such a result indicates that

whatever mechanism was operative to generate the higher initial hardness with heat treatment is dependent
upon temperature in the same manner as the as-sprayed coating.

Figure 5.8 Variation in the hot hardness of
a HVOF Cr3C2-NiCr sprayed coating in the
as sprayed (Coating A) , and following heat
treatment for 1 hour at 850ºC (Reproduced
from [17]).

From these studies it is evident that short term heat treatment leads to refinement of the metastable assprayed structure through carbide precipitation. It is unclear, however, what long term developments occur
in the carbide microstructure, the rate at which these developments take place, and the overall composition
and morphology of the steady-state coating structure. Similarly, while there is agreement that heat treatment
does affect the coating microhardness, there are conflicting accounts as to whether it has an advantageous or
deleterious effect, as well as the mechanism of hardness variation. As most studies have only addressed
short term heat treatment times, few works have considered the long term variation in microhardness as a
function of the development in the microstructure as it tends towards steady state.
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5.3 Experimental Procedure
Coating-only samples of Aerospray HVAF and GMA Microjet HVOF coatings were produced by the
method explained in Chapter 3. The approximate sample dimensions were 15 mm x 7 mm, the HVAF and
Microjet samples ranging in thickness from 600-850 µm and 200-300 µm respectively. Heat treatment was
conducted in air and under a positive pressure of argon at 900ºC. Samples from each environment were
removed after 2, 5, 10, 20, 30, 40, and 60 days of exposure. In all cases a tarnish layer had formed and was
removed by grinding to expose the underlying material unaffected by surface oxidation. Compositional
analysis was performed using XRD (Bruker D8 Advance, Cu source, 40 mA, 40 kV). Mounted and polished
sample cross-sections were characterised using BSE microscopy. The variation in hardness was assessed
using the Vickers microhardness test (300g load applied for 5 seconds).

Quantitative characterisation of the carbide development was carried out on the BSE images at
magnifications of 4000X and 8000X. The overall carbide volume fraction was determined by analysis of the
highest magnification images using the software UTHSCSA Image Tool [18]. The principle of this
method is that the area fraction of a phase in a representative cross sectional image is equivalent to the
volume fraction of that phase in the material [11, 19]. Three images per sample were characterised. Only
the carbide phase was assessed, with any porosity, pullouts or oxide included in the matrix content.

An indicative measure of the carbide grain size and matrix free length was assessed using the line intercept
method [11, 19, 20]. In this analysis a line was drawn across a representative coating cross-sectional image.
Where the line crossed a carbide phase feature the length of the line was recorded and converted to
micrometers by comparison with the scale bar. This gave an indication of the size of the carbide features.
Because of the complex carbide morphologies encountered, the linear intercept analysis was conducted in
two perpendicular directions, a horizontal in-plane analysis and a vertical analysis along the line of spraying,
Figure 5.9.

Figure 5.9 Schematic illustrating the horizontal and
vertical directions of the line intercept analysis of the
microstructure in relation to the spray direction.

S pray
Direction
Vertical
Direction

Horizontal
Direction
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Two lines in each direction were drawn in random locations on each of the three images, giving a total of 6
lines in each direction per sample. The carbide-line intercept lengths were averaged and used to determine
the average carbide grain size dimensions in the vertical and horizontal directions as a function of exposure
time. Because of the complex microstructure, the intercept values were only loosely related to the diameter
of the carbide grains and could not be treated as spheres of equivalent diameter. As such these values were
referred to as carbide intercept lengths. The matrix mean free path values were calculated from the results by
subtracting the sum of the carbide intercept lengths from the total analysis line length, and dividing by the
number of matrix intercepts along the analysis line.
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5.4 Effect of Heat Treatment on As-Sprayed Prealloyed
Powder Based Coatings
5.4.1 Phase Analysis
Heat treatment generated extensive phase development within the first two days of treatment in both the
HVAF1 and Microjet HVOF coatings. Beyond this time the XRD spectra were qualitatively similar, Figure
5.10. The treatment environment had a negligible effect on the phase development, the spectra similar in
both environments for each coating type.

The large amorphous peaks on the higher d-spacing side of the matrix peaks disappeared, while the
crystalline matrix peaks became more defined and increased in intensity relative to the carbide spectra. The
carbide peaks also became more defined and were of greater intensity relative to the background. Heat
treatment did not lead to significant carbide compositional changes, with Cr3C2 dominating the carbide
spectra. While subtle features indicative of Cr7C3 formation were observed, no definitive peaks of Cr23C6 or
Cr3C were noted. Cr2O3 was not observed in the argon treated samples out to 60 days and only became
apparent in the air treated samples of both coatings after 30-40 days of exposure.

Quantitative area analysis was conducted to assess the subtle variation in carbide and matrix phase
development with extended exposure. The most prominent secondary Cr3C2 peak was initially considered as
an internal standard for comparison of both the primary Cr3C2 peak and the NiCr spectra. However,
comparison of this peak with the remaining Cr3C2 peaks indicated that it had marked variation in relative
intensity across the range of samples with exposure time and hence was not appropriate for comparison. The
reason for such variable preferential orientation remains unknown. Comparisons instead were made with the
next most intense Cr3C2 peak at d-spacing of 1.87Å. Peak areas were normalised by dividing by the area
under the spectrum between 2θ=32-53º in order to remove scan-to-scan variation, Table 5.2.
Table 5.2 2θ Spacings of Prominent Peaks for Area Analysis.

1

Peak Description

2θ Spacing

Cr3C2 - Primary Peak

38.5º-39.4º

Cr3C2 - Secondary Peak

48.3º-49.1º

NiCr Primary Peak

43.6º-44.7º

Total Area

32º-53º

Coating nomenclature as defined in Table 4.4 in Chapter 4
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Cr3C 2
NiCr

Intensity

WOKA 2075-NiCr Powder

Aerospray HVAF As-sprayed Coating

Microjet HVOF As-sprayed Coating

Aerospray HVAF Coating heat treated 2 days
at 900ºC in argon

Microjet HVOF Coating heat treated 2 days at
900ºC in argon
35

37

39

41

43

45
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49

51

53
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Degrees 2 Theta
Figure 5.10 Summary XRD spectra of the WOKA 2075-NiCr powder, the as-sprayed Aerospray HVAF and
Microjet HVOF coatings, and representative heat treated spectra of the Aerospray HVAF and Microjet
HVOF coatings heat treated at 900ºC for 2 days under argon.
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The primary Cr3C2 peak, overlapped by a secondary Cr7C3 peak on the lower d-spacing side (refer to Chapter
3), was compared to the secondary Cr3C2 peak in Table 5.2 to assess the potential development of Cr7C3.
Comparison of these peaks on the basis of relative area, peak position and peak full width at half maximum
indicated no growth of the Cr7C3 phase occurred in either coating system in air or argon. Qualitative analysis
of the matrix phase was related principally to the extent of alloying of Ni with dissolved Cr and C. As the
extent of alloying directly influenced the d-spacing of the centre of mass of the primary matrix peak this
value was contrasted with the centre of mass of the most intense secondary Cr3C2 peak. While the relative
intensity of this carbide peak varied, it was not overlapped by any other compounds and, as noted in Chapter
2, Cr3C2 has negligible solubility for Cr, C, or Ni and so this peak position remained fixed. Figure 5.11
illustrates the variation in d-spacing distance between the secondary Cr3C2 peak and the primary NiCr peak.
Since the Cr3C2 peak remains in a fixed position, increases in the d-spacing distance between this and the
NiCr peak shift the centre of the NiCr peak to the right side, or to lower d-spacings, are indicative of lower
extents of Cr alloying, Figure 5.11. The HVAF coating shows a low d-spacing separation in the as-sprayed
condition, indicative of significant alloying. With increasing heat treatment the separation increases as the
extent of NiCr alloying is reduced. Somewhat surprisingly this result indicates that the steady state matrix
composition is not reached until after 20 days of exposure. The d-spacing separation in the Microjet coating
starts very high in the as-sprayed condition. This apparent anomaly results from the peak area being
measured only over the crystalline matrix peak, Table 5.2. In the as-sprayed condition only isolated patches
of largely unaffected matrix material were apparent amongst the extensive dissolution zones – Chapter 4. As
this material, typically in the centre of large splats, as unaffected by spraying it had a d-spacing close to that
of the original powder. With heat treatment the amorphous region disappeared and the matrix tended to a
more equilibrium composition. The crystallisation and refinement of the supersaturated regions led to an
increase in the average d-spacing position of the primary matrix peak, reflected in the sharp reduction in dspacing separation. The recovery of the matrix in this case was a lot slower than the HVAF coating,
reaching a steady state after 40 days exposure. This was very surprising given the greater degree of
supersaturation of this phase in the HVOF coating relative to the HVAF coating and the, therefore, greater
driving force for compositional recovery. In addition the steady state composition is at a lower d-spacing
separation distance, indicating a higher degree of alloying at steady state relative to the HVAF coating. The
reason for such variation in steady state composition is unknown.
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Figure 5.11 Variation in the centre of gravity d-spacing between the primary NiCr peak and the most
intense secondary Cr3C2 peak. The increase in spacing is indicative of a reduction in the degree of Cr and C
alloying of the matrix phase. The zero time values represent the as-sprayed coatings.

Aside from the minor degree of matrix refinement, the overall composition was essentially unchanged from
the dominant Cr3C2 and NiCr phases observed after 2 days of heat treatment. This suggests that, under these
conditions, this is the most stable composition. Thermodynamically, however, the system has yet to reach
equilibrium in either coating, based on calculations using the software program HSC Chemistry [21]. Only
Cr, C and Ni based compounds were considered and so this discussion is limited to phase transitions that
occur within each splat. No Ni based carbides were considered as none have been reported to occur in the
literature or were observed in this work. At 900ºC the starting powder mixture is expected to reach an
equilibrium composition of 46.2wt% Cr3C2, 30.5wt% Cr7C3, 20wt% Ni, 2.3wt% Cr and 1.1wt% C, with
negligible Cr23C6 formation, Table 5.3.
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Table 5.3 Variation in the theoretical equilibrium composition of the Cr3C2-NiCr composite material as a
function of carbon loss during spraying, during long term exposure at 900ºC.
Composition

Equilibrium Species Concentrations (weight fractions) at 900ºC
Starting
Composition

No C Loss

5wt% C
Loss

10wt% C
Loss

20wt% C
Loss

30wt% C
Loss

Cr3C2

0.75

0.462

0.411

0.354

0.231

0.114

Cr7C3

-

0.305

0.35

0.40

0.508

0.591

Ni

0.2

0.2

0.2

0.2

0.2

0.2

Cr

0.05

0.023

0.025

0.028

0.038

0.063

Free C

-

0.011

0.0087

0.0067

0.0036

0.0015

5wt% C Loss

No C Loss

10wt% C Loss

30wt% C Loss

Figure 5.12 Variation in the equilibrium composition of Cr3C2-NiCr composites as a function of carbon loss
during spraying, at exposure temperatures of 600-1000ºC as calculated by HSC Chemistry.

This composition is thermodynamically favoured whether the starting composition shows no dissolution or
total dissolution of the carbide phase, as long as the elemental composition remains the same. Cr7C3
formation is favoured with carbon loss, with this phase predicted to reach an equivalent concentration as
Cr3C2 with 10wt% carbon loss, Figure 5.12. With 30wt% carbon loss, the upper limit typically encountered
in HVOF deposition of Cr3C2-NiCr coatings in the work of Zimmermann and Kreye [7], Cr7C3 dominates the
carbide phase, with Cr3C2 predicted to make up just over 10wt% of the composition, Table 5.3 and Figure
5.12. Negligible Cr23C6 formation is expected to form, even with such extreme decarburisation.
On the basis of the XRD results in this work the metastable composition shows no definitive change after 60
days of exposure at 900ºC, suggesting that, under these conditions, the kinetics of transformation of Cr3C2 to
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Cr7C3 are very slow. Heat treatment of plasma and D-Gun coatings sprayed from blended powders in the
work of Taylor [13] exhibited similar results. Cr3C2 dominated the as-sprayed composition of the plasma
coating with minimal Cr7C3 formation, while the D-Gun coating contained significant amounts of Cr7C3 and
Cr2O3. Heat treatment in argon up to 1021ºC for 100 hours led to sluggish phase transformation towards the
predicted equilibrium compositions based on the as-sprayed phase concentrations. The plasma coating
remained dominated by Cr3C2 with minimal Cr7C3 formation. Similarly little carbide degradation was noted
in the D-Gun coating, although in this case the diffusion limiting intersplat oxides were thought to play a
significant role.

5.4.2 Carbide Microstructure Refinement
Both coatings showed rapid carbide development from the as-sprayed values of 67% and 36% for the HVAF
and Microjet HVOF coatings respectively, to steady state readings of approximately 75-80%, Figure 5.13.
The exposure environment had no discernable effect on the carbide recovery.

Based on the starting

composition of 75wt%Cr3C2-25wt%Ni20Cr, and using the property data presented in Chapter 2, the expected
volume percent ratios are 79% Cr3C2 and 21% Ni20Cr. The deviations around this composition are
generated primarily by the method of analysis, particularly the exclusion of regions of carbide pullout and
the variation in greyscale around the carbide grains as a result of the depth of BSE analysis (Refer to Chapter
3).
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Figure 5.13 Variation in the carbide volume fraction of the Aerospray HVAF and Microjet HVOF coatings
as a function of exposure time.
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The Aerospray HVAF Coating
In spite of the minimal degree of carbide degradation in the as-sprayed coating characterised in Chapter 4,
two days of exposure at 900ºC under argon led to widespread refinement of the coating structure, Figure
5.14.

The image contrast was crisper through the development of precipitated grains of various

morphologies.

In some instances individual precipitated grains were evident, however, carbides that

nucleated in close proximity tended to coalesce together to form larger grains of complex morphology.
These ranged from thin spidery networks through to blocky particles of “sponge-like” appearance generated
by pockets of matrix phase. The transition from the faceted features of the retained carbides in the assprayed coating, to the more distorted wavy peripheries of those grains after heat treatment, indicated that
they were a location for preferential carbide nucleation and growth. Carbide nucleation occurred primarily
in regions of high carbide density, with the pools of matrix phase relatively free of nucleated carbide grains.
As a result, bridging by coalescence of the smaller grains between the larger retained carbide grains
occurred, leading to the formation of carbide skeletal networks. Refinement of the hard phase occurred
homogeneously across the samples, without any apparent banding as a function of splat morphology.

Carbide growth continued to five days. Widespread coalescence and bridging occurred, binding not only the
smaller carbides in close proximity, but increasingly incorporating the larger retained grains as well. The
lack of small carbides, in addition to the more rounded morphology of the grains, suggested that carbide
development at this stage was driven more by Ostwald ripening than continued carbide nucleation. Of note
was the appearance of small, submicron dark phases in the matrix phase, typically observed in close
proximity to regions of high carbide density.

Carbide development slowed between 5-10 days. While the average carbide size appeared similar to that
above, the most extensive growth occurred in the extent of grain coalescence and bridging. The carbide
grains were beginning to lose their individuality as the skeletal network strengthened.

Such three

dimensional growth occurred evenly in all directions between the particles with no evident preferential
direction or morphology of development. The dark spots observed in the earlier exposure periods were again
evident at a similar concentration and did not appear to have grown in size or coalesced.

After 20 days exposure the individual grains were notably more spherical in morphology and of a more
uniform size than noted earlier. Intercarbide bonding increased, coalescence developing to the point where
individual carbides were difficult to distinguish amongst the extensive regions of continuous carbide phase.
Beyond 30 days of treatment the images were similar. While growth of the carbide skeletal network
continued, the rate of such development was substantially slower than in the earlier time periods. The small
dark phase particles were observed out to 60 days, their size and concentration essentially constant after 1020 days.
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As-Sprayed

2 Days

5 Days
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30 Days
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Figure 5.14 BSE images of the Aerospray HVAF coatings heat treated in argon at 900ºC for 2, 5, 10, 20, 30,
40, and 60 days.
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Treatment in air generated the same generalised rate and mechanism of carbide development to that noted in
argon above, Appendix 2. Oxide phases, while rare, were observed in greater concentrations in the air
treated samples, particularly after 30 days of exposure. Somewhat unexpectedly this phase did not appear as
intersplat oxide stringers, but were noted more as very small, isolated pockets, typically in regions of high
carbide density.

The Microjet HVOF Coating
The extensive greyscale variation evident in the as-sprayed coating characterised in Chapter 4 was
dramatically reduced after 48 hours of heat treatment in argon, Figure 5.15. The precipitated carbides were
of smaller average size relative to those in the HVAF coating, but of a much higher concentration. The high
concentrations of fine precipitated grains in close proximity generated complex sponge-like carbide
morphologies in pools of matrix phase material. The lighter greyscale contrast of such features relative to
the darker retained carbides is generated by the atomic mass averaging effect generated within the volume of
material analysed by BSE (refer to Chapter 3), and not the result of a variation in carbide composition. In
contrast to the HVAF coating, carbide nucleation occurred primarily in the carbide free regions of the assprayed coating, particularly in the outer edges of the splat where the greatest degree of carbide dissolution
occurred in-flight and preferentially aligned along the apparent flow lines of material as it spread prior to
solidification. At the outer splat edge the carbide phase formed long, thin plate-like morphologies. Within
the splat the agglomerated carbide structure was more equiaxed with less splat based distortion. Within the
core of larger splats, where minimal carbide dissolution occurred, the carbide nucleation and growth
response mirrored that of the HVAF coating.

With

extended

heat

treatment

the

carbide

grains

grew,

through

coalescence

and/or

dissolution/reprecipitation, generating a coarse porous appearance. Such recovery occurred most rapidly
away from the splat edge, leading to bridging between the neighbouring grains and the formation of a more
extensive carbide structure. The outer rim plate-like carbides were slow to transform, only beginning to
coarsen and break-up into more blocky individual grains after 10 days of exposure. By this time the internal
carbides had developed the same large, spherical appearance as noted in the HVAF coating, with the
development of an extensive skeletal structure evident. Such extensive microstructural development made
the presence of the dark sub-micron particles, previously noted in the HVAF work, more readily apparent.
With continued exposure the microstructural development progressed in a similar manner to the HVAF
coating, with carbide grain growth, coalescence and bridging occurring to the extent that after 30 days of
exposure the microstructure mirrored that of the HVAF samples.

As noted in the HVAF coating, treatment in air had no obvious influence on the carbide development,
Appendix 2. Oxide development appeared more extensive in some of the air treated samples relative to the
argon specimens, particularly after 30 days, although this was difficult to quantify. The thinner nature of
these specimens in comparison to the HVAF samples would make them more prone to such internal
oxidation.
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As-Sprayed
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Figure 5.15 BSE images of the Microjet HVOF coatings heat treated in argon at 900ºC for 2, 5, 10, 20, 30,
40, and 60 days.
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5.4.3 Discussion of Carbide Microstructural Development
The results of this study concur with previous short term studies of heat treated Cr3C2-NiCr thermal spray
coatings. It is evident from Figure 5.14 and Figure 5.15 that such microstructural precipitation and growth of
the carbide phase described in Section 5.2 is well advanced after two days at 900ºC. It is also apparent that
the deposition parameters, in terms of particle heating in-flight, and the deformation of the particle at impact,
have a significant bearing on the initial stages of carbide microstructure development. On a microscopic
scale the lack of an evident splat structure in the HVAF coating made it difficult to assess the location of
precipitated carbides in relation to the regions of particle heating prior to deposition. Such particles tended
to occur within regions of high retained carbide concentration. This reinforces the postulated concept of
minimal particle heating proposed in Chapter 4. The lack of matrix phase melting, combined with the
limited heating of the particles in-flight, meant that Cr3C2 dissolution occurred in the solid state, with
diffusion of dissolved Cr and C limited to those regions immediately surrounding the carbides prior to
deposition. Subsequent precipitation therefore occurred in close proximity to the retained carbides, the wavy
peripheries and interconnecting branching indicative of precipitation on the retained carbides themselves.
Carbide grain growth and structure development occurred homogeneously in three dimensions with no
evident preferential orientation, suggesting a relatively homogeneous distribution of dissolved carbide
elements and an overall blocky compact splat structure that did not undergo significant spreading upon
impact.

In marked contrast, the Microjet HVOF coating showed extensive degrees of carbide dissolution and evident
splat spreading on impact, both of which generated extensive variation in the carbide development. Three
generalised regions of carbide development occurred, each with different grain morphologies, Figure 5.16.

Region 1 occurs in the middle of the largest splats in pools of material largely unaffected by the deposition
process. During spraying the matrix phase in this region becomes softened but not molten. Diffusion of the
carbide elements into the matrix is slow and limited to the periphery of the carbide grains. Carbide
development with heat treatment mirrors that observed in the HVAF coating.

Region 2 occurs midway between the splat core and periphery in large splats, or in the centre of smaller
splats. During spraying the material in this region reaches a higher temperature than in Region 1, leading to
greater amounts of carbide dissolution. Movement of the dissolved species occurs by diffusion in the
softened or relatively static molten matrix phase in-flight and hence is progressively more extensive than in
Region 1. Numerous carbides nucleate in this zone with heat treatment, however, the overall size and
morphology of the resulting agglomerates is limited by the extent of diffusion that occurred. The retained
carbide content is low in this region and while these grains may act as sites for carbide growth, precipitation
was observed to occur preferentially within the carbide free matrix phase. Similar behaviour has been
observed by Guilemany and co-workers in the TEM analysis of heat treated HVOF sprayed Cr3C2-NiCr
coatings [6].
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Figure 5.16 Schematic illustration of the three generalised regions of carbide development within a splat
during heat treatment of the HVOF coating, with representative BSE images.

Precipitation generates very high numbers of free carbide grains, the growth and coalescence of which
generated extensive carbide networks of complex “spongy” morphologies. Near the centre of the splat the
overall shape of such agglomerates tended to be equiaxed, with only minor degrees of orientation in relation
to the splat shape. In moving towards the splat periphery such agglomerates became denser and increasingly
distorted into long thin morphologies aligned along the flow lines of material that spread during particle
impact.

The outer zone of each particle reaches the highest temperature during spraying, resulting in matrix melting
and rapid rates of carbide dissolution and elemental diffusion. Physical mixing in this liquefied region may
be induced by the turbulent gas stream [22, 23], forming an outer band of highly concentrated and
homogeneously distributed material supersaturated in Cr and C. Upon impact, this molten phase spreads
laterally over the surface prior to solidification, distributing the outer dissolution regions as thin elongated
bands evident in the BSE images. The high degree of supersaturation leads to rapid nucleation upon heat
treatment. The morphology of the nucleated carbide phase appeared thin and elongated along the periphery
of the splat, possibly forming a plate-like morphology in three dimensions. Such features appeared fully
dense at the magnifications considered. Overall, the variation in powder particle size led to variation in the
core temperature within each particle in-flight, which in turn dictated the carbide morphology generated with
heat treatment.
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The nature and morphology of carbide precipitation impacted on the manner in which the carbide phase
developed. Overall analysis of the cumulative distribution of the carbide intercept lengths, Figure 5.17,
showed an initial jump in the concentration of fine particles with heat treatment in both coatings.

With continued treatment the curves became shallower and shifted to higher carbide intercept lengths,
indicative of the growth on the carbide grains. The much greater growth rate of the carbides in the HVOF
coating is hidden somewhat by the analysis method of this technique. The very fine carbide grains in this
coating could not be resolved individually at the magnification used (8000X) and hence the carbide
intercepts used reflect more the development of the agglomerates of nucleated grains. The fact that the
cumulative distributions in this coating show comparable, or greater, growth transitions to larger intercept
lengths relative to the HVAF coating, therefore reflects the significantly greater growth rate of the individual
grains within the agglomerates. The driving force for the accelerated HVOF growth, relative to that of the
HVAF coating, is Ostwald ripening. The high concentration of fine grains results in a substantial carbidematrix interface surface area, generating a high driving force for carbide growth as a mechanism of reducing
the surface energy of the carbide phase. In contrast the increase in carbide surface energy with heat
treatment in the HVAF coating was not as significant due to both the lower concentration of precipitated
grains and preferential nucleation of carbide on the retained grains. As such the driving force for carbide
refinement was not as significant and the growth rate therefore slower.
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Figure 5.17 Cumulative carbide intercept length distributions for the Aerospray HVAF argon treated
samples (top) and the air treated Microjet HVOF samples (bottom), each graph representative of the trend in
carbide development for that coating under both heat treatment atmospheres.

Analysis of the carbide grain intercept length (8000X magnification) with time highlighted that growth
occurred in an asymmetric manner, as a direct result of the extent of dissolution in-flight and degree of
particle spreading upon impact, Figure 5.18.

Interestingly the as-sprayed carbides showed some preferential carbide alignment in the horizontal direction,
the average values for both systems being larger than those in the vertical direction. Most of the coating
sshowed an initial reduction in horizontal intercept length with treatment, reflecting the precipitation of the
finer carbide grains. With further exposure the HVAF samples showed gradual increases in intercept length
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out to 20 days, before reaching an approximately steady state level. In contrast the HVOF coatings exhibited
a significantly greater rate of development, even more significant than illustrated, given the fact that the
measured values reflect more the carbide agglomerates and not the individual carbide grains themselves.
Rapid growth occurred over the first 10 days of treatment, at which time a steady state was maintained.
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Figure 5.18 The average horizontal (top) and vertical (bottom) carbide intercept lengths as a function of
time based on the 8000X magnification images.

The vertical dimension of the carbide phase varied more slowly in both coating systems. Negligible
variation occurred with initial heat treatment, with almost no changes in magnitude evident over the first 10
days. Slow growth occurred beyond this time at approximately the same rate for both the HVAF and HVOF
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coatings. Steady state values of a similar magnitude to that in the horizontal direction were achieved after
approximately 40 days.

The preferential horizontal growth in the HVOF coating reflects the horizontal distribution of the dissolved
carbide elements in the banded compositional structure generated at impact. While diffusion may occur
randomly in three dimensions, the high concentration of carbide elements in a thin horizontal band means
that carbide growth, as viewed on a larger scale, will appear to be favoured in this direction. The rapid rate
relative to the growth in the vertical direction is also thought to reflect more the growth of the carbide
agglomerates as separate entities, in this direction, rather than preferential horizontal growth of the fine
carbide grains themselves. The HVAF coating did not generate the same horizontally oriented banded
structure and hence showed much slower growth in this direction. The results do indicate preferential
horizontal carbide growth in this coating as well, which was not obvious in the BSE images. This is thought
to be generated by the slight compression and lateral expansion of material in the splat upon impact, even
though extensive spreading over the surface does not take place.

Of key significance is that both the HVAF and HVOF coatings tended towards the same morphology and
magnitude of microstructural features with extended heat treatments, in spite of the marked variation in the
initial extent of dissolved carbide, retained carbide content and splat morphology. The fact that in both
coating systems the vertical and horizontal carbide intercept lengths at this magnification, tended towards the
same magnitude also supports the observed increase in the spherical nature of the individual grains. Based
on these results both systems tended towards a steady state microstructure of agglomerated, roughly
spherical carbide grains of approximately 2.5 µm diameter.
On a larger scale, carbide growth led to increasing degrees of carbide coalescence and bridging. While
initially growth of individual grains dominated carbide development, it was growth of the overall carbide
skeletal structure that was most significant with extended exposure. Figure 5.19 illustrates the carbide
intercept lengths measured on the HVAF argon and HVOF air treated samples at 4000X magnification. At
this lower magnification the larger carbides retain their individuality over longer periods of time, with the
contribution of the small individual carbides not as significant initially.

In the HVAF coating the localised growth of the nucleated carbides on those retained in the coating,
combined with the low degree of precipitation as a result of limited in-flight dissolution, meant that, at this
magnification, the carbide grains maintained a relatively stable structure over the initial stages of exposure.
While bridging occurred, it was not on a scale sufficient to influence the results in this analysis. It was only
after 30 days of exposure that such carbide grain interaction strengthened to the point of significance with the
development of a carbide skeletal network. The fact that this development occurred three dimensionally is
reflected in the larger increase in the vertical intercept results over the same period of increase as the
horizontal data.
agglomerates.

The HVOF results reflect more the variation in carbide precipitation and growth as
These showed preferential horizontal development over the first 30 days of exposure,

primarily as a result of the supersaturated bands of material that underwent compositional recovery through
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carbide precipitation and growth as elongated agglomerates. Vertical growth only became significant as the
agglomerates and plate-like regions broke up into more spherical carbide grains and began to develop more
extensive bridging between grains in all directions. In this instance the trend towards similar magnitudes of
horizontal and vertical carbide intercept lengths is thought to reflect the development of the three
dimensional carbide skeletal network throughout the coating. The approximately linear trend beyond 30-40
days of exposure in both coatings suggests that the steady state carbide structure is achieved within this time,
as noted in the BSE analysis.
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Figure 5.19 The average horizontal (top) and vertical (bottom) carbide intercept lengths as a function of
time based on the 4000X magnification images.
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On the basis of the combined results of the XRD, BSE and quantitative carbide intercept length data a
minimum preheat treatment time of 30 days was deemed sufficient in order to generate representative steady
state microstructures in both coating systems for further testing.

Phase Identification
In both coating systems a dark phase of small, spherical morphology was observed in the BSE analysis,
Figure 5.20.

Figure 5.20 High magnification image of the
HVAF coating heat treated under argon for 60
days. Note the presence of the small dark
phases around the periphery of the precipitated
carbides.

Small dark phases of spherical morphology
around the periphery of the precipitated
carbides.

Associated near the periphery of precipitated carbides, this phase did not appear to grow significantly in
concentration or undergo coalescence or growth from the period when it was first observed until the final 60
day trial. The dark contrast in the BSE analysis suggests it was of very low atomic mass. Others have also
noted fine particles like this, but disagree on their composition. The presence of fine oxide particles in
conjunction with carbide grains had been reported by He et al [9] in conventional and nanostructured Cr3C2NiCr coatings. On the basis of EDS and TEM results these authors proposed that oxidation of the Cr3C2
carbide phase occurred within the coating as a function of the high entrained oxygen content in the powder.
During thermal exposure Cr2O3 was proposed to form directly via Equation 5.3.

4Cr3 C 2 + 17O 2 → 6Cr2 O 3 + 8CO 2

Equation 5.3

Several complications arise in the application of this mechanism. The oxidation mechanism of Cr3C2
remains debatable, with evidence suggesting that a stepwise decarburisation process is required prior to
Cr2O3 formation. Aside from this, the ability of the dissolved oxygen to diffuse through the high Cr content
matrix to the Cr3C2 phase without forming Cr2O3 enroute, may be questioned. In addition, complications
arise in consideration of the evolution and dissipation of CO2.
In the present study, the features are thought to be carbon particles formed during the nucleation and growth
of the carbide phase from the supersaturated matrix.

In the as-sprayed condition the Ni phase is
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supersaturated with Cr and C. Upon heat treatment the concentration gradient driving Cr diffusion is the
difference between the as-sprayed condition and the maximum equilibrium solubility limit of Cr in Ni at
900ºC, which is approximately 38wt% [24]. Once the Cr level drops to this there is no further concentration
driving force. As a result, more Cr is accommodated in the matrix phase than in the starting Ni-20Cr alloy,
which potentially leaves 11.16g C/(kg starting material) of free carbon within the composite (refer to
Appendix 2 for summary calculations). At 900ºC the maximum solubility of carbon in NiCr is very low
(refer to Chapter 2) so most of this free carbon would not be able to form a solid solution in the matrix phase.
While only a theoretical consideration, this result does support the possible presence of carbon particles. In
addition they would be expected to form at the boundary of the carbide-matrix interface, or close to it, as this
is an obvious region of high dissolved Cr and C content and the carbides effectively reduce the localised
carbon content upon formation, which generates a favourable concentration gradient for carbon to diffuse to
these areas. As discussed in Chapter 2, this conclusion is supported by the experimental evidence of Vlasyuk
et al [25, 26] who observed graphite formation when Cr3C2 particles were contacted with a molten Ni phase.
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5.5 Effect of Heat Treatment on the Blended Powder
Based HVOF Coating
Heat treatment of the blended powder HVOF coatings at 900ºC was routinely carried out for periods of 5 and
30 days in air prior to oxidation and erosion testing. Characterisation of the samples was carried out in the
same manner as previously described for the prealloyed powder based coatings. A detailed microstructural
analysis of the carbide phase was not conducted, as carbide development was limited with extended
exposure.

5.5.1 Microstructural Development
Rapid phase development occurred within the first 5 days of heat treatment, after which minimal
microstructural or compositional changes took place out to 30 days exposure, Figure 5.21. The coating BSE
greyscale contrast became more refined, with the separate phases of almost constant relative contrast,
compared with the mixed greyscale appearance of the as-sprayed coating.

As-Sprayed

5 Days

30 Days

Figure 5.21 BSE images of the blended powder based HVOF coatings heat treated in air at 900ºC for 5 and
30 days.
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Extensive intersplat Cr2O3 oxide development occurred with treatment, reflected in the XRD spectra, Figure
5.22, and the appearance of the distinctly darker stringers between the splats and in zones of porosity. The
matrix phase underwent extensive recrystallisation, leading to the development of notably narrower and
more intense XRD spectrum peaks relative to the as-sprayed coating. Assessment of the compositional
development of this phase by XRD analysis was hampered by the overlap of the primary peaks of the spectra
of this phase with those of the carbide phases as outlined in Chapter 3. However, EDS analysis of matrix
splats, of sufficient size to minimise the incorporation of carbide elements within the analysis volume,
indicated Cr contents in excess of 26wt% in the heat treated samples. Given that this increase was noted in
the centre of the larger splats, greater Cr contents would be expected in the alloy zones closer to the carbide
phase and in splats of thinner cross section. The increase in Cr alloying was reflected indirectly in the
oxidation trials of Chapter 6, whereby the formation of Ni oxides was notably suppressed after heat
treatment.

Cr7C3 was the only carbide phase detected by XRD in the as-sprayed and heat treated samples. The peaks of
this phase became notably more narrow and intense with heat treatment, but showed no variation in
concentration with extended exposure from 5 to 30 days. Similar results pointing to negligible carbide
degradation with heat treatment have been reported by Vlasyuk et al [25, 26] who noted no variation in the
carbide composition of Cr3C2-NiCr composites trialed up to 900ºC. Conflicting results have been presented
by Taylor [13] for heat treated plasma and D-Gun coatings. A proprietary gas shroud minimised carbide
degradation during deposition of a Cr3C2 based blended powder by plasma spraying. Subsequent heat
treatment for 100 hours at up to 1021ºC generated minimal phase decomposition and no significant growth
of Cr7C3 from the as-sprayed state. In contrast the D-Gun coating suffered extensive carbide degradation
with Cr3C2 and Cr7C3 both prominent in the as-sprayed coating. Heat treatment induced significant Cr3C2
degradation to Cr7C3, the extent of conversion increasing with heat treatment temperature to the point that at
871ºC, Cr7C3 became the dominant carbide phase. This result highlights a key issue in chromium carbide
degradation during thermal spraying. The high retained Cr3C2 content of the plasma coating and lack of
carbide degradation with heat treatment, suggests Cr7C3 formation as a result of Cr3C2 degradation is not
favoured over the heat treatment temperature ranges considered. This would suggest that the development of
the Cr7C3 phase with heat treatment in the current study occurred by crystallisation of Cr7C3 formed by inflight decarburisation, which was retained in the coating by rapid solidification in an amorphous state. This
hypothesis would account for the low carbide intensity in the XRD spectra of the as-sprayed coatings of this
work, the development of the Cr7C3 phase spectra with heat treatment, as well as the negligible effect of
extended exposure on the concentration of this phase.
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Figure 5.22 XRD spectra of the blended 75wt%Cr3C2-25wt%Ni20Cr powder, the as-sprayed blended
powder HVOF coating and the coatings heat treated for 5 and 30 days at 900ºC in air.

101

Chapter 5 – Heat Treatment of Cr3C2-NiCr Thermal Spray Coatings

Microstructurally the carbide morphology underwent subtle changes with heat treatment. In the as-sprayed
state the single phase splats remained separated by an evident splat boundary. Heat treatment led to
extensive intersplat sintering and the disappearance of such physical boundaries. Nodules and fingers of
carbide developed into the matrix splats, indicative of interphase diffusion. Spherical, sub-micron particles
of a dark phase were also observed within the matrix splats close to the boundaries with the carbide grains.
Solid-state sintering in Cr3C2-NiCr composites has been reported at temperatures of 700-800ºC by Vlasyuk
et al [25, 26]. Cr atoms were thought to diffuse into the Ni binder, generating a physical bond between the
two phases as well as forming a band of low Cr content NiCr alloy around the carbide periphery, which is
consistent with the results of this work. Diffusion appeared unidirectional up to 900ºC [25, 26] with no Ni
diffusion into the carbide phase in spite of the increasing degree of Cr alloying in the Ni phase with
increasing temperature. In contrast to the work of Vlasyuk et al [25, 26], Taylor [13] hypothesised that it
was the carbon, not Cr, that was the principle diffusion species based on the formation of Cr7C3 and Cr23C6 at
the grain boundaries within the NiCr splats.

Based on these works it is evident that, at high temperature, it is the carbide elements that are mobile within
the matrix phase and responsible for the observed variation in composition and microstructure.

The

mechanism by which Cr and/or C are freed from the carbide is, however, debated. Each of the above studies
highlighted either Cr or C diffusion without detailing specifically the response of the alternate element.
While not detected until very high temperatures in the work of Vlasyuk et al [25, 26], carbon must diffuse
away from the carbide phase at lower temperatures since Cr3C2 is the most carbon rich of the chromium
carbides and hence could not accommodate excess carbon within the carbide structure as would be required
by Cr dissolution alone into the matrix. It is possible that the excess carbon was dissolved within the matrix
or incorporated as a fine phase that was not distinguished from the carbide particles. Similarly, the evident
alloying of Ni by Cr in the work of Vlasyuk et al [25, 26] suggests it is unlikely that only carbon diffuses in
the work of Taylor [13]. In addition, the complex structures of Cr3C2 and Cr7C3 highlighted by Guilemany et
al [12], suggests it is unlikely that the structure simply reorientiates itself from that of Cr3C2 to Cr7C3, as
would be required for a carbon-only diffusion mechanism. In this instance the excess Cr is likely to have
alloyed with the Ni binder phase.

Overall the results of these literature works, in addition to the observed carbide development in this
investigation, indicate that both Cr and C diffuse from the carbide phase into the matrix phase. Separation of
these elements appears to occur by simple dissolution of the individual atoms, in stoichiometric ratios, into
the matrix phase. While Cr released in this manner is accommodated by alloying in the binder phase, the
role of carbon is less clear. This element may be dissolved within the matrix, may accumulate as graphite at
the carbide-matrix interface, or within the matrix, or form low carbon content carbide phases within the NiCr
alloy.
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5.6 The Significance of Heat Treatment Temperature
It must be emphasised that the observed microstructural development in these trials occurred at 900ºC, the
upper temperature for application of these coatings (refer to Chapter 2). While the development may be
slower at lower temperatures, carbide development is believed to occur in the same manner based on the
results of works presented in the literature at lower temperatures [6-10, 12, 27], as well as the similar
thermodynamic equilibrium composition predicted over the range of 600-900ºC, Figure 5.12.

Of practical interest is the relative rate at which such development occurs at lower temperatures. It is likely
that the initial transitions of nucleation and growth occur very rapidly over the entire operating temperature
range of these coatings, in light of the large compositional driving force. Subsequent carbide growth,
however, will be dictated primarily by diffusion processes, allowing at least some indication of the relative
rates as a function of temperature to be assessed.

As highlighted above Cr and C are the diffusing species. Diffusion of Cr is likely to be slow, even at 900ºC,
due to its substitutional position in the Ni matrix. In addition the potential saturation of Cr in the matrix
phases lowers the potential driving force for such Cr diffusion. The presence of carbon in interstitial lattice
sites allows for significantly faster rates of diffusion. An indication of the relative rate of diffusion of each
species relative to that at 900ºC may be calculated based on Equation 5.4.
−Q
D = Do e RT

Equation 5.4

Where D = Diffusivity (m2/s)
Do = Proportionality constant assumed to be independent of temperature in the range considered [28]
Q = Activation energy (J.mol)
= 142256 J/mol for C in Ni [29]
= 272378.4 J/mol for Cr in Ni (based on data in the range 1100-1270ºC) [29]
R = Gas constant = 8.314 J/(mol.K)
T = Temperature (K)
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The relative diffusivities of carbon and Cr in a Ni matrix at various temperatures relative to 900ºC are listed
in Table 5.4.

Table 5.4 Diffusivities at 900ºC relative to that at the lower temperatures.
Temperature (ºC)

Ratio of C diffusivity in Ni at 900ºC to the
diffusivity at the indicated temperature

Ratio of Cr diffusivity in Ni at 900ºC to the
diffusivity at the indicated temperature

600

150

14732

700

20

311

800

4

13.5

Hence it may take between 4 to 13.5 times as long for diffusional processes to generate comparable
microstructures at 800ºC as were observed at 900ºC in this work. At lower temperatures, such diffusional
processes are considerably slower. This is illustrated by contrasting the extent of matrix phase development
at 600ºC versus that at 800ºC in Figure 5.2. The lower temperature spectra retained the amorphous hump
characteristic of the as-sprayed state of the matrix phase, while this feature disappeared in the 800ºC trial.
Furthermore Figure 5.4 graphically illustrates the small size of the carbide precipitates formed after more
than 11 days of treatment at 650ºC, relative to the carbide microstructures generated at 900ºC after a
comparable period in this work. As a result, any microstructure influenced properties of these coatings may
be expected to vary extensively over the life of the coating. This also highlights the extreme importance of
the as-sprayed microstructure on the response of the composite to wear and corrosion over the initial period
of exposure prior to extensive carbide development. This is graphically illustrated in contrasting the results
of the HVAF and Microjet HVOF coatings at 900ºC. The HVAF coating retained a high carbide content in
the as-sprayed state. Hence, this coating would be expected to maintain a relatively consistent response to
microstructural based degradation mechanisms over extended periods at low temperature. By contrast, the
Microjet HVOF coating microstructure took 20-30 days to reach a similar state as the HVAF coating when
treated at 900ºC. At lower temperatures carbide development would take significantly longer, resulting in an
extreme variation from a low carbide, matrix dominated response during the initial period of exposure,
through to a carbide dominated response after extended in-service exposure.
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5.7 Microhardness Variation with Heat Treatment
5.7.1 Prealloyed Powder Based Coatings
Both coating systems in air and argon showed the same generalised response, Figure 5.23. A sharp drop in
microhardness occurred during the initial stages of exposure.

With extended treatment the hardness

recovered rapidly, before slowly increasing in magnitude to the end of the exposure period. The most
striking difference between the coating systems was in the magnitude of the hardness readings. The HVOF
coatings were consistently harder than the HVAF samples across the trial period. However, the initial
hardness reduction was more severe in the HVOF coatings and took longer to recover relative to the HVAF
results.

The air treated samples for both coatings generated consistently harder results, these coatings showing less
hardness variation during the softening and recovery periods (Note the 60 day HVOF argon treated sample
was omitted as the sample was too thin after grinding to conduct microhardness testing).
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Figure 5.23 Vickers microhardness values of the Aerospray HVAF and Microjet HVOF coatings as a
function of heat treatment time at 900ºC in air and argon.

The impact of heat treatment on the microhardness of Cr3C2-NiCr coatings has been considered in several
studies [3-10, 14, 16, 17]. In contrast to this current work, however, most studies have been conducted for
short time periods of typically less than 48 hours. In addition, most have considered the impact of heat
treatment as a function of temperature for a fixed treatment time, as against assessing the development of the
coating microstructure and hardness as a function of time at a fixed temperature, as was carried out in this
work.
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In general, the response of the coatings in this work exhibited the same heat treatment induced softening of
the microstructure as observed in the literature, but not in the same manner as discussed in the works of [7,
8]. In the current work the as-sprayed HVAF coating was of lower hardness than the HVOF coating in spite
of the lower degree of carbide degradation and higher retained carbide content. This contrasts with the
postulated mechanism to account for the variation in microhardness as a function of in-flight degradation in
the work of [7]. Hence, while the carbide development mechanism may be influential in determining the
long-term hardness response, it is clearly not the dominant mechanism in determining the relative hardness
of the two coatings considered in this work. Extensive microstructural reconstitution occurs during the
initial 2 day exposure period. Compositionally the structure tends towards an equilibrium composition,
leading to a reduction in the degree of supersaturation and, hence, any potential solid solution hardening
influence this may have. In addition, recovery, recrystallisation and grain growth occurs within the splats,
generating large stress-free grains with low dislocation densities. All of these microstructural changes led to
softening of the coating and account for the reduction in hardness over the initial period of treatment. Hence,
it is the response of the matrix phase to heat treatment that dictates the hardness of the composite over the
initial exposure period and not that of the carbide phase.

Countering this trend is the recovery of the carbide phase content, which reaches a steady state composition
within the first two days of treatment, Figure 5.13. The subsequent recovery in hardness after this period
occurs largely as a function of carbide microstructure development. In the HVAF coating minimal carbide
dissolution occurred in-flight and hence the extent of hardness reduction with heat treatment was limited.
Carbide development occurred primarily through nucleation on retained carbide grains and within high
carbide regions. Bridging and coalescence of the carbide grains occurred rapidly, leading to the recovery in
hardness after only a short period of exposure. The HVOF coating showed a significantly greater reduction
in hardness with initial heat treatment, a large proportion of which is thought to relate to the reduction in
solid solution strengthening through recovery of the supersaturated matrix phase.

Carbide nucleation

occurred primarily in the as-sprayed carbide free zones, generating sponge-like agglomerates. Within such
features, the small carbide size and small matrix mean free path between the carbide suggests that, as an
entity, such clusters act effectively as larger reinforcing particles with a hardness intermediate between the
matrix and carbide grains. While increasing the hardness of the matrix phase in the coating, such features do
not generate the same degree of strengthening as the retained carbide network in the HVAF coating. The
extended period required for the growth of such features and of the carbide grains themselves, is thought to
contribute to the more sluggish hardness recovery evident in this coating. After the initial 10-20 day
recovery period carbide development was noted to shift from growth of individual carbide grains to the
development of a carbide skeletal network. The extensive nature of this phase enabled the indenter load to
be distributed over a much greater volume of material, generating greater resistance to penetration and higher
hardness values. The development of this network occurred more slowly than the initial carbide grain
growth phase and, as such, the rate of hardness increase slowed with extended exposure. Image analysis of
the carbide intercept lengths indicative of the degree of skeletal development, Figure 5.19 showed relatively
stable values beyond 30-40 days of exposure a trend generally reflected in the hardness results, Figure 5.24.
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Figure 5.24 Results of the coating microhardness with heat treatment overlaid by the development in the
carbide microstructure based on the average carbide intercept length at 8000X magnification for the
Aerospray HVAF argon treated and Microjet HVOF air treated samples.

In addition to the microstructural changes the physical splat structure of the coating also changes with heat
treatment. Diffusion results in solid state sintering and the formation of physical bonds between the
mechanically interlocked splats, eliminating any potential weakness inherent in the intersplat bonding as
discussed in [16]. While difficulties in viewing the splat structure in the HVAF and HVOF make such
structural development difficult to visualise, the evident intersplat sintering in the blended powder based
coating within the first five days of treatment suggests that such strengthening occurs rapidly during the
initial period of exposure.

In assessing these results it is evident that there is at least one other hardening mechanism not yet accounted
for. It would be expected that the HVAF coating hardness should have exceeded that of the HVOF coating,
or at least approached a comparable value after heat treatment. In the as-sprayed state it had a higher
retained carbide content and underwent less phase degradation and oxidation. While the higher oxide
content of the HVOF coating may have contributed to the hardness of that coating, the physical Cr2O3
concentration was very low and was unlikely to account for such a significant increase in hardness relative to
the HVAF coating. Similarly the greater degree of carbide dissolution may have contributed to the greater
as-sprayed hardness by increasing the matrix strength, however, this could not account for the hardness
variation after the initial stage of heat treatment. The mechanical interlocking of the splats in the HVOF
coating may have generated superior intersplat adhesion initially, however, such an effect would have
minimal long-term implications once solid state sintering had occurred. The similarity in the carbide
structure of both coatings in terms of physical carbide intercept length, morphology and overall
concentration would have at least suggested that the long term heat treated HVAF coating hardness would
tend to that of the HVOF coating. The fact that a relatively consistent hardness value separation existed
between the coatings over the entire period of treatment suggests that the HVOF coating undergoes an, as yet
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undefined, hardening mechanism during formation that is insensitive to heat treatment or microstructural
development.

Effect of Treatment Environment
Heat treatment in air generated higher average hardness values in both the HVAF and HVOF coatings, but
otherwise mirrored the trends in the argon treatments. This response results from internal oxidation of the
exposed splat surfaces between the splats within the coating since all other measures of composition and
microhardness development in air and argon treated samples were comparable. While such oxidative
hardening was expected to be more significant in the HVOF coating due to the greater exposed splat surface
area, per depth of coating, as a result of the thinner splat cross sections, this was not readily apparent in
Figure 5.23. The exact mechanism by which intersplat oxidation increases the cermet hardness is difficult to
define. While generally thought to reduce the intersplat bond strength in as-sprayed coatings, it is possible
that such oxides may have helped to bind the splats together and reduce intersplat sliding under the indenter
load in this instance. Outside the regions directly impacted by the hardness indenter the load generated by
300g may not have induced high enough stresses to cause fracture of the oxides. Hence in this case they
would act as hard, high strength, binders. The influence of this phase is generated within the first 24 hours of
exposure at such high temperatures, as highlighted by Sahoo et al [4, 5], as longer periods of treatment result
in the formation of a protective surface scale, which prevents further oxygen ingress. As such, oxidative
hardening occurred within the first 2 days of exposure in both coatings, and remained as a mechanism of
fixed higher hardness increment over the remaining trials.
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5.7.2 Blended Powder Based Coating
The hardness of the blended powder based HVOF coating increased with increasing exposure time out to 30
days, Figure 5.25. The generalised mechanisms of hardness increase with heat treatment are similar to those
proposed by Fagoaga et al [14] with a coating generated in a similar manner. As discussed in Section 5.4,
extensive internal oxidation occurred with heat treatment.

This was also accompanied by significant

intersplat solid state sintering. Both features are thought to contribute to the higher hardness with heat
treatment. It is unknown why the hardness continued to increase by approximately the same amount
between the first five days of exposure and the subsequent 25 days, considering that both the internal
oxidation and sintering mechanism were thought to have essentially stopped after the initial exposure period
as was noted in the long term heat treatment of Sahoo et al [4, 5].

Figure 5.25 Variation in microhardness
with heat treatment of the blended powder
HVOF coating.
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5.8 Summary
In this chapter the response of Cr3C2-NiCr thermal spray coatings to extended exposure at 900ºC was
investigated. Quantitative analysis of the variation in coating composition and carbide microstructure as a
function of in-flight degradation, starting powder morphology, exposure environment and time was
presented. Mechanisms of microstructural development were discussed, contrasting the results of this work
with those presented in the literature. The significance of coating development on the microhardness was
assessed and correlated with the mechanisms discussed above. The key points stemming from this analysis
are presented below.

Rapid compositional development occurred within the first two days of treatment in both prealloyed powder
based coatings. The matrix phase underwent recrystalisation and a reduction in the extent of Cr alloying
through carbide precipitation. The carbide phase concentration increased to a steady state level of 7580vol%.

Cr3C2 remained the dominant carbide phase, with limited Cr7C3 formation.

The treatment

atmosphere had no effect on the mechanism of phase development within the coatings. The steady state
composition did not correlate with that predicted from equilibrium thermodynamics, indicating that the
kinetics of the transition from Cr3C2 to Cr7C3 are very slow under these conditions.
The morphology of carbide development with heat treatment was dictated by the extent of in-flight carbide
dissolution during spraying. In the HVAF coating minimal carbide dissolution occurred in-flight, with the
dissolved species remaining close to the carbide grains. With heat treatment, carbide precipitation occurred
primarily on the retained carbide grains. Continued development was driven by Ostwald ripening, leading to
bridging and agglomeration of the carbide grains into an extensive three dimensional stricture. After 30 days
the microstructure reached an equilibrium state. The high degree of carbide dissolution in the HVOF coating
led to widespread carbide precipitation in the supersaturated carbide-free zones with heat treatment. With
extended exposure the fine precipitates agglomerated to form sponge like morphologies. These coarsened
with extended exposure, with the carbide morphology tending to that of the HVAF coating after 30-40 days
exposure. Carbide development led to the appearance of a third phase in both coatings which was postulated
to be carbon formed by the increase in Cr alloying of the matrix following carbide dissolution.

In the blended powder based coating heat treatment led to recrystalisation of both the matrix and carbide
phases. Cr7C3 was the only carbide detected. Cr2O3 formed as a result of internal oxidation along the splat
boundaries. Microstructurally, the carbide and matrix splats underwent sintering with extended exposure.
Diffusion of carbide elements into the matrix phase resulted in the formation of nodules and fingers of the
carbide phase developing into the neighbouring matrix splats with extended exposure.

Given the dependence on diffusion for compositional and microstructural developments described above, the
rate of such changes in the coating was dictated by temperature. While the mechanism of development is
expected to be similar, the rate of such compositional and microstructural refinement would take
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significantly longer at lower temperatures, potentially 20-300 times as long at 700ºC and 4-13.5 times as
long at 800ºC.

Heat treatment of the prealloyed powder based coatings led to a sharp drop in coating microhardness with
initial exposure up to 5 days, because of the reduction in solid solution strengthening of the matrix phase by
the dissolved carbide species and the development of stress free splats following recrystalisation. Hardness
recovery occurred with carbide nucleation and growth, the rapid initial increase and long-term tapering off in
the rate of increase of the coating hardness correlating with the growth of the carbide grains and development
of the expansive carbide skeletal network. Sintering of the splats assisted in strengthening the coating
structure. The Microjet HVOF coating remained consistently harder than the HVAF coating, in spite of the
greater degree of in-flight carbide dissolution. The mechanism to account for this response has yet to be
defined. Treatment in air generated harder coatings than those in argon for both deposition systems due to
internal oxide formation. The hardness of the blended powder based coating continued to increase with
increasing treatment times in air. The short treatment period increase resulted from internal oxidation and
intersplat sintering. The mechanisms resulting in the increased hardness with long-term exposure are
uncertain.
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Chapter 6
High Temperature
Isothermal Oxidation
of Cr3C2-NiCr Coatings

6.1 Introduction
The ability of Cr3C2-NiCr cermets to be applied in high temperature environments up to 900ºC is critically
dependent on their ability to form a slow growing, continuous, protective scale layer. Compositionally, the
oxidation mechanism and kinetics of the NiCr matrix under such conditions have been well characterised.
Little is known, however, about the oxidation characteristics of the Cr3C2 phase, with debate existing over
the exact oxidation mechanism. Conflicting experimental results point to either a direct oxidation reaction to
Cr2O3, or alternatively a stepwise decarburisation mechanism prior to Cr2O3 development. On a larger scale,
few studies have considered the oxidation response of the combination of these phases, the little work
presented involving bulk sintered components focusing primarily on the mass gain kinetics. Furthermore the
complicating factors associated with the physical splat structure implicit in thermal spray coatings have not
been widely considered in regard to the oxidation mechanisms of this coating composition. Knowledge of
the oxidation mechanisms and kinetics is critical to the high temperature application of these coatings,
particularly in regard to the principle focus of this investigation into the erosion-oxidation response of Cr3C2NiCr coatings.

As discussed in Chapter 9, erosion-oxidation describes the mechanism of material

degradation through the effect of erosive wear of a growing oxide scale. Under the simulated conditions of
high temperature turbine erosion in this work, the oxidation response is a critical factor in dictating the extent
and mechanisms of material wastage. As such, the aim of this section of work was to characterise the
oxidation mechanisms of thermally sprayed Cr3C2-NiCr coatings, accounting for the effect of compositional
distribution as a function of powder type, in-flight degradation, and heat treatment, as well as the influence
of splat structure and exposure temperature. The experimental strategy for the chapter is schematically
illustrated in Figure 6.1.
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Coating Characterisation
Heat Treatment
900ºC

Erosion
Ambient Temperature

Erosion
Elevated Temperature

Oxidation

• Samples:
o
o

As-Sprayed: Aerospray HVAF, Microjet HVOF, Jet Kote HVOF,
JP-5000 HVOF, Blended Powder
Heat Treated: Aerospray HVAF, Microjet HVOF, Blended
Powder

• Oxidation
o Temperature: 700, 750, 800, 850, 900ºC
o Atmosphere: Air
o Duration: 10min, 2 hours, 48 hours
• Analysis:
o Thermogravimetric analysis
o Topographical analysis (SEM)
o Cross-sectional analysis (SEM)
o Phase analysis (XRD, BSE)
• Goal: Determine the mechanism of Cr3C2-NiCr coating oxidation as a
function of carbide dissolution, starting powder morphology and
temperature.

Erosion-Oxidation
700-900ºC

Figure 6.1 Overview of the experimental strategy of this chapter.
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6.2 Oxidation of Cr
6.2.1 Introduction
The ability of materials to be applied at high temperature in oxygen containing atmospheres is dependent
upon the formation of a protective oxide scale. Industrially most components rely on the formation of Cr2O3
or Al2O3 oxide scales for protection from oxidation. These phases are thermodynamically stable up to very
high temperatures, have high melting points and form dense, continuous and adherent layers that grow
relatively slowly [1]. Such scales form a solid diffusion barrier that inhibits interaction of oxygen with the
underlying substrate material. The oxide layer grows either by diffusion of oxygen through the scale to the
substrate, or diffusion of substrate atoms out through the scale to the air-oxide interface. Initially the reaction
rate is rapid as oxygen and the reacting substrate elements are in direct contact. As the scale grows and
becomes continuous, diffusion of either species becomes increasingly inhibited by the growing diffusion
barrier. As a result, the rate of mass gain due to oxygen uptake, reflected in the growing scale thickness,
reduces with time. Growth of these oxide phases typically displays a parabolic dependence with time. The
growth, maintenance and longevity of this protective scale is dependent upon the concentration of the scale
forming element in the substrate material, temperature, oxidising conditions, and alloy microstructure which
influences the rate of element diffusion to the scale layer [2, 3].

6.2.2 Oxidation of Pure Cr – Introduction
Analysis of the formation of Cr2O3 during oxidation of Cr serves as a starting point in addressing the
mechanism of oxide growth on Cr containing alloys [3-7], as many of the kinetic and mechanistic features of
Cr2O3 scale development are reflected in the response of these alloys at high temperature. Practically, the
chromium oxide species of most significance are Cr2O3 and CrO3. Cr2O3 is the most thermodynamically
stable chromium oxide, forming a barrier to oxygen penetration on Cr containing alloys at high temperature
that reduces oxidative attack of the substrate. The growth of this phase typically exhibits parabolic kinetics
above 700ºC [2], following Equation 6.1 and Equation 6.2.

dx k 'P
=
dt
x

[2]

x 2 = 2k 'P t + C = k P t + C

Equation 6.1

[2]

Equation 6.2

Where:
x = oxide thickness or mass gain per unit area
t = time
kP’ and kP = parabolic rate constants
C = Constant
The parabolic rate constants have been found to vary by more than four orders of magnitude, depending on
the sample surface preparation (electro-polish, grinding, polishing etc), oxide evaporation, impurity levels
and experimental procedures [1-6].
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The volatile CrO3 phase forms from oxidation of Cr2O3 at temperatures greater than 900-1000ºC [1, 2] in
high oxygen pressure conditions or in high velocity gas flows [1-3]. Vaporisation of this phase leads to
consumption of the Cr2O3 scale and accelerated oxidative attack of the substrate, limiting the very high
temperature application of Cr based alloys.

6.2.3 Oxidation of Pure Cr – Oxidation Mechanism
Cr reacts with oxygen via Equation 6.3 to form Cr2O3, most commonly as a polycrystalline scale layer.

2CrMET +

3
O 2 → Cr2 O 3
2

Equation 6.3

A large number of small oxide grains nucleate on the surface [2, 4, 5] and develop into a continuous oxide
layer. Continued growth occurs by diffusion of Cr from the substrate, out through the oxide layer, where it
reacts at the gas-oxide interface to form the outward growing scale layer. Cr diffusion through the oxide
occurs by lattice diffusion, in terms of vacancy diffusion and as interstitial diffusion of Cr ions [5], as well as
by diffusion along short circuit paths such as oxide grain boundaries. Grain boundary diffusion occurs
significantly faster than that through the lattice. Such short circuit paths also allow oxygen to penetrate into
the oxide layer. As a result, oxide growth occurs not only at the gas-oxide interface, but also within the outer
zone of the oxide scale. While not as extensive, a similar mechanism is also thought to occur within the
body of the oxide grains as a result of oxygen lattice diffusion [2, 8]. Internal oxide formation within the
scale layer leads to growth not only out from the surface, but also laterally across the surface, Figure 6.2.

Oxide growth in this manner generates compressive stresses in the outer zone of the scale.

At high

temperatures, stress relief occurs through creep and plastic deformation of the oxide, resulting in the
formation of intergranular voids within the oxide [6], and the distortion of the top layer of the substrate
material [2, 7], leading to a buckled and wrinkled appearance to the oxide. Stress relief may also occur by
scale-substrate separation and the formation of interfacial voids.

This mechanism is accentuated by

structural discontinuities such as sharp edges and corners [3, 9], as well as through the coalescence of
vacancies formed by extensive Cr diffusion into the scale [2, 5-7, 9].
At high temperatures (≥800-900ºC) [2] such cavity formation has a minimal influence on the oxide growth
rate on pure Cr, despite the reduction in scale-substrate contact area. At such temperatures the vapour
pressure of Cr is high enough that Cr can evaporate from the substrate, diffuse across the void, and condense
at the void-scale interface at a rate sufficient that this mechanism is not the rate limiting step in scale
formation [5, 6].

Continued growth within the scale leads to further compressive stress formation,

generating greater degrees of buckling in the scale until eventually crack formation occurs, allowing the
ingress of oxygen to the substrate surface. If the Cr content of the underlying material is high enough this
process may be repeated, leading to a stratified scale containing layers of the balloon type voids, Figure 6.2.
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Figure 6.2 Schematic of the lateral growth mechanism of Cr2O3 on Cr (top), along with the schematic of
Cr2O3 scale growth following oxide separation from the Cr surface (bottom). Micrograph reproduced from
[4].

At lower temperatures (approximately 800ºC) the rate of Cr evaporation may not be sufficient to facilitate
such a mechanism of Cr supply [6]. The mechanism of continued scale growth over such regions under
these conditions is, as yet, not fully understood. Of interest are the results of Kofstad and Lillerud [7] on the
oxidation of Cr at 800ºC. They observed approximately logarithmic mass gain kinetics at this temperature in
an atmosphere of 105Pa oxygen, the scale growth rate decreasing faster than the parabolic kinetics predicted
from the high temperature trials. Lower oxygen pressure trials precluded Cr volatilisation as being the
mechanisms of such a rate reduction. Instead they suggest that growth of the Cr2O3 grains lead to a reduction
in the short circuit grain boundary diffusion paths, thereby leading to a reduction in Cr availability at the gasoxide interface and subsequent reduction in the rate of mass gain.
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6.3 Oxidation of NiCr Alloys
An extensive amount of literature has been presented regarding the oxidation of NiCr alloys, this review
restricted to a generalised review of the oxidation mechanism. Of practical significance has been the
discovery of the minimum Cr concentration required to establish a protective Cr2O3 layer, typically 10wt%
under isothermal conditions [1, 3, 10]. The mechanism of oxidation of this alloy composition, particularly
above 700ºC [8], forms the basis of understanding for higher Cr content alloys.

Upon exposure to elevated temperature, oxide grains nucleate across the alloy surface, Figure 6.3.
Compositionally Cr2O3 is the most thermodynamically stable oxide, however, its slow growth rate means
that the less protective, but faster forming, NiO and NiCr2O4 oxides are kinetically favoured [1, 3, 8, 9]. The
rapid lateral growth of NiO quickly encompasses the exposed surface, enveloping and undercutting all other
oxide nuclei. Any Cr2O3 grains caught up in the scale layer undergo a solid state reaction with NiO to form
NiCr2O4, Equation 6.4
NiO + Cr2 O 3 → NiCr2 O 4

Equation 6.4

Internal oxidation occurs through reaction with oxygen at the dissociation pressure of NiO, generated at the
metal-scale interface [1]. This is of sufficiently high activity for Cr2O3 to form beneath the NiO scale layer
and so nuclei of this oxide are formed across the body of each grain. At low Cr concentrations, however, the
amount of Cr2O3 formed is insufficient to generate a continuous protective scale layer. As such, an oxidation
front progresses into the alloy [1, 3, 10]. Consumption of the Cr in the near surface zone generates a
favourable concentration gradient for diffusion of this element from the bulk alloy. While lattice diffusion
supplies Cr in the body of the grain, the most rapid transport of Cr occurs along grain boundaries that act as
short circuit diffusion paths. As such, these features act as preferential sites for Cr2O3 nucleation and initiate
the formation of a protective scale in low Cr content alloys [1, 11]. Development of this oxide at the
interface of the grain boundary with the surface generates rings of Cr2O3, while internally, isolated Cr2O3
grains continue to nucleate. Within the grain, lattice diffusion is insufficient to replace the Cr consumed by
oxide formation, allowing lateral diffusion of Cr from the grain boundaries. This allows the Cr2O3 scale to
penetrate laterally into the grains through growth and coalescence of internal oxide grains [1, 11]. Such
lateral oxide growth becomes impeded as the developing scale intersects the penetrating internal oxidation
front. This causes the growth of the Cr2O3 layer to develop perpendicular from the surface, generating a step
in the oxide scale. The rate of growth of the internal oxidation front slows as the distance from the scalealloy interface increases. This allows the Cr2O3 layer to again develop laterally through Cr diffusion from
the grain boundary. During this time of development the outer NiO layer advances into the alloy [1, 3, 10].
As such, the scale-metal interface, from where oxygen is supplied, progresses closer to the internal oxidation
front. The oxygen concentration gradient therefore increases leading to an accelerated period of internal
oxidation. This is further advanced by the fact that the encroaching Cr2O3 scale from the grain boundary
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reduces the area of alloy through which oxygen can diffuse, increasing the flux of this species [11]. A
second step in the Cr2O3 layer is generated as internal perpendicular growth occurs again to accommodate
the progressive internal oxidation front. Stepwise growth of the protective oxide occurs in this manner,
termed “angular terraced healing” [11], for many cycles depending upon the Cr content of the alloy.
Completion of the protective Cr2O3 scale eventually occurs by “self healing” [11]. While angular terraced
healing is generated through Cr diffusion from the grain boundaries, self healing results from lattice
diffusion of Cr within the centre of the alloy grain. It occurs when the internal oxidation front slows to the
point where, although Cr2O3 grains have nucleated, minimal progression into the grain continues. Cr is
supplied by lattice diffusion at a sufficient rate to allow these oxide grains to grow and coalesce with
themselves and the encroaching angular terraced scale to form a complete Cr2O3 layer [11].

NiO

advancement into the alloy continues until the two scale layers intersect, generating an interfacial NiCr2O4
layer. As such in low Cr content alloys a complex scale exists, comprising of a thicker outer NiO layer which
contains progressively greater amounts of NiCr2O4 particles as it approaches the NiCr2O4 layer that exists
above the protective Cr2O3 scale [1, 3, 8, 10, 11].

With increasing Cr content, up to 20-30wt%, the rate of development of Cr2O3 features in this mechanism
increases. During the initial period of exposure, rapid NiO formation still occurs to form a continuous layer.
Cr2O3 particles nucleate beneath this layer, however, their concentration is significantly higher than
described above. While the angular terraced healing mechanism is still operative, its rate of development is
significantly influenced by the higher Cr content. This increases the concentration gradient between the Cr
rich grain boundaries and the depleted alloy, accelerating the rate of diffusion. The greater nucleation and
growth of Cr2O3 grains inhibits the rate of penetration of the internal oxidation front and accelerates the
formation of the “critical volume fraction of internal oxide” [11] necessary for “self healing” to occur. As a
result the protective Cr2O3 layer occurs substantially faster and develops progressively closer to the original
scale-metal interface with increasing Cr concentration. The NiO scale layer has less time to develop, leading
to thinner overall scales and lower oxidative mass gains [11].

At very high Cr content, 40-50wt%, this mechanism approaches an upper limit. NiO is still the most rapidly
formed oxide, however, the abundance of Cr leads to widespread Cr2O3 formation on the surface. Additional
Cr2O3 develops under the regions of NiO, rapidly coalescing with those grains nucleated on the surface to
form a continuous scale layer [9]. Essentially the scale layer develops by the “self healing” mechanism
before the angular terraced mechanism becomes operative. Work by Ecer and Meier [9] on alloys of this
composition at 1100ºC suggests that this mechanism occurs very rapidly, with NiO growth terminated after
only several seconds. As such, Cr2O3 is the primary oxide scale formed on these alloys. The high Cr content
means that the growth rate and features of the scale closely parallel those of the oxidation of pure Cr.
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Figure 6.3 Schematic of oxide formation on Ni-20Cr alloys. Reproduced from Stott [1].
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6.4 Oxidation of Cr3C2
Cr3C2 oxidises to form Cr2O3 as described by Equation 6.5 [12-16].

2Cr3 C 2 +

13
O 2 (g) → 3Cr2 O 3 + 4CO(g)
2

Equation 6.5

Two mechanisms have been postulated to account for this reaction; a direct reaction of Cr3C2 with oxygen, as
described above, and a complex stepwise reaction where Cr3C2 undergoes successive decarburisation
reactions to form Cr, and subsequently Cr2O3, as described by Equation 6.6 [14].
2 → Cr C 
2 → Cr C 
2 → [Cr
2
Cr3C 2 
7 3
23 6
MET ] → Cr2 O 3
+O

+O

+O

+O

Equation 6.6

The oxidation mechanisms of Cr3C2 presented in the literature are correlated with the trials of this work in
Appendix 3. These results support the stepwise decarburisation hypothesis presented by Korablev et al [14].

6.5 Oxidation of Thermal Spray Coatings
In thermal spray coatings the mechanism of scale development is further complicated by spray induced
compositional degradation and the inherent complexity of the splat based structure of these coatings.
Compositionally, in-flight or post deposition oxidation may prematurely remove scale forming elements
from the material in the formation of non-protective oxide stringers [17], potentially reducing the
concentration of such elements below the critical level required for protective scale formation in the coating.
In two phase alloys and composites, dissolution and supersaturation may lead to the deposition of nonequilibrium phases.

As such, the heterogeneous distribution of scale forming elements and phase

rearrangements expected to occur at elevated temperature, potentially result in unexpected oxidation
characteristics compared to bulk materials of the same general composition. The splat microstructure and
porosity generated during splat deposition have been found to significantly impact on the general aqueous
oxidation and high temperature oxidation response of thermal spray coatings [17-27]. Porosity has been
directly linked to greater extents of oxidation on account of the increased exposure area generated through
internal oxidation [23, 26, 28], transitions in the kinetics of protective scale growth [17, 24, 26, 27] and
variation in the localised oxidation mechanism [17]. Even when the as-sprayed microstructure indicates
dense coatings with low observable porosity, the works of Seong et al [28], and Bluni and Marder [24] have
highlighted that higher velocity techniques such as plasma and HVOF generate an apparently more oxidation
resistant structure relative to lower velocity techniques. In particular, dense arc and flame sprayed coatings
were observed to undergo significant internal oxidation along the splat boundaries themselves, even when
interconnected porosity was not present. In the study of arc and plasma sprayed coatings of various
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compositions, Bluni and Marder [24] concluded that the successful application of thermal spray coatings at
high temperatures was reliant on coating compositions that promote protective scale formation at internal
splat boundaries, and coating microstructures dense enough that internal oxidation could fill in such avenues
of oxygen ingress sufficiently quickly to prevent attack of the underlying substrate.

It is surprising, given the widely referenced high temperature application of this coating composition, that
limited work has been published regarding the rate or mechanism of oxidation in composite Cr3C2-NiCr
thermal spray coatings or bulk sintered components. Gorbatov et al [29] investigated the oxidation response
of hot pressed mixtures of Cr3C2 and Ni20Cr (5, 15 and 25wt% binder) at 800-1000ºC for up to 8 hours.
Rapid oxide growth occurred within the first 2-3 hours at 800ºC and 4-6 hours at 1000ºC, after which the
oxide growth slowed dramatically.

Such oxidative mass gains generally followed parabolic oxidation

kinetics, with higher binder contents generating greater magnitudes of mass gain. Such results indicated that
the binder was first to oxidise, a point reflected in the oxide composition where composites with more binder
formed CrO2, Cr2O3 and NiCr2O4, while the 5wt% NiCr composite formed only a Cr2O3 scale layer. With
regard to thermal sprayed coatings, Hidalgo et al [30] also noted a generalised parabolic oxidation response
in plasma sprayed coatings at 800ºC, although mass loss attributed to coating spallation after 15 hours
treatment made this uncertain. The work by Wang et al [31] on D-Gun sprayed Cr3C2-NiCr coatings,
showed more continuous protective behaviour out to 70 hours at both 750ºC and 850ºC. Higher mass gains
were observed at the higher temperature in both of these works, with Cr2O3 the only detected oxide phase
after the exposure period. Microstructurally, Bomford and Donovan [32] noted a significant variation in
oxidative response between HVOF coatings based on blended powders and prealloyed powders.

The

blended powder based coatings had a significantly greater as-sprayed oxide content. In spite of attempts to
optimise the coating composition and structure, the blended powder based coatings exhibited significant
oxide penetration into the coating after 1000 hours testing at 980ºC. Oxide ingress was especially noticeable
in regions of gross porosity, however, evident oxygen ingress also occurred through the apparently dense
splat structure as evidenced by the internal oxidation apparent in the tapered edges of the coating, and the
formation of a continuous interfacial layer between the coating and substrate. The prealloyed powder based
coating suffered markedly lower degrees of internal attack, with the interfacial oxide layer between the
coating and substrate only intermittently observed after extended exposure.

While the ability of thermally sprayed Cr3C2-NiCr coatings to act as protective layers at high temperature is
evident not only from these works, but also by the extensive industrial application of this coating system,
little has been presented in terms of the mass gain kinetics of the coating alone and the mechanism by which
the protective scale layer develops. The aim of this section of work was to characterise the mechanism of
high temperature oxidation of these coatings, as well as the effect of the starting powder morphology and
influence of in-flight degradation on this mechanism. The significance of temperature on the rate of scale
growth, and hence the mass gain kinetics, was quantified.

The impact of heat treatment induced

compositional and microstructural changes on the oxidation mechanism was also investigated.
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6.6 Experimental Procedure
Oxidation samples were formed from coatings deposited by the HVAF and four HVOF techniques, including
the blended powder based HVOF coating, to a thickness of 0.8-1 mm on 3 mm mild steel substrates. These
were cut into 15 mm x 15 mm samples, from which the coatings was removed according to the procedure
outlined in Chapter 3. The coating-only samples were ground and polished to a 3 µm finish. Isothermal
oxidation testing was carried out using TGA (Refer to Chapter 3) in still air. Samples were exposed at
temperatures up to 900ºC for periods of up to 48 hours. Topographical and compositional analysis was
carried out on samples exposed for 10 minutes, 2 hours and 48 hours at each temperature, based on the
transitions in the rate of mass gain highlighted by the TGA analysis.

The oxidised specimens were

characterised on the basis of the mass gain kinetics, surface composition by XRD, and oxide morphology
using topographical, polished cross sectional and fracture samples analysed by SEM. The effect of heat
treatment on the oxidation response was investigated using coating-only samples of the prealloyed powder
based Aerospray HVAF and Microjet HVOF coatings as well as the blended powder based coatings. On
the basis of the heat treatment results of Chapter 5, these samples were heat treated for 2 days (HVAF only),
5 days (Microjet HVOF coating and blended powder coating) and 30 days (all coatings) in air at 900ºC.
Following exposure they were ground and polished to 3 µm. Samples were oxidised for 10 minutes, 2 hours
and 48 hours at 700ºC and 850ºC, the resulting scales characterised in the same manner as the as-sprayed
coatings. Based on the similarity of the prealloyed powder based Aerospray HVAF and Microjet HVOF
coatings, only the HVAF samples were assessed by SEM. Heat treated samples for TGA analysis were
polished to 3 µm and then preoxidised for 24 hours at 700ºC to “seal” up the coating. TGA testing was
carried out under the same conditions as used in the analysis of the as-sprayed coatings at 700ºC and 850ºC.

Table 6.1 summarises the experiments conducted, the coating pretreatments, experimental conditions and the
purpose of each set of experiments.

Table 6.1 Summary of oxidation experiments.
Trial
description
Preliminary
trial

Samples

Experimental conditions

Analysis

Purpose

As-sprayed HVAF

- Isothermal oxidation by TGA
- Temperatures: 700, 750, 800,
850, 900ºC
- Coating-only samples
- 48 hours exposure
- Isothermal oxidation by TGA
- Temperatures: 700, 850ºC
- Coating-only samples
- 10 min, 2, 48 hours exposure

XRD
SEM

Overview of coating
oxidation response

TGA
XRD
SEM
BSE
EDX
TGA
XRD
SEM
BSE
EDX

Mechanism of coating
oxidation as a function of inflight carbide degradation and
powder type

As-sprayed
coatings

Aerospray HVAF,
Microjet
HVOF,
Blended

Heat treated
coatings

Aerospray HVAF,
Microjet
HVOF,
Blended
Heat treated: 2, 5,
30 days

- Isothermal oxidation by TGA
- Temperatures: 700, 850ºC
- Coating-only samples
- 10 min, 2, 48 hours exposure

Variation in oxidation
mechanism with heat
treatment induced phase
development
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6.7 Oxidation of Cr3C2-NiCr Thermal Spray Coatings –
Oxidation Mechanisms
6.7.1 Overview of Coating Oxidation Between 700-900ºC
Preliminary trials were conducted over the range 700-900ºC to highlight any variations in oxidation
response, or, alternatively, to indicate a consistent oxidation mechanism over this temperature range.
Polished as-sprayed HVAF1 coating-only samples were oxidised in the TGA apparatus for 48 hours at
700ºC, 750ºC, 800ºC, 850ºC and 900ºC. The oxidised specimens were characterised by XRD (Philips
PW1729, Co source) and SEM.

The locked couple XRD spectra on all samples were dominated by the NiCr and Cr3C2 phases, with only
small Cr2O3 peaks identified. No Ni based oxides were detected, or any Cr7C3/Cr23C6 decarburisation
phases. Figure 6.4 illustrates the peak areas under the Cr2O3 peak at 2θ = 38.7-39.9º normalized relative to
the area under all the dominant peaks in the spectra. Steady increases in the oxide content were observed up
to 850ºC indicating a consistent transition in response as a function of increasing temperature. The reason
for the lower than expected result at 900ºC is unknown, but was not explored further.

Figure 6.4 The normalised
primary Cr2O3 peak area
generated on Aerospray HVAF
coating-only samples as a
function of exposure
temperature for 48 hours
exposure in still air.
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SEM analysis of the oxidised surfaces, Figure 6.5, indicated an increasing rate of oxidation with increasing
temperature in the same manner as highlighted in Figure 6.4. With exposure at 700ºC a thin continuous scale
formed over both coating phases, punctuated by dark depressions identified as regions of pullout material
generated during polishing. The oxide layer was formed from fine oxide crystals less than 0.5 µm diameter.
The increased oxide growth rate at 750ºC was reflected in the coarser surface topography generated by the
larger oxide crystals, approaching 1 µm diameter, as well as the smaller size of the pullout features resulting
from lateral scale development. At 800ºC the depressions in the scale layer were no longer evident and the
general oxide morphology had transformed from a smooth continuous layer to a more nodular “cracked
earth” appearance. An extensive range of oxide crystal sizes was apparent in the scale at this temperature,
1

Coating nomenclature as defined in Table 4.4 in Chapter 4
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ranging from small sub-micron grains agglomerated into the background nodular features, up to large
individual grains of several microns diameter. Coarsening of these scale features occurred with the greater
rate of scale development at 850ºC, with the nodular “cracked earth” features dominating the scale
morphology. This was accentuated further at 900ºC where the nodular features appeared to develop laterally
into larger flatter agglomerates. Surprisingly the crystallite size appeared smaller than at 850ºC.
700ºC

800ºC

750ºC

Nodular “cracked earth”
features

850ºC

900ºC

Figure 6.5 SEM topographical images of the Aerospray HVAF coating-only samples exposed for 48 hours at
700ºC, 750ºC, 800ºC, 850ºC and 900ºC.

These results indicated a consistent transition in scale development with increasing temperature, suggesting
that the same generalised oxidation mechanism was operative over this temperature range for these Cr3C2NiCr coatings. To further characterise the transient oxidation stages of scale development and assess the
influence of microstructural features on the oxidation mechanism, all of the prealloyed powder and blended
powder based coatings were oxidised in the as-sprayed state at 700ºC and 850ºC for periods of 10 minutes, 2
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hours and 48 hours. Scale development was assessed by glancing angle XRD and SEM analysis of the oxide
topography and fracture cross-sections.

6.7.2 Isothermal Oxidation at 700ºC – Prealloyed Powder Based Coatings
At 700ºC the responses of the HVAF and HVOF coatings were similar. As indicated in Figure 6.6 and
Figure A3.11-3.13 (Appendix 3) oxide formed on both phases within 10 minutes. The images indicate this
scale was very thin as strong backscattered electron (BSE) influenced contrast from the coating phases is
apparent. After 2 hours this contrast was still apparent though the phase boundaries were less distinct.
Matrix phase scale development exceeded that of the carbide phase, though the grain size was similar for
each.

After 48 hours the coating phase contrast was no longer visible. The oxide grain size was homogeneous
across most of the surface, though isolated areas of smaller grains indicated underlying carbides. The scale
was predominantly flat with some depressions indicating regions of material pullout. The HVOF coating
oxide was somewhat more heterogeneous than that of the HVAF coating, the oxide growing faster on the
matrix phase with a larger grain size than that on the carbide phase.
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10 minutes

2 hours

48 hours

Figure 6.6 Topographical SEM images of the as-sprayed Aerospray HVAF coating after 10 minute (top), 2
hour (middle) and 48 hour (bottom) exposure at 700ºC.
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The fracture images of the HVAF coating confirmed the topographical observations, Figure 6.7. The oxide
layer was flat and continuous over both phases, maintaining a constant thickness of approximately 0.40.5µm. No nodular features were evident and no interfacial voids between the scale and coating were
observed. The fracture surfaces of the HVOF coatings were thicker and noticeably rougher than those of the
HVAF coating, Figure A3.14 (Appendix 3). This generated a variation in scale thickness from 0.4 µm up to
0.75 µm, the thinnest scales formed on the Jet Kote coating. The scale layers were adherent to both coating
phases, with no distinct interfacial voids at the oxide-coating interface observed.

Figure 6.7 Fracture cross sections of the Aerospray HVAF coating oxidised at 700ºC for 48 hours. The fine
texture on the fracture features is the result of excessive gold coating.

Analysis of the compositional development of the scale layer on the HVAF coating by XRD highlighted the
formation of Cr2O3 alone. After 10 minutes exposure the spectrum remained dominated by the spectra of the
coating phases, with the low intensity of the Cr2O3 spectra reflecting the thin nature of the scale noted in the
topographical analysis, Figure 6.8. No other oxide phases were detected, nor were Cr7C3 and Cr23C6
decarburisation phases from the oxidation of Cr3C2. Two hours of exposure lead to refinement of the coating
phase spectra, which became narrower and more defined. The Cr2O3 phase spectrum increased in intensity,
while no additional phases formed during this time. After 48 hours, Cr2O3 remained the only oxide phase
detected, with the low intensity of this spectrum relative to the coating phases highlighting the thin nature of
this scale.
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Figure 6.8 Glancing angle XRD spectra of the Aerospray HVAF as-sprayed coatings oxidised at 700ºC for
10 minutes, 2 hours and 48 hours.

In the HVOF coatings Cr2O3 was the only oxide phase detected, Figure A3.15 (Appendix 3). This phase
developed faster on these coatings relative to the HVAF sample based on the greater intensity of the Cr2O3
spectrum relative to the coating phase peaks. This was particularly marked in the Microjet HVOF and Jet
Kote HVOF coatings, with the results of the JP-5000 HVOF sample tending more towards that of the HVAF
sample. The refinement of the coating phase peaks to become narrower and more defined, was more
extensive than in the HVAF coating as a function of treatment time. However, Cr3C2 remained the only
carbide phase detected, with no indication of Cr7C3 or Cr23C6 development with oxidation.
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6.7.3 Isothermal Oxidation at 700ºC – Blended Powder Based Coatings
After 10 minutes oxidation at 700ºC the scale was significantly more heterogeneous than those of the
prealloyed powder based coatings, reflecting the marked variation in oxide formation on each coating phase,
Figure 6.9. The matrix phase scale developed significantly faster than noted on the previous coatings,
forming distinctly different morphologies as a function of the matrix phase microstructure. On thin bands of
the matrix phase, large bulbous oxides formed, protruding well above the surface. Such features were
identified as NiO by EDX analysis. The scale on the more extensive matrix regions was significantly flatter.
In the centre of such splats, large individual oxide grains of up to 1 µm diameter formed. These were platelike in shape, oriented flat to the surface, with their large size generating a coarse scale morphology. In
moving to the splat periphery the oxide grain size became smaller and more homogeneous, with the scale
appearing thinner than in the centre of the splat. The carbide phase formed a very thin oxide layer that was of
a consistent morphology irrespective of the exposed carbide splat surface area.

Dramatic growth of the bulbous scales occurred with 2 hours exposure, growth occurring along the exposed
matrix splats through coalescence and general swelling. It was notable that such features did not undergo
significant lateral growth over the surrounding phases. On the more extensive matrix zones, growth of the
background scale meant that the large central oxide grains were not as distinct as in the earlier images. The
carbide phase remained distinctly thinner than that formed on the neighbouring matrix phase with a smaller
grain size, giving this scale a sunken appearance.

The heterogeneous scale morphology remained distinct after 48 hours exposure but the variations in the
bulbous and background scales were not as dramatic as in the earlier exposure periods. Bulbous scale
development occurred, but was largely contained on the matrix splats alone, with little lateral growth over
the neighbouring phases.

Growth of the individual grains within these features gave them a coarser

appearance. Significant growth of the background matrix scale occurred, the average grain size approaching
that of the large individual grains formed after 10 minutes, which resulted in a more homogeneous
appearance of this phase. By contrasting the extensive nature of this matrix phase scale with the coating
phase distribution in the earlier images, it was evident that significant lateral oxide growth occurred over the
carbide phase splats. This was highlighted by the depressions within this scale layer, formed from thinner
scales of smaller grain size that were indicative of oxidised carbide regions.
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10 minutes
Scale on extensive matr

“Bulbous” scale featur

2 hours

48 hours

Figure 6.9 Topographical SEM images of the as-sprayed blended powder based HVOF coating after 10
minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 700ºC.
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The heterogeneous nature of the scale was reflected in the fracture cross-section images of the samples
exposed for 48 hours, Figure 6.10. The flat regions of the scale formed up to 0.3-0.5 µm in thickness,
remaining adherent to both coating phases, with no interfacial voids observed between the scale and the
coating. The bulbous oxide features formed up to several microns thick. Based on the irregular manner in
which they fractured, these bulbous oxides appeared to be formed from a dense outer band of large grained
oxide, encompassing an inner core of oxide with a different crystal morphology.

“Bulbous” scale feature

Figure 6.10 Fracture cross sections of the blended powder based HVOF coating oxidised at 700ºC for 48
hours. The fine texture on the fracture features is the result of excessive gold coating.

Analysis of the XRD spectra suggested that variations in the scale composition contributed to the
heterogeneous morphology.

Cr2O3 was the dominant oxide phase formed after 10 minutes exposure,

however, distinctive NiO phase peaks were also detected, Figure 6.11.

The NiCr2O4 phase was not

definitively identified at this time. The NiCr coating peaks dominated the scan, highlighting the thin nature
of this composite scale. The carbide phase spectrum was of low intensity and dominated by Cr7C3. The
formation of this phase is thought to result primarily from the recrystalisation of Cr7C3 formed during
deposition and not the decarburisation of Cr3C2 during oxidation. No evidence of Cr23C6 development was
observed.

Significant NiCr2O4 growth occurred out to 2 hours of exposure, as evidenced by the development of the
independent peak at 2θ=30.3º and the formation of the upper d-spacing shoulder on the Cr2O3 peak centred at
2θ=36.2º. Cr2O3 development occurred over this time but was not as extensive as that implied in the
prealloyed powder based coatings, possibly because of the growth of the faster growing Ni oxides on the
surface. Cr7C3 remained the dominant carbide phase, with no indication of Cr23C6 formation with extended
oxidation.

Extensive scale development occurred out to 48 hours based on the marked reduction in the intensity of the
coating phase spectra relative to that of the Cr2O3 phase. The NiO phase intensity decreased markedly with
further exposure, while in contrast extensive NiCr2O4 growth occurred. The intensity of the spectrum of this
phase reaching almost half that of the dominant Cr2O3 phase.
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Figure 6.11 Glancing angle XRD spectra of the blended powder based HVOF as-sprayed coatings oxidised
at 700ºC for 10 minutes, 2 hours and 48 hours.
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6.7.4 Isothermal Oxidation at 850ºC – Prealloyed Powder Based Coatings
The greater rate of oxidation at 850ºC relative to 700ºC was reflected in the dramatically greater rate of scale
development after 10 minutes exposure as illustrated in the images of the oxidised HVAF coating, Figure
6.12. The oxide layer was almost thick enough to prevent BSE contrast from the underlying coating phases
at this time. The general scale had a distinct “cracked earth” morphology, even over the regions of matrix
phase alone. The scale formed over the carbide grains appeared to develop as an isolated layer that was of a
smaller grains size and a more continuous morphology. The boundary between this and the matrix scale was
differentiated by an obvious valley between the two scales. With extended exposure for 2 hours scale
growth accentuated the “cracked earth” morphology, the topography considerably more coarse and nodular
than in the previous exposure time. The size of the nodules varied, however, with only a few of these
features correlating with the dimensions of the nodules over the carbides evident in the 10 minute trials.
They were formed from the agglomeration of fine oxide grains, the average size of which was much larger
than in the earlier images. With extended exposure to 48 hours the nodular features increased in size, with
the growth of the agglomerated grains making up the nodules generating a very coarse appearance.

Subtle variations in the scale morphology were evident across the range of oxidised HVOF coatings, Figure
A3.16-3.18 (Appendix 3), but in general the development of the oxide features mirrored those discussed on
the HVAF coating.
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10 minutes

2 hours

48 hours

Figure 6.12 Topographical SEM images of the as-sprayed Aerospray HVAF coating after 10 minute (top),
2 hour (middle) and 48 hour (bottom) exposure at 850ºC.
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The fracture surfaces of the scales formed on the HVAF and HVOF coatings after 48 hours oxidation
indicated they were significantly thicker than those formed at 700ºC, Figure 6.13 and Figure A3.19
(Appendix 3), and characterised by a wrinkled morphology similar to that observed during the oxidation of
pure Cr, Figure 6.2. Interfacial voids formed between the oxide and coating, primarily over the carbide
grains. The scale was pinned to the coating on sections of the matrix phase, although in instances where
large carbide grains occurred the scale did adhere to isolated regions of the carbide surface. The interfaces
within the voids were smooth and not covered by any obvious scale layer. The general void morphology
resembled a flat dome, the interfacial length of such features varying up to 2.5 µm. The size and shape of
these features closely resembled the nodular scale features evident in the topographical analysis at this time.
Where attached to the coating the scale thickness ranged from 0.6-1 µm. While the height of the nodules
protruded up to 2.5 µm, it was notable that the thickness of the scale making up such features over the
interfacial voids was of a similar thickness to that attached to the matrix phase.

“Interfacial voids

Figure 6.13 Fracture cross sections of the Aerospray HVAF coating oxidised at 850ºC for 48 hours The
fine texture on the fracture features is the result of excessive gold coating..

The greater rate of Cr2O3 formation on the HVAF coating relative to that at 700ºC was obvious from the
XRD analysis after 10 minutes exposure, Figure A3.20 (Appendix 3). Cr2O3 dominated the oxide phase
spectra at this time. No evidence of the NiO phase was noted, but several low intensity peaks suggested that
a small concentration of NiCr2O4 had formed. No indication of Cr7C3 or Cr23C6 formation was detected.
Extensive Cr2O3 growth was evident in the 2 hour and 48 hour spectra, to the point where the peaks of this
phase reached a greater intensity than those from the coating phases. No evidence of NiO or NiCr2O4 was
observed after the 10 minute exposure period and no evidence of Cr7C3 or Cr23C6 formation was found with
extended exposure.

No evidence of Ni oxide formation was observed in any of the HVOF coatings, the scales on which were
composed entirely of Cr2O3, Figure A3.21 (Appendix 3). Based on the relative intensities of the Cr2O3 phase
spectra to the carbide phase, oxide development appeared to occur more rapidly than in the HVAF coating,
especially on the Microjet HVOF samples. No evidence of Cr7C3 or Cr23C6 development with extended
oxidation was observed in any of these coatings.
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6.7.5 Isothermal Oxidation at 850ºC – Blended Powder Based Coatings
With 10 minutes exposure at 850ºC the scale had developed to a similar extent as that evident after 48 hours
at 700ºC, Figure 6.14. The thickness of the oxide was sufficient to prevent BSE contrast from the underlying
coating phases, although the coating composition was evident in the morphology of the surface scale. The
extensive background matrix phase scale formed significantly quicker relative to the bulbous oxides than
was noted at 700ºC, with the oxide grain size comparable in both oxide morphologies. Patches of carbide
phase scale were evident as sunken regions of finer crystal size and flatter morphology. It was evident that
lateral growth of the matrix phase scale over the carbide phase had occurred by this time. Extensive
development of the bulbous matrix phase oxide occurred with 2 hours exposure, such growth resulting in
expansion over the neighbouring splats. The oxide grain size in these features was significantly greater than
after 10 minutes, giving this scale a coarse appearance. Grain growth also occurred with development of the
background matrix scale, which dominated all but the largest carbide regions.

Carbide scale growth

remained distinctly slower than that on the matrix phase as evidenced by the finer oxide grain size.
Extensive bulbous development continued to occur out to 48 hours, leading to lateral growth over the
neighbouring phases and a very rough morphology resulting from the larger oxide grain size. The extensive
background matrix scale continued to grow, developing a nodular morphology and coarser appearance as a
result of oxide grain growth. The carbide phase scale had largely been encapsulated by the matrix phase
oxide development by this time.
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10 minutes

2 hours

48 hours

Figure 6.14 Topographical SEM images of the as-sprayed blended powder based HVOF coating after 10
minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 850ºC.
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Fracture images of the oxide cross section highlighted the greater extent of oxide growth after 48 hours
relative to that at 700ºC, Figure 6.15. The scale thickness ranged from 0.6-1 µm, the variation largely on
account of the coarse surface profile generated by the large oxide grain size. While interfacial voids were
noted they were not as large or as prevalent as was noted on the prealloyed powder based coatings. They
appeared to develop over the carbide phase regions, but identification of the coating phases beneath these
features was complicated by the complex coating phase distribution. They occurred as long, thin cavities, as
against the distinct dome like features in the previous coatings. This variation in morphology was possibly
related to the variation in the carbide phase morphology of the coating. Further work is required to identify
whether such features are definitively formed by scale formation or have resulted from the fracture process
of the heterogeneous coating. The scale formed over such features was not distinctly thinner than that on the
adherent regions of scale, well within the variation generated by the coarse oxide grain size.

Figure 6.15 Fracture cross sections of the Blended Powder based HVOF coating oxidised at 850ºC for 48
hours. The fine texture on the fracture features is the result of excessive gold coating.

Compositional analysis by XRD highlighted the rapid development of the oxide scale relative to the matrix
phase spectra within the first 10 minutes of exposure, Figure A3.22 (Appendix 3). Cr2O3 dominated the
scale composition, with smaller amounts of NiO and NiCr2O4 detected, their primary peaks being of similar
intensity. Cr7C3 was the dominant carbide phase, although somewhat surprisingly, features indicative of the
presence of Cr3C2 were observed. No indication of Cr23C6 was noted.
While the spectra of all the oxide peaks increased with exposure out to 2 hours, the most dramatic growth
occurred in the Ni oxide phases. NiO development occurred to a sufficient extent that the ratio of the
spectrum of this phase to that of Cr2O3 was the same as that after 10 minutes. More extensive development
of the NiCr2O4 phase took place as highlighted by the growth of the peak at 2θ=30.3º and the peak on the
shoulder of the Cr2O3 peak at 2θ=36.2º. Cr2O3 growth overshadowed all the other oxide phases with
exposure out to 48 hours. The matrix phase peaks were still discernable but of significantly lower intensity
relative to that of the Cr2O3 phase, highlighting the extensive growth of this phase. Of the Ni oxide phases,
NiO was no longer detected, while the intensity of the NiCr2O4 phase spectrum dropped away significantly
relative to the Cr2O3 phase compared to the earlier exposure time.
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6.7.6 Oxidation Mechanism – Prealloyed Powder Based Coatings.
Exposure at 700ºC in air led to oxidation of both phases, essentially independently of each other during the
initial period of exposure. Glancing angle XRD after 10 minutes exposure identified Cr3C2 as the only
carbide phase. Given the evidence supporting the decarburisation mechanism of Cr3C2 oxidation in this
work, the lack of evidence for Cr7C3 or Cr23C6 formation suggests that these decarburisation products form
bands of material very close to the carbide-oxide interface. The rapid rate of formation of such phases prior
to oxide formation is highlighted in the 10 minute oxidation images, which indicated that a continuous scale
layer had formed by this time. The lack of detectable concentrations of Ni oxides in the XRD spectra
implies that the matrix scale was dominated by Cr2O3 from the earliest exposure period. For this to occur the
Cr content of the alloy must have significantly exceeded 20wt%, the concentration in the Ni-20Cr splats of
the blended powder based coating where evident Ni oxide formation was observed. This was expected in the
as-sprayed state, given the varying degrees of carbide dissolution present in these coatings which is
highlighted by the higher d-spacing “hump” associated with the matrix XRD spectra. An indication of the
matrix Cr content following spraying is presented in Figure 6.16. In calculating the Cr concentration in the
alloy as a function of Cr3C2 dissolution into the matrix phase, it was assumed that the cermet elemental
composition did not change from that of the starting 75wt%Cr3C2-25wt%Ni20Cr composite, and that Cr3C2
was the only carbide phase present after dissolution, as indicated in the XRD analysis of the as-sprayed
coatings in Chapter 4.
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Figure 6.16 Calculated matrix Cr content as a function of Cr3C2 dissolution assuming that Cr3C2 remains
the only carbide phase.

Image analysis of the as-sprayed HVAF and Microjet HVOF coatings indicated carbide contents of 67vol%
and 36vol% respectively, both resulting in theoretical matrix phase Cr concentrations well in excess of the
27.5wt% Cr value proposed by Moulin et al [33] as being required for the scale to form Cr2O3 alone, Figure
6.16.
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The topographical SEM images indicate that both coating phases oxidised in the manner discussed above,
independently of each other for at least the first 2 hours of exposure. Matrix phase oxidation appeared to
occur more rapidly than that of the carbide phase, especially on the HVOF coatings, which had greater
matrix phase Cr concentrations as a result of the more extensive degree of in-flight carbide dissolution. With
extended exposure, scale development became dominated by oxidation of the matrix phase. Carbide scale
growth continued, as evidenced by the increasing grain size of the scale on this phase after 48 hours,
however, the greater rate of development of the matrix based oxide vertically and laterally meant that it
began to encroach over the carbide phase scale. In the topographical images after 48 hours this mechanism
was reflected in the isolated nature of the fine grained pockets of scale attributed to the oxidised carbide
grains, the concentration of which was significantly lower than the carbide content evident in the earlier
exposure images. Mechanistically, the fact that matrix scale development occurs by Cr diffusion to the gasscale surface, while carbide oxidation occurs by oxygen penetration to the carbide-oxide interface, suggests
that Cr2O3 development over the carbide phase occurs by diffusion of Cr atoms from the matrix out through
the oxide grain boundaries to the gas-oxide interface over the carbide grains. As the scale above the alloy
thickens, the rate of Cr supply to the gas-oxide interface is reduced due to the extended diffusion barrier.
This would then favour lateral development of the scale over the carbide phase, on account of the shorter
diffusion path for Cr from the matrix phase. Alternatively, or perhaps in addition to this mechanism, lateral
matrix phase Cr2O3 development may occur through internal oxide development in the outer band of the
scale, as discussed in the mechanism of oxidation of pure Cr. Such lateral scale development would be
expected to be most definitive in the HVOF coatings, given the greater Cr alloy concentrations resulting
from in-flight carbide dissolution, as well as the smaller concentration and potentially smaller size of the
carbide grains in these coatings. This trend was not evident in contrasting the thickness of the scales over the
carbide grains in the HVAF and HVOF coatings, but the greater Cr content of the latter is thought to
contribute to the more coarse appearance of the HVOF scales. The significance of such Cr content based
implications on the oxidation rate are difficult to assess, however, given the complex compositional
development of the matrix involving Cr consumption both by oxidation as well as through carbide formation
during the reduction in supersaturation of the alloy phase.

At 850ºC the rate of scale development over both coating phases greatly exceeded that at 700ºC. Cr3C2 was
the only carbide phase detected by XRD after 10 minutes exposure, suggesting that rapid decarburisation of
the surface of this phase occurred prior to the extensive Cr2O3 scale development that was evident in the
topographical images at this time. The carbide scale morphology differed from that at 700ºC, forming fine
grained, dense “caps” over the Cr3C2 grains that appeared to protrude somewhat above the background
matrix scale. This is in contrast with the almost sunken appearance of this scale relative to the matrix oxide
at 700ºC. At present it is unknown why the scale developed in this manner. Oxidation of the matrix phase
was again dominated by Cr2O3, given the absence of Ni oxides in all but the initial HVAF XRD spectra.
While this may reflect the lower Cr content of the as-sprayed HVAF matrix phase on account of the reduced
extent of in-flight carbide dissolution relative to the HVOF coatings, more generally, the dominance of the
Cr2O3 phase reinforces the conclusions drawn at 700ºC in attesting to the matrix Cr content exceeding
20wt% such that the oxidation response essentially mirrors that of pure Cr [3].
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The rapid growth of the matrix Cr2O3 scale enabled this oxide to dominate the composite surface oxide
development within the first 2 hours at this temperature. This was reflected in the low concentration of scale
features attributable to the carbide phase in the topographical SEM images at this time. The characteristic
nodular features did not generally correlate with the size of the oxide “caps” formed on the carbide grains
after 10 minutes, with the average nodule dimensions being much smaller. In addition the oxide crystal size
making up the scale was relatively homogeneous, without the distinct patches of finer grained scale of the
oxidised carbide noted at 700ºC. The fracture surfaces of the 48 hour samples suggest that these nodular
features represent the initial stages of interfacial void formation over the carbide grins. The fact that such
features were able to form without fracture of the scale implies that the growing oxide phase was very ductile
at this temperature.

The development of interfacial voids over the carbide phase is thought to occur in the following manner,
Figure 6.17. High temperature exposure leads to rapid Cr2O3 formation on the Cr3C2 grains with minimal
development of decarburisation phases. Oxygen diffuses through the Cr2O3 layer and reacts with the carbide
phase, resulting in interfacial Cr2O3 growth. The greater volume of Cr2O3 produced relative to the volume of
Cr3C2 consumed∗, potentially generates considerable compressive stresses at the oxide-carbide interface. As
a result of the slower oxidation rate of the carbide, the matrix based scale begins to encroach over the carbide
scale through lateral growth. As discussed above, the lateral development of the matrix scale over the
carbide is thought to occur by diffusion of Cr atoms from the alloy along the grain boundaries of the scale
formed on the carbide, to the gas-oxide interface. Oxide growth in this manner occurs outwards from the
surface, in the opposite direction to that of the oxidation front during oxidation of the carbide alone. As scale
growth over the carbide grains becomes increasingly dominated by Cr diffusion from the alloy, oxidation of
the carbide itself, which requires oxygen diffusion through the scale, slows significantly. Oxide growth
occurring at the gas-oxide interface, both on the surface and within the top layer of the scale, generates
compressive stresses in this outer region of the scale. In addition, the high compressive stresses in the scale
developed on the neighbouring matrix phase apply further compressive stress laterally onto the scale formed
above the carbide, on account of their rapid growth. Such matrix oxide growth stresses are expected to form
to a much larger magnitude at 850ºC than at 700ºC, based on the work of Huntz and Zhao [34] who noted
that compressive stress in the scale formed on Ni-34Cr alloys at 900ºC increased with faster oxide growth
rates and was higher for thicker Cr2O3 scales. The combination of compressive stress at the gas-oxide
interface and at the oxide-carbide interface, makes the scale formed over the carbide susceptible to
debonding and subsequent void formation. Contributing to this is the discontinuity in mechanical properties
of the composite generated by the hard carbide grains. The compressive stresses formed in the oxide on the
alloy phase may be relived to a certain degree by plastic deformation of the surface layer of the alloy [3, 35,
36]. Such deformation cannot occur on the carbide surface and the discontinuity created at the carbide-alloy
interface may help to initiate scale separation. Such a mechanism has been postulated by Stott et al [35] to
account for void formation over Cr3C2 fibres in the high temperature oxidation of NiAl-Cr3C2 composites.
Once scale separation from the carbide occurs, carbide oxidation stops, as evidenced by the smooth, oxide

∗

4.4x10-5 m3 of Cr2O3 is formed per oxidised mol of Cr3C2 occupying 2.7x10-5 m3.

142

Chapter 6 – High Temperature Isothermal Oxidation of Cr3C2-NiCr Coatings

free surface of the carbide grains beneath the voids in the 48 hours fracture surfaces. Scale growth continues
as a result of Cr diffusion from the matrix phase. As such, the compressive stresses in the outer region of the
carbide continue to increase, accentuating buckling of the scale layer. Based primarily on the lack of
interfacial voids exhibited by the oxidised Cr3C2 powder at 900ºC, Figure A3.10 (Appendix 3), and the
smooth, oxide-free carbide surfaces within the voids, CO formation as result of Cr3C2 oxidation is thought to
have a negligible effect on the formation of these interfacial voids.
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Figure 6.17 Schematic of the proposed oxidation mechanism for the agglomerated/sintered powder based
Aerospray HVAF and HVOF coatings.
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6.7.7 Oxidation Mechanism – Blended Powder Based Coatings
While the BSE images of these coatings showed microstructures more complex than in the agglomerated and
sintered powder based coatings, the single phase powder particles do not interact with each other in-flight
and hence generate splats of material of a similar composition to the initial phases in the powder. At 700ºC
the phases initially oxidise independently of each other according to the mechanisms outlined above for bulk
single phase materials, Figure 6.18. Carbide oxidation is thought to follow the generalised mechanism
discussed previously, although this may be complicated by the extent of in-flight degradation. Cr7C3 was
identified as the dominant carbide phase by XRD.

This may potentially accentuate the rate of scale

development in that it eliminates a step in the stepwise decarburisation process required for Cr2O3 formation.
Cr23C6 was not identified in the XRD analysis and, as such, is thought to form only a thin layer at the surface
prior to Cr2O3 formation at this temperature, in a similar manner to oxidation of the carbide grains in the
agglomerated and sintered powder based coating. Microstructurally, the fact that the carbide splats were
generally molten prior to impact, and hence underwent rapid solidification, means that the crystal structure of
this material may also influence the oxidation rate or mechanisms in relation to its potentially amorphous
nature or concentration of “defect” sites on the surface. Cr2O3 formation occurred rapidly and a continuous,
albeit very thin, scale was evident after the 10 minute exposure period. With extended exposure scale
development occurred in the manner expected based on the oxidation studies on the chromium carbide
powder. The oxide layer grew in thickness, and remained flat, continuous and adherent to the carbide phase
without any indication of interfacial void formation.

Matrix phase oxidation occurred in a manner typical of Ni20Cr alloys reported in the literature. Initially NiO
and Cr2O3 grains nucleate on the surface. The greater rate of NiO development means that this phase rapidly
spreads over much of the surface of the matrix splats, encapsulating some of the Cr2O3 phase. Beneath those
regions of NiO, a continuous Cr2O3 scale rapidly forms. The appearance of the NiCr2O4 phase between the
10 minute and 2 hours exposure times suggests that continuous Cr2O3 scale development occurs at least over
some areas of the surface during this time. Formation of a continuous Cr2O3 layer separates the NiO phase
from the coating, preventing Ni diffusion and further growth. At the interface of these two phases NiCr2O4
forms by the solid state reaction described in Equation 6.4. As a NiCr2O4 layer develops at this phase
interface, continued growth of this oxide and consumption of NiO requires Cr to diffuse through both the
Cr2O3 and NiCr2O4 scale layers.

NiCr2O4 growth in this manner appears to led to almost total NiO

consumption based on the marked reduction in the NiO peak after 48 hours exposure, especially considering
that this phase is located on the top of the scale and therefore is not at risk of a reduction in peak intensity
due to being overgrown.

The matrix scale formed two distinct morphologies. The most prominent features were the bulbous oxides
that were noted to form only on thin bands of exposed matrix splats. Developing initially as isolated
nodules, they grew with extended exposure, progressing along the matrix splat and increasing in size. A
distinctive feature of such development was that, in spite of the extensive vertical growth out from the
surface, the base of these features remained entirely on the matrix phase splat, with lateral development over
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the neighbouring carbide splats very limited, even after 48 hours exposure. Such characteristics of growth
suggest such features are generated by rapid NiO growth. Dominated by NiO initially over the first few
hours, the subsequent increase in size may potentially have resulted from the expansion in volume upon
transformation to NiCr2O4. In the more extensive regions of the matrix phase the scale tended to be flatter.
In many of the large splats the oxide grains in the centre were distinctly larger than those towards the splat
periphery. While the large size would correlate with the rapid growth of Ni oxides, it is unknown why these
features did not develop uniformly across the surface. This may be related to the crystal structure of the
rapidly solidified matrix phase and the potential lack of short circuit diffusion paths of Cr to the surface,
although more work is required to characterise this effect. Compositionally, scale development is expected
to occur as discussed above, oxidising independently of the neighbouring carbide grains for at least the first 2
hours of exposure. With extended treatment lateral growth of the Cr2O3 phase over the carbide grains
became evident. The degree of encroachment was dependent on the carbide morphology – sections of thin
exposed carbide were totally overgrown by the matrix scale, while on the more extensive carbide splats the
lateral growth of the matrix Cr2O3 phase was limited to the outer periphery. Implicit in the fact that such
lateral growth can occur is that the phases were in direct physical contact. While this is assured in the
agglomerated and sintered powder based coatings where both phases occur within each particle, physical
splat boundaries were present between the different phase splats in this coating. Hence, the fact that matrix
based oxide encroachment occurred implies that the splat boundaries had been filled to create a physical
bond between the splats, either by sintering, or more likely, internal oxidation. Lateral growth of the Cr2O3
phase is thought to occur by the same mechanism as that described previously whereby Cr atoms diffuse
along the Cr2O3 grain boundaries of the scale formed over both phases to oxidise at the gas-oxide interface
above the carbide phase.

At 850ºC the same general oxidation mechanism is thought to apply, although oxide growth occurs at a
considerably faster rate.

After 10 minutes exposure, both Ni oxide phases had formed to significant

concentrations in the XRD spectra. The fact that the primary NiO peak increased in relative intensity to the
other phases in the 2 hour scan suggests that Cr2O3 formation had not totally sealed off the NiO phase from
the coating across the entire surface within the first 10 minutes. The significance of NiO growth is reflected
in the magnitude of the NiCr2O4 spectrum peaks, which were still significant after 48 hours exposure. As
noted at 700ºC, the formation of this phase resulted in almost total consumption of NiO, which was no longer
apparent after 48 hours exposure. Topographically, both features of matrix scale morphology were evident.
The bulbous growths were of a much greater size after 10 minutes at this temperature than noted at 700ºC.
In spite of the greater growth rate, they were again initially limited to the matrix splats alone. While some
degree of lateral growth over the neighbouring splats occurred with extended exposure, this was generally
very limited. It is possible that such lateral development was inhibited by the variation in oxide composition
initially between the Ni oxides of the matrix scale and the Cr2O3 phase formed on the carbides. Long term
lateral growth may then only have developed once the underlying Cr2O3 phase began to dominate the growth
of such features and transform the NiO scale into NiCr2O4. In general, however, growth of this phase
occurred outwards from the surface and by a general swelling of the structure and coarsening of the grains,
such features possibly reflecting the transition in composition from NiO to NiCr2O4. Development of the
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more extensive matrix scale also occurred substantially faster than at the lower temperature. Lateral growth
of this scale over the oxidised carbide appeared to have occurred within the first 10 minutes, based on the
lack of boundary definition between the coating phases. As such, this implies not only that a continuous
Cr2O3 scale had developed over the matrix by this stage, but also that the microscopic voids along the splat
boundaries had also been filled by oxidation so as to allow Cr transport across the physical boundary. At the
higher temperature Cr2O3 development over the carbide phase was more extensive, such that after 48 hours
few isolated patches of thin, small grained scale remained to indicate the carbide phase.

Carbide oxidation at 850ºC occurred more rapidly than at 700ºC, implying that the layers of decarburisation
phases must have formed to a thinner extent and even closer to the surface than in the lower temperature
samples. The appearance of the Cr3C2 phase after 10 minutes exposure is somewhat surprising given that
this phase was not observed in the 700ºC trials. It is thought unlikely to be a product of the oxidation
process, possibly resulting from the greater rate of recrystalisation of amorphous phases at this temperature
enabling the rapidly solidified Cr3C2 phase to undergo recovery, recrystalisation and grain growth to the
point where it was detected by XRD. The rapid oxidation of this phase to Cr2O3 is expected to result in
significant interfacial growth stresses.

However, in light of the thick, adherent scales formed on the

chromium carbide powder at 900ºC, scale separation and interfacial void formation over the carbide phase is
only expected to occur where this scale interacts with that formed on the matrix phase. As such, the thin
carbide splats that were readily overwhelmed by matrix phase oxides after short exposure periods would be
expected to be especially prone to loss of scale adhesion and subsequent void formation. Over the more
extensive carbide splats, void formation is thought less likely to occur, or at least be limited to the peripheral
regions of the splat, since the scale growth stresses induced by the matrix phase scale over the carbide are not
thought to be as high as those over smaller carbides. As such the interfacial voids observed in the fracture
images of this coating were not as defined or as large as in the agglomerated and sintered powder based
coatings. However, the formation of these voids is thought to contribute to the development of the nodular
features of the continuous scale noted after 48 hours exposure. The buckled scale morphology in this case
may also have formed due to preferential oxide growth over the grains boundaries on the expansive matrix
areas which would have undergone recovery, recrystalisation and grain growth at this high temperature [5,
37].
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Figure 6.18 Schematic of the proposed oxidation mechanism of the Blended Powder based HVOF coatings.
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6.8 Implications of Elevated Temperature In-Service
Exposure on the Oxidation Mechanism
6.8.1 Introduction
The oxidation response of the as-sprayed coatings was influenced significantly by the variation in the matrix
phase composition and carbide distribution resulting from in-flight carbide dissolution. These features alter
during extended exposure to elevated temperature as explained in Chapter 5.

As such the oxidation

behaviour will also alter. Industrially, the impact of such changes on the oxidation response are critical to
the long term application of these coatings, particularly the nature in which the coating oxide scale repairs
itself after damage either by spallation upon thermal cycling or physical removal by wear or erosion. In
relation to the aims of this investigation it was critical to characterise the morphology of the oxide scales
produced after extended high temperature exposure and their rate of regrowth, in order to assess the
susceptibility of the scale formed on each phase to preferential erosion. The rate at which each phase
preoxidised prior to subsequent impact also relates to practical erosion-oxidation conditions.

6.8.2 Isothermal Oxidation at 700ºC – Heat Treated Prealloyed Powder Based
Coatings
The starting microstructure of the heat treated specimens was dominated by the extensive development of the
carbide phase, with the matrix phase restricted to isolated pockets. Rapid matrix phase oxidation occurred
within the first 10 minutes of exposure at 700ºC, the scale forming to a greater thickness than evident on this
phase in the as-sprayed coatings, and well in excess of that on the surrounding carbide grains, Figure 6.19.
The scale morphology tended towards that on the matrix splats of the blended powder based coating, with a
thick background scale punctuated with larger nodular growths. The carbide scale appeared very thin, flat
and continuous, the general oxide features comparable with those formed on the as-sprayed coating carbide
grains. Both scales continued to develop independently with up to 2 hours exposure, with no indication of
matrix scale development over the carbide phase. The matrix oxide increased in thickness and had a coarser
morphology due to the increase in oxide grain size. The nodular growths also increased in size, but not
significantly in concentration. The carbide scale, while thicker than in the earlier image, maintained the
same flat, continuous morphology.

Extensive oxide development occurred after 48 hours exposure, with the scale topography distinctly different
to that noted on the as-sprayed coatings as it tended more towards that noted on the blended powder based
coatings. The scale morphology remained characteristic of the coating phase upon which it formed. The
nodular matrix phase oxide features remained present but did not increase significantly in concentration.
The greater grain size of such structures relative to the 2 hour exposure period gave them a coarser
morphology. The background matrix phase scale developed significantly based on the increase in oxide
grain size, but this scale did not undergo extensive lateral development over the carbide phase.
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Figure 6.19 Topographical SEM images of the Aerospray HVAF coatings heat treated for 2 days, after 10
minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 700ºC.
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The grain size of the carbide scale also increased with continued growth and remained readily discernable
surrounding the thicker matrix based scale. The carbide scale topography, while coarsened by the increased
grain size, remained flat and continuous.

Carbide development in this coating occurred rapidly within the first two days of heat treatment. While
subtle developments in the carbide morphology occurred with extended exposure out to 30 days, it was the
refinement of the matrix phase as a result of carbide development that had the most evident effect on the
oxidation response as a function of heat treatment time, Figure A3.23 (Appendix 3). In the samples heat
treated for two days the matrix phase formed a continuous background scale punctuated with isolated
nodules of greater thickness. In the 30 day treated samples the matrix phase scale consisted of a full layer of
oxide of the same morphology and comparable thickness to the nodular features formed after two days. The
oxide phase also developed significantly more quickly over the first two hours of exposure, forming a thicker
scale with a much coarser oxide grain size. With continued exposure the variation in scale morphology
became less distinct, with the images of the 2 day and 30 day heat treated samples oxidised for 48 hours
being very similar. The duration of heat treatment had no discernable effect on the rate of carbide oxidation
or the morphology of the carbide scale developed out to 48 hours.

This variation as a function of heat treatment time was reflected in the fracture cross-sectional images of the
samples treated for 48 hours, Figure 6.20. The two day heat treated sample images closely resembled those
of the as-sprayed coatings. The scale topography appeared coarser, particularly over the matrix phase where
the scale was thicker than that noted in the as-sprayed samples, averaging 0.4 µm. Overall the scale
remained adherent to both phases with no indication of the formation of interfacial voids between the scale
and the coating. The 30 day heat treated specimen showed a greater contrast in scale thickness as a function
of coating composition, with the matrix phase scale considerably thicker and coarser than the thinner, finer
grained carbide oxide layer, Figure A3.25 (Appendix 3). The matrix scale was thicker than on the 2 day heat
treated specimen, with an average thickness of 0.5 µm. The carbide phase scales were of comparable
thicknesses. No evidence of interfacial void formation was observed in these samples.

Figure 6.20 Fracture surfaces of the Aerospray HVAF coatings heat treated for 2 days after 48 hours
oxidation at 700ºC. The fine texture on the fracture features is the result of excessive gold coating.
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XRD analysis indicated that Cr2O3 dominated the composition on both of the heat treated HVAF coatings
after 10 minutes exposure, Figure 6.21, with definitive evidence of NiO formation only observed in the 30
day heat treated specimen. In all samples the NiO phase peaks were of very low intensity. The presence of
this phase was inferred by zooming in on narrow regions of the spectrum and matching at least three peak
features with those of the reference spectrum. Cr3C2 was the only carbide phase observed in both coatings,
with no evidence of Cr7C3 or Cr23C6. The Cr2O3 spectrum increased in relative intensity to the coating
spectrum in the 2 hour oxidised samples. Indicative features of NiO formation were observed in the 2 day
heat treated spectrum at this time and this phase remained present in the 30 day heat treated sample
spectrum. No evidence of NiCr2O4 or the carbide phases Cr7C3 or Cr23C6 were observed. Continued
exposure to 48 hours led to significant Cr2O3 development such that the spectrum intensity of this phase as
comparable to that of the matrix phase. The NiO phase disappeared from the results of both coatings. Very
low intensity peaks indicative of NiCr2O4 formation were observed in the spectra of both samples.
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Figure 6.21 XRD spectra of the Aerospray HVAF coating samples heat treated for 2 days after oxidation at
700ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat treated specimen spectrum after
48 hours exposure.
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Ni based oxide formation was less evident in the XRD analysis of the prealloyed powder based Microjet
HVOF coatings heat treated for 5 and 30 days, with scale formation dominated by Cr2O3 development.
Indicative features attributed to NiO formation were observed in the 5 day heat treated specimen after 2
hours oxidation, but the peaks were of very low intensity. Similarly, low intensity peaks attributed to NiO
and NiCr2O4 were observed in both coatings after 48 hours. It was evident, however, that Ni oxide formation
did not occur to the same extent as that noted on the HVAF coatings, with the very low intensities of the
peaks meaning that identification of these phases was not definitive in these Microjet HVOF coatings.

6.8.3 Isothermal Oxidation at 700ºC – Heat Treated Blended Powder Based
Coatings
Heat treatment had only a minor influence on the microstructure of the blended powder based coatings, the
most significant effect being the sintering of the splats which allowed diffusion of the carbide elements into
the matrix splats. The effect of this compositional development was reflected in the 10 minute exposure
images, Figure 6.22, where the bulbous matrix phase oxides that were so dominant in the as-sprayed coating
did not form following heat treatment. The matrix scale was flat and continuous, with a homogeneous oxide
crystal size that was smaller than the larger grains formed within the background scale on the as-sprayed
samples. The carbide phase scale morphology mirrored that in the as-sprayed specimens, being flat and
continuous.

With exposure out to 2 hours, extensive matrix scale development occurred, with this scale noticeably
thicker than that on the carbide phase and of a coarser morphology on account of the significant growth in
the oxide crystal size.

The general morphology, however, remained very flat with no bulbous oxide

development. With extended exposure the scale layer developed to a similar state as observed in the heat
treated HVAF coatings. The matrix phase scale continued to grow out to this time, with evident lateral scale
development over the surrounding carbide splats. However, this scale did not dominate the coating oxide to
the same extent as noted in the as-sprayed coating. The carbide scale remained continuous and flat out to 48
hours with growth of this oxide evident by the increase in the oxide grains size with extended exposure.
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Figure 6.22 Topographical SEM images of the blended powder based HVOF coatings heat treated for 5
days, after 10 minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 700ºC.
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The duration of heat treatment had only a subtle effect on the coating oxidation response. The matrix phase
scale formed on the 30 day heat treated coatings consisted of a flat background oxide from which numerous
growths protruded, Figure A3.30 (Appendix 3). These were fine grained and did not appear to develop
extensively between the 10 minute and 2 hour exposure periods. After 48 hours the matrix based scale
dominated all but the largest carbide phase regions, with extensive lateral growth of this phase evident.
Oxidation of the carbide phase occurred in the same manner as in the 5 day heat treated specimens, and in
the same general manner as the as-sprayed coatings.

The fracture cross-sectional images of the oxidised heat treated coatings exhibited similar features to the assprayed coatings, aside from the lack of bulbous matrix phase oxides, Figure 6.23. The matrix phase
developed the thickest scale, of a similar magnitude to the background scale in the as-sprayed coatings, with
a coarse topography due to the formation of large individual grains on the scale surface. The carbide scale
was finer grained and thinner, reaching only 0.3-0.4 µm thickness. The scale was adherent to both phases
with no evidence of interfacial void formation. The duration of heat treatment had a negligible effect on the
development of the scale in the fracture images, Figure A3.32 (Appendix 3).

Figure 6.23 Fracture surfaces of the blended powder based HVOF coatings heat treated for 2 days after 48
hours oxidation at 700ºC.

Oxide development on both coatings was dominated by the growth of the Cr2O3 phase during the initial
period of exposure, with only indicative features of the presence of NiO observed, Figure 6.24. No NiCr2O4
peaks were detected. Cr7C3 was the only carbide phase detected, the peaks of this spectrum of very low
intensity. Extensive Cr2O3 development occurred out to 2 hours, with the intensity of the main peak in this
spectrum almost a third of that of the matrix phase primary peak. The presence of NiO was more definitive
in the 30 day heat treated specimen at this time, but was not observed on the 5 day heat treated sample.
NiCr2O4 was not detected on either coating spectra. With extended exposure Cr2O3 growth occurred to the
point where the intensity of the spectrum of this phase equalled that of the matrix phase. NiO was no longer
observed on either coating. Low intensity peaks indicative of the presence of NiCr2O4 were, however, noted
on both coatings. Cr7C3 remained the only carbide phase detected, with no evidence of the formation of the
decarburisation phase Cr23C6 with extended carbide oxidation.
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Figure 6.24 XRD spectra of the blended powder based HVOF coating samples heat treated for 5 days after
oxidation at 700ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat treated specimen
spectrum after 48 hours exposure.
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6.8.4 Isothermal Oxidation at 850ºC – Heat Treated Prealloyed Powder Based
Coatings
Scale development with 10 minutes exposure mirrored that at 700ºC, although the oxide features were
significantly more developed, Figure 6.25. The matrix oxide consisted of a thick background scale from
which large nodular features protruded. The carbide scale was thinner than that on the matrix, giving it a
sunken appearance. The morphology of this scale was also coarser than that at 700ºC. High magnification
images suggested that a peripheral band of thicker scale formed around the outside of some of the carbide
grains at the carbide-matrix interface. With 2 hours exposure both coating scales continued to develop and
thicken. The matrix scale had a distinctly nodular morphology, which remained thicker than that on the
carbide phase. The carbide oxide remained flat and continuous.

With exposure out to 48 hours the growth of the scale on both phases made it difficult to identify the coating
phases. The surface had a nodular, cracked earth morphology, the coarse appearance accentuated by the
larger oxide grain size of the matrix based oxide scale.

The effect of heat treatment time on the oxidation response was similar to that noted at 700ºC. With 30 days
of heat treatment all of the matrix phase pockets developed a nodular scale over the exposed surface with 10
minutes exposure, Figure A3.24 (Appendix 3). The carbide-matrix interface in this coating was also noted to
exhibit a complex response, at times forming a thicker peripheral scale over the carbide, while in other cases
developing a distinct valley in the scale between theses phases. With extended exposure the response of the
30 day heat treated sample mirrored that of the 2 day heat treated specimen. After 48 hours exposure the
scales on each coating phase were more distinct on the 30 day heat treated sample, indicating that significant
lateral development of the nodular matrix phase scale occurred over the carbide phase, which had a distinctly
thinner oxide layer of smaller grain size. The matrix scale did not dominate the general composite scale
layer to the same extent as was noted in the as-sprayed samples, however.
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Figure 6.25 Topographical SEM images of the Aerospray HVAF coatings heat treated for 2 days, after 10
minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 850ºC.
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The fracture cross-sectional images of the heat treated samples exposed for 48 hours differed markedly from
those in the as-sprayed condition, Figure 6.26 and Figure A3.26 (Appendix 3). The scale layers appeared
coarser on account of the greater concentration of large individual grains growing from the continuous
background scale.

The oxide layer thickness was greater than in the as-sprayed state, averaging

approximately 1 µm in the thinner regions and ranging up to several microns in thickness over the nodular
matrix phase scale features. In both heat treated specimens the scale remained adherent to both coating
phases with no indications of interfacial void formation. Small cavities at the interface were attributed to
pullout material generated during fracturing.

Figure 6.26 Fracture surfaces of the Aerospray HVAF coatings heat treated for 2 days after 48 hours
oxidation at 850ºC.

Compositionally, Cr2O3 dominated the oxide phase composition with 10 minutes exposure in both the 2 day
and 30 day heat treated HVAF specimens, Figure A3.28 (Appendix 3). NiO was identified on both coatings,
with indicative features of NiCr2O4 only identified on the 30 day treated specimen. Cr3C2 was the only
carbide phase detected with no indication of the decarburisation phases Cr7C3 and Cr23C6. Dramatic Cr2O3
growth occurred out to 2 hours such that the spectrum of this phase dominated all but the matrix phase peaks.
NiO disappeared from the scales of both coatings, replaced by the extensive growth of NiCr2O4. With
continued exposure Cr2O3 developed to the point where only minor NiCr matrix peaks were detected.
NiCr2O4 was still identified in the spectra of both coatings.
The prealloyed powder based Microjet HVOF coatings heat treated for 5 and 30 days exhibited a similar
trend in compositional development with oxidation as discussed above, Figure A3.29 (Appendix 3). Cr2O3
dominated the scale development, possibly to a greater extent than on the HVAF coatings. Both NiO and
NiCr2O4 were detected with initial exposure out to 10 minutes, beyond which time only very low intensity
peaks of the NiCr2O4 spectrum indicated the presence of this phase with 2 and 48 hours exposure on both
coatings.
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6.8.5 Isothermal Oxidation at 850ºC – Heat Treated Blended Powder Based
Coatings
As noted at 700ºC, heat treatment led to a substantial reduction in matrix based bulbous scale growth, the
matrix based oxide forming a flat, continuous scale layer, Figure 6.27. The carbide phase oxidised in a
similar manner to that noted in the as-sprayed coatings under these exposure conditions. The variation in the
grain size of this scale as a function of carbide splat size, however, indicated that significant lateral growth of
the matrix scale over this phase had occurred by this time. Extensive matrix phase scale growth occurred out
to 2 hours, leading to lateral growth over the carbide splats and more generally the formation of a nodular
morphology. The carbide scale developed with further exposure, however, the scale remained significantly
thinner and of smaller grain size than the more extensive matrix scale. After 48 hours exposure the oxide
scale was dominated by the matrix phase oxide, which developed both vertically and laterally over the
carbide grains. The grain size was larger than apparent on the background scale of the as-sprayed coatings
and accentuated by the high concentration of larger isolated grains that developed on top of the continuous
scale layer. Isolated hollows in the oxide layer at this time pointed to the presence of patches of carbide
scale, which had a notably smaller oxide grain size relative to that of the matrix phase scale. The duration of
prior heat treatment had a negligible effect on varying the oxidation response of the coating in the
topographical analysis, Figure A3.31 (Appendix 3).
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Figure 6.27 Topographical SEM images of the blended powder based HVOF coatings heat treated for 5
days, after 10 minute (top), 2 hour (middle) and 48 hour (bottom) exposure at 850ºC.
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The fracture cross sectional images of the samples exposed for 48 hours, Figure 6.28 and Figure A3.33
(Appendix 3), indicated the same general features as noted in the as-sprayed coatings. The scale thickness
was greater on the heat treated samples, but this was largely attributed to the greater percentage of matrix
phase scale incorporated in this analysis. The as-sprayed images were focused primarily on the response of
the carbide scale, comparisons between the samples indicating that the scale formed on this phase was of
comparable thickness in both the as-sprayed and heat treated coatings. In the heat treated samples the matrix
phase scale was significantly thicker than on the carbide phase, reaching thicknesses up to 2 µm in contrast
to the 0.5-1 µm carbide oxide. The grain size was also significantly larger giving the oxide a coarser
appearance. The general oxide layer was adherent to both coating phases, with the isolated interfacial
cavities between the scale and coating attributed to pullout material induced during the fracture process.

Figure 6.28 Fracture surfaces of the blended powder based HVOF coatings heat treated for 2 days after 48
hours oxidation at 850ºC.

Compositionally scale development was dominated by Cr2O3, which continued to develop out to 48 hours,
Figure A3.34 (Appendix 3). Ni oxide growth was difficult to assess due to the low peak intensity in all trials.
Features indicative of NiCr2O4 were observed after 2 and 48 hours exposure in the 30 day treated specimens,
implying that NiO potentially formed in low concentration during the initial 2 hours of exposure. Cr7C3 was
the only carbide phase detected, with no evidence of the decarburisation phase Cr23C6 detected.
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6.8.6 Oxidation Mechanism – Effect of Heat Treatment
In the agglomerated and sintered powder based coatings, heat treatment generated extensive compositional
and microstructural refinements within the composite, as highlighted in Chapter 5. Of particular significance
was the nucleation and growth of the carbide phase, which led to a much greater exposed area of this phase
relative to the as-sprayed coatings. As such, the oxidation characteristics and scale properties of the carbide
oxide became increasingly significant in determining the oxidative response.

Compositionally Cr3C2

remained the dominant carbide phase after heat treatment and so, in spite of the increased surface area of this
phase, the mechanism of oxidation and general features of scale development on the carbide phase were the
same on the heat treated samples as were observed on the as-sprayed specimens.

The most significant impact of heat treatment occurred in relation to the compositional development of the
matrix phase. The significant Cr alloying of the matrix resulting from carbide dissolution was rapidly
depleted by carbide nucleation and growth during heat treatment. As such, the general oxidation mechanism
of this phase shifted away from that of pure Cr, towards that of lower Cr content alloys. The most
discernable effect of this was represented by the development of Ni oxides, which did not form on the assprayed specimens. Rapid growth of NiO occurred over the matrix regions during the initial stages of
exposure, as reflected in the bulbous nature of the matrix scale in the topographical SEM pictures. This
rapid growth generally led to the formation of much thicker overall scales on the matrix phase in the heat
treated specimens, relative to the thinner oxide layers developed on the Cr rich as-sprayed surfaces. This
phase did not dominate the XRD spectra, largely due to the reduced cross sectional area of exposed matrix
on the surface. With extended exposure the matrix phase response mirrored that of NiCr alloys discussed in
the literature. A continuous Cr2O3 scale developed, preventing further NiO development. Based on the
XRD results, this occurred within the first few hours, with NiO consumed by NiCr2O4 development within
the 48 hours period at both test temperatures. One of the key effects of heat treatment related to this
oxidation mechanism was that, in spite of thicker scales being formed on account of the Ni oxide
development, this scale was limited to the matrix regions alone. In contrast to the as-sprayed samples, the
composite phases in the heat treated specimens oxidised largely independently of each other for far greater
periods of time. Lateral growth of the matrix scale over the neighbouring carbides did not occur until a
continuous Cr2O3 subscale had formed.

Beyond this time matrix phase encroachment became more

extensive, particularly at high temperature. However, the matrix scale did not dominate the carbide phase as
was observed in the as-sprayed coatings. While overgrowth was apparent it did not result in the generation
of growth stresses of sufficient magnitude to induce scale separation over the carbide during 48 hours of
exposure, as reflected by the adherent nature of the scales in the fracture images.

While the response of the heat treated samples after 2/5 days and 30 days were generally similar, there were
subtle variations. Matrix phase refinement continued to occur after the initial heat treatment period. NiO
tended to form to a greater extent on the 30 day heat treated samples in the topographical images, resulting in
the formation of thicker scales and suggesting that the Cr2O3 layer took longer to form. This result supports
the XRD analysis of the matrix phase d-spacing variation during heat treatment, which suggested that the
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stable matrix composition was not achieved until after 20-30 days of exposure at 900ºC – Refer to Chapter 5.
Topographically the variation in NiO development was reflected in the nature of the nodular growths on the
matrix phase attributed to the formation of this oxide. In the 2 day heat treated HVAF samples the nodular
growth occurred as isolated nodules in the centre of the matrix regions, generally away from the carbidematrix interface. The scale in this region, by comparison, tended to be very thin. This is thought to result
from a similar mechanism to that proposed by Calvarin et al [8] based on the Cr distribution to account for
the ballooned scales on Ni20Cr foils. The Cr content of the alloy is highest next to the carbide grains due to
the nature of the limited carbide dissolution in-flight, Figure 6.29. During the initial stages of exposure the
higher Cr content alloy near the carbide rapidly oxidised to Cr2O3 and forms a thin, protective scale layer. At
the point furtherest from the carbides the Cr content is thought to be the lowest. As such, this enables rapid
NiO formation and growth prior to the completion of a continuous Cr2O3 scale. With extended heat
treatment the concentration profiles of Cr around the carbides are reduced, the matrix phase Cr distribution
becoming more homogeneous. As such the Cr content is low enough across the entire matrix phase that NiO
growth can occur evenly over the entire surface of the matrix phase, thereby accounting for the greater
observed Ni oxide contents and generally thicker scales formed relative to the samples heat treated for
shorter durations. Irrespective of the heat treatment time, however, it was noted that once a continuous
Cr2O3 scale layer developed, the general response of scale development was similar in all samples.

Heat Treated 2 Days

Bulbous Ni oxides
Thin Cr2O3 layer formed on the
Cr rich band of material
surrounding the carbide phase
resulting from dissolution
during deposition

Thin carbide scale

Cr3C2 particle
Band of Cr rich matrix
phase surrounding the
carbide grains

NiCr matrix

Heat Treated 30 Days

Bulbous Ni oxides

Thin carbide scale

Cr3C2 particle

NiCr matrix

With extended heat treatment
the matrix phase reaches
equilibrium, forming a
homogeneous Cr
concentration across the
entire phase

Figure 6.29 Schematic illustration of the effect of the localised Cr concentration on the local oxidation
mechanism as a function of the duration of heat treatment.
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Heat treatment had a similar effect on the response of the blended powder based coatings to oxidation,
although from the opposite perspective. The most striking variation between the heat treated and as-sprayed
oxidised coatings was the lack of bulbous oxide formation after extended high temperature exposure. Heat
treatment at 900ºC led to sintering of the single phase splats, enabling diffusion of Cr and C from the carbide
phase into the matrix phase splats – Refer to Chapter 5. The higher Cr content enabled a continuous Cr2O3
layer to develop more rapidly than in the as-sprayed condition, suppressing the bulbous Ni oxide growth.
Once a continuous Cr2O3 layer formed on the matrix phase, the subsequent scale mirrored that observed on
the as-sprayed specimens. No significant variation in the nature of carbide phase oxidation was observed as
a function of heat treatment.

Practically, it is the results of these heat treated specimens that is thought to be more typical of the oxidation
response of Cr3C2-NiCr thermal spray coatings during extended industrial exposure. In particular, these
results show that the matrix phase is potentially more prone to attack/removal by mechanical wear or erosion
on account of its greater thickness relative to the carbide phase scale. In addition, the rate and mechanism of
scale healing is generally similar to that on NiCr alloys with 20-30wt%Cr. The dependence on the Cr
content in the alloy also highlights the critical inter-relationship between the chromium carbide and matrix
phases in relation to continual Cr replenishment under conditions where repetitive scale breakdown and
repair occurs. More generally the results of this work show that the localised oxidation mechanism and
kinetics are expected to vary during in-service exposure as a function of time and temperature due to the
development of the coating microstructure at elevated temperature.
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6.9 Oxidation of Cr3C2-NiCr Thermal Spray Coatings –
Kinetics of Oxidation
6.9.1 Thermogravimetric Analysis – As-Sprayed Coatings
Assessment of the mass gain kinetics was carried out at 700ºC, 750ºC, 800ºC, 850ºC and 900ºC on
prealloyed powder based HVAF coating-only samples over 48 hours in air. Additional trials were conducted
using the HVOF coatings, sprayed with the agglomerated/sintered and blended powders, at 700ºC and 850ºC
for the same time period. Duplicate trials were run for all samples, with the presented data reflecting the
average result for each coating type.

The results of the exploratory HVAF trials are presented in Figure 6.30. In all cases the mass gain curves
showed an initial rapid period of mass gain followed by a rapid transition to a markedly lower rate of mass
increase. Of most significance, however, was the reproducible trend of decreasing net mass gain with
increasing temperature, the exact opposite response expected based on the topographical analysis. The most
dramatic reduction occurred between 700-750ºC, the subsequent reductions in net mass gain becoming
progressively smaller as the trial temperature approached 900ºC. Increasing temperature also accelerated the
time to the transition period from rapid to slower mass gain response.
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Figure 6.30 Mass gain kinetics of the Aerospray HVAF coating-only specimens as a function of
temperature between 700-900ºC.

167

Chapter 6 – High Temperature Isothermal Oxidation of Cr3C2-NiCr Coatings

Kinetically, the initial mass gain responses did not show definitive correlations with the linear, parabolic,
general parabolic, logarithmic or inverse logarithmic responses described by Kofstad [2]. The post transition
results tended towards a parabolic response, but the trend in results plotted as (mass gain/area)2 versus time
continually dropped away from the linear trend expected for parabolic oxidation, Figure 6.31.

1.8

0.5
700º

0.45

1.4

0.35
0.3
1

0.25

800º
0.8

0.2
0.6

850º

0.15

0.4

0.1
900º

2

2 2

1.2

2

(Mass Gain/Area) (mg/cm )

2 2

0.4

(Mass Gain/Area) (mg/cm ) - 700ºC Trial

1.6

750º

0.2

0.05
0

0

0

5

10

15

20

25

30

35

40

45

Time (hours)

Figure 6.31 (Mass Gain/Area)2 versus time for the Aerospray HVAF coating-only samples as a function of
temperature between 700-900ºC.

The general trends noted in the HVAF coating trials were reflected in the response of the HVOF coatings at
700ºC and 850ºC, particularly the net mass gain response as a function of temperature, Figure 6.32. The
agglomerated and sintered powder based HVOF coatings closely paralleled the response of the HVAF
coating, showing the same general shape and magnitude of mass gain response. Within this group the JP5000 showed the greatest mass gain, followed by the Microjet samples, with the Jet Kote coating showing a
similar low net mass gain as observed in the HVAF coating. Subtle variations in the nature of the response
were noted within this group of results. The HVAF and Microjet responses exhibited a rapid transition from
the initial period of rapid mass gain to the slower long term response. The response of the JP-5000 and Jet
Kote coatings were notably slower in this transition, as is graphically illustrated by comparing the HVAF and
Jet Kote trials. At 850ºC the net mass gain for all samples was a lot lower than at 700ºC. The JP-5000
coating again generated the greatest net mass gain and was followed closely by the Jet Kote samples. The
Microjet result was significantly lower than these trials, with the HVAF showing the lowest overall mass
gain of these prealloyed powder based coatings at this temperature. While the transition from rapid initial
mass gain to slower long term kinetics occurred more rapidly at this higher temperature, the results of the JP5000 and Jet Kote still exhibited more sluggish responses relative to the HVAF and Microjet samples. As
noted in the preliminary HVAF trials, none of the mass gain results conformed definitively with any of the
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rate laws previously considered. However, the similarity in general response of all the coatings suggested
that the same overall mechanism of oxidation occured in all of the coatings considered.
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Figure 6.32 Summary of the mass gain kinetics of the Aerospray HVAF, Microjet HVOF, Jet Kote HVOF,
JP-5000 HVOF and the Blended Powder based HVOF based coatings at 700ºC and 850ºC.

The blended powder based coatings generated distinctly lower magnitudes of mass gain at each temperature
relative to the prealloyed powder based coatings. At 700ºC the net mass gain was less than half that of the
other coatings. The morphology of the mass gain response also differed, the transition to slower mass gain
kinetics occurring significantly faster and at a much earlier time than observed previously. Long term,
however, the rate of mass gain was similar to that of the Microjet coating. As noted above, the observed
mass gain kinetics did not definitively correlate with any of the rate laws considered. While tending towards
a parabolic response long term, the rate of mass gain dropped away from that predicted by the parabolic
response, Figure 6.33. Trials at 850ºC again generated lower net mass gains relative to the 700ºC results.
The initial period of mass gain was relatively short, compared to the previous coatings at 850ºC and showed
a gradual transition into a curved response with a greater rate of long term mass gain than was previously
observed. However, this response also did not correlate definitively with the rate laws above, the assessment
of the parabolic rate law response in the (mass gain/area)2 versus time plot again showed a curved response
that dropped away from the predicted linear trend, Figure 6.33.
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Figure 6.33 (Mass Gain/Area)2 versus time for the blended powder based HVOF coating-only samples at
700ºC and 850ºC.

6.9.2 Analysis of the Mass Gain Kinetic Response
The general shape of the mass gain response curves during oxidation of these coating-only samples has also
been illustrated in the oxidation of other thermal spray coatings in the works of Porcayo-Calderon et al [26],
Bluni and Marder [24], and Serghini and Dallaire [27].

The distinctive rapid initial mass gain followed by a rapid transition to much slower oxidation kinetics
differs from the “classical” parabolic oxidation kinetics of bulk alloys which show a more gradual transition
in response. The rapid transition in response of the coatings in this work occurs between two distinct regions
of behaviour, Figure 6.34.
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Figure 6.34 Schematic illustration of the variation in mass gain kinetics as a function of splat structure and
compositional influences with time.

The initial period of rapid mass gain in the transient oxidation zone is thought to be generated by both
compositional and structural effects, of which the latter is dominant. Unlike bulk materials where oxidation
is limited primarily to the surface of the samples, the splat structure of thermal spray coatings means that
significant internal oxidation can also occur. While the significance of the coating porosity in enabling
oxygen penetration into the coating has been highlighted previously in the literature [24], the results of this
work suggest that the splat structure itself also plays a critical role, especially in high quality coatings with
very low levels of observable porosity and very dense microstructures. This was reflected in the analysis of
polished cross sections of the 48 hours oxidised specimens. Figure 6.35 reveals the intra-splat and intersplat
oxidative attack within the coating. Penetration of oxide into the surface and near surface splats occurred
through fine cracks open to the surface. Attack in this manner was not observed within the matrix or carbide
phases themselves, but at the interface between these phases. Oxide was particularly noted to form in
regions of high carbide content, possibly due to regions of micro porosity generated by insufficient matrix
phase penetration in the starting powder, or to regions of collapsed porosity carried into the coating from the
powder particle themselves. Oxide ingress in this manner was largely limited by the splat thickness,
generally only occurring to a depth of a few microns from the surface.

The most invasive oxide ingress occurred primarily along splat boundaries that connected to the surface.
Such structural features provided short circuit diffusion paths that allowed oxygen to penetrate into the
coating, highlighting the significance of the splat morphology on the oxidation response.

This was

particularly evident in the HVOF coatings, especially in the Microjet samples, where the near surface region
of the coating was laced with erratic bands of oxide fingers that penetrated into the body of the coating.
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Figure 6.35 BSE cross-sectional image of the agglomerated/sintered powder based Microjet HVOF
coating, showing the formation of an external scale as well as internal splat boundary oxidation.

Figure 6.36 presents the elemental EDS maps of Cr, Ni, O and Cu of the near surface image of a Microjet
HVOF coating oxidised at 700ºC for 48 hours. While interpretation of oxygen EDS maps is complicated by
the presence of neighbouring Cr peaks in the EDS spectrum (refer to Chapter 3), correlation with the BSE
image indicates that the features highlighted in the oxygen maps are fingers of oxide penetrating along the
splat boundaries. While splat boundary penetration was also observed in the HVAF coatings, the fingers of
oxide were more isolated and tended to penetrate down only one or two boundaries.

Internal oxide

formation was noted more as isolated pockets within the coating, without extensive splat boundary attack.

Cu Plating
Surface Oxide
Oxide penetration into the
coating along splat
boundaries.
Positive identification possible
through contrasting the BSE
image with the EDX images
below.

Cr

Oxidised
Coating

Ni

O

Figure 6.36 EDX elemental images highlighting oxide penetration into the coating, primarily along the
splat boundaries.
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In the blended powder based coating, internal splat oxidation within each splat was not observed due to the
high density of the individual phase powders. Where extensive single phase splats intersected the surface the
scale tended to be flat and continuous.

Oxide ingress occurred primarily along the splat boundaries,

particularly where regions of multiple phases intersected the surface, Figure 6.37.

These were also

commonly associated with bulbous growths out from the surface. While the extent of oxide penetration
along the splat boundaries became more evident after oxidation, characterisation of the extent of internal
attack was complicated by the high concentration of oxide stringers present in the as-sprayed condition.

Bulbous oxide scale
development on the regions of
mixed phase where numerous
splat boundaries intersected
the surface. Evident internal
oxidation.

Cu Plating
Oxide Scale

Oxidised
Coating
Thin continuous scale
formed over the matrix with
no internal splat oxidation

Figure 6.37 BSE cross-sectional image illustrating the variation in internal oxide development as a
function of splat structure. Note also the external scale thickness as a function if the coating microstructure.

In order to highlight the significance of the microstructural effect on the oxidation response, several HVAF,
Microjet HVOF and blended powder based coatings were preoxidised at 700ºC for 48 hours in order to
“seal” the coating. The surface layer of oxide was removed by grinding with a 9 µm diamond pad, before
finishing with a 3 µm polish. While only mild amounts of grinding were required on the HVAF and
Microjet HVOF specimens, which remained flat after the pre-treatment, the blended powder based coatings
bowed significantly and required significant amounts of grinding to remove the oxide layer. As such, a
significant portion of the zone of material “sealed” by pre-oxidation may have been removed, which in turn
may have influenced the effectiveness of this treatment. TGA testing was conducted in the same manner as
for the as-sprayed specimens.

Preoxidation led to a dramatic reduction in the net mass gain of all the specimens at 700ºC, Figure 6.38. In
addition, all of the pre-treated responses were very closely grouped, with the variation dramatically smaller
than was recorded between the as-sprayed coatings. While the reduction in net mass gain was not as
dramatic in the 850ºC trials, preoxidation also resulted in lower overall magnitudes of response and a much
greater similarity in mass gain between the different coatings, Figure 6.38.

173

Chapter 6 – High Temperature Isothermal Oxidation of Cr3C2-NiCr Coatings
1.8
JP5000 HVOF As-Sprayed
1.6
Microjet HVOF As-Sprayed

2

Mass Gain/Area (mg/cm )

1.4
1.2
Jet Kote HVOF As-Sprayed
Aerospray HVAF As-Sprayed

1
0.8
0.6

Blended Powder Based Microjet HVOF As-Sprayed

0.4
Microjet HVOF Preoxidisied
Aerospray HVAF Preoxidised

0.2

Blended Powder Based Microjet HVOF Preoxidisied

0
0

5

10

15

20

25

Time (Hours)
0.8

JP5000 HVOF As-Sprayed
0.7

Jet Kote HVOF As-Sprayed
0.6

2

Mass Gain/Area (mg/cm )

Microjet HVOF As-Sprayed
0.5

Aerospray HVAF As-Sprayed
0.4

Blended Powder Based Microjet HVOF As-Sprayed
0.3

Blended Powder Based Microjet HVOF Preoxidisied
0.2

0.1

Microjet HVOF Preoxidisied
Aerospray HVAF Preoxidised
0
0

5

10

15

20

25

Time (Hours)

Figure 6.38 Long-term mass gain kinetics of the HVAF and HVOF in the as-sprayed and preoxidised
condition at 700ºC (top graph) and 850ºC (bottom graph)

In considering the preoxidised specimens alone, Figure 6.39 highlights that the 700ºC net mass gain results
were lower than those generated at 850ºC, the opposite of that noted in the as-sprayed data. In addition,
while the 700ºC results showed a rapid initial mass gain, which tapered off after 5 hours, the 850ºC results
showed considerably greater rates of mass gain over the time of testing. The shape of the mass gain curves
and the response as a function of temperature closely resemble the generalised response of bulk alloys under
similar conditions [38, 39]. Kinetically, the results of the HVAF coating at both temperatures showed a
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stronger tendency towards parabolic kinetics than noted in the as-sprayed condition, although the response
still dropped away from that predicted with long term exposure. The 700ºC Microjet HVOF results were not
as definitive in exhibiting a parabolic response, although the trend at 850ºC was somewhat more evident.
Again, however, the long term response dropped away from that predicted by purely parabolic oxidation.
The response of the blended powder based coatings at both temperatures mirrored the trends highlighted in
the HVAF coating responses.

0.2
Blended Powder Based Microjet HVOF Preoxidisied - 850ºC
0.18

2

Mass Gain/Area (mg/cm)

0.16
0.14
Aerospray HVAF Preoxidised - 850ºC
0.12

Microjet HVOF Preoxidisied - 850ºC
Aerospray HVAF Preoxidised - 700ºC

0.1

Microjet HVOF Preoxidisied - 700ºC
0.08
0.06
Blended Powder Based Microjet HVOF Preoxidisied - 700ºC

0.04
0.02
0
0

5

10

15

20

25

Time (Hours)

Figure 6.39 Mass gain kinetics for the preoxidised samples at 700ºC and 850ºC.

The transition in the magnitude of net mass gain after preoxidation as a function of temperature, indicates
that the trend in decreasing net mass gain with increasing temperature in the as-sprayed coatings was dictated
primarily by the splat structure effect. At 700ºC the oxidation rate of the coating components is at its slowest
over the temperature range considered. However, oxygen diffusion is still very rapid at this temperature.
Initially, oxygen penetrates into the coating through short circuit diffusion paths, primarily splat boundaries.
In doing so it oxidises the exposed surfaces to generate a thin layer of oxide. Over time this layer gradually
thickens, restricting the mass flow rate of oxygen into the coating. In doing so, however, it also restricts the
rate of oxygen diffusion to the splat surface, inhibiting the rate of oxide thickness increase. The combination
of this factor with the low oxidation rate allows oxygen to diffuse deep into the coating for an extended
period of time. Eventually oxide growth occurs to the point where the short circuit diffusion paths are sealed
off, but not before extensive internal oxidation has occurred. At higher temperatures the rate of oxygen
diffusion increases, but this is countered by a much faster oxidation rate. As a result the short circuit
diffusion paths are sealed off more quickly. Oxidation is therefore restricted to the surface and near surface
regions of the sample, and as such occurs over a much smaller surface area then encountered at the lower
temperatures. Hence, although the reaction rate is significantly greater at the higher temperature, oxidation
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occurs over a progressively smaller surface area, thereby accounting for the lower overall mass gains at
higher temperature and the more rapid transition from the transient oxidation regime to the much lower
oxidation rate response. Once the splat boundaries have been sealed in this manner, the mass gain response
becomes dominated solely by the oxidation characteristics of the surface phases of the coating.
topographical SEM results broadly support this mechanism.

The

At 700ºC the mass gain data indicated

substantial mass gains over the first 5 hours, beyond which a comparatively minimal increase in mass
occurred. Similarly at 850ºC the majority of the mass gain occurred within the first hour of exposure. In
contrast, the topographical and XRD analysis indicated the greatest development in the scale layer occurred
between the 2 and 48 hours period. In the blended powder based coating, lateral growth of the matrix phase
oxide over the carbide grains occurred after the 2 hours image at 700ºC but within the 10 minute and 2 hour
period at 850ºC. For such overgrowth to occur, the splats must have been in physical contact, most likely
resulting from oxidation of the splat boundaries.

While these results highlight the significance of the coating splat structure during the transient period of
oxidation, the tendency towards parabolic oxidation kinetics beyond this time attests to the dominance of the
compositional response in the long term. During the initial transient oxidation regime, a large number of
compositional effects occur which may potentially contribute to the dominant splat structure effect. Based
on the oxidation mechanism for NiCr alloys, the kinetically favoured growth of Ni oxides generates rapid
initial growth, and as a result mass gain, until the Cr2O3 scale becomes continuous. This transition in itself
may contribute towards the marked change in the rate of mass gain, reflecting the variation in growth rate of
the NiO and Cr2O3 oxide phases. Such an effect is only applicable in the blended powder based coatings in
this work, based on the XRD analysis. The agglomerated and sintered powder based coatings may, in
contrast, be expected to generate only parabolic mass gains on the basis of formation of Cr2O3 alone, except
that the rate of Cr2O3 development is dependent on the Cr content of the coating, as well as the coating
microstructure. As highlighted in Chapter 5, extensive reconstitution of the as-sprayed coating composition
occurs as the Cr content becomes tied up as carbides. While the steady state matrix Cr content is still
thought to be high enough to enable a Cr2O3 only oxide scale to form, the variation in Cr content during this
transitional stage may have an effect on the rate of Cr2O3 development. Combined with this is the effect of
the coating microstructure within the splats. Initially the potentially amorphous structure may inhibit Cr
supply to the surface as a result of minimal short circuit diffusion paths. With extended exposure, recovery,
recrystalisation and grain growth of the coating phases, particularly the matrix phase, may occur, the
formation of grain boundaries potentially enabling a more rapid or consistent supply of Cr to the surface.

In the long term, once a continuous Cr2O3 layer has become established, several other factors may contribute
towards the reduction in the rate of mass gain predicted by parabolic kinetics. Once the splat structure has
been sealed, the oxidative mass gain response per unit of sample surface area is determined by the oxidation
rate of the coating components. As highlighted in the topographical analysis, however, the matrix phase
oxidises faster than the carbide phase and in time encapsulated it, especially at 850ºC. In turn, this results in
scale separation, after which mass gain due to carbide oxidation ceases. As such the actual area of the
surface contributing to the observed mass gain response, the alloy phase in this case, is of a significantly
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lower value than that measured initially and used in the calculations of the mass gain per area. This effect
may contribute to the lower than expected rate of mass gain with extended exposure at 850ºC. More
generally Gulbransen and Andrew [38], in their work on NiCr alloys, attributed a similar reduction in mass
gain response from parabolic kinetics in their work to two factors. As previously discussed in relation to this
current work, these authors also pointed to the variation in kinetics in transitioning from NiO dominated to
Cr2O3 dominated growth of the scale. In addition, they also point to the effect of the growth in oxide crystal
size. While the initial crystallite size is small the high concentration of grain boundaries provides rapid
supply of Cr to the oxide-gas interface. As the crystal size increases the grain boundary area decreases,
reducing the short circuit diffusion paths for Cr and limiting scale growth increasingly to Cr supplied by
slower lattice diffusion.

6.9.3 Effect of Deposition Technique
Compositionally the HVOF coatings generated greater degrees of carbide dissolution relative to the HVAF
coating and as such would be expected to generate lower net mass gains on account of the higher matrix Cr
content and more rapidly formed Cr2O3 scale. However, in the as-sprayed condition the HVAF coating
consistently exhibited the lowest net mass gain, a result that, based on the above discussion, is related to the
initial structural effect of the splat boundaries. In general, the greater the total surface area associated with
the splat boundaries, the greater the potential mass gain by oxidation. In turn, the morphology of the splats
which determines their surface area is related to the degree of particle heating and impact velocity during
deposition. Figure 6.40 illustrates two extremes in regard to splat deformation.

Coating A

Coating B

Figure 6.40 Schematic illustration of the variation in splat morphology as a function of deposition
conditions.

Coating A is built up from molten particles generating highly distorted, long thin splats. Coating B is formed
from particles only slightly molten at impact, resulting in a more blocky morphology. In considering the
exposed splat surface area per depth of coating, Coating A far outweighs that of Coating B and therefore, can
potentially generate substantially greater mass gains during oxidation. As a general characterisation, the
higher temperature and higher velocity HVOF techniques would be expected to generate coating
microstructures tending towards coating A. By contrast the HVAF coatings are more comparable with
coating B as a result of the lower operating temperature and hence these coatings may potentially suffer less
internal oxidative mass gain.
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Figure 6.41 Schematic of the variation in mass gain kinetics as a function of the variation in coating splat
microstructure.

This proposal is supported, in the case of the HVAF coating, by the shape of the mass gain curves during the
transition period of rapid initial mass gain to the slower long term kinetics. During the transient oxidation
period mass gain results from the combination of internal and surface oxidation. Once the short circuit
diffusion paths into the coating have been sealed, the mass gain would be expected to level off to reflect the
reduced mass gain by surface oxidation alone. If the mass gain kinetics show a sharp transition in response,
such as curve A in Figure 6.41, it suggests that the short circuit diffusion paths were rapidly sealed by
oxidation, restricting scale growth to the surface regions. Alternatively a more gradual transition, curve B,
indicates a slower transition to a compositional response. Such behaviour may be indicative of a greater
exposed splat area and network of short circuit diffusion paths that must be sealed to prevent further internal
oxidation. Related to this is the physical nature of the splat boundaries and the degree of separation between
the splats. Impact of a liquid splat leads to rapid spreading over the surface and solidification. Solidification
involves shrinking of the volume of material and as such may mean that, while the splats are mechanically
interlocked, microscopic voids exist along the splat boundaries.

In contrast, impact of high velocity

partially-molten or softened particles are not expected to undergo the same degree of volume reduction upon
cooling. In addition, deformation of such particles occurs by conversion of the high particle kinetic energy,
rather than spreading of the liquid phase, and hence such solid phase plastic deformation means the splats are
essentially forged together, potentially reducing the magnitude of inter-splat voids. In relation to the results
of these trials, more work is required to characterise the morphology of the splat structure of these HVOF
and HVAF coatings to fully assess the significance of these theoretical considerations. While such a
mechanism may account for the results of the HVAF coating, the Microjet HVOF coating, which exhibited
the most extensive degrees of particle melting and carbide dissolution, also showed a similar rapid transition
from the transient oxidation to the slower long term oxidation response. Based on the splat structure alone, it
would be expected to generate the greatest mass gain and show the slowest transition in response. This
result, combined with the variation in transitional response of Jet Kote and JP-5000 coatings suggests that
while the postulated splat structural effect in regard to particle deformation upon impact may contribute to
the observed response, the contributing factors that dictate the mass gain kinetics are more complex then
considered here. The fact that the preoxidised coating responses were very similar in their mass gain
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response does, however, suggest that the variation in mass gain between the as-sprayed coatings was related
to the variation in their splat structure.

The mechanism accounting for the dramatically lower net mass gains of the blended powder based coatings
in the as-sprayed condition is difficult to account for. The fact that the agglomerated and sintered powder
based coatings showed comparable net mass gains in the preoxidised condition does suggest that the
variation in the as-sprayed coating response is also related to the splat structure effect. While the splats in
this coating exhibit a markedly greater extent of melting than evident in the prealloyed powder based
coatings, they also had a much higher oxide content. It is possible that the peripheral oxide shells formed
around the particle in-flight and carried in to the coating may have contributed to a reduction in the structural
effect during the transient oxidation period. Further work is required to characterise the nature of the
microstructure in these coatings to test the validity of this proposed effect.
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6.10 Implications of Elevated Temperature In-Service
Exposure on the Oxidation Kinetics
6.10.1 Introduction
Thermogravimetric analysis was carried out on the same range of heat treated prealloyed powder and
blended powder based coatings as used in the topographical analysis. Given the significance of the splat
structure on dictating the oxidative mass gain results of the as-sprayed coatings, the heat treated coatings
were first pre-treated in an attempt to “seal” the coatings. As a result of this pre-treatment it was hoped that
the mass gain response would be dictated by the surface phases alone and allow the effect of the heat
treatment induced carbide development on the oxidation kinetics to be assessed. The heat treated samples
were ground to 3 µm and then preoxidised at 700ºC for 24 hours. They were then lightly repolished to
remove the surface scale, in the same manner as used in the preoxidation trials of the as-sprayed coatings.
The sample sizes and TGA trial conditions were the same as those used in the assessment of the as-sprayed
coatings. Duplicate trials were run under each condition for each coating type.

6.10.2 Thermogravimetric Analysis – Prealloyed and Blended Powder Based
Coatings
Figure 6.42 illustrates the mass gain/area response of the preoxidised prealloyed powder based HVAF
specimens with those of the heat treated and preoxidised samples at 700ºC and 850ºC. The heat treated
results all generated distinctly greater mass gain results relative to the preoxidised as-sprayed samples. The
heat treated exposure period had no discernable effect on the response at each temperature. The shape of the
curves was temperature dependent. A gradual curved response was exhibited at 700ºC, while at 850ºC the
shape of the mass gain response was similar to that observed in the as-sprayed specimens without
preoxidation. At 700ºC, both samples showed a limited tendency to parabolic kinetics, the results not as
definitive as the preoxdised as-sprayed response. The parabolic trend was more evident at 850ºC, although
the rate of mass gain dropped away from the predicted response with extended exposure.

The prealloyed powder based Microjet HVOF samples generated the same general response as observed for
the HVAF coatings, Figure 6.43. The heat treated samples generated significantly higher mass gains relative
to the preoxidised as-sprayed samples, with the 700ºC and 850ºC results being of comparable magnitude.
The 700ºC results again showed a gradual curved response, while at 850ºC the mass gain data mirrored the
transitional response observed in the HVAF trials. The effect of heat treatment time was more evident in this
coating. At 700ºC the 30 day specimen generated a lower mass gain. At 850ºC the 5 day and 30 day heat
treated sample mass gains were comparable, although the 30 day specimen appeared to have a lower long
term rate of mass gain. Kinetically the mass gain curves exhibited the same tendencies towards parabolic
kinetics as discusses for the HVAF samples.
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Figure 6.42 Mass gain kinetics of the heat treated/preoxidised and as-sprayed/preoxidised Aerospray
HVAF coatings at 700ºC and 850ºC.
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Figure 6.43 Mass gain kinetics of the heat treated/preoxidised and as-sprayed/preoxidised Microjet HVOF
coatings at 700ºC and 850ºC.

The heat treated blended powder based coatings showed the greatest correlation with the preoxidised assprayed samples, Figure 6.44. The 850ºC trials generated greater mass gains relative to the 700ºC trials, in
contrast to the prealloyed powder based coatings. In addition the effect of heat treatment exposure time was
more definitive, with the longer term samples generating lower mass gains at both temperatures. In spite of
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the similarity with the preoxidised as-sprayed response, kinetically the heat treated samples showed only a
limited tendency to parabolic oxidation kinetics. In all cases the (mass gain/area)2 versus time plots showed a
curved response with no definitive linear trends indicative of parabolic mass gain.
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Figure 6.44 Mass gain kinetics of the heat treated/preoxidised and as-sprayed/preoxidised blended powder
based HVOF coatings at 700ºC and 850ºC.

6.10.3 Discussion of the Mass Gain Response
In general the impact of heat treatment on the oxidation kinetics were inconclusive. With regard to the
prealloyed powder based specimens, the shape of the mass gain curves, the similarity in the magnitude of
response to the as-sprayed coatings, similarity in results at 700ºC and 850ºC, as well as the lack of
conformation to parabolic oxidation kinetics, all point to the significant influence of the physical splat
structure on the response. While the long term oxidation data is thought to be largely determined by the
composition, it is difficult to separate out this effect from the influence of the coating structure, especially at
700ºC where there was only a vague transition to a composition dominated response. Further work is
required in order to more accurately assess the oxidative mass gain kinetics of these heat treated coatings in
order to isolate the impact of the structural effect and assess the influence of the compositional refinements.

The blended powder based coating showed a greater correlation with the preoxidised as-sprayed specimens.
The higher mass gains at 850ºC over those at 700ºC suggests that the structural effect did not dominate the
response to the same extent as in the prealloyed based coatings. In addition the long term rate of mass gain
at 850ºC also exceeded that of the 700ºC data, further emphasising the significance of the compositional
effect.
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The influence of the duration of heat treatment was illustrated at 700ºC for all the coating types, but was the
opposite of that expected based on the topographical analysis, Figure 6.45.
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Figure 6.45 Mass gain kinetics of the heat treated/preoxidised Aerospray HVAF, Microjet HVOF and
blended powder based HVOF coatings at 700º C.

The short term heat treated samples consistently generated higher mass gains than those treated for 30 days.
This is in spite of the greater amount of Ni oxide formation and thicker scales that developed on the 30 day
heat treated samples. With regard to the prealloyed powder based coatings the mass gain kinetics response
varied with heat treatment time. The short treatment samples showed a rapid initial mass gain that gradually
transitioned to a slower rate of mass gain. Based on the results of the as-sprayed samples this would suggest
a significant influence of the coating microstructure during the transient oxidation period, in spite of
preoxidation. In contrast the 30 day trialed samples showed a more gradual increase in mass with no evident
transition from one mechanism to another. As such, this suggests that the extended period of heat treatment
led to widespread sintering of the structure, reducing the available inter-splat surface area for oxidation and
hence reducing the potential significance of the structure on the transient oxidation period. This proposal is
supported somewhat by the similarity in the HVAF and Microjet HVOF results, as the heat treatment
analysis indicated that after this extended period of exposure both coatings tended towards the same
microstructure. The same mechanism is believed to account for the lower net mass gain of the 30 day treated
sample in the blended powder based coatings. The reason why the blended powder based coatings exhibited
such a lower net mass gain relative to the prealloyed powder based coatings is, as yet, unknown.

At 850ºC the same trend with heat treatment time was evident in the blended powder based coatings, as well
as their lower net mass gain relative to the prealloyed powder based samples, Figure 6.46. The latter all
exhibited consistent magnitudes of mass gain aside from the 30 day heat treated HVAF coating. The repeat
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trials of the 30 day heat treated samples generated consistent magnitudes of mass gain. The reason for such a
marked variation from the other trials is unknown. The general shape of the mass gain curves for these
coatings mirrored those of the as-sprayed samples and indicated the significant influence of the structural
effect on the coating response. The variation in the dominance of this effect appeared to overwhelm the
more subtle features of the long term mass gain that may have accounted for the effect of the compositional
variation between the short and long term heat treated samples. More quantitative work is required to more
accurately assess the contribution of the structural and compositional effects as a function of heat treatment
on the mass gain kinetics of these coatings.
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Figure 6.46 Mass gain kinetics of the heat treated/preoxidised Aerospray HVAF, Microjet HVOF and
blended powder based HVOF coatings at 850º C.
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6.11 Summary
In this chapter the high temperature oxidation mechanisms and kinetics of thermally sprayed Cr3C2-NiCr
coatings were investigated. The oxidation characteristics of the NiCr matrix phase were reviewed from the
literature. Exploratory trials of the Cr3C2 oxidation mechanisms were discussed and contrasted with those
presented in the literature. The results of high temperature exposure of coating-only samples are presented
and discussed in relation to the effect of temperature, extent of in-flight degradation, deposition technique
and starting powder morphology. The conflicting results implied from the topographical analysis and TGA
mass gain data were discussed in relation to a generalised oxidation mechanism for thermal spray coatings.
The variation in coating oxidation response with long-term in-service exposure was simulated by using
sample heat treated to reach a steady state microstructure and composition. The variation in response as a
function of microstructural and compositional developments is discussed. The key points stemming from
this analysis are presented below.

NiCr alloys require a minimum of 10wt% Cr to form a protective Cr2O3 sale. Oxidation initially leads to
rapid NiO development. Below this a continuous Cr2O3 scale forms and eventually seals off the surface NiO
oxides. NiCr2O4 forms by the reaction between NiO and Cr2O3. As the Cr concentration increases the Cr2O3
scale develops faster, until at high Cr concentration, Cr2O3 is the only scale formed.
Cr3C2 oxidises to form Cr2O3. Oxidation leads to successive decarburisation of Cr3C2 to Cr7C3, to Cr23C6, to
Cr metal, and subsequent oxidation to Cr2O3. As Cr atoms are not free to move through the Cr3C2 structure,
oxidation occurs by consumption of the carbide phase rather than the formation of a surface scale.

Oxidation of the as-sprayed prealloyed powder based coatings was dominated by the matrix phase scale.
The high Cr content of the matrix led to rapid Cr2O3 development which quickly grew laterally over the
neighbouring carbides to form a continuous Cr2O3 scale. At 700ºC the scale morphology was thin and flat.
At 850ºC, growth stresses, induced by the development of the matrix Cr2O3 scale, led to scale-carbide
separation and the formation of bulbous voids over the carbide grains. However, the scale remained
protective in spite of this void development.

In the as-sprayed blended powder based coating the phases oxidised independently. The carbide grains
formed a thin continuous Cr2O3 scale. The matrix phase formed bulbous Ni oxides in regions of small splat
surface area, and flatter scales over the larger regions of matrix material. With extended exposure a
continuous Cr2O3 subscale developed over the matrix splats, after which lateral development of the matrix
scale over the carbide grains occurred. Interfacial void formation did not occur during oxidation of this alloy
at 700ºC or 850ºC.

Heat treatment of the prealloyed powder based coatings led to extensive carbide development and the
reduction in the matrix Cr content. Initially both phases oxidised independently. Ni oxides formed on the
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matrix phase prior to Cr2O3 development. While lateral development of this scale over the carbide grains
occurred with extended exposure, it took significantly longer than in the as-sprayed coatings.

Such

overgrowth did not result in carbide-oxide separation. The duration of heat treatment prior to oxidation
dictated the matrix Cr content. Longer treatment times led to lower matrix phase Cr concentrations, allowing
the NiO scale to dominate for longer periods and form thicker scales. Once a continuous Cr2O3 scale
formed, the oxidation response followed the same mechanism, irrespective of the heat treatment time.

Heat treatment of the blended powder based coating led to inter-diffusion of the carbide elements into the
matrix phase splats, increasing the Cr content. This was reflected in the lack of bulbous oxide growths, as a
result of the Cr2O3 scale developing more rapidly and dominating the oxidation response from an early time.
Once the continuous Cr2O3 scale formed, the oxidation characteristics of the matrix phase mirrored those
observed on the heat treated prealloyed powder based coatings.

Kinetically the coating-only samples exhibited a consistent, reproducible trend of decreasing net mass gain
with increasing temperature, in direct contrast to the mass gain kinetics implied from the topographical
analysis. In all cases the mass gain curves showed a rapid initial mass gain followed by a sharp transition to
slower mass gain kinetics. The initial period of mass gain was dominated by the structural effect generated
by the splat based microstructure of the thermal spray coatings. In spite of the low coating porosity, oxygen
was able to penetrate into the coating, primarily along the splat boundaries, leading to internal oxidation.
Oxidation occurs on the surface of the splats, eventually sealing up the short circuit intersplat diffusion paths.
At high temperature this sealing process occurs rapidly, restricting oxidation primarily to the sample surface.
At low temperatures, however, this process takes longer, enabling oxygen to diffuse further into the coating.
As such, the area exposed to oxidation greatly exceeds that at the high temperatures, accounting for the
greater magnitude of oxidative mass gain. Once the paths of internal oxygen ingress have been sealed, a
sharp transition in the rate of mass gain occurs, as the kinetic response becomes dominated by the oxidation
response of the surface composition. The blended powder based coatings consistently generated the lowest
net mass gains relative to the prealloyed powder based coatings, in spite of the more extensive scale
development. The mechanism to account for this response has yet to be determined.
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Chapter 7
Erosion of Cermet
Composites

7.1 Introduction
Erosion is a generalised wear mechanism whereby mass loss occurs through impact of discrete particles
entrained in a fluid stream. While this mechanism applies to a range of situations, the use of the term in this
work is in regard to mass loss by small (typically <100 µm), hard particles entrained in an air stream. The
extent of erosion in this manner has been defined by Equation 7.1 as:

Erosion Rate

=

Mass of material removed from substrate
Mass flowrate of impinging particles

Equation 7.1

An extensive amount of research has been published in regard to the mechanisms and relative rates of
erosion of materials in order to develop measures to mitigate the effect of impact damage. Most erosion
work has focused on bulk materials, with testing primarily conducted at ambient temperature under relatively
low particle impact velocities. As a result, the erosion mechanisms and effect of the variation in process
variables and material properties on the erosion response have been well characterised under such conditions.
Through this work cermet based materials have been highlighted as possessing high erosion resistance,
particularly when their microstructures are optimised to suit the erosion conditions. The positive attributes
of thermal spraying have been widely exploited to apply such materials, primarily WC-Co and Cr3C2-NiCr,
as coatings, which now see widespread industrial application.

The erosion response of materials under the industrially significant conditions of high temperature and/or
high impact velocity is less understood. Similarly, while thermal spray coatings are widely utilised to
mitigate the effects of erosion, few single impact studies have characterised the mechanism of degradation
under high velocity impact conditions. More specifically the response of Cr3C2-NiCr thermal spray coatings
to erosion has primarily been considered from an empirical, comparative viewpoint; contrasting the erosion
response with well characterised bulk materials, or as a function of deposition technique. Little has been
presented in regard to the effect of Cr3C2 carbide microstructure and of in-flight degradation on the coating
response. Furthermore, most coating trials have utilised as-sprayed coatings, with few works considering the
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long term effects of high temperature exposure on the coating microstructure and the implications of such
transformations on the erosion mechanism and magnitude of erosion response.

The aim of this section of work was to characterise the mechanism of erosive mass loss of Cr3C2-NiCr
thermal spray coatings under the conditions of high particle impact velocity and at high temperature. Of
particular focus was the impact of the variation in carbide morphology on the erosion response. In the
broadest sense this was investigated by contrasting the results of pre-alloyed composite powder based
coatings with those formed from blended powders of distinctly different carbide microstructure. More
specifically the significance of in-flight degradation, particularly on the pre-alloyed powder based coating
response, was assessed in order to characterise the implications of such degradation on the as-sprayed
coating response.

While this assessment was significant in terms of ambient and low temperature

applications, such results are of limited use in the forecasting of the long term response and mechanisms of
degradation at high temperatures where Cr3C2-NiCr coatings are typically employed. Building on the initial
ambient temperature work, further trials were aimed at characterising the variation in response at high
temperatures, as well as what effect long term heat treatment had on the coating response in regard to
understanding the degradation mechanisms of coatings employed under such conditions for extended periods
of time.
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7.2 Erosion Fundamentals
The mechanisms by which erosion mass loss occurs are broadly defined into two categories – ductile and
brittle mechanisms. Such classifications were initially based on the response of classical “ductile” and
“brittle” materials, which, by virtue of their erosion mechanisms, showed mass loss as a function of impact
angle responses similar to those in Figure 7.1. Subsequent work has shown that the material response as a
function of impact angle depends on an extensive number of variables, well beyond those related to the
material properties. Variation in test conditions may generate responses characteristic of each mechanism
for a single material. Such classifications are still widely used, however, in describing the material response
and serve to differentiate between the two primary mechanisms of erosive mass loss.

Figure 7.1 Erosive mass loss as a
function of impact angle for aluminium
and Al2O3 substrates. The variation in
response typifies the characteristic
definitions of a “ductile” and “brittle”
response respectively. Note the
variation in the magnitude of erosion
in the y axis label. Reproduced from
Finnie [1].

7.2.1 Ductile Erosion Mechanism
The classical “ductile” erosion response, exhibits the greatest magnitudes of mass loss at low impact angles
of 15-30º. At higher angles the erosion rate drops away, although the rate does not tend to 0 at 90º. The
severity of low angle impact damage has been related to the efficiency of the generalised “machining”
mechanism postulated to account for erosive mass loss in ductile materials over these angles.

This

generalised mechanism has been subdivided into 3 modes of response, Figure 7.2.

The glancing angle impact of rounded erodents results in furrow indentations, with material physically
displaced outwards and to the sides and terminal end of the crater. While mass loss typically does not occur
by direct impact in this manner, the plastically deformed “lips” [2] or “platelets” [3] of highly strained
material are prone to fracture or fatigue during subsequent impacts [2, 3]. Angular particles impart more of a
“cutting” action during impact, the resulting damage dependent on one of two possible mechanisms. Type I
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cutting [2] involves impact by an angular particle in a similar manner to the “ploughing” mechanism of
rounded particles.

The erodent penetrates the surface and carves out an angular furrow of material,

plastically deforming material to the side of the crater and typically generating a chip or lip of material at the
terminal end of the crater. As with the “ploughing” mechanism no direct material loss occurs in this process,
with degradation occurring through fracture of the displaced material upon subsequent impact. Type II
cutting [2] occurs in a similar manner to the Type I mechanism, however, rotation of the erodent particle
during impact results in a machining-type action that directly “cuts” chips of material from the surface.

Figure 7.2 Characteristic
mechanisms of ductile erosion
based on the variation in
erosion conditions.
Reproduced from Hutchings
[2].

At higher impact angles the “machining” mechanisms of mass loss become increasingly inefficient, and the
mechanism of erosive mass loss is less clear. Several mechanisms have been proposed, including work
hardening of the surface leading to a brittle response, delamination wear, temperature effects and extrusion
[1]. The most widely referenced process, however, is the “platelet” mechanism [1-3]. At high impact angles
the erodent particle indents the surface, displacing or extruding material upwards and outwards [3],
generating mounds and circumferential lips of highly strained material similar to that generated by
ploughing. Repeated impacts on the displaced material leads to fracture or fatigue based loss of material.
The volume of material displaced in this way is a lot lower than that generated at 30º. In addition, many
more particles are required to generate loss of the smaller deformed platelets, this lack of efficiency in
material removal accounts for the lower rates of mass loss at high impact angles.
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7.2.2 Brittle Erosion Mechanism
The classical “brittle” erosion response shows the greatest rate of mass loss at high impact angles, with the
rate continually decreasing to negligible degrees of mass loss at low impact angles. This response reflects
the mechanism of fracture induced mass loss, whereby the extent of substrate damage is dictated by the
magnitude of the vertical component of the impact load applied by the erodent particle. For a given particle
impact velocity, the component of the load applied perpendicularly to the surface continually decreases with
decreasing impact angle, resulting in reduced erosion damage. Mechanistically, particle impact generates
brittle fracture within the near surface zone of material, with cracks radiating outwards and downwards from
the point of impact. Mass loss occurs by chipping, whereby segments of material formed by the intersection
of crack networks are ejected from the surface [2-4]. As such, an initiation period of negligible mass loss is
typically observed initially, whereby particle impacts generate the extensive crack network required for
steady state erosive mass loss to proceed.

Crack generation occurs by two mechanisms, broadly

differentiated by whether indentation occurs by a blunt or sharp indenter [2, 4, 5].

Blunt Indenter

Hertzian ring crack

Substrate

Figure 7.3 Cross-sectional schematic of impact by a blunt indenter on to a brittle substrate, resulting in the
formation of a conical Hertzian crack. Reproduced from Hutchings [2].

Impact by a blunt indenter under light loads generates a ring crack, termed Hertzian cracks, around the
impact site that propagate down into the substrate at an angle to form a cone, Figure 7.3 [2, 4, 5]. This is an
elastic process where no plastic deformation occurs [4], with the extent of crack propagation dependent upon
pre-existing substrate flaws, the particle diameter and substrate fracture resistance [2, 4, 5]. Under more
aggressive conditions, particularly with sharp indenters, cracking becomes more extensive. Work by Evans
and Wilshaw [6, 7] has characterised the following mechanism, Figure 7.4. Indentation generates a zone of
plastically deformed material around the indenter, the surrounding material being elastically loaded [3].
Under loading, radial cracks propagate out from the indent perpendicular to the surface, while “medium
vent” cracks propagate down into the material below the indenter [2, 6]. Upon unloading, lateral cracks form
below the plastically deformed zone and propagate outwards and upwards towards the surface [2, 6]. Large
chips of material may be formed in this process by the intersection of the various crack networks propagating
from the indent [1-4, 8], as well as by fracture of indented material generated by the combination of the
“wedging action” of the erodent with the cracks formed during impact [4].
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Figure 7.4 Schematic developed by Evans et al [6] to illustrate the sequence of crack formation and
development as a function indentation loading and unloading on a brittle substrate. Reproduced from [6].

At low impact angles the mechanism of erosive wear of materials exhibiting brittle erosion is less clear. As
noted by Finnie [1], it is generally assumed that the vertical component of the erodent impact geometry
determines the extent that the above mechanisms apply. However, the results cited in the review of Ruff and
Wiederhorn [4] note that at low angles the response of alumina tended towards that seen in ductile metals. In
that work no cracking occurred, while the furrows generated by glancing impact showed significant plastic
deformation indicative of a ”shear deformation mechanism”.
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7.3 Erosion of Cermet Materials
7.3.1 Introduction
The addition of hard, second phase particles has long been used as a method of improving the wear
resistance of alloys. Increasing hard phase content leads to higher composite hardness and greater resistance
to many wear processes such as sliding and abrasive wear [2, 3, 9]. The effect of such reinforcement on the
erosive wear response is more complex, being dependent on the composite composition, percentage of hard
phase, reinforcement particle size and hardness, and test conditions such as erodent particle size,
composition, velocity, impact angle and test temperature [9-26].

7.3.2 Significance of the Hard Phase Content on the Erosion Rate
Additions of second phase reinforcement of up to 60 vol% have been shown to generate higher erosion rates
than the unreinforced starting alloy for a variety of compositions and under various test conditions [17, 19,
27, 28], Figure 7.5 and Table A4.1 (Appendix 4). In such composites the matrix dominates the erosion
response, with mass loss occurring primarily via ductile erosion mechanisms
Increases in hard phase content beyond 60vol%
have generally been found to improve the erosion
resistance of the composite relative to that of the
starting alloy phase alone [14-17, 20], although the
nature of response is more complex than that
described above [20].
reinforcement

Formation of such high

composites

has

typically been

achieved through powder metallurgy routes, of
which WC based cermets have been of primary
focus, Table A4.1 (Appendix 4). The response of
Figure 7.5 Erosion rate as a function of Al2O3
volume fraction for HIP processed (top plot) and
electrodeposited (bottom plot) Ni-Al2O3 composites
reported by Levin et al [19]9].

such composites appears dependent upon the
erosion conditions.

Wright and Shetty [20],

Uuemyis [29] and Dan’kin [30] all noted a
continual reduction in erosion rate with increasing

WC content when trialed under the conditions specified in Table A4.1 (Appendix 4). In contrast, the works
of Ninham [17], Ball [14], and Pennefather [15, 16] noted a marked departure from this response when
trialling WC based cermets under milder erosion conditions, Table A4.1 (Appendix 4). The erosion rate
reached a minimum in the region of 80wt% hard phase, before increasing markedly to peak in the region of
90wt% carbide (approximately 85vol%). Further increases in WC content led to a sharp reduction in erosive
mass loss rate. These authors suggest that, in the WC-Co system, the 90wt% composition divides the
erosion response into matrix dominated and carbide dominated regions, Figure 7.6. While the size of the
damage zone with impact became increasingly restricted with increasing carbide content up to 80wt%, the
matrix phase was still thought to dictate the mechanism of mass loss. This was in spite of the fact that the
composites exhibited a typically “brittle” response of greater mass loss at 90º impact than at 30º impact [14,
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17]. Above 90wt% WC, the contiguity of the carbide phase was sufficient for damage to be accommodated
by the carbide alone. The variation in erosion mechanism of this phase, in addition to the ability of the
extensive carbide skeletal network to dissipate the applied load, is postulated to account for the reduction in
erosion rate in this composition range [14, 17].

The response of cermets between 80-90wt% WC (70-85 vol%) reflects the transition in the mechanism of
erosive mass loss. The reduction in matrix phase content leads to a reduction in the binder mean free path
between the carbide grains, the greater constraint increasing both the matrix hardness and strength, at the
expense of cermet toughness [14]. Ball and Paterson [14] attribute the high erosive loss at 90 wt% carbide to
the critical transition where the matrix toughness is at its lowest, while the carbide contiguity is insufficient
for a complete skeletal network to have formed, Figure 7.6.

Increasing Plastic Constraint of Binder

Increasing
Contiguity,
Rigidity and
Strength of
WC Skeleton

Increasing Hardness and Strength of Binder

Erosive Loss

Decreasing Toughness of Binder

Optimu m Co mb ination of Hardness and
Toughness of binder
Erosion
Controlled by
WC Ske leton
0

Erosion
Controlled by
Binder Phase
10

20
30
0
0
Weight Percent Binder Content (% )

40
0

Figure 7.6 Schematic presented by Ball and Paterson [14] of the variation in erosion rate of WC-Co as a
function of Co binder content, correlated with the variation in mechanical properties of the cermet as a
function of composition. This generic result was also exemplified by the results of Pennefather [15, 16].
Reproduced from [14].
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7.3.3 Mechanisms of Erosive Wear of Cermets
The demarcation in erosion response based on the carbide content highlighted above, is broadly reflected in
the mechanism of erosive mass removal which has been characterised across a wide range of compositions
and test conditions, Table A4.1 (Appendix 4).

At low to moderate carbide content, wear by ductile
erosion mechanisms occurs [14]. Cutting, ploughing
and ductile shear [15, 16] generate platelets or mounds
of deformed material, Figure 7.7.

The hard phase

particles disrupt the localised mechanical properties of
the matrix, restricting the formation of ductile
deformation features by limiting the extent of plastic
flow [14, 17]. The high strains generated during crater
formation are accentuated at the matrix-hard phase
Figure 7.7 A 90º (100 grit SiC VP=40m/s) impact
on a WC-30wt%Co composite exhibiting ductile
erosion features. Reproduced from the work of
Pennefather et al [15].

interface, leading to interfacial void formation [17], as
well as peripheral and internal cracking of the hard
particles [17, 19]. Phase separation restricts the load
carrying ability of the hard particles, increasing the

stress on the surrounding matrix [19] and reducing the strain to failure of the composite [17], while surface
zone cracking aids the bulk removal of material during plastic deformation. Multiple impacts on such
features leads to cold work of the plastically deformed matrix phase, as well as crack nucleation and
propagation around the isolated carbide particles, culminating in mass loss by localised fracture and fatigue
mechanisms [14-17, 19].

At higher carbide contents, erosion of the matrix is
more

localised,

with

selective

matrix

removal

occurring by two principle mechanisms [20]. Where
pools of matrix occur they may be preferentially
eroded by very localised ductile erosion mechanisms
[10, 15, 16, 20, 32]. Matrix erosion in this manner
may be accentuated by compression against hard
underlying carbide grains that confine the impact load
Figure 7.8 Erosive impact on a WC-6wt%Co
composite by 500 µm SiO2 (75º impact angle,
6.4m/s in water slurry), illustrating displacement of
the carbide grains resulting in matrix phase
extrusion. Reproduced from Pugsley and Allen
[31].

within the matrix layer.
composites

matrix

In high carbide content

extrusion

is

the

dominant

degradation mechanism. Direct loading on exposed
carbides leads to relative movement between the
carbide grains, extruding the ductile matrix above the

surface where it becomes susceptible to impact, Figure 7.8 [10, 15, 16, 24-26, 31]. Carbide movement and
rotation within the matrix phase leads to inter-phase cracking, reducing the integrity of the surface material
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and increasing the susceptibility to erosion [10, 19, 20, 31]. Preferential binder erosion exposes the carbide
grains above the surface. In extreme cases this can lead to undercutting of the carbide and loss of entire
grains without fracture, due to a lack of structural support [10, 20, 24-26, 31, 33]. Where the grains are
retained, they undergo preferential attack through carbide fracture [9, 10, 12, 13, 15, 16, 31, 32], localised
edge chipping [9, 20, 24-27, 32] and ductile deformation [20, 21].

At carbide contents sufficient for extensive skeletal
formation to occur, mechanisms of mass loss occur
primarily through carbide destruction by brittle erosion
mechanisms, Figure 7.9. Extensive crater formation is
limited, as there is insufficient matrix phase to allow
relative motion of the carbide grains [17]. Depending
on the carbide size, mass loss occurs by chip formation
through widespread carbide fracture. In larger grains,
fracture occurs within the carbide, while at smaller
Figure 7.9 A 90º (100 grit SiC VP=40m/s) impact
on a WC-10wt%Co composite highlighting carbide
degradation through cracking and fracture.
Reproduced from the work of Pennefather et al
[15].

grain sizes, fracture occurs preferentially at the contact
points/bridges between grains, either in a brittle
manner or through fatigue under repeated impact. [10,
12-17, 21, 24-26].

7.3.4 Influence of the Cermet Microstructure on the Variation in Erosion
Response
While the overall hard phase content is the principle factor in determining the nature of the cermet erosion
response, significant variation has also been observed in relation to the size of the hard phase particles, as
well as the composition of the hard phase and binder, which dictate the material hardness, mechanical
properties and the nature of the bonding between the phases. Experimentally the observed trend in erosion
rate as a function of hard phase particle size is mixed. Several works [13] have noted reductions in the
erosion rate with decreasing hard phase particle size under a variety of conditions, Table A4.1 (Appendix 4).
Such behaviour has been attributed to several mechanisms:
i.

Increase in fatigue strength of smaller particles, due to the reduction in defect density with
smaller sizes, and their tendency to deform plastically rather then fracture in a brittle manner [13,
17, 19, 29, 34]

ii.

Increased sensitivity to lateral crack generation in large particles [13, 34]

iii.

Greater edge sensitivity of large particles [27, 33]

iv.

Variation in the mechanism of composite erosion toward a more ductile response [12, 13, 31, 34]

In contrast, the work of Ball and Paterson [14], and Conrad et al in the review by Anand et al [13], both
showed higher erosion rates at lower particle sizes at erodent particle velocities up to 45 m/s. At higher
velocities the particle size influence was noted to become negligible in the work of Conrad [13], while
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cermets with larger sized carbides showed lower erosion resistance in the trials by Ball and Paterson [14].
High velocity trials by Wayne et al [9] (v = 115 m/s, Table A4.1 (Appendix 4)) indicated improved erosion
resistance with decreasing carbide grain size with 6 wt% Co WC-Co alloys, however, the 12 wt% Co alloys
with the same range in grain sizes showed the opposite trend.

Figure 7.10 Variation in the deformation zone of a cermet during erosive impact when the reinforcing
phase is much smaller than the erodent (left), and when the hard phase size is a similar or larger size
relative to the erodent (right). Reproduced from the work of Shin et al [34].

This complex behaviour has been correlated by Anand and Conrad [12, 13] and Shin et al [34] in terms of
the relative size of the impact damage zone to the size of the hard phase particulate, Figure 7.10. SEM
analysis of single impact studies on WC-6Co under the trial conditions of Table A4.1 (Appendix 4) [12],
indicated brittle erosion mechanisms, characterised by localised crushing and cracking of the WC grains and
skeletal network with minimal plastic deformation when <10 carbide particles were involved in the impact
zone, Figure 7.11. Where more than 100 grains were incorporated in the deformation zone, ductile erosion
mechanisms involving plastic deformation of the matrix occurred, Figure 7.11.

Figure 7.11 Variation in impact deformation morphology as a function of the relative carbide-reinforcing
phase size ratio. Ductile erosion deformation features predominate where more than 100 reinforcing phase
grains are incorporated within each impact event (left), while brittle erosion features occur where less than
10 reinforcing phase grains are incorporated with within the impact zone (right). Images reproduced from
Anand and Conrad [12, 13].
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A mixed mechanistic response occurred between these extremes. These mechanistic observations were
reflected in the erosion response as a function of impact conditions. For a fixed carbide size, test parameters
which increased the size of the deformation zone (increased erodent particle size and/or velocity) generated
maximum erosive loss at angles progressively lower than 90º, i.e. transition to a more ductile response. The
same response was observed at fixed test parameters as the carbide size was decreased. For a fixed erodent
size at 90º impact angle, the exponent values of velocity in proportion to the erosion rate increased with
increasing carbide size, indicative of a more brittle response based on indentation fracture models (Refer to
Equation 7.2) [13]. The conclusions of Anand and Conrad [12, 13] have been correlated with the results of
Wayne et al [9] for WC-Co cermets, Beste et al [21] for binder-less WC based cermets and Pugsley et al [31]
in testing WC-Co with ultra fine carbide grains.

The significance of the substrate microhardness on the extent of deformation is related to the nature of the
erodent and how it interacts with the substrate phases. Where the erodent hardness is less than that of the
composite, the erodent is unable to cause plastic flow of the impacted material [10, 26]. If the erodent is
small enough, however, it may generate preferential erosion of the softer binder. While the carbides
themselves do not undergo plastic deformation by such erodents, repeated impact has been postulated to
generate low cycle fatigue of the carbide grains and the skeletal structure. Such impacts may also result in
displacement of the grains relative to each other, resulting in matrix phase extrusion and subsequent loss [2426]. When the erodent hardness exceeds that of the substrate, penetration of the surface occurs. Mass loss
occurs by microcutting or ploughing, fracture and crack propagation within the carbide network [26]. The
depth to which such degradation occurs is dictated by the kinetic energy and the relative hardness of the
erodent and deformed material [14].

Little has been presented on cermet compositions outside the WC-Co system [10, 17, 24-27, 32, 34]. At high
carbide contents, above 80 vol%, Ninham and Levy [17] noted that the TiC-Ni-Mo and WC-Ni cermet
erosion rates corresponded well with the trends in WC-Co response, in spite of the lower WC-Ni bond
strength relative to WC-Co and the variation in mechanical properties between TiC and WC. At such high
volumes of reinforcement, these authors suggest that, under their test conditions, the physical structure and
contiguity of the carbide phase is of greater significance to the composite response than the composition. In
contrast, the results of Hussainova et al [25] on WC-Co and Cr3C2-Ni (80wt% hard phase) indicated
substantially greater rates of erosion in the Cr3C2 based cermet. This was attributed to the low fracture
toughness of Cr3C2 relative to WC (3 MPa.m1/2 and 15 MPa.m1/2 respectively [25]) and the weak bonding
between grains. The latter point has been raised by Pirso et al [10] for Cr3C2-Ni cermets and Levin et al [19],
for Ni-Al composites. The test conditions were similar in most cases, suggesting at least some dependence of
the erosion response on the cermet composition at such high degrees of particle reinforcement under such
conditions, Table A4.1 (Appendix 4).
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7.4 Erosion of Thermal Spray Coatings
7.4.1 Introduction
As discussed in Chapter 2, the complex build up of “splats” of material in thermal spray coatings results in
heterogeneous mechanical properties quite unlike those of bulk specimens. Given the mechanisms of
erosion as a function of the bulk substrate properties previously discussed, variation in the compositional and
structural microstructure of thermal spray coatings is critical in determining their erosion response [35]. In
particular, the largely mechanical interlocking of deposits generates an inherent inter-splat weakness and the
potential for void formation during deposition, potentially forming a crack network within the as-sprayed
material. In addition, the molten or partially molten nature of the particles in-flight can lead to oxidation of
the particles and dissolution of phases in composite powders, accentuating the heterogeneous variation in
mechanical properties and potentially reducing the inter-splat bond strength. The rapid cooling of such
deposited material may result in amorphous phase formation, further complicating the brittle or ductile
response of the material, or in the worst case, resulting in cracking induced by variations in the thermal
expansion of the deposited material upon cooling. The significance of these microstructural characteristics
on the coating erosion performance is influenced by the deposition technique, powder composition and
method of manufacture, and the selection of thermal spray parameters. As such, variations in erosion
response may potentially occur in seemingly identical coatings sprayed with the same powder and the same
deposition technique by different applicators. While hardness values may be expected to take into account
the significance of such features [36], and therefore reflect the relative coating erosion performance,
numerous studies have reported that hardness is a poor indicator of erosive wear performance for thermal
spray coatings [37-42].

7.4.2 Mechanisms of Thermal Spray Coating Erosion
Kingswell et al [35] have proposed three principle mechanisms of erosion of thermal spray coatings based on
plasma sprayed tungsten coatings.


Microchipping and ploughing



Splat fracture



Debonding at splat boundaries

In general, low intersplat adhesive strength leads to removal of entire splats or groups of splats, primarily
associated with fracture and crack propagation along splat boundaries [35-37]. The link up of cracks forms
chips of material that are readily ejected by subsequent impacts in a manner similar to that of bulk brittle
materials, Figure 7.12.
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Erodent
Ejected splat chip

Splat boundaries

Thermal Spray Coating

Figure 7.12 Cross-sectional schematic illustrating the mechanism of gross splat chip formation during
erosive impact as a result of low inter-splat adhesion.

Increased inter-splat adhesion reduces the magnitude of the erosive debris, with fracture becoming more
localised within splats and associated with brittle fracture or fatigue around specific impact sites [35-37].
Mass loss then occurs in the following manner. Cracking or plastic deformation initiates near the splat
boundary, generating small chips of material. Continued erosion leads to crack propagation into the splat
and chipping or plastic deformation of the exposed splat edge which generates continued mass loss [43-50],
Figure 7.13. Alternatively repeated impact may lead to subsurface inter-splat crack propagation via a fatigue
mechanism [51]. Mass loss in this case is generated by the linkup of vertical erosion induced cracking, with
fatigue induced splat boundary cracks. In both mechanisms, localised erosive wear in the body of splats
away from the splat boundary occurs in the same manner as on bulk materials.

(i)

(ii)

(iii)

(iv)

Figure 7.13 Cross-sectional schematic of the splat edge chipping mechanism of erosive mass loss in
thermal spray coatings.
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These fundamental mechanisms form the basis of explanations from the majority of research presented in
thermal spray coating erosion across a range of deposition techniques, coating compositions and erosion
testing parameters, Table A4.2 (Appendix 4). Splat boundary effects are the greatest contributor to erosive
mass loss in the literature [9, 35, 37, 38, 41, 51-57]. While being an inherent weakness in as-sprayed
coatings, it is evident that many mechanisms contribute to preferential fracture in the inter-splat region. The
amount of inter-splat area per volume is largely a function of splat size, the significance of this is dependent
upon spray parameters and test conditions. Wang et al [58-62] have consistently correlated improved
erosion resistance with the absence of cracks and small splat size in comparing the results of HVOF cermet
coatings with arc and flame sprayed Fe based and oxide coatings. Conversely, Hawthorne et al [52]
observed improvement in the erosion resistance of plasma sprayed alumina coatings as the starting powder
size was increased from 5 µm to 18 µm.

Over a similar range of precursor powder sizes,
Westergard et al [53] noted surprisingly little variation
in the erosion of plasma sprayed alumina. In this case
the individual splats were noted to be broken up into
“sub-splats”, Figure 7.14, by cracks generated by the
rapid cooling rates upon impact. The density of these
cracks was found to roughly increase with increasing
powder size, resulting in comparable “sub-splat” size
and possibly explaining the similarity in erosion
performance.

Irons et al [63] observed improved

erosion performance in HVOF sprayed Cr3C2-NiCr
powders with an increase in initial powder size. The
Figure 7.14 Topographical image of an assprayed plasma alumina coating. Note the
formation of internal cracks within the splats
which were noted to impact on the erosion
performance. Reproduced from Westergard et al
[53].

finer powders with significant proportions less than 16
µm, were linked to increased porosity and oxide
content in the coating, degrading their performance.
While a range of spray conditions were trailed in this
work, it appeared that these did not correlate with the

optimum settings for fine powders. A similar conclusion was drawn in the trials of Hawthorne et al [36, 52]
where the coatings sprayed from the finest powder size contained many spherical particles indicating
inadequate heating or low velocity at impact. Both features are functions of the spray parameters used. As
such these results suggest that the powder size itself is not so much the significant variable, but more so
whether the spray conditions used are optimised for the particular powder so as to generate coating
microstructures of high erosion resistance [64].

Oxide stringers incorporated around the periphery of the splats have been highlighted as zones of preferential
crack propagation and erosion [35, 64]. Aresenault et al [41] noted that such phases contributed to poor splat
cohesion, enabling excessive splat debonding in WC-Co coatings. Work by Rabiei et al [65] on HVOF Fe
based alloys using wedge impression tests highlighted the preferential propagation of cracks through the very
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thin inter-splat oxide layers, as did Schwetzke and Kreye [66] in the cavitation testing of a range of HVOF
coatings. On a more macroscopic scale Legoux et al [38] noted accelerated erosive attack in regions of high
localised oxide content.

Porosity is another feature associated with splat boundaries. As well as reducing inter-splat cohesion [11]
such voids have also been noted as crack initiation sites [66]. When exposed to the surface, enhanced
erosive loss occurs through deformation around the unsupported lip of the pore [8, 67].

The significance of these microstructural features on the coating response is dictated by the erosion test
conditions [37, 51, 54, 55]. Under mild test conditions (low velocity, soft erodents), erosion occurs in a
similar manner to bulk samples of the same material, mass loss occurring by microchipping and platelet
formation. Increasing the severity of the test conditions (higher velocity, increased hardness of erodent (e.g.
SiO2 to SiC) and increased erodent particle size) generates greater erosion rates and a transition in the
mechanism of mass loss. The impact events become larger, generating more extensive cracking/fracture and
leading to significant mass loss though inter-splat fracture and delamination mechanisms. The severity of
erosion, however, must be considered in regard to the erosion mechanism. This has been illustrated in the
work of Kingswell et al [35] where 160 µm particles generated significantly greater rates of erosion than
larger 1500 µm particles at velocities >75 m/s. For particles of the same angularity, the authors noted that
the increased contact area of larger particles enables the impact load to be dissipated over a larger area,
reducing the depth of penetration and minimising erosion damage.

7.4.3 Erosion of Carbide Based Thermal Spray Coatings
Effect of Carbide Content
Few studies have systematically investigated the effect of carbide content on the erosion resistance of
thermal spray coatings. Most works have compared only a limited number of commercially available
compositions [11, 36, 45, 68-77]. Some measure of the optimum performance of these coatings occurring at
high carbide content can, however, be implied from the available powder compositions recommended for
erosion resistance, which contain greater than 75% carbide phase.

At very low carbide concentrations, the results of work by Stack et al [75, 77] and Heath [78] on functionally
gradient materials, contrast with those of Ninham and Levy [17] for bulk composite materials. Under
relatively mild conditions, with velocities between 1-5 m/s (Table A4.3 Appendix 4), they observed an initial
reduction in erosion rate with 9 and 19 vol% carbide additions, relative to the matrix phase alone. Increases
to 34 vol% increased the erosion rate to a value comparable to or higher than the matrix alone, depending on
the test conditions.

On the basis of the wear rates, these authors suggested such behaviour was a

combination of the decreasing erodent hardness/coating hardness ratio with increasing WC content and the
increasingly “brittle” nature expected of the cermet at the highest WC content. While the carbide content
was well below the critical 80vol% proposed by Ball [14], Ninham [17] and Pennefather [15, 16], the
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variation is likely to have come about through the use of a self-fluxing alloy as the binder, a material a lot
harder than the alloys used in the previous studies, as well as the mild erosion conditions.

Stein et al [73] attempted to assess the optimum carbide content of FeCrAlY-Cr3C2 HVOF coatings with up
to 95 vol% hard phase under more aggressive conditions. The deposit efficiency of the carbide phase was
extremely low, the 95 vol% carbide based powder generating a coating of only 29 vol% carbide. The
erosion rate followed the trend of Ninham [17], increasing consistently with increasing hard phase content up
to this maximum carbide content.

At higher carbide contents, Wang [45, 68] trailed WC, NbC, TiC and Cr3C2 based HVOF coatings over the
range 0-100% carbide, Table A4.3 (Appendix 4). Under a range of trial conditions at 90º the erosion rate
was noted to generally increase from 0wt% carbide up to approximately 65-75 wt% carbide, Figure 7.15.
Above this concentration significant reductions in erosion rate occurred, the final values relative to the alloy
alone dependent upon the test conditions.

Figure 7.15 Variation in thickness
reduction for Cr3C2-NiCr coatings as a
function of wt% Cr3C2 phase. Both trials
were conducted at 300ºC, with 375g of
erodent feed at a velocity of 30m/s over a
period of 5 hours. 742 µm Quartz
powder was used in trial (a), with 158 µm
Fly Ash the erodent in trial (b).
Reproduced from the work of Wang et al
[68].

Within this set of trials the carbide size of a WC-20CoCr cermet was also investigated. Fine grain sizes lead
to lower erosion rates at both 30º and 90º. In a similar manner Berget and Rogne [79] highlighted the
improved erosion response in moving from 3 µm to 1 µm carbide grain size for WC-CoCr powders. Wang
et al [68] attributed this result to the fine debris generated by cracking and chipping of the small grains.
While the grain sizes were not presented in their work, the improvement in resistance at both impact angles
supports this microstructural effect and discounts a grain size/erodent size effect [12], whereby the
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magnitude of erosion at 30º angle of the finest size would have been expected to be higher than the others.
The similarity in general response to the works of Ball [14] and Pennefather [15, 16], was highlighted by
these authors. The generalised mechanistic response of the high carbide coatings was proposed to occur by a
combination of those features seen for bulk cermets married with the splat edge chipping mechanism of
thermal spray coatings of high inter-splat cohesion [68].

In a similar manner Wlodek [69] noted generally lower erosion rates at higher carbide contents for plasma
sprayed Cr3C2-FeCrAlY coatings tested at 538ºC.

Similarly Walsh and Tabakoff noted improved

performances as the chromium carbide content in D-Gun coatings was increased from 65-85% under very
aggressive conditions at 550ºC. Of interest in this work was that a plasma sprayed coating with 85% Cr3C2,
similar to that of Wlodek [69], generated a markedly poorer result at 90º than the 65% Cr3C2 carbide D-Gun
coating, highlighting the significance of the splat structure and degree of splat bonding on the erosion
performance.

In considering the effect of the composition of the carbide based composite, Hawthorne et al [36] noted a
variation in response in their investigation of a range of WC and Cr3C2 based HVOF coatings using
commercially available compositions ranging from 10-25 % matrix phase, Table A4.3 (Appendix 4). The
WC based coatings showed a marked dependence on the matrix composition. The Co matrix coatings
showed the expected trend of a lower 90º erosion rate for the WC-12%Co compared to the WC-17%Co. All
of the other WC based compositions showed higher erosion rates, even though their carbide contents varied
from 74-90%. The authors suggested the response might have resulted from the relative carbide matrix bond
strength variation between the compositions, noting that the results did not correlate with the microhardness,
cohesive strength or microstructural attributes they assessed. Berget and Rogne [79] reached a similar
conclusion in their work, Table A4.3 (Appendix 4). In contrasting the carbide composition, Hawthorne et al
[36] noted that the Cr3C2 based coating showed much greater erosion rates compared to all the WC coatings,
with a rate almost double that of the WC-Co trials.

Wayne and Sampath [11] analysed the same WC-Co compositions as Hawthorne [36] using APS, VPS and
HVOF deposition techniques as well as pressed/sintered samples, Table A4.3 (Appendix 4). The HVOF and
sintered samples showed improved erosion resistance with increasing WC content, while the plasma sprayed
samples showed the opposite trend. In discussing these results the authors highlighted the higher porosity of
the plasma coatings in addition to the dissolution of the carbide phase into the matrix, which resulted in a
variation in the matrix mean free path and the matrix hardness.

This last point is particularly pertinent to thermally sprayed cermet coatings where carbide degradation
through oxidation and dissolution is widely observed. The extent of such degradation has been highlighted
in the work of Zimmermann and Kreye [80] where the percentage carbon loss in the HVOF spraying of
Cr3C2-NiCr coatings commonly approached 20%, some in excess of 50%. This is purely carbon lost from
the coating and does not account for the extensive amount of carbide likely to be dissolved in the matrix
under these conditions necessary for such extensive carbon loss. In light of this work and that of Stein [73,
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74] discussed previously, there exists the potential for extreme variations in the actual coating carbide
content relative to that of the starting powder. Given the significance of the carbide content on the erosion
response of these coatings, surprisingly little work has been presented in this area.

Aside from reducing the overall carbide content, dissolution of the carbide phase into the matrix impacts
primarily on the erosion response of the binding material. During indentation testing of D-Gun and HVOF
WC-10Co-4Cr coatings Lopez-Cantera and Mellor [81] noted preferential crack propagation along the
interface between the outer dissolution zone and the core of undissolved material. Of significance was that
crack propagation in this region was noted to occur in preference to that along splat boundaries. The limited
fracture toughness of such dissolution zones may also impact more directly on the erosion mechanism. The
reduction in carbide content increases the matrix phase content and thereby the mean free path. As such the
mechanisms of matrix erosion become more influential both in terms of direct erosion as well as the control
of relative carbide grain movement at high carbide contents. The higher hardness of the dissolution phase
relative to the original matrix, brought about by solid solution strengthening, has been proposed to offset the
reduction in carbide content, particularly where attempts have been made to correlate coating microhardness
with erosion rate [11]. However, work on bulk materials has shown that care must be taken in applying the
known behaviour of strength and strengthening mechanisms based on low strain rate, uniaxial testing
conditions to predicted erosion responses.

Sundararajan [82] highlights that in many cases hardening

mechanisms, such as solid solution strengthening, are in fact detrimental to the erosion response. The lack of
such correlation between strength and erosion resistance is postulated to result from the very high strain rates
experienced in erosion, relative to those induced in traditional strength testing [2, 82]. The negative impact
of solid solution strengthening may be envisioned particularly in relation to cermets, in that phase dissolution
would, in most cases, reduce the ductility of the binder [51]. Energy dissipation through plastic deformation
in high binder cermets would be reduced, leading to more extensive cracking and brittle fracture. Similarly,
at high carbide contents the ability of the carbides to move relative to each other through binder phase plastic
deformation would be reduced, resulting in more extensive brittle cracking. While noting the increased
significance of the binder phase erosion, Verdon et al [54] did however note that, conditions leading to
increased dissolution and amorphous zones appeared to generate greater inter-splat cohesion.

Effect of the Starting Powder Morphology
The most significant variables in the starting powder for a given composition are the method of manufacture
and the particle size range. While a significant range of production techniques for cermet powders exists,
previous work essentially differentiates between blended powders (mixtures of carbide powder and matrix
powder, each with their own size distribution, in the desired ratio) and those by agglomeration techniques
(agglomerated/sintered, sintered/crushed, pre-alloyed etc). The latter have a composite mixture of both
phases within each particle and thus a markedly lower carbide particle size relative to the blended powders.
In addition, the coatings produced are more homogeneous, with each splat a composite mixture instead of a
large discrete phase.
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Several characteristics of blended powder based coatings have been found to limit their erosion performance.
The variation in thermal and mechanical properties of the discrete carbide and alloy matrix particles leads to
marked variability in their deposit efficiency as drastically illustrated in the work of Stein [74]. The carbide
particles are less likely to reach the molten or partially-molten state required for deposition and are prone to
bouncing off the substrate, thereby reducing the carbide content relative to the starting powder [48]. In
addition, the oxidation characteristics of the carbide are generally inferior to those of the alloy, leading to
high rates of phase degradation of the carbide [48, 74]. In contrasting blended and agglomerated powders
Wang and Shui [48, 74] noted that, within the range of blended powders, the erosion resistance improved as
the oxide and porosity of the coatings decreased. Overall the blended powders performed poorly relative to
the agglomerated powder based coatings, a trend also observed in the work of Lugscheider et al [83]. In
addition to the degradative influence of the porosity and oxide contents, this was attributed to the more
uniform distribution of finer matrix regions in the agglomerated powder based coating [48]. In spite of such
effects several studies [42, 63] have noted comparable or superior erosion resistance of cermet coatings
deposited from blended powers relative to those based on prealloyed powders.

Irons and co-workers [63] found that the starting powder size played a more critical role across various
powder manufacturing methods. Under their deposition conditions coarser powders (those without the 5-15
µm size fraction) generated more erosion resistant coatings at 90º, a trend correlated with the higher porosity
and oxide contents of the coatings sprayed with the finer particles. Conflicting results were found in the work
of Sue and Tucker [40] on D-Gun sprayed Cr3C2-NiCr coatings of blended powder size fractions of -44 µm
and -20 µm, where the smaller sized particles generated a more erosion resistant coating. The improved
response was related to the smaller pools of exposed matrix phase at 90º and the possibly improved impact
resistance generated by the more homogeneous phase distribution.

While such gross microstructural features dictate the erosion response of blended powder based coatings, the
work of Fukuda and Kumon [84] on Cr3C2-NiCr agglomerated/sintered powders with similar cut sizes
suggests the influence of spray parameters was dominant. D-Gun and HVOF coatings were deposited using
various size fractions of powder, typically a broad range powder of 10-44 µm or 10-53 µm, with additional
cut sizes at the higher and lower end of this range (10-20 µm and 15-30 µm). The D-Gun coating of greatest
erosion resistance was sprayed using the smaller average size powder fraction, while the best HVOF coating
was sprayed with the higher average size powder fraction. In both instances the best coatings had the
greatest hardness and lowest porosity levels. Such results suggest that the powder size on its own is not the
dominant process variable, but is significant in relation to the deposition parameters. Such a conclusion is
supported by the works of [41] where spray parameters were adjusted in attempts to optimise the erosion
response of the coatings. Several general trends were noted from these works:


Coatings of high inter-splat cohesion and high density (low porosity) exhibited high erosion
resistance [41, 66, 85].
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Minimal carbide phase degradation is desired. This point was significant in trials within one
deposition technique rather than in comparing techniques. Vuoristo et al [85] compared the erosion
resistance of plasma, D-Gun™ and HVOF Cr3C2-NiCr coatings. The D-Gun™ coating showed the
lowest retained Cr3C2 content of all the samples, yet was one of the most erosion resistant. The
plasma coatings showed favourable porosity and microhardness results but were consistently the
poorest performing samples. Similar results were reported in the work of Fukuda et al [84, 86].
These results appear not to be composition based and suggest that the splat structure and bonding
generated by the D-Gun™ and HVOF techniques is superior to that generated by plasma in regard to
erosion resistance. Within one coating system the significance of phase degradation appears more
subtle. Legoux et al [87] noted that process conditions that lead to higher particle temperatures
generated more dissolved carbide and poorer erosion performance for HVOF sprayed WC-10Co-4Cr
coatings. Mechanistically this was linked to erosion of the greater regions of softer material formed
by carbide dissolution, a conclusion supported in the work of Verdon on WC-12Co HVOF coatings.
In contrast, work on the same HVOF coatings by Arsenault et al [41] noted the greatest erosion
resistance in two coatings containing the extremes of high and low WC degradation to W2C.
Significant W2C formation implies a high particle temperature and therefore the development of
significant regions of carbide free binder though WC dissolution, an observation that contrasts with
the conclusions of Legoux et al [87] and Verdon et al [54].

Effect of Heat Treatment
Post-spray heat treatment of thermal spray coatings has been commonly found to markedly improve the
erosion response of plasma and D-Gun™ coatings, the effect on HVOF coatings is less definitive [42, 63, 69,
72, 88, 89], Table A4.4 (Appendix 4). Nerz et al [42] noted greater erosive mass loss of HVOF Cr3C2-NiCr
coatings from blended powder after heat treatment, but a negligible effect when the same composition was
sprayed using a sintered and crushed powder. The opposite trend was recorded for a Cr3C2-FeCrAlY coating
using a blended powder, with the heat treated sample markedly out performing the as-sprayed specimen. In
the work of Irons et al [63] on HVOF coatings sprayed from a range of powders with different
manufacturing methods, heat treatment led to a significant reduction in erosion rate at 20º, but resulted in
higher wastage rates at 90º.

Microhardness increases were noted in all the heat treated plasma and D-Gun™ coatings of Table A4.4
(Appendix 4). The response of the HVOF coatings was mixed. Nerz et al [42] observed increases in
microhardness with heat treatment of blended and sintered/crushed powder based coatings, while a slight
reduction in hardness occurred in most of the HVOF coatings trialed by Irons et al [63]. In correlating these
variations in coating properties with erosion resistance no account was taken of the oxide content. This was
generally noted to increase with air heat treatment for the plasma coatings [72] but occurred to a negligible
extent in the HVOF coatings [63].
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Wlodek et al [69] and Nerz [42] both attributed the improved response to phase transformations within the
coating during heat treatment to form Cr7C3 as a result of carbon loss during spraying. They considered this
phase to be harder than Cr3C2 which, when combined with the ultra-fine precipitated grain structure was
proposed to account for the increased coating hardness and greater erosion resistance. No mechanisms were
proposed to account for the variation in HVOF coating response with heat treatment.

7.4.4 Effect of Erosion Test Variables
The response of cermet based thermal spray coatings to variations in the main erosion test variables (particle
size, hardness, velocity and impact angle) broadly match those observed in bulk materials. Under the
majority of trial conditions greater erosion rates were observed at 90º than at lower angles [36, 47, 51, 58, 71,
72, 90-92]. As such these coatings were classed as exhibiting “brittle” type behaviour. Variation in this
response occurred as a function of other test variables, primarily erodent velocity. At very low velocities the
kinetic energy of each particle is insufficient to generate the minimum threshold load for indentation fracture
[46]. Erosive wear occurs by localised plastic deformation and the observed maximum in erosion rate shifts
to lower impact angles. At higher impact velocities the erosion rate as a function of impact angle has been
observed to flatten out, becoming almost independent of this variable [51]. Under such high impact
conditions the erodent particles are able to generate high stress in the coating, resulting in brittle erosion
characteristics, even at low impact angles.

As with bulk samples, higher particle velocities generate greater rates of erosion in these coatings [46, 47,
51, 71]. The relationship between the erosion rate and velocity is typically represented in Equation 7.2:
E α V n [2]

Equation 7.2

where E = Erosion rate
V = Erodent particle velocity
n = exponent

The exponent is typically in the range of 2-4 for ductile materials [49, 93], brittle materials generating values
at the higher end of this range and up to values of 6 [93]. Few studies have characterised the velocity
response of cermet coatings in this manner. Limited works by Wang et al [47, 49] on Cr3C2 based HVOF
coatings over the range 20-80 m/s, generated n values of 3.07 [49] and 3.11 [47] at 30º and 3.32 at 90º [47].
As a basis for comparison, Kingswell et al [35] noted velocity exponents of 3.5-4.6 for plasma sprayed
tungsten coatings at 90º.

Erodent particle characteristics have received significant attention in regard to cermet coatings based on
attempts at simulating fluidised bed and turbine erosion. In general, erodents with higher hardness ratios to
the substrate generate greater erosion wastage [3]. SiC is noted as the most aggressive of the commonly used
erodents, followed by Al2O3 and SiO2. Where mixtures of phases occur in the erodent stream, such as
fluidised beds, it is the concentration of the hard phases, typically Al2O3 and SiO2, that dictates the erosion
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rate [58, 92, 94]. Such behaviour is complicated by the shape of the particles, irregular particles being more
aggressive than rounder erodents, as they are able to concentrate the impact energy on sharp protrusions [3,
60, 95]. Under fixed erosion conditions, the size of the erodent has been found to significantly influence the
observed erosion response of cermet coatings [90, 96]. For particle sizes below 100 µm the erosion rate is
noted to increase with increasing particle size [58, 90, 97]. Above this, the so called “size effect” occurs,
whereby the erosion rate plateaus out or begins to decrease with increasing erodent size [98].

The

significance of this size effect is particularly significant in relation to determining the mechanism of cermet
erosion based on the ratio of erodent/carbide grain size as noted by Anand et al [12].

7.4.5 Mechanisms of Erosion of Cermet Thermal Spray Coatings
Under mild erosion conditions, primarily low velocity, erosion of the cermet coatings has been noted to
occur in a similar manner to bulk cermets. The topographical features at steady state erosion typically show
a mixture of brittle and ductile features. These include craters/indentations [43, 58], lateral extrusion of the
binder phase [51, 87], ploughing and in some cases preferential binder erosion [51, 54], as well as more
brittle features like lateral and radial cracking [43, 48, 61, 62, 81, 87].

As the test conditions become more aggressive, erosion mechanisms based on the physical structure of the
coating begin to dominate. Trans-splat cracking through both matrix and carbide phases [51] occurs, with
preferential propagation along inter-splat boundaries. As highlighted in the indentation trials by LopezCantera et al [81], such internal splat cracking is prone to propagate along the interface between the outer
dissolution zone and the core of the splat. Where only minimal degradation occurs, cracking was noted to
propagate preferentially along carbide-matrix interfaces. Brittle fracture mechanisms dominate as extensive
crack networks develop into the coating. The splat edge erosion mechanism dominates the erosive mass
loss, with large sections of material removed through link up of transverse and longitudinal cracks.
Topographical images under such conditions show that the features of single impact craters occur in a similar
manner as at low velocities, but on a larger scale, with more plastic deformation and cracking [36, 40, 61, 62,
68, 87, 88].
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7.5 Summary
The mechanisms of erosive mass loss are broadly defined as being “ductile” or “brittle”. In ductile erosion
the greatest mass loss occurs at impact angles of 15-30º. Mass loss occurs by repeated impact on platelets of
material displaced by erodent impact to the point where they fracture from the surface, or as chips of material
formed by direct impact. At high impact angles, these mass loss mechanisms become less efficient leading
to lower rates of material wastage.

Brittle erosive mass loss occurs most significantly at high impact angles. Erodent particles impact the
surface with sufficient energy to generate fracture and cracking within the material. Mass loss occurs by
chipping, whereby segments of material formed by the intersection of crack networks are ejected from the
surface.

The erosive wear response of cermets is dependent upon the composite composition, percentage of hard
phase, hard phase particle size, morphology and hardness, as well as test conditions such as erodent particle
size, composition, impact velocity, impact angle and test temperature. Additions of up to 60vol% hard phase
particles increase the erosion rate relative to the unreinforced alloy. The extent of deformation is dictated by
the matrix phase. The increasing hard phase content restricts the ability of the matrix to undergo ductile
deformation and leads to interphase cracking and void formation. Increases above 60vol% increase the
erosion resistance. While deformation is still dictated by the matrix phase until very high hard phase
concentrations, the hard phase particles become more significant in limiting erodent indentation. The
mechanism of cermet erosion is also influenced by the relative size of the erodent particles to the carbide
particles in the cermet. Where less than 10 particles are directly impacted, brittle erosion occurs through
cracking and destruction of the carbide grains.

Where more than 100 grains are incorporated in the

deformation zone, plastic deformation of the matrix phase generates a ductile response.

Thermal spray coatings erode by micro-chipping and ploughing, splat fracture and debonding at splat
boundaries. This response is dictated by the inter-splat adhesive strength. In coatings of low splat cohesion,
erosive impact leads to the removal of entire splats or groups of splats through splat fracture and crack
propagation along splat boundaries. With increased intersplat adhesion erosion damage becomes more
localised. Within splats, mass loss occurs through brittle fracture or fatigue around specific impact sites.
The coating erosion response is also determined by the severity of the erosion conditions. Under mild
impact conditions, erosion occurs in a similar manner to bulk specimens, mass loss occurring by microchipping and platelet formation.

More aggressive impact conditions generate a transition in erosion

mechanisms, with intersplat fracture and delamination becoming more significant.

Cermet thermal spray coatings exhibit the same compositional based erosion characteristics as bulk cermet
specimens, showing increasing erosion rates relative to the matrix phase alone with up to 75% carbide,
beyond which improvements in the erosion resistance occur. Techniques which generate significant in-flight
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degradation of the carbide phase form coatings with poor erosion resistance due to a reduction in the carbide
concentration and embrittlement of the matrix phase through carbide dissolution. The latter restricts the
ability of the matrix to absorb impact energy through plastic deformation, while leading to more expansive
brittle cracking. In regard to starting powder morphology, blended powder based coatings generate poorer
erosion responses compared to prealloyed powders due to their greater susceptibility to in-flight
decarburisation and oxidation, poorer deposit efficiency of the carbide phase and the more heterogeneous
distribution of large pools of each phase. Such differences are most apparent under mild impact conditions
with the response of coatings from both powders tending towards similar values of erosion rate as the impact
conditions become more aggressive.

Heat treatment prior to erosion testing has been reported to improve the erosion resistance in several studies,
although this response is dependent upon the exposure time and erosion conditions.

While phase

transformations from Cr3C2 to Cr7C3 have been attributed to the improved response, no definitive
mechanisms to account for this improvement across the range of literature results have been presented.
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Chapter 8
Erosion of Cr3C2-NiCr
Thermal Spray Coatings

8.1 Introduction
Few studies have assessed the microstructural response of Cr3C2-NiCr thermal spray coatings to erosive
impact, particularly under aggressive turbine conditions. The aim of this section of work was to characterise
the effect of the coating microstructure on the impact response at both ambient and elevated temperature. To
this end, a range of Cr3C2-NiCr microstructures were included in the analysis. The as-sprayed prealloyed
powder based Aerospray HVAF and Microjet HVOF coatings reflect the most up to date wear resistant
coating structures of this phase composition. As is evident from Chapter 4, however, they also reflect the
extremes of in-flight degradation, particularly carbide dissolution, of all the coatings considered from this
powder in this work. In this way the impact response of these samples spans the range of degradation
behaviour expected from coatings of this type sprayed industrially.

Commercially, Cr3C2-NiCr coatings are also deposited from blended powders, typically by plasma spraying.
The carbide microstructure in these coatings is dramatically different to that of the prealloyed powder based
coatings, potentially generating a markedly different erosion response.

This marked variation in

microstructure means that the generalised conclusions based on sintered cermets of regulated morphology
are not directly applicable to these coatings in instances where the erosion impact dimensions are of a similar
size to the microstructural features of the coating. The inclusion of this coating type is also significant given
that much of the initial development work on this coating composition for industrial application was based
on blended powder based coatings, which remain the standard powder morphology in several industrial
specifications [1, 2].

As outlined in Chapter 5, heat treatment lead to extensive microstructural development in the prealloyed
powder based coatings, while also improving the inter-splat bonding of the blended powder based coatings
through sintering and interdiffusion. The treatment of the coatings in this manner was designed to simulate
the compositional and microstructural developments with extended in-service exposure and serve to
highlight how the coating erosion response changes over the exposure period with this variation in
microstructure.
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Building upon the background research presented in Chapter 7, the trials of this work focused on the single
impact response of Cr3C2-NiCr thermal spray coatings under high velocity impact conditions at ambient
temperature. The purpose of this work was to develop an understanding of the erosion mechanisms of these
coatings in order to understand the quantitative variation in erosion rate, rather than just directly comparing
the erosion rates themselves. Conclusions drawn from this analysis are used to discuss the effect of
variations in the coating microstructure and intersplat bonding on the magnitude of the erosion rate. High
temperature erosion testing was carried out at 700ºC and 800ºC under particle velocities of up to 235m/s.
The results of single impact trials are discussed, with the mechanisms of mass loss as a function of phase
degradation, powder morphology and heat treatment contrasted with those observed at ambient temperature.
The effect of the coating variables on the mechanisms of erosive mass loss are particularly pertinent to the
overall aims of this investigation in regard to the erosion-oxidation response of Cr3C2-NiCr thermal spray
coatings under turbine conditions. The erosion response of these coatings at high temperature, under high
velocity impact conditions is critical to determining the mechanisms of erosion-oxidation, particularly in
relation to the response of each phase and the impact of this on the rate of oxidation. The results of this
section, progressing through the ambient temperature, high velocity trials, up through the 700ºC and 800ºC
experiments, form a critical foundation for the understanding and justification of the erosion-oxidation
mechanisms outlined in Chapter 9. The experimental strategy for the chapter is schematically illustrated in
Figure 8.1.
Coating Characterisation
Heat Treatment
900ºC

Oxidation
700-900ºC

• Samples:

Erosion – Ambient and Elevated Temperature
o
o

• Erosion
o
o
o
o
o
• Analysis:

As-Sprayed: Aerospray HVAF, Microjet HVOF, Blended
Powder
Heat Treated: Aerospray HVAF, Microjet HVOF, Blended
Powder
Erodent: Alumina
Impact angle: 90º
Velocity: 150, 200-235m/s
Temperature: Ambient, 700ºC, 800ºC
Trials: Single impact and steady state erosion rate

o Topographical analysis (SEM, BSE)
o Cross-sectional analysis (SEM, BSE)
o Phase analysis (XRD, BSE)
o Erosion rate
• Goal: Determine the variation in erosion mechanism as a function of
carbide dissolution, phase development with heat treatment, powder
morphology and temperature.

Erosion-Oxidation
700-900ºC

Figure 8.1 Overview of the experimental strategy of this chapter.
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8.2 Experimental Procedure
Erosion samples of the prealloyed powder based Aerospray HVAF1, Microjet HVOF and blended
powder based Microjet HVOF coatings were sprayed to a thickness of approximately 400 µm on to grit
blasted 3 mm thick Sandvik 253MA stainless steel substrates to enable ambient and elevated temperature
testing. They were cut into 15 mm x 15 mm samples and ground and polished to a 3 µm finish using the
procedures outlined in Chapter 3. Additional samples were heat treated for 2 days (Aerospray HVAF), 5
days (Microjet HVOF prealloyed and blended powder based coatings) and 30 days prior to grinding and
polishing. During the heat treatment phase significant variation in the adhesion of the different coatings was
noted. In all cases the blended powder based coatings remained adherent to the substrate, whether the
samples were removed from the furnace and air cooled or slow furnace cooled. In contrast, almost all of the
Microjet HVOF samples spalled upon cooling, even when very slow furnace cooling regimes were used.
This was thought to result from a variation in the stress state of the coating as in most cases the samples
cooled down to the point where they were warm to touch before spallation occurred. As a result, all of the
heat treated Microjet HVOF coatings using the prealloyed powder were tested in the coating-only state.
This was accounted for in the quantitative erosion rate testing by limiting the sample exposure such that they
were not eroded to the point where the substrate played a significant role. The response of the Aerospray
HVAF coatings was intermediate between these extremes. The majority of the samples, however, remained
adherent. All of the adherent heat treated samples were ground on their side and bottom substrate faces to
remove the oxide scale that may have chipped off during handling or high temperature erosion testing. The
samples were cleaned with soap and water and dried using ethanol prior to testing.

Prior to erosion testing the samples were initially weighed on a Mettler Toledo AG245 balance to an
accuracy of 0.01mg. Two samples of each coating in the as-sprayed and heat treated conditions were used in
each erosion trial. Erosion trials were conducted in a custom designed and built high temperature erosion rig
(Refer to Appendix 4). The rig is based around a central ceramic nozzle across which a pressure drop is
generated by supplying compressed air to the top of the nozzle. Erodent particles are introduced at the top of
the nozzle and are accelerated within the gas as it expands towards the lower pressure region within the
specimen chamber. Samples are located at the base of the nozzle and can be altered to impact angles of 1590º. Sample temperatures up to 800ºC can be achieved, with erodent impact velocities up to 235m/s.

1

Coating nomenclature in this chapter as defined in Table 4.4 in Chapter 4
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Spent air to
scrubber
Air supply
Recuperator

Primary Furnace
Electrical Heating
Elements

Powder
Feed

Powder Mixing
Unit

Nozzle Furnace

Alumina Nozzle

Specimen Chamber

Specimen on rotating
sample stage
Specimen Shield
Spent Erodent
Catchment

Figure 8.2 Schematic highlighting the primary components of the high temperature erosion rig
As illustrated in Figure 8.2, the rig consists of three primary elements, a recuperator, to preheat the incoming
compressed air stream, a primary furnace unit where most of the heating of the gas occurs, and a nozzle
furnace/specimen chamber unit where the erodent is introduced and the sample eroded. Compressed air, fed
at 5 bar from the laboratory supply and backed up by a portable compressor (Refer to Appendix 4), is fed to
the recuperator where it is preheated by the exhaust gases from the specimen chamber, Figure 8.2. It then
passes through the primary furnace where it is heated to a temperature close to the target temperature
required. After passing through the nozzle furnace it is fed to the mixing chamber at the top of the nozzle.
Here, powder is fed from an auger based powder feeder via a carrier air stream. The hot compressed air and
the erodent stream are mixed and accelerated down the nozzle. This is a 630mm long, 5mm ID alumina
tube. The erodent impacts on the specimen housed within the specimen holder, fixed at a preset impact
angle. The spent erodent collects within the chamber below the sample, some finer particles being carried
through to the recuperator. The hot exhaust gas is passed through the recuperator to heat the incoming air

216

Chapter 8 – Erosion of Cr3C2-NiCr Thermal Spray Coatings

and then fed to a scrubber system. In order to ensure accurate allotments of erodent per sample in each test,
a shielding mechanism was installed to cover the sample during the start up and shut down of the erosion
stream to account for variations in flow prior to steady state being achieved. The samples were placed within
a carrier and inserted into the specimen holder, with the shield in place to cover the samples. The air and
powder feed streams were started and allowed to reach a steady state condition, a period of typically only a
few seconds at ambient temperature, but up to 5 minutes at elevated temperature. The shield was then
rotated to expose the sample to the erodent stream, from which time the exposure period was recorded. At
the conclusion of the trial time the shield was replaced and the flow streams shut down.
Crushed Al2O3 erodent of nominal size 20-25 µm was used in all trials. As illustrated in Figure 8.3, the
erodent particles were very angular and in many cases of asymmetric geometries with lengths well in excess
of the stated size range.

Figure 8.3 Crushed alumina erodent of nominal size 20-25 µm.
Ambient temperature trials were conducted for various times in order to assess the erosion mechanism and
the steady state erosion rate, Table 8.1. A representative specimen from each coating in each as-sprayed and
heat treated state was eroded for 1 second in order to generate individual erodent impacts for analysis.
Further trials on the as-sprayed samples only were conducted for 1 minute under low erodent flow conditions
to assess the initial stages of the coating erosion mechanism. Ambient temperature steady state testing was
carried out in a stepwise manner. The pre-weighed samples were eroded for a period of 3 minutes, the
calculated time for 0.5g of erodent to impact on the sample. The pressure drop across the nozzle was
maintained at 150kPa, which generated theoretical particle velocities at the exit of the nozzle of 150m/s
based on the calculations in Appendix 4 [3]. Following erosion, the samples were cleaned using a stream of
compressed air, to remove any loosely adhered erodent, and reweighed. Repetitive randomised testing in
this manner was conducted until the specimens had been subjected to 3g of erodent. Due to the variation in
coating thickness and erosion rate some of the coatings were eroded through to the substrate in the final stage
of testing. The Microjet HVOF prealloyed powder based coatings in the coating-only conditions were
supported on a 3 mm plate and only tested under 1.5 g of erodent.
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Elevated temperature testing was carried out at 700ºC and 800ºC. The pressure drop across the nozzle was
adjusted to 100kPa at both temperatures, generating theoretical particle velocities of 225-230m/s at 700ºC
and 235-240m/s at 800ºC. The powder feedrate was calibrated at 5g/hr. The specimens were inserted and
shielded for 5 minutes to allow the system to reach equilibrium before being eroded for 5 minutes at 700ºC
or 4 minutes at 800ºC. This exposure period generated a significant erosion wear scar but did not penetrate
through the coating. After the exposure time, the specimens were rapidly removed and cooled in a dessicator
purged with argon. The cooled samples were cleaned with compressed air and weighed. Only one period of
testing was used in the elevated temperature trials. Single impact trials were conducted on representative
samples using the same procedure as above but only exposing the specimens for one second. Topographical
analysis of the eroded specimens was carried out using secondary electron and back scattered electron
scanning electron microscopy (Refer to Chapter 3).

Table 8.1 Summary of the ambient temperature erosion trials.
Sample

Coating State

Aerospray HVAF –
Prealloyed Powder

As-Sprayed

1 second Single
Impact

1 minute Erosion
Trial

Steady State
(up to 3g)

Heat Treated 2 Days

1 second Single
Impact

-

Steady State
(up to 3g)

Heat Treated 30 Days

1 second Single
Impact

-

Steady State
(up to 3g)

As-Sprayed

1 second Single
Impact

-

Steady State
(up to 3g)

Heat Treated 5 Days

1 second Single
Impact

-

Steady State
(up to 1.5g)

Heat Treated 30 Days

1 second Single
Impact

-

Steady State
(up to 1.5g)

As-Sprayed

1 second Single
Impact

1 minute Erosion
Trial

Steady State
(up to 3g)

Heat Treated 5 Days

1 second Single
Impact

-

Steady State
(up to 3g)

Heat Treated 30 Days

1 second Single
Impact

-

Steady State
(up to 3g)

Microjet HVOF Prealloyed Powder

Microjet HVOF –
Blended Powder
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8.3 Influence of Coating Morphology - Ambient Erosion
Mechanisms
8.3.1 Single Impact Erosion Studies – As-Sprayed Coatings
The as-sprayed prealloyed powder based HVAF coating retained a high carbide content, with a
microstructure characterised by a homogeneous distribution of carbide grains. Erosive impact generated
deep indentations, with the peripheral degradation outside the impact zone far more extensive than noted in
the literature for similar materials under milder erosion conditions.

The mechanism of single impact

degradation was dictated by the microstructure, with the physical splat structure of less significance at this
level of erosion. Three regions developed at each impact site, Figure 8.4. These included a localised zone of
material directly impacted (Region 1), an extensive zone of brittle cracking (Region 2) and a surrounding
zone of elastically loaded material (Region 3).

The impact zone was larger than the carbide grain size, incorporating both phases within each impact event.
No evidence of preferential matrix phase attack was observed in this region, unlike the observations of Pirso
[4] for Cr3C2-Ni sintered cermets of similar composition. No direct mass loss occurred by erodent impact in
this region, with the wear scars reflecting indentation alone. Carbide deformation occurred through cutting
by the erodent particles, plastic deformation/indentation and cracking, Figure 8.5. The loading rate appeared
to be so high that carbide grain deformation occurred before the grain could move relative to the surrounding
matrix phase, even though the grains were isolated enough that they could move independently relative to
each other. Impact displacement of the matrix phase was characterised by plastic deformation within the
impact zone. Very few cracks were noted in the walls of the indents either within the matrix phase or at the
matrix-carbide interface. In many cases the peripheral lips of the indent exhibited platelets of displaced
matrix material through extensive compression upon impact. The marked contrast in the response of the
matrix within and outside the impact zone in Figure 8.4 suggests that the formation of such plastic
deformation features was assisted by impact heating. Erosion induced impact heating has been considered
by several authors [5-7] and observed in various works [5, 8], including Ball and Paterson in the high
velocity (VPARTICLE=340m/s) erosion of WC-Co cermets. With up to 90% of the impacting particle energy
being dissipated as heat [9], localised heating is to be expected. The significance of this effect is dictated by
the volume over which the energy is dissipated [7], this being controlled by the substrate thermal
conductivity. While the works of Hutchings [7] and Levy [8] considered metallic materials, Yust et al [6]
noted molten features in alumina and mullite refractories eroded at temperatures up to 470ºC by SiC particles
at 24m/s. These authors highlighted the low thermal conductivities of these materials in forming the
generation of localised elevated temperatures. The thermal conductivities of Cr3C2 (19 W/m.K [10]) and
Ni20Cr (13 W/m.K [11]) are lower than that of Al2O3 (27 W/m.K [10]), which, in addition to the much
greater impact velocity, would favour high localised temperature’s within the impact zone of the composite
in this work. Such localised temperature increases would be expected to alter the mechanical properties of
the substrate phases, leading to softening and potentially melting of the matrix phase, although indicative
features of molten material were not observed in the HVAF coating.
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Brittle interphase cracking along
the carbide-matrix boundary

Region 1

Region 2

Region 3

Mass loss induced by erosion as a result of
brittle cracking combined with the wedging
action of the erodent

Region 2
Region 3

Region 1

Region 3

High
concentration of
retained carbide
grains

Brittle extrusion of matrix
phase segments induced by
relative movement of
carbide grains.

Localised chipping of the
matrix phase resulting from
brittle cracking combined with
displacement of the carbide
grains.

Brittle interphase cracking in
the matrix phase along the
interface with the carbide
grains. Ductile deformation
of the matrix limited in this
region.

Figure 8.4 Representative erosion impact scar on the as-sprayed Aerospray HVAF coating at ambient
temperature, highlighting the general regions of deformation (top), as illustrated in the cross-sectional
schematic (bottom).
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Summary SE (left) and BSE (right) SEM images illustrating
the various modes of carbide degradation in the impact zone

Brittle cracking
Cleavage by erodent

Plastic deformation
without fracture

Region 1 inside the impact zone. While extensive brittle cracking occurred in the
surrounding regions, the directly impacted material exhibited largely plastic deformation
features, with minimal cracking evident in the sides of the indent and the formation of
plastically deformed platelets of matrix phase around the indent periphery.

Brittle interphase cracking within the matrix
phase, along the carbide-matrix boundary.
Intersection of these interphase cracks under
impact loading/wedging action of the erodent
lead to chip formation.

Brittle interphase cracking, combined with
localised movement of the carbide grains under
impact generated brittle extrusion of matrix phase
segments.

Figure 8.5 Summary images highlighting the key microstructural aspects of erosion impact on the assprayed Aerospray HVAF coating at ambient temperature.
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Region 2 was characterised by extensive brittle cracking. No break down of the carbide grains occurred,
with cracking occurring preferentially in the binder phase along the binder-carbide interface. In contrast to
the plastic deformation in Region 1, matrix deformation occurred in a brittle manner in this region. Brittle
flaking and chipping occurred in the highly loaded zone near the impact site, as well as from thin segments
between the carbides that were broken up through relative carbide movement. Such grain displacement also
led to brittle extrusion of matrix phase segments out from the surface. The lack of ductile deformation
features and the incomplete carbide skeleton, meant that the matrix phase itself behaved in a brittle manner
in order to transmit the high impact loads laterally to generate the relative movement of the carbides well
away from the impact zone. This brittle matrix response, while accentuated by the constraint of the carbide
phase particles as discussed in Chapter 4, is thought to result primarily from the high rate of strain at impact.
The variation in mechanical properties of this phase due to the high degree of supersaturation of dissolved
carbide elements and the potentially amorphous crystal structure formed by rapid solidification also
contribute. The effect of these features would be accentuated at the carbide-matrix interface due to the sharp
transition in mechanical properties of the two phases and the fact that, in this coating, the highest
concentration of dissolved carbide elements occurred around the periphery of the carbide grains.

Within this region the carbide grains acted independently of each other and the matrix. Under the high
applied loads near the indent, the carbide grains were pushed up and out by the wedging action of the
erodent, or rotated within the supporting matrix phase. Both actions resulted in almost complete separation
of the carbide grains from the matrix. Brittle interfacial cracking in this manner occurred around all the
carbide grains close to the impact zone. Away from the indentation, cracks propagated along structural
weaknesses such as zones of porosity and splat boundaries.

Localised chip
formation generated
by brittle interphase
cracking combined
with the wedging
action of the
penetrating erodent
particle.

Impact zone

Figure 8.6 Localised chip formation induced by the combined effect of the crack network with the wedging
action of the penetrating erodent.
Indirect mass loss by impact occurred in this zone, the magnitude of which was dictated by the impact
morphology. Impact by large flat or rounded features of the erodent caused localised chipping, cracks and
displacement of the surface layer of material. The greatest damage occurred when the impact load was
concentrated on the sharp point of an erodent particle, leading to penetration depths of several microns. In
addition to the formation of extensive cracking, the high lateral loads and wedging action of the indenting
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particle led to the formation and separation of large chips of composite material, Figure 8.6. Chip formation
was accentuated near splat boundaries through the intersection of through-splat cracks with the subsurface
splat boundaries themselves, Figure 8.7. Such splat based features were rarely observed, however.

Impact zone

Extensive splat boundary
cracking induced by erodent
impact.

Splat edge chipping

Figure 8.7 Topographical image of splat boundary cracking induced by erosive impact.

Beyond the region of brittle cracking the material remained flat, with no evident ductile deformation,
suggesting that the brittle cracking occurred rapidly during the short time of high loading. This outlying
material, Region 3, is likely to be only elastically loaded, the magnitude of this transmitted load and the time
of application insufficient for a brittle response.

The as-sprayed prealloyed powder based Microjet HVOF coating exhibited extensive in-flight carbide
dissolution, leading to erosion being dictated by the matrix phase. The erosion response, based on the low
carbide content (36vol%), did not correlate with the ductile nature expected based on the bulk sintered
components of a comparable composition, as illustrated in Figure 8.8. This result highlights that caution
must be used in applying conclusions based on sintered cermets to thermal spray coatings of the same
composition because, although the powder may contain the same carbide content, this may vary significantly
in the coating due to in-flight degradation and variations in deposit efficiency of each phase. In addition,
deposition parameters resulting in extensive carbide dissolution led to supersaturation of the matrix upon
cooling, drastically altering the thermal and mechanical properties of this phase.

The erosion mechanism of the supersaturated matrix dominated microstructure was similar to that of brittle
materials, with the splat structure playing a far more significant role than noted in the HVAF coating.
Within the impact zone the deformation features were similar to those noted in the HVAF coating, the matrix
phase showing signs of plastic deformation, as well as evident melting in some cases, Figure 8.9. Such
deformation was localised within the indents, with the formation of plastically deformed mounds of platelets
around the indent periphery not commonly observed. The carbides exposed to direct impact responded in the
same manner as in the previous coating. Brittle cracking penetrated out radially and down into the coating
from the impact site through the pools of supersaturated matrix phase. The brittle response of the matrix
phase itself in terms of brittle cracking and fracture was more evident than in the HVAF coating and a direct
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result of the more extensive degree of saturation with dissolved carbide elements. Carbide-matrix interfaces
and oxide stringers also appeared to be preferential zones of crack propagation, Figure 8.8 and Figure 8.9.
Brittle interphase fracture

Low retained
carbide content

Brittle through
splat fracture

Localised plastic
deformation within the
impacted region.

Low splat adhesion, resulting in
preferential crack propagation and
chip formation.

Features indicative of impact
melting of supersaturated
matrix phase.

Localised plastic deformation and brittle
fracturing of the dominant matrix phase
around the impact zone.

Ejection of through-splat chips
generated by intersplat cracking
Localised regions equivalent to Region 1 in
the Aerospray HVAF coating.

Low concentration of
carbide grains incorporated
within a supersaturated
matrix phase

Splat boundary
Low intersplat adhesion, leading to
preferential intersplat crack
propogation.

Brittle cracking of the supersaturated matrix
phase alone, in addition to brittle interphase
fracture

Figure 8.8 Representative erosion impact scar on the as-sprayed Microjet HVOF coating at ambient
temperature, highlighting the general regions of deformation (top), as illustrated in the cross-sectional
schematic (bottom).
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Chip formation was commonly observed to occur through crack propagation along the splat boundaries. This was
accentuated by the presence of through-splat cracking in the as-sprayed coatings, thought to result from quenching
stresses during solidification of molten droplets.

Brittle fracture again
preferentially occured at the
carbide-matrix interface.
Carbide deformation
occurred in a similar manner
to that observed in the
Aerospray coating –
cleavage by the erodent,
brittle fracture and plastic
deformation.

Deformation was largely
dictated by the
supersaturated matrix phase,
evident as plastic
deformation within the
indent region and by brittle
fracture outside of this.

In several instances impact
in matrix dominated regions
generated features indicative
of impact melting.

Figure 8.9 Summary images highlighting the key microstructural aspects of erosion impact on the assprayed Microjet HVOF coating at ambient temperature.
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Localised mass loss was dominated by the interaction of the impact induced crack networks with the splat
structure. Through-splat cracks propagated preferentially along the sub-surface inter-splat boundary leading
to chip formation. Lateral loading by the penetrating erodent, or subsequent impacts, led to fracture of this
separated material and the ejection of large chips, Figure 8.9. This mechanism was accentuated by the
presence of cracks in the as-sprayed splats resulting from quenching stresses upon deposition. While the
significance of these splat based mechanisms is highlighted by the thin nature of the polished surface splats,
the same mechanism of mass loss is expected to occur during steady state erosion around the splat periphery
and once the body of splats has been thinned by conventional erosion mechanisms. This mechanism
highlights the importance of localised inter-splat bonding on the erosion response, even for high velocity
thermal sprayed coatings which are generally noted to exhibit high intersplat adhesion relative to lower
velocity deposition techniques.

In contrast to the prealloyed powder based coatings the blended powder based coatings had a more
heterogeneous microstructure, ranging from pools of single phase material larger than the erodent
indentation size, through to mixed phase regions of thin splats which incorporated multiple splat segments
within the impact zone. Impact on the large carbide splats generated erosion in a brittle manner, with
localised brittle chipping and cracking, which radiated outwards to the splat boundary.

Cracks were

terminated at the splat boundary, but propagated three dimensionally around the splat periphery. Link up of
crack networks with the splat boundary in this manner led to extensive chip formation and ejection, shown in
Figure 8.10 and Figure 8.11.

At the other extreme, the matrix dominated areas exhibited ductile erosion features upon impact, Figure 8.11,
forming ductile mounds and peripheral platelets of extruded and displaced material. Deformation in this
manner was accentuated by an “anvil” mechanism where the matrix phase was compressed against a harder
neighbouring carbide splat, which concentrated the applied load within the more ductile phase and resulted
in extensive plastic deformation or even a brittle response, Figure 8.12. Impact deformation in mixed phase
regions reflected the erosion response of each phase, but was influenced significantly by the splat structure.
The carbide splats were readily cleaved by the erodent in such mixed phase zones, undergoing brittle
fracture, cracking and plastic deformation. The variation in mechanical properties of each phase highlighted
the weak intersplat nature of the coating. Deformed sections of mixed phase material tended to break up
along the splat boundaries, which were also preferential paths of crack propagation away from the impact
zone. The combination of high applied loads and poor intersplat bond strengths led to the displacement, or
in extreme cases the ejection, of entire surface splats without extensive erosion of the material within the
splat. The significance of the splat structure in determining the extent of erosion impact deformation was far
greater than that in the prealloyed powder based coatings.
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Carbide splat

Erodent impact
zone

Matrix splat

Figure 8.10 Cross-sectional
schematic illustrating the propagation
of erosive impact induced cracking
around the carbide splat boundary.

Expansive carbide cracking through the
splat itself as well as propagating around
the carbide-matrix interface

Splat edge
chipping.
Low intersplat
adhesion.

Carbide deformation occurred through brittle fracture
and cracking, as well as plastic deformation.
In mixed phase regions the carbide splats were readily
cleaved by erodent impact.

Matrix dominated regions exhibited ductile deformation
upon impact, forming mounds and plastically deformed
features without brittle fracture.

Figure 8.11 Representative images of erosion impact deformation on the as-sprayed blended powder based
HVOF coating at ambient temperature.
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Outlying carbide phase
blocking matrix phase
deformation

Impact load applied by
erodent

Outlying carbide phase
blocking matrix phase
deformation

Figure 8.12 Representative images of the “anvil” mechanism of accentuated matrix phase chip formation.

8.3.2 Single Impact Erosion Studies – Heat Treated Coatings
With heat treatment both the prealloyed powder based HVAF and Microjet HVOF coatings tended towards
the same distribution of composition and microstructure, resulting in a significant shift in erosion response to
become increasingly ductile. Region 2 in Figure 8.4 became smaller as deformation outside the impact zone
became increasingly limited, Figure 8.13, with the impact zone characterised by a central indentation with
limited peripheral damage.

Region 1
Region 2
Tended towards
Region 1 as the
carbide structure
developed.

Region 3
Negligible
damage outside
the zone directly
impacted.

Oxide stringers

Figure 8.13 Variation in the erosive impact deformation after heat treatment of the Microjet HVOF coating
Within the indentation the matrix phase response mirrored that of the as-sprayed coatings, undergoing
extensive plastic deformation with limited ductility. The localised response is thought to reflect the very
high rate of applied impact load, beyond that which could be accommodated through ductile deformation.
Outside the impact zone the effect of heat treatment induced recrystalisation of the alloy and reduction in
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supersaturation were more evident in the dramatic increase in the matrix phase ductility. Ductile extrusion of
this phase was commonly observed, as were mixed phase mounds and platelets around the indent periphery
which formed as a result of ductile matrix deformation. The increasing ability of the matrix to deform in this
manner with heat treatment enabled the erodent impact energy to be dissipated through ductile plastic
deformation, preventing extensive crack propagation away from the impact zone, Figure 8.14.

The increased ductility of the matrix phase with heat treatment was reflected with the formation of ductile mounds
of deformation upon impact, even in mixed phase zones. No brittle fracture of the matrix phase itself, or brittle
interphase fracture in the manner observed in the as-sprayed coatings, was observed.

Matrix phase deformation
in the impacted zone
exhibited minimal ductility,
undergoing interphase
cracking at the matrixcarbide interface, brittle
extrusion and extensive
plastic deformation.

Outside the immediate impact
zone the matrix phase tended
towards ductile deformation
under loading, characterised
as ductile extrusion between
carbides and the formation of
ductile mounds.
Minimal carbide-matrix
cracking was observed outside
the immediate impact zone,
the matrix tending to deform
over the carbide grains in a
ductile manner.

Figure 8.14 Representative images of erosion impact deformation on the heat treated Aerospray HVAF and
Microjet HVOF coatings at ambient temperature illustrating the improvement in matrix ductility and
carbide-matrix adhesion.
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In a similar manner, this mechanism led to toughening of the carbide-matrix interface, which was no longer a
preferential zone for crack propagation. Cracking of the carbide grains was blunted at this interface,
preventing both peripheral crack propagation around the carbide grain, as well as out into the matrix. After
30 days of heat treatment, phase separation under impact was only noted under high load conditions where
the carbide phase restricted the ability of the matrix to deform, generating high interfacial stresses and
subsequent interphase separation in the manner described by Ninham and Levy [8, 12].

The increase in the carbide concentration, average grain size and contiguity with heat treatment led to
increasing constraint of matrix phase deformation. Initially this occurred in the form of binder phase
strengthening through extensive carbide nucleation and growth within the supersaturated matrix phase. With
extended exposure the three dimensional carbide skeleton began to form and further restricted the ability of
the matrix to deform. In spite of such developments, gross impact deformation remained dictated by the
matrix phase throughout this carbide development, this response correlating with the hypothesis of Ball and
Paterson [13] for erosion of cermets of this concentration.

The development of the carbide phase led to more carbide features being incorporated within the
deformation zone of each impact. The carbide agglomerates were readily cleaved/cut by the harder erodent,
undergoing fracture and extensive degrees of plastic deformation, Figure 8.15. This was surprising given
that plastic deformation of WC in cermets based on this phase was rarely noted, in spite of the greater
fracture toughness of this phase relative to Cr3C2 [14]. Dissipation of the impact load through plastic
deformation aided in preventing brittle fracture and cracking from propagating throughout the carbide phase,
increasing their mechanical integrity over greater periods of time.

Where cracks were generated by

extensive deformation, they were often blunted within the carbide phase itself.

More broadly, the

development of the extensive carbide skeletal structure restricted the ability of the grains to move relative to
each other, thereby increasing the extent of carbide deformation during impact and the resistance to
penetration. This penetration resistance was accentuated by the ability of the carbide skeletal network to
dissipate the impact load over a large volume, reducing the localised load on the composite and the extent of
cracking away from the impact site.

The oxide phase concentration increased with heat treatment in air. This phase, incorporated within zones of
porosity or as intersplat stringers, exhibited poor erosion resistance, undergoing extensive fracture and
crumbling upon erodent impact and penetration, Figure 8.16.
preferential zones for crack propagation away from the impact zone.

230

Such features were also noted to be

Chapter 8 – Erosion of Cr3C2-NiCr Thermal Spray Coatings

Erodent impact readily
cleaved through the carbide
structure. While brittle
cracking was observed, the
general response did not
reflect the brittle erosion
characteristics highlighted
in the literature.

Under impact the carbide
phase showed significant
toughness when
undergoing severe
plastic deformation.

Figure 8.15 Representative images of erosion impact deformation on the heat-treated Microjet HVOF
coating at ambient temperature highlighting the mechanisms of carbide impact degradation

Oxide pockets
tended to exhibit a
friable response to
erosive impact.

Figure 8.16 Impact on an oxide pocket, highlighting the friable response of this phase to erosive impact.
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Structurally, heat treatment led to sintering of the splats, increasing the inter-splat bond strength such that
inter-splat cracking and splat edge chipping was rarely observed at this localised level.

Heat treatment had a negligible effect on the microstructural impact of the blended powder based coatings,
with the subtle effect of the limited carbide phase development overshadowed by the heterogeneous nature of
the overall coating microstructure. The primary effect of heat treatment was the improved intersplat bond
strength through sintering, the splat boundaries no longer zones of relative splat movement or preferential
crack propagation, Figure 8.17.

As a result erosion deformation was dictated more by the coating

microstructure, with interphase cracking only occurring under high load conditions where the variation in
mechanical properties generated high interfacial stresses, resulting in fracture.

Figure 8.17 Representative images of ambient temperature erosive impact on the heat treated blended
powder based HVOF coating.
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8.3.3 Steady State Erosion Mass Loss – As-Sprayed Coatings
The steady state eroded surface of the prealloyed powder based HVAF coating exhibited the complex chaotic
morphology typically presented in the literature, Figure 8.18.

Figure 8.18 Images of the steady state eroded surface of the as-sprayed Aerospray HVAF coating at
ambient temperature.
Microstructurally, erosive mass loss occurred through interaction of the deformation features highlighted in
the single impact analysis. Impact zones showed signs of significant plastic deformation, particularly in the
matrix phase, with the carbide grains readily cleaved. Outside these features, brittle interphase cracking was
evident, the combined effect of multiple impacts generating extensive interphase crack networks in the
regions between indentations, Figure 8.18. Localised mass loss occurred through fracture of the plastically
deformed material around the indent peripheries, as well as through the ejection of chips of material formed
by the linkup of the crack networks surrounding each impact site. Gross mass loss an order of magnitude
greater than these mechanisms occurred through extensive chip formation generated by fracture of interindent regions of material laterally displaced by multiple erodent impacts in an apparent low cycle fatigue
mechanism, Figure 8.19 and Figure 8.20. In this process an initial erodent impact indents several microns
into the surface, generating a homogeneous plastically deformed indentation zone surrounded by an
extensive brittle interphase crack network, Figure 8.20. When a nearby erodent impact occurs, the localised
damage mechanisms occur in the same manner, however, the material between the two indents is no longer
well supported and is susceptible to being displaced laterally towards the initial indentation. This region of
material is expected to be less tough than the undeformed surrounding material, due to the extensive cold
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work and brittle interphase cracking induced by the multiple impacts. The combination of these factors
makes this inter-indent material prone to fracture and ejection from the surface. Such chips of material are of
similar size to the depth of penetration, on the order of several microns, generating mass loss on a much
greater scale than localised chipping or flake formation mechanisms proposed for the erosion of cermets
under milder erosion conditions in the literature. Such a mechanism has not been widely addressed in
previous published works, possibly because of the few trials that have considered such high velocity impacts
from a microstructural viewpoint.

Erodent
segment
retained in
coating.

Chip formation

Figure 8.19 Representative images of gross chip formation generated in the region between neighbouring
splats as a result of the large depth of erodent penetration.
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Topographical
View

Impact 1 generates an initial
indent with deformation
homogeneous around the
indent periphery.

A second high angle
impact occurs near
the initial indent.

Crosssectional
View

(i)

(ii)

The erodent penetrates down into the coating, displacing a
section of material laterally into the initial indentation.
Localised
fracture and/or
extensive plastic
deformation
generated by
material
displacement.

Further impact on the
highly strained displaced
material generates greater
deformation and
potentially fracture.

(iii)

(iv)
Rough fracture
surface

Ejection of chip of substrate material by
erodent impact. The dimensions of such
chips are similar to the depth of
penetration and significantly greater than
those generated by localised edge
chipping or platelet mechanisms.

Fracture of the displaced section of
material, generated through
connection of brittle cracks or fracture
of highly strained material in a low
cycle fatigue based mechanism.

(v)
Figure 8.20 Schematic representation of gross chip formation in the region between neighbouring indents,
resulting from the large depth of erodent penetration.
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On a larger scale the steady state eroded surface topography exhibited features thought to indicate erosive
mass loss by splat structure based mechanisms, Figure 8.21. Comparison of the eroded surface topography
with the BSE image of the polished as-sprayed surface in Figure 8.21b, shows that the “rolling hill” features
are too large to be accounted for by compositional variation, but appear to be of a similar magnitude to the
features of the unpolished as-sprayed surface.

(a)

(a)

(b)

(b)

(c)

(c)

Figure 8.21 Topographical images of the steady
state eroded surface (a), BSE polished surface (b),
and the as-sprayed coating surface topography (c)
of the Aerospray HVAF coating.

Figure 8.22 Topographical images of the steady
state eroded surface (a), BSE polished surface (b),
and the as-sprayed coating surface topography (c) of
the Microjet HVOF coating.

The significance of those splat structure based erosion mechanisms appears to be supported by the results of
the 1 minute trials, Figure 8.23. The fracture features illustrated resemble those expected to form by the splat
edge chipping mechanisms proposed by Wang et al [15-21]. In this manner splat thinning may occur by the
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localised mechanisms highlighted above, until eventually more substantial sections of the splat are ejected
around the ever decreasing eroded splat periphery. Further work is required to fully characterise this
mechanism through quantitative profilimetry of the as-sprayed and eroded surface to compare the magnitude
and periodicity of the surface features in order to make the significance of the splat structure more definitive,
as well as trials to gain a greater understanding of the splat-splat bonding mechanism in HVAF coatings.
The proposed significance of the splat structure in determining the magnitude of erosive mass loss does,
however, correlate with previous literature works that pointed to the increasing significance of the splat
structure under such aggressive erosion conditions.

Fracture edges
exposed by splat edge
chipping

Figure 8.23 Localised mass loss by splat edge chipping in the as-sprayed Aerospray HVAF coating.
The steady state eroded surface of the prealloyed powder based Microjet HVOF coating broadly resembled
that of the HVAF coating, again reflecting the localised mechanism of erosion highlighted in the single
impact studies, Figure 8.9. Impact generated extensive localised plastic deformation, mass loss occurring
through fracture of such plastically deformed features, as well as extensive brittle fracture which was more
prominent than in the HVAF coating. Gross chip formation occurred in a similar manner as outlined for the
HVAF coating, with the more brittle nature of the supersaturated matrix phase in these samples suggesting
that the erosion mechanism occured more efficiently. The coating splat structure played a far greater role
than was evident in the HVAF coating, as highlighted by the large smooth patches of splat surfaces exposed
by the ejection of splat chips formed through the intersection of the brittle intra-splat crack networks with the
splat structure, Figure 8.24. On a larger scale the steady state eroded surface of this coating resembled that
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of the HVAF coating, Figure 8.22, illustrating the same features proposed to be indicative of the splat
structure playing a significant role in dictating the extent of mass loss.

Smooth splat surfaces

Localised brittle fracture and
limited plastic deformation
relative to the Aerospray
HVAF coating.

Brittle cracking and
fracture surfaces

Figure 8.24 Images of the steady state eroded surface of the as-sprayed Microjet HVOF coating at ambient
temperature.
The chaotic morphology of the steady state eroded surface of the blended powder based coating reflected the
broad spectrum of erosion responses highlighted in the single impact trials, Figure 8.25. Matrix pockets
exhibited extensive ductile deformation, forming platelets of displaced material that were susceptible to
fracture under repeated impact. Carbide regions underwent brittle cracking and fracture, forming localised
chips of material. Fracture surfaces between indentations indicated that chip formation by gross material
displacement according to the mechanism outlined in Figure 8.20 also occurred in this coating. Gross mass
loss was influenced significantly by the splat structure as highlighted by the exposed smooth splat surfaces
in Figure 8.24, as well as in the 1 minute erosion images of Figure 8.26. In this case chip formation and
ejection was accentuated by the presence of cracks within the as-sprayed coating induced by rapid quenching
upon impact, Figure 8.27. Analysis of images taken on a larger sale of the eroded surface showed a similar
rolling hill topography as was formed in the prealloyed powder based coatings, Figure 8.28. In this instance
the topographical features were of a similar size to some of the pools of matrix phase in the BSE image,
potentially indicating preferential erosion of such areas. There is also some suggestion of correlation of the
size of the topographical features in the eroded and unpolished as-sprayed coating images, although the
significance of this relationship requires a more quantified assessment.
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Smooth splat surfaces

Plastic deformation
and the formation
of platelet features

Brittle cracking and
fracture surfaces

Figure 8.25 Images of the steady state eroded surface of the as-sprayed blended powder based HVOF
coating at ambient temperature.

Figure 8.26 Localised mass loss by gross splat chipping in the as-sprayed blended powder based HVOF
coating.
Figure 8.27 High magnification image of the assprayed surface topography of the blended powder
based HVOF coating.

Cracking within the
as-sprayed splats of the
blended powder based
coating.
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(a)

(b)

(c)

Figure 8.28 Topographical images of the steady state eroded surface (a), BSE polished surface (b), and the
as-sprayed coating surface topography (c) of the blended powder based HVOF coating.

8.3.4 Steady State Erosion Mass Loss – 30 Day Heat Treated Coatings.
The greater ductility of the prealloyed powder based HVAF and Microjet HVOF coatings with heat
treatment led to a transition away from mass loss mechanisms generated by the linkup of extensive brittle
crack networks, towards more localised formation of plastic deformation features. In addition to the gross
chip mechanism of mass loss highlighted in the as-sprayed coatings, significant flake formation features of a
similar size developed with single impacts in the heat treated coatings. Figure 8.29 outlines the proposed
mechanism of flake formation. During high angle impact, the high rate of loading initially generates
cracking within the top layer of material. As the erodent penetrates further the wedging action generates
high lateral loads within the material. This results in high interphase stress and crack formation and/or
extensive plastic deformation of the matrix phase within a significant body of material to the side of the
indent. The affected material is displaced up and out of the surface, forming the observed “flake”. The
material displaced in this way is susceptible to separation in a similar manner as that discussed in the bulk
chipping mechanism.

The flat nature of the surface of such features suggests that minimal plastic

deformation of the material within the flake occurred during formation, indicating a brittle response of the
matrix or at the carbide-matrix interface. The size of the flakes appeared to be related to the magnitude of
the carbide agglomerates, many of these features containing substantial segments of this phase. As noted in
Chapter 7, at this cermet composition the carbide concentration is insufficient to dictate the erosion response.
As a result, images such as those in Figure 8.29 suggest erodent penetration forces a carbide agglomerate
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laterally against those in the surrounding structure, generating high interfacial stress and fracture along the
carbide-matrix interface between the carbide phases and resulting in flake formation as described above.

High angle
impacting
erodent

High loading rate of initial impact
generates brittle cracking within
the surface region. Penetration of
the erodent forced such deformed
material laterally out of the
surface.

As the erodent continues to penetrate into the
surface it laterally loads material beneath the
surface, displacing it sideways out of the
indent either through brittle cracking or severe
plastic deformation.

Brittle cracking

(i)

(ii)

The laterally loaded material is forced
up and out of the indent, forming a
“flake” of material that protrudes out
from the edge of the indent. Such
features are prone to removal by
subsequent impacts due to the highly
strained or fractured nature of the
material maintaining adhesion to the
substrate.

Severe plastic deformation of the matrix
phase or brittle interphase cracking
required to generate chip formation. The
flat top of the “flake” suggests that the
material in the flake itself does not
undergo extensive plastic deformation.

(iii)
The composition of the flake periphery
suggests sub-surface interphase fracture
during flake formation.

The flat surface of the flake, rather than the formation of a
rounded ductile mound, suggests brittle fracture of material
below the surface

Figure 8.29 Schematic of the mechanism of “flake” formation during particle impact (top) as observed in
the heat-treated prealloyed powder based coatings (Microjet HVOF – left, Aerospray HVAF – right).
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Figure 8.30 Images of the steady state eroded surface of the heat treated Aerospray HVAF coating at
ambient temperature.

Figure 8.31 Images of the steady state eroded surface of the heat treated Microjet HVOF coating at
ambient temperature.
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The improved coating ductility with heat treatment was reflected in the steady state eroded surfaces of these
coatings, which showed limited brittle cracking and greater degrees of plastic deformation, Figure 8.31. The
influence of heat treatment was particularly marked in the Microjet HVOF coating where the characteristic
brittle cracking and fracture features of the as-sprayed specimen were no longer observed. In addition, there
was no longer any indication in the high magnification images of preferential splat boundary cracking, as a
direct result of intersplat sintering during heat treatment. Qualitatively the low magnification images of the
steady state eroded surfaces appeared flatter than in the as-sprayed coating samples. However, further work
is required to quantify this variation.

The steady state eroded surface of the heat treated blended powder based coating closely resembled that in
the as-sprayed condition, Figure 8.32. As highlighted in the single impact analysis the subtle features of
carbide development were overshadowed by the heterogeneous phase distribution and the extensive range of
resulting erosion responses. The most significant effect of heat treatment was the improved intersplat bond
strength, with the smooth splat surfaces indicative of intersplat fracture no longer observed. Hence, heat
treatment generated a transition in the erosion response away from that dictated largely by the coating splat
structure, towards a microstructural dominated response. As a result, the erosion response of this coating
tended more to that exhibited by the prealloyed powder based coatings, with gross mass loss occurring
through bulk chipping mechanisms in the manner outlined in Figure 8.20.

Figure 8.32 Images of the steady state eroded surface of the heat treated blended powder based HVOF
coating at ambient temperature.
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8.3.5 Erosion Rate Analysis
In the as-sprayed condition, the erosion mass loss was dependent on the starting powder, with the blended
powder based coating consistently less resistant than those from the agglomerated and sintered powder,
Figure 8.33. Deposition technique had a minimal influence on the response of the agglomerated and sintered
powder based coatings, with comparable results generated by both the HVAF and HVOF coatings in spite of
the marked differences in microstructure. All of the coatings showed the greatest mass loss during the initial
increment of testing. Beyond this, all showed a gradual reduction, although the trends were scattered over
the latter samples, possibly as a result of thinning of the coating near the underlying substrate and shielding
of the surface resulting from the depth of the erosion scar with extended exposure.
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Figure 8.33 Incremental mass loss results of the as-sprayed Aerospray HVAF, Microjet HVOF and blended
powder based HVOF coatings at ambient temperature.
The erosion resistance of all the coatings improved significantly with heat treatment, Figure 8.34 -Figure
8.36, the data showing consistent results with less scatter than in the as-sprayed condition. Heat treatment
time did not influence the results, in spite of the marked changes in microstructure. Similarly, deposition
technique did not significantly influence the response of the agglomerated and sintered powder based
coatings. (The HVOF coating trials were shortened due to the thin coating thickness, Figure 8.34). As with
the as-sprayed trials, coatings produced from the agglomerated/sintered powder were more erosion resistant
than those from the blended powder.
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Figure 8.34 Incremental mass loss results of the as-sprayed and heat treated Aerospray HVAF and
Microjet HVOF coatings at ambient temperature.
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Figure 8.35 Incremental mass loss results of the as-sprayed and heat treated blended powder based HVOF
coatings at ambient temperature.
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Figure 8.36 Incremental mass loss results of the as-sprayed and heat treated Aerospray HVAF and blended
powder based HVOF coatings at ambient temperature.
From the SEM analysis of the eroded surfaces it is evident that the general erosion response presented in
Figure 8.33-Figure 8.36 reflects the combined influence of the microstructure and splat structure. Of these,
the splat structure had the most dominant effect on the as-sprayed coating response in all cases, based on:


The similar erosion rate of the HVAF and Microjet HVOF prealloyed powder based coatings, in
spite of the marked variation in carbide content, carbide morphology and distribution, and extent of
carbide dissolution.



The significant improvement in erosion resistance with heat treatment.

This was particularly

highlighted in regard to the blended powder based coating where minimal carbide development
occurred with heat treatment, the increased erosion resistance implying a significant increase in
inter-splat adhesion.

These results correlate with those in the literature which observed an increasing dominance of the inter-splat
adhesion on dictating the generalised erosion mass loss of thermal spray coatings under aggressive high
velocity impact conditions.

Given the fixed compositional based microstructure of each coating, this

dependence was further reflected in the reduction in erosion rate from the first data point which incorporated
the initial “induction period” of the coating response [8, 9, 22]. In bulk materials the induction period shows
the opposite trend, being of a lower magnitude than the steady state value. In such materials this reflects the
initial development of surface features that are a prerequisite to subsequent mass loss – indentation and
platelet formation in ductile materials and the formation of a surface crack network in brittle material [8, 9].
The opposite trend is observed in as-sprayed thermal spray coatings [23]. High initial incremental erosion
rates occur as the erodent readily removes susceptible surface protrusions, reducing the surface roughness to
a steady state where erosion of the bulk coating begins. A similar mechanism is thought to apply in this
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work, but in the opposite sense. Grinding and polishing of the surface cuts through the top layer of splats,
leaving only thin splat sections remaining. Such features are readily removed under impact, generating the
high initial mass loss. The induction period under such conditions reflects the time over which such features
are removed and steady state erosion of the underlying splats begins. The reduction in the initial erosion rate
was greatest in the HVOF and the mechanical blend coatings, reflecting the stronger influence of the
structure and bonding in these coatings.

Within the as-sprayed results, the blended powder based coatings generated a consistently greater erosion
rate than the prealloyed powder based coatings.

While an extensive variation in carbide based

microstructure exists between the two coating systems, the variation in erosion rate is thought to be primarily
a function of splat bonding based on the much greater parity of results between these systems following heat
treatment. Hence, these results suggest a greater magnitude of inter-splat adhesive strength in the prealloyed
powder based coatings. To some extent this inherent weakness in the blended powder based coating was
accentuated by the single phase nature of the splats, not so much in how they eroded as separate entities, but
more so in how the variation in mechanical properties of each phase essentially worked against each other in
relation to the variation in ductile plastic deformation and brittle cracking based mechanisms. Given the thin
nature of the splats such variations in erosion response generated greater loading on the splat boundaries or
favoured the formation of crack propagation along such routes, further accentuating the splat bonding
dependence relative to the prealloyed powder based coatings.

While the superior performance of the prealloyed powder based coatings correlates with several of the works
discussed previously, a number of trials reported in the literature noted no variation in response on the basis
of the starting powder morphology. The marked variation in coating response as a function of the starting
powder morphology in this work was a function of the very high impact velocity of the erodent that was
significantly higher than any of the trials examining the function of powder morphology presented in the
previous chapter. The high velocity, in combination with the small, angular, hard erodent resulted in
significant penetration into the surface in both the matrix and carbide phases. As previously discussed, this
resulted in gross chip formation by physical material displacement of a magnitude significantly greater than
that generated from surface based platelet and brittle cracking erosion mechanisms, which would be expected
to occur in the lower velocity works reported. The severity of indentation is also thought to account for the
negligible variation between the HVAF and Microjet HVOF coatings from the prealloyed powder, in spite of
the marked variation in carbide concentration and morphology which were so significant in the single impact
trials. Previous literature works pointed to the improved erosion response with higher carbide content and
reduced carbide dissolution, factors which should have resulted in the HVAF coating being superior to that
of the Microjet HVOF coating. The similarity in response, in spite of such microstructural variation, results
from the fact that the high energy angular particles were able to penetrate both the matrix and carbide phases,
reducing the significance of the carbide phase that typically accounts for the greater erosion resistance under
milder conditions. A contributing factor was also the brittle response of the matrix phase and in particular
the brittle interphase cracking that occurred in the HVAF coating. Part of the erosion resistance of high
carbide content cermet coatings is attributed to the toughness of the matrix phase in enabling relative carbide
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displacement and cermet plastic deformation without fracture. This beneficial matrix response did not occur
in the as-sprayed HVAF coating under these conditions. Such conclusions reinforce the point that, without
prior testing, few of the conclusions related to erosion resistance based on bulk sintered cermets can be
applied to as-sprayed thermal spray coatings.

The significance of splat adhesion across coatings from different powder types and deposition techniques in
this work supports the conclusions drawn from the literature; splat size on its own is not the key issue, splat
bonding is more important. In fact, the conclusion suggesting improved erosion response with smaller splat
size runs counter to the erosion mechanism of edge chipping, where finer powder sizes generate a greater
density of splat peripheries per volume and, therefore, greater volumes of material susceptible to erosive
mass loss. In all the studies considered, conclusions drawn in relation to the splat size effect are, through the
interrelationship with splat adhesion, thought to reflect the significance of the deposition parameters. Under
a specific set of spray parameters only a fine range of powder cut sizes will reach the optimum parameters of
temperature and velocity to generate high inter-splat adhesion. Any variation in spray parameter settings
will therefore shift the powder size range over which the greatest splat adhesion occurs. It is possible that, in
utilising spray conditions with low thermal input per particle to minimise phase degradation, only the
smallest powder particles reached a sufficient temperature to generate high splat adhesive strengths. While
this conclusion would need to be quantified with detailed analysis of the particle temperature and velocities
in-flight, it does serve to highlight the critical relationship of the erosion response on the initial coating
deposition parameters.

The significance of post spray heat treatment on the erosion performance of Cr3C2 based cermet thermal
spray coatings reported in the literature is mixed. Variation has been noted as a function of coating
composition [24], powder type [25], deposition technique [24-27] and treatment time [25-28].
Mechanistically, Wlodek [28] and Nerz [24] attributed the improvement in response of heat treated Cr3C2
based cermets to Cr7C3 precipitation, with the proposed higher hardness of Cr7C3 accounting for the increase
in coating hardness and greater erosion resistance. In contrast Irons et al [25] noted improved low angle
erosion resistance with a reduction in coating microhardness, although the 90º results were poorer with such
coatings. No compositional analysis of the heat treated coatings was conducted to compare this mechanism
with that of Wlodek [28] and Nerz [24].

In contrast, the results of this work suggest that, under the aggressive conditions used, the primary influence
of heat treatment was to generate greater inter-splat adhesion. In all instances heat treatment led to an
improvement in erosion resistance. It is notable, however, that in all cases the period of heat treatment did
not discernibly influence the single impact response, in spite of the extreme variations in microstructural
development that occurred within the prealloyed powder based coatings. This implies that heat treatment
had a greater impact on the physical coating structure. This was supported by the marked reduction in the
magnitude of erosive mass loss of the blended powder based coating to a level comparable with that of the
prealloyed powder based coatings, in spite of the negligible degree of carbide microstructural development.
Similarly, the SEM analysis of the steady state eroded surfaces following heat treatment did not show the
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characteristic smooth splat surfaces indicative of low splat adhesion. All of these features indicated that the
general improvement in coating response with heat treatment occurred as a result of increased inter-splat
adhesion, most likely resulting from sintering during high temperature exposure. This mechanism was not
highlighted in the literature works, although limited surface analysis was typically conducted in those trials.
A contributing factor may also have been the low heat treatment temperature (500-550ºC) and short
treatment time (typically <72 hours) of the literature works. As both the inter-splat sintering and carbide
development mechanism are time and temperature dependent, it is possible that the microstructural
developments observed here may not have occurred to the same extent in the samples tested in the literature,
as discussed in Chapter 5.

While the carbide development had no discernable influence on the response of the coatings sprayed with
one powder, even with various techniques, the results suggest that the carbide microstructure is significant
when comparing powders of different morphologies. While comparable, the heat treated prealloyed powder
based coatings were distinctly more erosion resistant than the blended powder based coating. Given that all
the sintering based mechanisms of improved splat adhesion must have been achieved within the initial
treatment period, based on the lack of improvement with extended exposure, the variation between the
coatings of the two powder morphologies must have resulted from the differences in coating microstructure.
Of the various mechanisms highlighted in the literature to explain the variation in response of blended and
prealloyed powder based coatings, the high coating quality, and sintering by heat treatment, in this work
discount those relating to poor splat bonding and higher porosity mentioned in some studies. Three primary
microstructural mechanisms may be applicable.

The blended powder based coating did have a significantly greater inter-splat oxide content than that of the
prealloyed powder based coatings. In the latter the oxide phase was noted to exhibit poor erosion resistance
when observed as pockets in porosity or inter-splat voids. The oxide morphology within the blended powder
based coating was more typically observed as inter-splat stringers. While the significance on the erosion
response of these features was difficult to assess in the topographical images, they may have acted as
preferential paths for crack propagation given their brittle nature and location at the splat boundaries. In
addition, they may have reduced the localised splat bond strength by reducing the extent of intersplat
sintering. Both factors would reduce the erosion resistance relative to the prealloyed powder based coatings.

Other works have considered the role of a transformation in the carbide composition, in that the single phase
nature of the carbide splats makes them prone to greater degrees of degradation in-flight. While such works
attribute the effect of degradation to the formation of harder phases, this is debatable, especially given the
referenced data in Chapter 2 attesting to the lower hardness of Cr7C3 relative to Cr3C2. While this conclusion
is not relevant in the case of the prealloyed powder based coatings where no such phases were detected, the
formation of Cr7C3 may be more significant in the blended powder based coating, where the variation in the
impact response of this phase relative to Cr3C2 may impact on the erosion mechanism. The most significant
microstructural mechanism to account for the variation is, however, thought to relate to the difference in
carbide structure and distribution. In this instance the skeletal network of fine carbide grains, which are
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incorporated within every indent in the prealloyed powder based coatings, are believed to generate a more
erosion resistant microstructure than the heterogeneous carbide phase structure in the blended powder based
coatings.

To some extent, however, all of these three mechanism contribute to the variation in the

mechanism of erosive mass loss observed, which in turn accounts for the variation in steady state erosion
rate as a function of the starting powders.

The similarity in erosion response of the HVAF and Microjet HVOF coating results reinforces that
microhardness is a poor indicator of the erosion response. The Microjet HVOF coating was harder than the
HVAF coating, as discussed in Chapter 4.

The lack of superior erosion resistance indicates that the

strengthening mechanisms operating at low strain rate have a reduced effect under these high loading rate
erosion conditions.

In considering the results of the as-sprayed and heat treated samples, it is evident that the coating
microhardness as a function of heat treatment discussed in Chapter 5 did not correlate with relative erosion
resistance under these test conditions. In many ways the features highlighted in the single impact studies
supported the mechanisms proposed to account for the microhardness variation as a function of heat
treatment. The dissolution phases in the as-sprayed coatings were obviously very brittle and, therefore,
likely to be of high hardness, contributing to the high overall hardness of the initial coatings. Short periods
of heat treatment led to reductions in the matrix phase supersaturation, resulting in greater ductility and lower
hardness as was evident in the ductile features of the erosion scars. Since the carbide content was not high
enough for this phase to dictate the coating response, indentation was controlled by plastic deformation of
the matrix. In this way the low hardness of the binder, combined with the highly distributed carbide phase of
various particle sizes, would result in a lower cermet hardness under low loading rate conditions of the
hardness test.

The increased carbide contiguity with extended heat treatment restricted the plastic

deformation of the matrix under indentation and enabled the directly applied load to be spread over a larger
volume of material, thereby increasing the resistance to penetration and increasing the observed hardness.

Several aspects contribute to the lack of correlation between the microhardness and erosion response under
the conditions of this work, particularly the rate of loading and the mechanisms of erosion in relation to the
coating microstructure. As highlighted previously, the strengthening mechanisms operative under the low
load rate conditions of the microhardness test do not appear to contribute to the erosion resistance. This lack
of correlation is accentuated by the fact that the microhardness indentations were a lot larger than the erosion
indents and conducted on the coating cross section which, in regard to the splat structure, was distinctly
different from the topographical features of the coating. This is particularly significant given the splat based
dependence of the erosion response, unlike bulk materials where erosion would be expected to occur in a
more homogeneous manner. As such, while the hardness may to some extent account for the indentation
resistance, under such low load rate conditions it can not account for the extensive degree of brittle fracture
of the cermet itself or the rapid propagation of cracking along splat boundaries and preferentially near the
splat edges.
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8.4 Influence of Coating Morphology - Elevated
Temperature Erosion Mechanisms
8.4.1 Introduction
The aim of this section of work was to characterise the mechanism of erosion of Cr3C2-NiCr thermal spray
coatings under conditions as close as possible to those experienced within a power generation turbine. While
several works have considered high temperature erosion, most have trialed bulk specimens, with little work
presented on cermet coatings outside of comparative erosion rate responses. In this work, the same broad
range of coating microstructures considered in the ambient temperature trials were tested to assess the effect
of microstructural developments on the mechanism and magnitude of erosion response with increasing
temperature. Particular focus was given to the heat treated specimens as the microstructure of these samples
represented those developed with extended temperature treatment, and as such simulated the response of the
coatings to long-term in-service exposure.

8.4.2 Effect of Temperature on Erosion Rate
At temperatures above ambient the significance of oxide scales becomes increasingly important. While that
effect is the focus of the following chapter, this section focuses on the effect of temperature on erosion alone,
under either an inert atmosphere or aggressive erosion conditions, where oxide scales are not observed to
play a significant role.

Three generalised erosion rate responses have been noted with increasing temperature. With increasing
temperature up to 300-400ºC the erosion rate may increase, decrease or remain constant [29]. Beyond this
range most materials show increasing erosion rates with increasing temperature [19, 29-35]. Gat and
Tabakoff [30] interpreted this response in terms of the effect of temperature on material properties that
decreased the erosion resistance with increasing temperature, Type I factors, and those that increased the
erosion resistance, Type II factors [30], Table 8.2.

Table 8.2 Type I and II factors that influence the erosion response with increasing temperature [30].
Type I Factors

Type II Factors

Reduction in mechanical strength

Increase in ductility

Reduction in modulus of elasticity

Increase in rate of recovery
(related to the re-crystallisation temperature)

Less resistance to fatigue

Reduced rate of work hardening

Reduction in surface hardness

The significance of each set of factors is dependent upon the material and test conditions, but serves to
highlight the key variations in material properties with increasing temperature. A principle example of the
factor interrelations is highlighted in the velocity dependence with temperature. Several authors have noted
velocity exponents below 2 at higher temperatures [31, 35], indicating less sensitivity to this variable. This
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occurs due to the combination of a reduction in strength (Type I) and increase in ductility (Type II) [19, 31,
35].

Mechanistically mass loss by the ductile mechanisms occurs in the same manner as at ambient temperature,
although the features formed increase in size. The reduction in yield and flow stress [30-32, 35-37] enables
greater deformation to occur per impact. Mass loss from features resulting from plastic deformation is
determined by the interplay between increased ductility and decreased resistance to fatigue [30]. The
significance of the brittle erosion mechanisms at high temperature is material property dependent and has not
been widely considered. Significant to this is the material brittle-to-ductile transition temperature, where a
marked change in response mechanism occurs [30]. This has been observed in WC-Co cermets by Laugier
[38]. At 25ºC and 400ºC cermets of 16-24 vol%, Co exhibited higher erosion rates at 90º than 45º, the
magnitude of erosion increasing with temperature. At 750ºC, however, the 45ºC results generally exceeded
those at 90º, indicative of a change in mechanism, possibly towards a more ductile response. Of interest in
this work was an apparent carbide size effect at a hard phase content of 76 vol%. In the lower binder mean
free path (implying smaller carbides) material, the 750ºC response was the same as the higher carbide
content materials. In moving to the larger binder intercept values at this composition, however, the 90º result
was slightly greater than that at 45º, the larger carbide grain size possibly leading to a higher temperature
transition to a more ductile response.

With regard to cermet thermal spray coatings, Wang and Luer [19] noted an initial reduction in erosion rate
in the range of 25-300ºC for HVOF Cr3C2-NiCr coatings from blended powder. Beyond this temperature a
constant rate of erosion rate increase occurred up to 750ºC. Under more aggressive erosion conditions Sue
and Tucker [33] noted continual increases in erosion rate with temperature of D-Gun sprayed chromium
carbide based coatings from blended powders. A steady rate of increase occurred up to 500ºC, beyond
which marked increases in erosion rate occurred out to 700ºC for all coatings at both 30º and 90º. Up to
500ºC the indentation features indicated localised erosive loss of material from the surface. At 700ºC
distinctly different features of larger, flatter zones indicated that at this higher temperature the splat structure
played a more significant role.

8.4.3 Experimental Procedure
Single impact and steady state erosion trials were carried out on all the coatings in the as-sprayed and heat
treated conditions at 800ºC with a calculated particle impact velocity of 235m/s, Table 8.3. In order to assess
the effect of temperature on the impact response over the upper end of the operating temperature range of
these coatings, additional trials were carried out at 700ºC, with a calculated particle impact velocity of
225m/s, utilising the as-sprayed and heat treated prealloyed powder based HVAF and blended powder based
HVOF coatings. The same trials were conducted on the prealloyed powder based Microjet HVOF coatings
at this temperature but only for the purposes of measuring the erosion rate.
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Table 8.3 Summary of elevated temperature erosion trials.
Temperature

Sample

700ºC

Aerospray HVAF –
Prealloyed Powder

700ºC

800ºC

800ºC

800ºC

Microjet HVOF – Blended
Powder

Aerospray HVAF –
Prealloyed Powder

Microjet HVOF –
Prealloyed Powder

Microjet HVOF – Blended
Powder

Coating State

Erosion Trials

As-Sprayed

1 second Single Impact

Steady State
(5 minutes)

Heat Treated 2 Days

1 second Single Impact

Steady State
(5 minutes)

Heat Treated 30 Days

1 second Single Impact

Steady State
(5 minutes)

As-Sprayed

1 second Single Impact

Steady State
(5 minutes)

Heat Treated 5 Days

1 second Single Impact

Steady State
(5 minutes)

Heat Treated 30 Days

1 second Single Impact

Steady State
(5 minutes)

As-Sprayed

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 2 Days

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 30 Days

1 second Single Impact

Steady State
(4 minutes)

As-Sprayed

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 5 Days

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 30 Days

1 second Single Impact

Steady State
(4 minutes)

As-Sprayed

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 5 Days

1 second Single Impact

Steady State
(4 minutes)

Heat Treated 30 Days

1 second Single Impact

Steady State
(4 minutes)
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8.4.4 Single Impact Erosion Studies – Prealloyed Powder Based Coating at
700ºC
As-Sprayed Coatings
The increase in temperature and particle velocity generated deeper and broader indentations in the prealloyed
powder based HVAF coating than were observed in the ambient temperature trials.

The localised

microstructural response, however, was similar to that observed at the lower temperature, Figure 8.37.

Figure 8.37 Representative indent on the Aerospray HVAF coating at 700ºC showing the reduced matrix
phase ductility relative to the single impact features generated at 800ºC.
Within the impact zone the erodent readily cut through the carbide grains. No fracture of these grains was
noted in this zone and no interphase cracking occurred in spite of the aggressive impact conditions, Figure
8.38. Matrix cleavage and deformation occurred through plastic deformation, some topographical features
suggesting this may have been aided by impact heating. Outside the immediate impact zone the high lateral
loads generated during deep indentation generated flakes and mounds of laterally displaced material to the
side of the indents. Flake formation appeared to occur in a brittle manner, similar to that noted at ambient
temperature, Figure 8.38. Brittle, interphase cracking was evident as the laterally loaded carbide grains were
displaced relative to each other and out of the surface. Within this zone near the impact, the matrix exhibited
brittle behaviour, undergoing localised brittle fracture and bulk brittle extrusion between the carbides. The
brittle response of the matrix enabled the impact load to be distributed away from the indent, resulting in
carbide movement outside the immediate impact zone. Such features were relatively localised, however, in
relation to the depth of the indents. Towards the outer periphery of this zone, features indicative of matrix
phase plastic deformation were evident, primarily as mild extrusion without brittle interphase fracture. Some
degree of ductility was also implied from the lack of interphase cracking propagating out from the indents.
Generally the brittle response in the near indentation regime was thought to result from the high loading rate,
combined with the limited matrix ductility at this temperature and the constraint imposed by the carbide
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grains. In regions of higher matrix phase content the impact features reflected a greater degree of plastic
deformation without brittle fracture.

Matrix phase ductility was more limited relative to 800ºC,
resulting in greater degrees of interphase cracking and brittle
matrix extrusion, similar to the features observed at ambient
temperature.

On a larger scale, the limited matrix phase ductility led to
localised deformation features dominated by interphase
fracture, rather than ductile matrix deformation as commonly
noted at 800ºC.

Carbide deformation occurred in the same manner as noted at both ambient and 800ºC
temperature trials – cleavage by erodent, plastic deformation and fracture.

Figure 8.38 Representative images of erosion impact deformation on the as-sprayed Aerospray HVAF
coating at 700ºC highlighting the mechanisms of carbide and matrix impact deformation.

Heat Treated Coatings
With a short period of heat treatment the ductility of the matrix phase increased, with impact degradation
becoming more localised, Figure 8.39. Cracking and fracture only occurred within the zone of deformation
close to the impact. This resulted primarily from phase separation or matrix cracking in regions of high
localised loading, or as a result of localised carbide movement.

Outside the near impact zone such

deformation was accommodated by plastic deformation of the matrix, relative carbide movement thereby
able to occur without inter-phase fracture. Cracking was not observed to propagate out from the indent zone
into the coating. While matrix plastic deformation features such as extrusion were observed, it was apparent
that the level of matrix phase ductility was limited.
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The increasing carbide development and contiguity generated by extended heat treatment meant individual
carbide movement became more restricted. This effect, combined with the ability of the extensive carbide
network to distribute the load over a wide volume restricted gross deformation to regions near the impact and
limited localised inter-phase fracture. However, the inability of the carbides to move made them more prone
to degradation under impact. The high velocity particles readily cleaved through the carbide agglomerates,
generating little brittle cracking or fracture. As such, the elevated temperature appeared to increase the
carbide toughness under these impact conditions.

Aerospray HVAF Heat Treated 2 Days – Eroded 700ºC

Aerospray HVAF Heat Treated 30 Days – Eroded 700ºC

Figure 8.39 Representative images of erosive impact deformation on the 2 day (top) and 30 day (bottom)
heat treated Aerospray HVAF coatings at 700ºC.
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8.4.5 Single Impact Erosion Studies – Prealloyed Powder Based Coatings at
800ºC
As-Sprayed Coatings
The increase in temperature generated slightly deeper and broader indentations than observed in the previous
trials, Figure 8.40. The elevated temperature greatly increased the ductility of the matrix phase relative to
that at 700ºC. The brittle impact features induced by supersaturation of carbide elements, as well as the
rapidly solidified structure, were no longer observed. As a result, the primary effect of carbide dissolution in
this coating was to reduce the effective carbide content to 67vol%. As highlighted in the literature, the
impact response of cermets of this concentration is dictated by the binder phase. Impact deformation
occurred through extensive matrix phase deformation in the form of ductile mounds, ductile extrusion
between the carbide grains and platelet formation around the indent periphery. A measure of the matrix
ductility was reflected in the high concentration of erodent fragments retained within the impact features.
The ability of the matrix to plastically deform limited crack initiation, propagation and widespread load
displacement, limiting the extent of impact deformation to those features directly surrounding the impact
zone. The increased binder ductility also reduced the loading on the carbide-matrix interface around the
carbide grains, minimising the extent of interphase cracking.

Ductile matrix
deformation

Deep point
penetration into
the substrate.

Deformation
localised to
material very
close to the
impacted region,
without the
formation of
expansive brittle
cracking away
from the indent.
Plastic
deformation was
typically ductile
in nature.

Figure 8.40 Representative erosive impact on the as-sprayed Aerospray HVAF coating at 800ºC.
The impact response of the carbide phase was similar to that noted at 700ºC, with the carbide grains being
cleaved, fractured and plastically deformed within the impact zone, Figure 8.41. The magnitude of erodent
penetration meant that a large number of carbide grains were deformed in this way within each indent.
Within the impact zone the rate of loading was high enough that the carbides were cleaved without relative
motion to the surrounding substrate and without undergoing brittle cracking. The toughness of this phase
appeared greater than in the 700ºC trials, with brittle fracture and cracking less commonly observed.
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The elevated temperature
of testing led to a marked
increase in matrix phase
ductility in contrast to the
700ºC temperature trials.
Deformation occurred
primarily as ductile
mounds, ductile
extrusion and through
plastic deformation
without brittle interphase
fracture.

The carbide phase
exhibited greater
toughness relative to the
lower temperature trials.
Deformation occurred
though cleavage by the
erodent and plastic
deformation, with brittle
cracking and fracture less
commonly observed.

Figure 8.41 Representative images of erosion impact deformation on the as-sprayed Aerospray HVAF
coating at 800ºC highlighting the mechanisms of carbide and matrix impact deformation.
Outside the impact zone, lateral displacement of material resulting from the combined depth of penetration
and wedging action of the erodent, led to the formation of plastically deformed mixed phase platelets and
flakes, but only rarely did this lead to direct mass loss. The carbide grains within such features acted
independently, rotating and moving relative to each other with the matrix phase. Such movement did not
appear as destructive as at the lower temperatures in that it was accommodated by matrix phase deformation
without interphase fracture occurring.

These results suggest that the temperature range 700-800ºC

encompasses a transition in brittle to ductile impact response of the as-sprayed coatings as a function of
matrix phase ductility as noted in [30, 38].
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The more extensive degree of carbide dissolution increased the dominance of the matrix phase in dictating
the impact response of the prealloyed powder based Microjet HVOF coating, however, the high degree of
supersaturation reduced the extent of ductility of this phase relative to the HVAF coating, Figure 8.42 and
Figure 8.43.

Localised flake
formation.

While the matrix
ductility
increased
relative to the
ambient
temperature trial,
the material
ductility was
markedly lower
than in the
Aerospray
HVAF coating.

Localised edge
chipping.

Deformation
localised,
without
expansive brittle
cracking
propagating
away from the
indent.

Figure 8.42 Representative erosive impact on the as-sprayed Microjet HVOF coating at 800ºC.

The inter-splat region
remained a preferential zone
of crack propagation.

Matrix phase deformation
occurred through plastic
deformation, but with
limited ductility.

Figure 8.43 Representative images of erosion impact deformation on the as-sprayed Microjet HVOF
coating at 800ºC highlighting the mechanisms of matrix impact deformation.
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Indentation damage was again very localised around the point of impact, but the damage features exhibited
plastic deformation and fracture rather than ductile mound formation. Indentation and lateral loading by the
erodent lead to peripheral flake development, formed by extensive plastic deformation and localised fracture
of the matrix, rather than the brittle cracking mechanism observed at ambient temperature. The reduction in
matrix phase ductility was evident in that these flake features were plastically deformed up and over the
surrounding material, instead of the entire peripheral zone of material undergoing mound formation as was
seen in the HVAF coating. Taken to the extreme, this mechanism of flake formation led to localised mass
loss in some single impact events, Figure 8.43. Minimal cracking was observed to propagate away from the
impact zone, with interphase cracking and fracture only observed in displaced material subjected to high
interfacial loading during deformation. The carbide grains responded to impact in the same manner as in the
HVAF coating.

In contrast to the HVAF coating, but in a similar manner to the ambient temperature trials, the splat
boundaries were observed to be preferential paths of crack propagation. Under impact loading the splat
boundaries acted as pre-existing cracks, weakening the material and causing large sections of the splat to be
displaced, Figure 8.43. Material displaced in this manner was very susceptible to fracture during subsequent
impacts.

While significant, the influence of the splat boundaries on the localised extent of impact

deformation did not appear as significant as at ambient temperature, in spite of the more aggressive impact
conditions, as a result of the increased cermet ductility.
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Heat Treated Coatings
The similarity in microstructural development with heat treatment in the prealloyed powder based HVAF
and Microjet HVOF coatings led to comparable erosion impact responses, Figure 8.44 and Figure 8.45. As
the carbide content and contiguity increased, the gross ductile deformation features noted in the as-sprayed
samples became increasingly smaller and less prevalent. While the ductility of the matrix phase increased
with heat treatment through the reduction in supersaturation, the developing carbide structure led to
increasing constraint of the alloy phase. The effect of the carbide morphology on dictating the extent of
impact deformation in the heat treated coatings was more evident than in the 700ºC trials due to the greater
matrix phase ductility at 800ºC.

Impact damage was characterised by three generalised regions similar to those proposed at ambient
temperature, although in this instance the variation in degradation arose from plastic deformation rather than
brittle fracture. Within the impact zone the erodent readily penetrated the ductile matrix and cleaved the
carbide phase agglomerates.

While readily cut through by the erodent they did not undergo brittle

cracking/fracture within the agglomerates, or show signs of relative movement or interfacial separation from
the matrix. The inner walls of the indentation appeared heavily compressed, with the cleaved carbide
fragments and displaced material compressed into the neighbouring areas.

The high lateral loads induced by the depth of penetration and wedging action of the erodent generated
relative movement amongst the carbide agglomerates outside the indent. Carbide fracture or cracking was
not observed, with carbide displacement occurring through plastic deformation of the matrix.

Lateral

displacement was restricted by the outlying carbide agglomerates, forcing the laterally loaded material up
and out of the surface, forming debris mounds or flakes of material. Deformation in this manner resulted in
high interphase stresses, leading to crack generation and propagation around the carbide-matrix interfaces, as
well as fracture of the thin matrix bands within the region of deformed material. Outside this peripheral
deformation zone, the surrounding material remained flat with the applied load distributed by the extensive
carbide structure and elastic deformation of the matrix. Few cracks were noted to propagate away from the
impact zone, with crack growth terminated by ductile matrix phase deformation.
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Aerospray HVAF Heat Treated 2 Days – Eroded 800ºC

Aerospray HVAF Heat Treated 30 Days – Eroded 800ºC

Figure 8.44 Representative images of erosive impact deformation on the 2 day (top) and 30 day (bottom)
heat treated Aerospray HVAF coatings at 800ºC.
Microjet HVOF Heat Treated 5 Days – Eroded 800ºC

Microjet HVOF Heat Treated 30 Days – Eroded 800ºC

Figure 8.45 Representative images of erosive impact deformation on the 5 day (top) and 30 day (bottom)
heat treated Microjet HVOF coatings at 800ºC.
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8.4.6 Single Impact Studies – Blended Powder Based Coatings at 700ºC and
800ºC
As-Sprayed Coatings
The impact response of the as-sprayed blended powder based coatings was similar at 700ºC and 800ºC.
While variations were expected based on the variation in the mechanical properties of the coating
constituents with temperature, as observed in the prealloyed powder based coatings, such subtle changes
were overshadowed by the variation in the orientation of each impact and the distribution of phases within
the indentations.

The greater depth of erodent penetration under the aggressive trial conditions led to multiple splats being
penetrated in the blended powder based HVOF coating, rather than impact on the surface splats alone as was
generally observed in the ambient temperature trials, Figure 8.46 and Figure 8.47. In spite of the increased
indent size, impact deformation was localised close to the indent with few signs of crack propagation away
from the impact zone. The interphase splat boundaries did not play as great a role as at ambient temperature,
a trend thought to result from the increased ductility of the coating, particularly the matrix phase. This
enabled the impact load to be dissipated by plastic deformation, both in the surface splats and subsurface
splats below the erodent, which reduced the load on the splat boundaries and made them less susceptible to
localised crack propagation and bulk separation.

The same broad spectrum of impact responses as observed at ambient temperature occurred in these trials,
Figure 8.47. The large carbide splats exhibited a generally brittle response. However, there were signs of
increased carbide toughness, reflected in the plastic deformation features and indentations without brittle
cracking, Figure 8.47. The matrix ductility significantly increased at this temperature, exhibiting classical
ductile erosion deformation features under impact. The response of mixed phase regions was dominated by
matrix phase deformation up to very high concentrations of the carbide phase. The thin carbide splats within
such regions were readily cleaved or fractured during deformation, but did serve to restrict the extent of
matrix phase deformation. Unlike at ambient temperature, the splat boundaries played a negligible role in
accentuating the extent of material deformation during impact in the mixed phase regions.
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Figure 8.46 Representative erosive impact on the as-sprayed blended powder based HVOF coating at
800ºC.
The carbide phase exhibited some ductility at this temperature, but underwent deformation in a
similar manner to ambient temperature – cleavage by the erodent, cracking and fracture.

The matrix phase ductility increased at this temperature.

Figure 8.47 Representative images of erosion impact deformation on the as-sprayed blended powder based
HVOF coating at 800ºC highlighting the mechanisms of carbide and matrix impact deformation.
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Heat Treated Coatings
Heat treatment for 5 and 30 days led to intersplat sintering and further reduced the influence of the splat
boundaries from that noted in the as-sprayed coatings. The subtle development of carbide features was
overshadowed by the heterogeneous response generated by the phase distribution and the large size of the
indentation features relative to the carbide structure at 700ºC and 800ºC.

Blended Powder Based Microjet HVOF Heat Treated 5 Days – Eroded 800ºC

Blended Powder Based Microjet HVOF Heat Treated 30 Days – Eroded 800ºC

Figure 8.48 Representative images of erosive impact deformation on the 5 day (top) and 30 day (bottom)
heat treated blended powder based HVOF coatings at 800ºC.
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8.4.7 Steady State Erosion Mass Loss – Prealloyed Powder Based Coatings
As-Sprayed Coatings
The steady state eroded surfaces of the as-sprayed prealloyed powder based HVAF coatings at 700ºC and
800ºC reflected the greater severity of erosion generated by the higher temperature and impact velocity
relative to the ambient temperature trials, Figure 8.49 and Figure 8.50. The indentation dimensions were
significantly larger and exhibited greater degrees of plastic deformation.

A similar eroded surface

morphology developed at both temperatures, although the indents appeared smaller, with the extent of plastic
deformation more restricted and brittle fracture and cracking features more prevalent in the 700ºC
specimens. The same general mass loss mechanisms occurred at both temperatures.

Localised mass loss occurred through fracture of the flakes and platelets of material displaced from the
periphery of the indents, presumably by a low cycle fatigue mechanism that resulted in fracture of the ductile
matrix phase. More extensive mass loss occurred through gross chip formation and ejection by the same
mechanism as discussed at ambient temperature, Figure 8.51. The magnitude of the chip dimensions
appeared to be significantly greater, given the greater depth of penetration and as indicated by the size of the
fracture features present on the eroded surface, Figure 8.52. In the high magnification analysis there was no
indication of the splat structure contributing to the mechanisms of mass loss. No oxide phases were
observed in any of the features of the steady state eroded surface. In contrasting the oxidation rate of the
samples in Chapter 6 with the extent of erosion in these trials, it is apparent that the erosion conditions were
too aggressive for oxide scales to develop sufficiently to contribute to the mechanisms of mass loss.
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Figure 8.49 Images of the steady state eroded surface of the as-sprayed Aerospray HVAF coating at 700ºC.

Figure 8.50 Images of the steady state eroded surface of the as-sprayed Aerospray HVAF coating at 800ºC.
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Localised flake formation
and plastic deformation
features around the indent
periphery.
Mass loss through chip
formation between
neighbouring indents.

Figure 8.51 Representative image of the gross mass loss mechanisms at elevated temperature – localised
flake formation and gross intersplat chip formation.

Localised
fracture surfaces
indicative of chip
formation and
ejection.

Fracture surface
generated by
chip formation.

Figure 8.52 Representative images highlighting the gross chipping mass loss mechanism on the as-sprayed
Aerospray HVAF coating at 800ºC.
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Low magnification images of the steady state eroded surface indicated that, while the localised texture was
more coarse as a result of the larger magnitude of deformation per indentation, the background morphology
was flatter than at ambient temperature, without the rolling hill morphology. This observation may support
the lack of evident splat structure effect proposed from the single impact trials and resulting from the greater
ductility of the coating at this temperature, Figure 8.53. Such a conclusion points to a greater emphasis on
the microstructural based mechanisms of mass loss at elevated temperature, rather than the splat structure
based mechanisms thought to dominate on the coating at ambient temperature.

Steady State Eroded Surface – 800ºC

Steady State Eroded Surface – Ambient Temperature

Figure 8.53 Topographical images of the steady state eroded surface of the as-sprayed Aerospray HVAF
coating at 800ºC (left) and at ambient temperature (right).
In the 800ºC trials the significance of the extensive carbide dissolution in the prealloyed powder based
Microjet HVOF coating was reflected in the more constrained nature of the plastically deformed features on
the steady state eroded surface relative to the HVAF coating, Figure 8.54. Localised mass loss occurred by
the same mechanisms as highlighted above, with the efficiency of flake formation and fracture possibly
accentuated by the reduced matrix phase ductility. No oxide scales formed on the eroded features, indicating
that the erosion response was dictated by pure erosion of the coating alone.

Bulk mass loss occurred by the gross chipping mechanism, but was accentuated in this coating by splat based
mechanisms of chip formation, Figure 8.55. Splat edge chipping, lateral displacement of splat segments and
chip formation resulting from the linkup of localised fractures with crack propagation along the splat
boundaries, were all noted in the single impact trials observed in the steady state eroded surface as smooth
splat surfaces, Figure 8.54. It was notable, however, that such features were not as prevalent as in the
ambient temperature trials of this coating, with the ability of the splats to dissipate greater degrees of impact
energy through plastic deformation resulting in the transition from splat structure dominated mass loss
mechanisms to microstructural erosion mechanisms. This may be reflected in the flatter nature of the low
magnification images of the steady state eroded images relative to those at ambient temperature, Figure 8.56,
although more work is required to fully develop this hypothesis.
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Figure 8.54 Images of the steady state eroded surface of the as-sprayed Microjet HVOF coating at 800ºC.

Figure 8.55 Representative images of the intersplat gross mass loss mechanism at elevated temperature in
the as-sprayed Microjet HVOF coating.
Steady State Eroded Surface – 800ºC

Steady State Eroded Surface – Ambient Temperature

Figure 8.56 Topographical images of the steady state eroded surface of the as-sprayed Microjet HVOF
coating at 800ºC (left) and at ambient temperature (right).
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Heat Treated Coatings
Heat treatment had a negligible effect on the morphology of the steady state erosion features of the
prealloyed powder based HVAF coatings at 700ºC and 800ºC, with the subtle variations in impact damage
relative to the as-sprayed condition overshadowed by the chaotic nature of the surface. Mass loss occurred
by the same mechanisms as in the as-sprayed state with the bulk chipping and flake fracture mechanisms
possibly accentuated by the greater constraint of the matrix and increased tendency for interphase fracture
under load with increasing carbide development.

In contrast, the improved matrix phase ductility of the prealloyed powder based Microjet HVOF coating with
heat treatment, was reflected in the greater degree of plastic deformation in the steady state erosion features
in the 800ºC trials, Figure 8.57. The impact deformation features and microstructural mass loss mechanisms
mirrored those of the heat treated HVAF coating. The greater intersplat adhesion induced by sintering was
reflected in the lack of smooth splat surfaces in the erosion images, indicating a greater significance of
microstructural based mechanisms of mass loss with heat treatment and the reduced extent of splat structure
based erosion mechanisms.

Figure 8.57 Images of the steady state eroded surface of the 30 day heat treated Microjet HVOF coating at
800ºC.
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8.4.8 Steady State Erosion Mass Loss – Blended Powder Based Coatings
As-Sprayed Coatings
At 700ºC the indentation features were smaller and the extent of deformation, with each impact, more limited
than at 800ºC. However, the same generalised mechanism of mass loss occurred at both temperatures,
leading to the development of similar steady state eroded surface topographies.

The increased phase

ductility at elevated temperature led to a transition towards a more microstructural based response. The
evident indentations on the steady state eroded surface reflected the broad spectrum of observations noted in
the single impact trials, Figure 8.58 and Figure 8.59.

Localised mass loss occurred through fracture of platelets and displaced material in a similar manner to the
prealloyed powder based coatings. The formation of such features was dictated by plastic deformation, with
the preferential growth of cracks along the splat boundaries noted to be significantly less common than at
ambient temperature. This was reflected in the reduced frequency of smooth splat boundary surfaces in the
steady state eroded images, pointing to the reduced impact of splat boundary chipping and interphase
cracking mechanisms of chip formation.

Figure 8.58 Images of the steady state eroded surface of the as-sprayed blended powder based HVOF
coating at 700ºC.
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Figure 8.59 Images of the steady state eroded surface of the as-sprayed blended powder based HVOF
coating at 800ºC.
Bulk mass loss appeared to occur largely through the gross chip formation mechanism discussed in relation
to the prealloyed powder based coatings. The low magnification images of the steady state eroded surface
were not as flat as those of the HVAF coating under these conditions, possibly indicating the greater
significance of the splat structure in the erosion of coatings of this microstructure and morphology, Figure
8.60.

Steady State Eroded Surface – 800ºC

Steady State Eroded Surface – Ambient Temperature

Figure 8.60 Topographical images of the steady state eroded surface of the as-sprayed blended powder
based HVOF coating at 800ºC (left) and at ambient temperature (right).
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Heat Treated Coatings
As noted in the single impact trials, heat treatment had a negligible effect on the morphology of the steady
state eroded surface of the blended powder based coating. The significance of intersplat sintering with heat
treatment highlighted at ambient temperature was overshadowed at this temperature by the increased coating
ductility and the resulting transition away from splat structure based mechanisms of mass loss towards a
greater emphasis on microstructural based erosion mechanisms.

This transition is also likely to be

accentuated by the greater depth of penetration under the elevated temperature and higher velocity conditions
which no longer restricted impact loading to the surface splats alone.
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8.4.9

Elevated Temperature Bulk Erosion Analysis

Figure 8.61 presents the measured mass losses for the HVAF, Microjet HVOF and blended powder based
coatings in the as-sprayed and heat treated conditions at 700ºC and 800ºC. Each sample was exposed for a
fixed time in only one exposure period. This was sufficient to generate an erosion scar of significant depth
in the coating, but not to penetrate through it. Duplicate samples were run for each coating.
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Figure 8.61 Erosive mass loss results for the as-sprayed and heat treated Aerospray HVAF, Microjet
HVOF and blended powder based HVOF coatings at 700ºC (top) and 800ºC (bottom).
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At 700ºC the HVAF coatings exhibited no particular trends, with the data scattered both within and between
the specimens. Of most significance was that, unlike the ambient temperature trials, heat treatment had no
noticeable effect on reducing the extent of erosion. The Microjet HVOF prealloyed powder based coating
generated net mass losses of comparable magnitudes to those of the HVAF coatings. Aside from one
anomalous result in the as-sprayed trials, the results were very consistent across all of the samples, implying
a negligible effect of heat treatment on the coating erosion response. The blended powder based HVOF
coating results, on average were slightly greater than those of the prealloyed powder based coatings. This
difference, however, was less than the variation noted within a single coating sample set and so a greater
number of trials would be required before this trend could be definitely assured. As with the previous
coatings, the as-sprayed sample set showed the greatest spread in results, with the duplicate trials of the heat
treated specimens more consistent. Again these results indicated a negligible effect of heat treatment on the
erosion response under these trial conditions, in marked contrast to the ambient temperature results. At this
temperature it was also evident that the coating microhardness was a poor indicator of the erosion resistance
of any of these coatings under these erosion conditions.

At 800ºC the results were more consistent across all the trials with the exception of an anomalous result in
the as-sprayed blended powder based coating, Figure 8.61. The HVAF coatings showed a continual increase
in net mass loss with increasing heat treatment time, the largest deviation occurring between the 2 day and 30
day heat treatment samples. Heat treatment also had a negative effect on the erosion performance of the
Microjet HVOF coatings. The as-sprayed samples showed a very low net mass loss, being less than three
quarters of that of the as-sprayed HVAF coating. Both heat treated sample sets generated comparable
results, indicating a negligible effect of heat treatment after the 5 day exposure period. The magnitudes of
these results were comparable with the 2 day heat treated HVAF samples, but distinctly lower than the 30
day heat treated samples in the previous coating. Within the spread of the results the blended powder based
coating showed no definitive trend in response as a function of heat treatment. The magnitude of the average
response slightly exceeded that of the prealloyed powder Microjet HVOF coatings, but, as noted in the 700ºC
trials, the variation was within the scatter of the various sample sets and so more trials are required to
quantify this variation to further accuracy. The coating microhardness was again shown to be a poor
indicator of the erosion resistance under these erosion conditions.
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8.4.10 Implications for the In-Service High Temperature Erosion of Cr3C2NiCr Coatings
The most significant effect of the increase in test temperature was the greater ductility of the coating phases,
particularly the matrix phase. At lower temperatures mass loss was dictated by the splat structure and aided
by the brittle response of the matrix in terms of brittle cracking and fracture. With increasing temperature
the ductility of the matrix phase increased, which reduced the tendency for localised brittle fracture and
cracking, and enabled greater degrees of plastic deformation. Ductile deformation of the matrix in this
manner effectively toughened the carbide-matrix interface, even in the as-sprayed samples at high
temperature, in a similar mechanism to that observed with the effect of heat treatment on the impact response
of the matrix phase at ambient temperature. More broadly, this increased the ductility of the composite over
greater areas, allowing the impact energy to be dissipated through matrix phase deformation in splats away
from the direct impact site. This effect was increased by the greater depth of penetration of the erodent
under these conditions. Deformation in this way reduced the loading on the splat boundaries, reducing the
effect of these structural features in dictating the extent of mass loss and in turn leading to the increased
significance of microstructural based erosion mechanisms during high temperature erosion.

The toughness of the carbide phase also increased with increasing test temperature. Brittle cracking and
fracture were not as evident in this phase as at ambient temperature, while cracks formed by impact were
noted to become blunted within the carbide itself. Several features of carbide deformation also pointed to
significant degrees of plastic deformation without brittle fracture, in spite of the aggressive impact
conditions. Deformation of this phase occurred to a greater extent than at ambient temperature, particularly
as a result of the greater depth of erodent penetration. While the improved toughness of this phase at
elevated temperature reduced the tendency towards a brittle response it is also thought to reduce the hardness
of this phase and therefore the resistance to penetration of the erodent. This hardness effect was accentuated
somewhat in the conditions of this work in that while the carbide phase was at 700-800ºC, the alumina
erodent was likely to be at a considerably lower temperature, given the reduced time of heating, and hence
retain a hardness value close to that at ambient temperature.

It is notable that in no trial was evidence of oxide formation found, in spite of the high temperatures of
testing. In contrasting the erosion rate results with the short term oxidation trials over this temperature range
in Chapter 6, it is evident that the erosion conditions were too aggressive to enable oxide layers to form to a
sufficient extent that they could impact on the magnitude of erosive mass loss. Therefore, the trends in
response were dictated solely by the compositional based microstructure and physical coating splat structure
variations as a function of powder morphology, in-flight degradation and heat treatment.

The increased matrix ductility with increasing temperature, combined with the higher erodent impact
velocity, led to a transition in the mechanisms of mass loss relative to those noted at ambient temperature.
The magnitude of impact deformation under these conditions was much greater than at the lower temperature
trials, with indentation penetrating several splats rather than being limited to those on the surface alone.

277

Chapter 8 – Erosion of Cr3C2-NiCr Thermal Spray Coatings

These features lead to a reduction in the dominance of splat based chipping mechanisms of mass loss,
whereby intra-splat cracking linked up with the splat structure to form chips of material, with greater
emphasis on microstructural based mass loss mechanisms, such as flake and bulk chip formation. While the
splat structure based mechanisms undoubtedly still play a critical role, they did not dictate the magnitude of
response to the same extent as in the ambient temperature trials. More work is required to characterise the
contribution of the splat based mechanisms of mass loss as a function of erosion conditions, both in terms of
quantifying the topography of the eroded surface, as well understanding the nature of splat-splat bonding
itself.

In light of the evident effect of heat treatment on intersplat adhesion, particularly at lower

temperatures, there is also a need for a greater understanding of the extent of sintering at various
temperatures and times. This will help to quantify the potential benefits of such pretreatments, as well as
assessing the variation in response as a function of extended in-service exposure at such elevated
temperatures.

The effect of the variation in coating mechanical properties and erosion mechanisms on the magnitude of
erosion response was most evident at 800ºC. The erosion rate data indicated that the erosion response was
dictated largely by the coating microstructure at this temperature, with the splat structure having reduced
influence. This effect is highlighted by the reduction in erosion resistance of the prealloyed powder based
coatings with heat treatment induced carbide development; this did not occur in the blended powder based
coatings where minimal carbide microstructural development took place during heat treatment. Similarly the
consistency in the blended powder based coatings in the as-sprayed and heat treated conditions points to the
reduced impact of the splat structure on the erosion response, based on the marked improvement in erosion
resistance due to intersplat sintering observed in the ambient temperature trials. The strong microstructural
effect in the prealloyed powder based coatings is due to the high matrix phase ductility and carbide structure
as a function of heat treatment. In the as-sprayed state these coatings had the lowest carbide content. While
the extent of carbide dissolution did have an impact on the mechanical properties of the matrix phase, the
temperature was sufficiently high enough for the matrix to exhibit ductile deformation characteristics in both
coatings. Hence, the primary effect of in-flight carbide dissolution was to reduce the effective coating
carbide concentration. The matrix phase, therefore, dictated the erosion response, generating classical
ductile erosion mechanisms. Heat treatment led to further increases in matrix phase ductility, as apparent
from the ambient temperature trials, with the reduction in supersaturation of carbide elements. However, this
was countered by the developing carbide phase structure. This increasingly restricted the extent of matrix
phase ductile deformation, leading towards a more brittle impact response, even though the deformation
features were still dictated by the matrix phase. This in turn led to greater rates of erosive mass loss relative
to the as-sprayed state, the more brittle nature of the microstructure, in terms of interphase cracking and
fracture, accentuating the efficiency of the observed mass loss mechanisms at impact angles of 90º.

Within this generalised response, the variation in behaviour of the HVAF and Microjet HVOF coatings was
dictated by the extent of in-flight degradation and subsequent microstructural development with heat
treatment. The Microjet HVOF coating underwent greater in-flight carbide dissolution than the HVAF
coating, leading to a significantly lower as-sprayed carbide content. The impact response was dominated by
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the matrix, exhibiting classical ductile erosion characteristics and resulting in a lower net erosion rate relative
to the high carbide content as-sprayed HVAF coating. While the greater extent of matrix phase saturation
with carbide elements reduced the extent of ductility of this phase relative to the HVAF coating, this was still
sufficient at this temperature to result in a ductile impact response.

With increasing heat treatment time the HVAF coatings underwent greater magnitudes of mass loss, which is
consistent with the expected trends as a function of microstructural development discussed above. This trend
was not observed in the Microjet HVOF coating where the response was comparable at both heat treatment
times. This results from the variation in the development of the carbide phase as a function of initial in-flight
carbide dissolution with heat treatment. In the HVAF coating where minimal carbide dissolution occurred,
carbide recovery occurred by precipitation on the retained grains or as large agglomerates.

The

microstructure was characterised in this case by a high concentration of relatively large individual grains
within a continuous matrix phase, the primary variation relative to the as-sprayed state being the higher
carbide concentration.

While the greater number of carbide grains restricted the extent of matrix

deformation, hence accounting for the slightly greater erosion rate, deformation was still dictated by the
matrix and occurred in a similar fashion to the as-sprayed state, in that the carbides could still act as
individual entities within the ductile matrix during impact deformation. The effect of heat treatment became
more significant in the 30 day heat treated samples where the carbide structure developed, greatly restricting
cermet deformation by matrix phase plastic deformation. The more brittle erosion response resulting from
the greater constraint on the matrix by the carbide, is thought to account for the sharp increase in the
magnitude of erosion rate.

In contrast the Microjet HVOF samples showed a consistent erosion rate

irrespective of heat treatment time, this result thought to relate to the variation in carbide development. The
extensive in-flight carbide dissolution that occurred in this coating generated large regions of matrix material
supersaturated in carbide elements. As highlighted in Chapter 5, recovery of the carbide phase with heat
treatment took place through widespread nucleation of fine carbide grains which formed extensive carbide
agglomerates throughout the entire matrix phase. These agglomerates increased the localised composite
hardness and effectively strengthened the matrix over large areas, restricting the extent of deformation of the
ductile phase under impact. With extended heat treatment the more extensive carbide structure developed,
restricting matrix phase deformation in the same way as expected in the 30 day heat treated HVAF coating.
Hence, matrix phase deformation is restricted in both the 5 and 30 day heat treated microstructures, thereby
accounting for the comparable erosion rates under these conditions. Of significance is that, in spite of the
HVAF and Microjet HVOF coatings tending towards the same microstructures after 30 days of heat
treatment, the Microjet HVOF coating was notably more erosion resistant. The cause of this discrepancy is
currently unknown.

The similarity in the erosion mass loss of the blended powder based coatings to the prealloyed powder based
samples is thought to relate to the size of the indentations under these conditions relative to the
compositional distribution. A similar mechanism has been postulated by Sue and Tucker [33] to account for
the improved erosion response of finer blended power based coatings based on the more homogeneous phase
distribution under fixed erosion conditions. The large, deep indentation size means that impact is less likely
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to occur entirely within a single phase splat and therefore more commonly occurs in mixed phase regions. In
these cases it is thought that the concentration of the carbide phase incorporated within the indent tends
towards that experienced within the indents of the prealloyed powder based coatings, leading to a
comparable resistance to erosion. Because of the size of the indents the variation in carbide microstructure
between the two powder types has less effect on the erosion rate relative to more mild erosion conditions.
This similarity is very dependent on the matrix phase ductility, in that the ability of this phase to undergo
plastic deformation reduces the significance of the splat boundary based erosion mass loss mechanisms
which dominated in this coating at ambient temperature.

As a result the impact response is more

microstructure dependent. The similarity in response of the coatings as a function of powder morphology
under these conditions correlated with the observations of several authors [24, 25] under varying conditions.
The fact that the prealloyed powder based coatings were distinctly more erosion resistant than the blended
powder based coatings at ambient temperature indicated that the relative response of these coatings is
dependent upon the erosion conditions and as a result no broad generalisation can be made in regard to the
relative erosion resistance of prealloyed or blended powder based coatings.

At 700ºC the variation of microstructural response with temperature and time were not as evident as at
800ºC. The similarity in the results of the as-sprayed and heat treated blended powder based coatings
suggests that the splat structure based mechanisms of mass loss were no longer as dominant as they were in
the samples at ambient temperature. In addition the similarity in the response of the as-sprayed and heat
treated prealloyed powder based coatings suggests that the development of the carbide structure was not as
dominant a factor in determining the extent of mass loss as noted at 800ºC.

The similarity in the blended powder based samples is thought to occur for the same reasons as discussed for
the 800ºC results. The ductility of the matrix phase at 700ºC appears sufficient to reduce the significance of
the splat boundary based mechanisms of mass loss in the as-sprayed state relative to the heat treated
condition. Again this points to the greater significance of microstructural based mechanisms of mass loss at
this temperature for this coating morphology.

The similarity in the as-sprayed and heat treated prealloyed powder based coatings is thought to occur as a
result of the complex interaction of the mechanical properties of each coating component as a function of
development with heat treatment. In the as-sprayed state the matrix phase dominated the response due to the
reduced carbide content, exhibiting a brittle erosion response comparable to that noted at ambient
temperature. With heat treatment the ductility of this phase increased due to the reduction of supersaturation.
However, this was countered by the development of the carbide microstructure which restricted the ability of
the matrix phase to undergo ductile deformation. The similarity in the erosive mass loss mechanisms
between the brittle matrix based response in the as-sprayed state and the restricted deformation behaviour
dictated by the developing carbide phase in the heat treated state accounts for the comparable erosion rates
across these samples. This mechanism is supported by the high as-sprayed erosion rate in the Microjet
HVOF coatings which underwent the greatest degree of in-flight carbide dissolution and therefore is the most
indicative sample in reflecting the matrix dominated response. Should this phase have exhibited a large
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degree of ductility then it would have been expected to show a similar response to that at 800ºC, the high
erosion rate in this case indicating a brittle response. Given the appearance of smooth splat boundaries in the
800ºC steady state erosion images for this sample and the brittle matrix response, it is likely that the splat
structure played a significant role in the mechanisms of mass loss of this sample. In this case the coating
response may also incorporate the sintering effect of the splats with heat treatment as the splat structure was
not noted to be significant in the images of these treated sample at the higher temperature. The results
therefore indicate that there is a complex interrelationship between the combined effect of the splat structure
and extent of matrix phase ductility in the as-sprayed state, which generates a similar erosion response to that
resulting from the interrelationship between the improved splat bonding but more restricted impact
deformation with carbide development following heat treatment. A more rigorous experimental analysis is
required to fully characterise the samples in each state prior to testing and the microstructural features of the
steady state eroded surface, to quantify the contribution of each mechanism to the overall response as a
function of microstructural development during erosion at this temperature.

While the mechanisms to account for the variation in response with each coating set are more complex than
at 800ºC, the mechanism behind the comparative erosion rate response of the prealloyed and blended powder
based coatings is thought to be the same as that proposed at the higher temperature.

Of practical significance is that the microhardness results measured as a function of heat treatment in
Chapter 5 were a poor indicator of the magnitude or ranking of response of these coatings. This was in spite
of the fact that, as pointed out in the discussion of the ambient temperature trials, many of the microstructural
developments proposed to account for the variation in microhardness with heat treatment were also
postulated to be significant in dictating the extent of erosive mass loss. Such results serve to reinforce the
widely noted observation that the material hardness, measured under low load rate conditions, is a poor
indicator of the erosion resistance.

While not strictly comparable, due to the variation in impact velocity, it is of interest to contrast the
magnitudes of mass loss response of the 700ºC and 800ºC trials in relation to the single impact studies. Even
taking into account the variation in exposure time of the 800ºC samples, the magnitudes of erosive mass loss
of these samples did not greatly exceed those at 700ºC, unlike the trend expected based on the literature
results. The single impact images indicated a greater extent of matrix phase ductility in the 800ºC trials
relative to those at 700ºC, raising the possibility that this temperature range encompasses the transition from
brittle to ductile behaviour for these coatings under these erosion conditions. Such a conclusion is in line
with that of Laugier [38] who noted a transition to a more ductile response in WC-Co cermets at 750ºC
relative to the results at lower temperatures. More work, particularly at lower impact angles, is required to
characterise this transition in response in that, practically, this may impose an upper limit to the application
temperature of this coating under these conditions.

From a practical viewpoint these results indicate that large variations in the in-service response of the
coatings may occur particularly at elevated temperature. Not only were variations in the response of the as-
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sprayed coatings noted as a function of starting powder morphology, but significant differences were noted
in the impact response and magnitude of erosion rate for coatings of the same powder sprayed by different
techniques. This is significant given that, by standard measures of coating assessment, both coatings were of
very high quality. These results also highlight that extensive variation in the erosion mechanism and erosion
rate can potentially occur in service over the exposure period of the coating at elevated temperature as a
function of the compositional and microstructural developments that take place. This is important to note not
only in relation to the erosion resistance under these conditions, but also in that the coating response as a
function of microstructural development is dependent upon the erosion conditions, particularly the size of the
impact features relative to the components within the microstructure.
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8.5 Summary
In this chapter the results of experimental trials conducted at ambient temperature, 700ºC and 800ºC were
discussed in relation to the effect of phase degradation during deposition, powder morphology and the
influence of heat treatment. Mechanisms derived from single impact studies were used to account for the
variation in the magnitude of the steady state erosion rate. The key findings from this review and analysis
are presented below.

Ambient temperature erosion impacts on the as-sprayed HVAF coating exhibited a brittle response. Within
the impact zone the matrix phase was plastically deformed without brittle cracking. The carbide phase was
readily cleaved by the erodent and exhibited signs of plastic deformation and cracking. Deformation outside
the impact zone was characterised by brittle fracture along the carbide-matrix interfaces and brittle matrix
phase extrusion. Extensive in-flight carbide dissolution in the prealloyed powder based Microjet HVOF
coating led to embrittlement of the matrix phase. Deformation within the impact zone was similar to that in
the HVAF coating, being accentuated by impact heating. Outside this zone the expansive pools of matrix
phase underwent extensive brittle cracking and chipping, in addition to crack propagation along the carbidematrix interfaces. The splat boundaries were also a preferential path for crack propagation, unlike in the
HVAF coating. Link up of the brittle crack networks with the splat structure led to the formation of large
chips of material.

The single impact erosion of the blended powder based coating was dictated by the localised phase
composition. The carbide splats exhibited brittle erosion characteristics, while the matrix based regions
formed ductile erosion features. The splat structure was a preferential path for crack propagation and
accentuated the extent of degradation, particularly during impact in mixed phase zones.

Heat treatment of the prealloyed powder based coatings increased the carbide phase concentration and
contiguity, leading to more carbide grains being incorporated within each impact zone. Carbide erosion
occurred by cutting/cleaving, fracture and plastic deformation. While carbide development provided greater
resistance to penetration, impact deformation was still dictated by the matrix phase. The matrix became
more ductile with the reduction in supersaturation, reflected in the formation of ductile mounds and platelets
with impact. Localised matrix deformation toughened the carbide-matrix interface, leading to minimal crack
propagation out from the impact zone. Sintering of the splats occurred with heat treatment, improving the
intersplat adhesion such that cracking was no longer noted to occur along such features.

Heat treatment had a negligible effect on the single impact response of the individual phases in the blended
powder based coating. The most significant effect was the improvement in intersplat adhesion through
sintering, with the impact response becoming dominated by the microstructural response of the carbide and
matrix phases.
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The prealloyed powder based HVAF and HVOF coatings exhibited comparable steady state erosion rates in
the as-sprayed condition, these results being distinctly more erosion resistant than the as-sprayed blended
powder based coating. Heat treatment improved the erosion resistance of all these coatings, although the
duration of heat treatment had no effect on the response. As the period of heat treatment for each coating
was based on the maxima and minima in the microhardness assessment in Chapter 5, this result highlights
that the coating microhardness is a poor indicator of the erosion resistance of these coatings under these trial
conditions. The erosion response of all the coatings was dictated by the splat structure, given the similarity
in performance of the HVAF and Microjet HVOF coatings in spite of the variation in as-sprayed
microstructure. This conclusion was reinforced further by the improvement in erosion resistance of the
blended powder based coating with heat treatment, which can only be attributed to the improved intersplat
adhesion following heat treatment. These results correlate with those in the literature pointing towards the
increasing significance of splat based erosion mass loss mechanisms with increasing severity of erosion
conditions.

Single impact testing at elevated temperature with erodent velocities up to 235m/s led to significantly deeper
and broader erodent indentations than noted in the ambient temperature trials. At 700ºC the as-sprayed
HVAF coating exhibited a brittle impact response with limited coating ductility. Impact deformation was
characterised by brittle fracture, brittle interphase cracking along the carbide-matrix interfaces, and brittle
matrix phase extrusion. Outside the impact zone the matrix displayed more ductile deformation, which
blunted crack propagation. Heat treatment increased the carbide phase concentration and reduced the
brittleness of the matrix phase induced by supersaturation.

The carbide phase development restricted

deformation of the matrix phase. However, the matrix phase ductility remained limited at this temperature,
leading to an impact response similar to that noted in the heat treated samples at ambient temperature.

The ductility of the as-sprayed prealloyed powder based coatings increased significantly at 800ºC. In the
HVAF coating the matrix phase exhibited extensive ductile deformation upon impact to form localised
mounds and platelets. Matrix phase embrittlement resulting from supersaturation was overcome by the
increased ductility. Plastic deformation toughened the carbide-matrix interface and dissipated the erodent
impact energy, preventing crack propagation away from the impact zone. The primary effect of carbide
dissolution was the reduction in the carbide concentration, further enabling the matrix phase to dictate the
impact response. While the carbide phase toughness increased with temperature, this phase still exhibited a
brittle impact response.

The as-sprayed Microjet HVOF coating exhibited similar impact deformation as the HVAF coating.
However, the more extensive degree of carbide dissolution notably reduced the ductility of the matrix phase
at this temperature relative to the HVAF coating. Splat boundaries were also a preferential path for crack
propagation in this coating, but not to the same extent as noted at ambient temperature due to the increased
coating ductility.
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Heat treatment reduced the ductility of both prealloyed powder based coatings. While the matrix phase
ductility increased with the reduction in supersaturation, the development of the carbide microstructure
restricted the ability of the matrix to deform in a ductile manner. The carbide phase played a greater role in
dictating impact deformation.

Impact induced movement of the carbide agglomerates resulted in the

formation of large debris mounds and flakes of displaced material that were readily eroded away with
subsequent impacts. Such deformation generated high interphase stresses, leading to crack propagation
along the carbide matrix interface and localised fracture.

Elevated temperature impact on the as-sprayed blended powder based coatings generated the same
generalised spectrum of responses noted at ambient temperature. The matrix phase ductility was greater than
in the ambient temperature trials. While the toughness of the carbide phase increases with temperature, this
phase still exhibited a brittle response. The increased coating ductility reduced the significance of the splat
structure on determining the extent of impact deformation, in spite of the greater depth of erodent penetration
at 700ºC and 800ºC. Heat treatment had a minimal influence on the single impact response due to the
limited microstructural development and the reduced significance of the greater interpslat strength achieved
through sintering.

The steady state erosion rate at 700ºC was comparable across all of the coatings in both the as-sprayed and
heat treated states under these erosion conditions. Heat treatment had no effect on improving the erosion
resistance, although there was notably less scatter in the results of the replicated heat treated specimen trials.
At 800ºC the results were again of comparable magnitudes across all the coatings. Heat treatment had a
negative effect on the response of the prealloyed powder based coatings but no definitive effect on the
erosion resistance of the blended powder based coatings. Of the prealloyed powder based coatings the
Microjet HVOF samples were distinctly more erosion resistant than the HVAF coatings under these
conditions.

These results point to the reduction in significance of the coating splat structure on dictating the magnitude
of erosion, in favour of a more microstructural based response. This is reflected in the poorer performance
of the heat treated prealloyed powder based coatings where, in spite of the improved intersplat adhesion, the
development of the carbide microstructure restricted the ability of the matrix to deform in a ductile manner,
leading to more extensive cracking and hence more extensive mass loss. This conclusion is reinforced by the
similarity in response of the as-sprayed and heat treated blended powder based coatings which showed
negligible microstructural variation.

In a similar manner to the ambient temperature trials, the results of the elevated temperature erosion trials
highlighted the conclusion that the coating microhardness is a poor indicator of erosion resistance of Cr3C2NiCr coatings under these trials conditions.
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Chapter 9
Erosion-Oxidation of
Cr3C2-NiCr Thermal Spray
Coatings

9.1 Introduction
Erosion-oxidation is a generalised wear phenomenon where the combined effect of each degradation
mechanism generates more extensive mass loss than the sum of each mechanism acting independently [129]. While an extensive depth of knowledge has been presented regarding the isolated effects of erosion and
high temperature oxidation, a clear picture of their combined effect is still being resolved. Such degradation
occurs across many industries, but research has primarily been directed at applications associated with
fluidised bed combustion, and those utilising turbines for power generation and transport. The broad range
in operating conditions in such industries generates a spectrum of erosion-oxidation responses ranging from
the erosion induced breakdown of oxide scales in corrosive environments, through to the development of
thin oxide layers in highly erosive environments.

The drive for alternatives to oil-based power generation has highlighted the use of coal combustion [11] of
which fluidised bed combustion is recognised as the most efficient process [24, 30]. Erosion occurs within
the fluidised bed units on the in-bed heat transfer tubes. These are subjected to high frequency erosive
impact by coal particles, SiO2 bed material and bed ash particles of up to 100µm [31-33], travelling at up to
2m/s [32, 34] during combustion at up to 850-900ºC [35].

Above the bed, entrainment of high

concentrations of silica and fly ash in the combustion gas travelling at speeds of 30m/s, causes further
erosion of heat exchanger tubing, ducting and structural components further down stream [6, 10, 25, 28, 3234, 36-45].

In contrast to the high flux of low velocity impacts of large particles in fluidised bed

applications, erosion of turbine components is generated by very low erodent fluxes of small particles at
considerably higher impact velocities [30]. Mobility turbines used in jet engines, helicopters and hovercraft
are prone to erosion by runway debris and sand [4, 5, 10, 26, 46-52] as well as salt and pyrolytic carbon [4,
51] which is shed from components within the engine after extended running at temperatures up to 900ºC
[53]. Land based power generation turbines operate under cleaner conditions where filters reduce the size
and flux of erodent. In steam turbines operating at up to 538ºC, iron oxide formed within the heat exchanger
tubing is the dominant erodent [46-49, 54-56]. Typically less than 100µm [55], the particle concentration in
such applications is of the order of 1ppm [56]. Within coal based power recovery turbines operating at inlet
temperatures of up to 1400ºC [57, 58], erosion is generated by coal ash of less than 20µm at concentrations
of 0.00025-0.0046g/m3 of expansion gas [57].

Excessive erosion of stator vanes and rotor blades is
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generated by particles as small as 6-12µm impacting at speeds ranging from 150-540m/s [57]. Degradation
under such conditions has been shown to reduce operating times from in excess of 20,000 hours to as low as
5,000-10,000 hours [59].

Experimentally, simulation work of industrial erosion-oxidation degradation mechanisms has focused
primarily on bulk alloy materials with well characterised oxidation responses. The erosion conditions have
typically been of relatively low temperature, low particle impact velocity and high erodent fluxes, which are
readily generated in laboratory scale equipment. As such, these results have been most applicable to
conditions found in fluidised beds. Few works have addressed erosion-oxidation under simulated turbine
conditions of high temperature, high particle impact velocity and low particle flux. In particular, attaining
sufficiently low erodent feedrates of industrially relevant fine particles has been especially challenging.
Because of this, the erosive component of mass loss has dominated the results of most published works,
making it difficult to assess the effect of the oxidation component of slow growing, industrially relevant
scales such as Cr2O3 and Al2O3.

While widely applied to mitigate the effects of erosion-oxidation the response of thermally sprayed coatings
has typically been assessed on a comparative basis by contrasting coatings from various coating
compositions and deposition techniques, with well characterised bulk materials. Little has been presented
regarding the microstructural mechanisms of erosion-oxidation, particularly for Cr3C2-NiCr coatings. This is
particularly evident given the limited understanding of the oxidation mechanisms of this cermet. Similarly
little is known regarding the generalised mechanisms of Cr3C2-NiCr coating erosion, particularly as a
function of carbide degradation during deposition. Furthermore the variation in the coating response to such
mechanisms of degradation at high temperature and under high particle velocity conditions, for long periods
of in-service exposure, have not been widely addressed.

The aim of this section of work was to determine the mechanisms of erosion-oxidation of high velocity
sprayed Cr3C2-NiCr coatings under simulated turbine conditions of high temperature, high erodent velocity
and low erodent flux. This research builds on the foundation of knowledge discussed in Chapters 5-8,
combining the effect of heat treatment, in the simulation of long-term in-service exposure, oxidation and
erosion to characterise the mechanisms of Cr3C2-NiCr coating erosion-oxidation. Because of the relatively
slow rate of component degradation relative to the aggressive erosion trials of Chapter 7, this work focused
on the mechanisms of erosion-oxidation rather than quantifying the extent of attack in terms of mass loss.
Simulation of extended exposure was achieved both by trialling samples for 60 days at 900ºC and through
the use of heat treated samples with steady state microstructures. The industrially significant effect of low
particle feedrates was addressed by using intermittent erosion periods of 1 second every 48 hours to enable
the oxidation component of degradation to be reflected in the coating response. Particular focus was applied
to contrasting the effect of starting powder morphology and deposition technique, particularly in regard to
the long-term response of the matrix and carbide phases. The impact of the surface scale response was
assessed using single impact trials on preoxidised specimens. In addition, the long-term response of erosionoxidation on the coating composition was addressed using both oxidation followed by surface grinding and
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oxidation followed by erosion trials, for periods of up to 60 days. The experimental strategy for the chapter
is schematically illustrated in Figure 9.1.

Coating Characterisation
Heat Treatment
900ºC

Oxidation
700-900ºC

Erosion
Ambient Temperature

Erosion
Elevated Temperature

Erosion-Oxidation

• Samples:

As-Sprayed: Aerospray HVAF, Microjet HVOF, Blended
Powder
o Heat Treated: Aerospray HVAF, Microjet HVOF, Blended
Powder
• Oxide Scale Erosion
o Oxidation time: 12, 24, 48 hours
o Temperature: 700ºC, 800ºC
o Erosion time: 1 second
• Goal: Determine the oxide erosion response as a function of oxide thickness
and underlying coating morphology.
o

• Erosion-Oxidation – Scale Thinning (Polishing)
o Procedure: Polishing scale every 48 hours
o Duration: 60 days
o Temperature: 700, 800, 900ºC
• Erosion-Oxidation – Scale Thinning (Erosive scale thinning)
o Procedure: Erosion for 1 second every 48 hours
o Duration: 60 days
o Temperature: 900ºC
• Goal: Determine the mechanism of erosion-oxidation of Cr3C2-NiCr
coatings under turbine erosion conditions.

Figure 9.1 Overview of the experimental strategy of this chapter.

289

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings

9.2 Classification of Erosion-Oxidation Regimes
Several research groups have addressed the mechanisms of erosion-oxidation, their different approaches
reflected in the diverse ways in which the various regimes of erosion-dominated through to oxidationdominated degradation have been defined. These have been summarised by Stack et al [1] in Table 9.1 [1]

Table 9.1 Erosion-Oxidation regimes defined in the literature (Reproduced from [1]).
Ref

Erosion Regimes
Increasing influence of erosion
Increasing influence of oxidation
Flaking of
oxidation
product

Erosion of the
oxidation product
without flaking

Erosion
affected
oxidation

[7]

Erosion
dominated

Erosion of oxidation
product and substrate

[15, 17]

Erosion

Oxidation affected
erosion

[2, 3,
60]

Substrate
dominated

Scale modified

Scale dominated

[14]

Erosion
dominated

Erosion-oxidation
dominated

Oxidation dominated

[28]

Metal
erosion

Oxidation affected
erosion

Oxidation controlled erosion

[1, 27,
61]

Erosion
dominated

Erosion-oxidation
dominated

Erosion Enhanced Oxidation
Type III
Type I
Type II

Oxidation dominated I

Oxidation

Erosion of
oxide only

Oxidation dominated II

Erosion-oxidation can be broadly classified into four regimes, Figure 9.2. In the erosion-dominated regime
mass loss occurs primarily through erosion of the substrate material, Figure 9.2 [28, 60]. Oxidation plays a
negligible role because conditions are not suitable for scale formation, as the rate of erosion is substantially
greater than the oxidation rate. If a scale layer develops it is very thin relative to the depth of penetration of
the erodent (typically less than 10% of the erodent penetration depth [6, 28]) and as such has no definitive
influence on the erosion process. Mass loss occurs through the mechanisms outlined in Chapter 7. This
regime is favoured at low temperatures, typically up to half the melting temperature of the substrate, and in
inert atmospheres where oxide formation is negligible [6, 28]. Aggressive erosion conditions such as high
particle velocity, high erodent concentrations and hard, angular erodents prevent oxide development and thus
also favour erosion degradation [6, 28].

At the other extreme in the oxidation-dominated regime, degradation occurs solely through oxide formation.
Where only minor erosive chipping of the scale occurs this does not alter the fundamental mechanism of
oxide formation and oxygen diffusion, with the kinetics of mass gain essentially following those under pure
oxidation.
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Erosion dominated

Substrate

Oxide

Oxidation affected erosion
Substrate

Erosion affected oxidation

Oxide
Substrate

Oxidation dominated

Oxide
Substrate

Figure 9.2 Schematic illustration of the variation in erosion-oxidation regimes based on the scale thickness
in relation to the depth of deformation. Based on the classification presented in [3].
The wide range of interactions between these regimes encompasses the bulk of industrially significant
erosion-oxidation conditions. These vary from increased resistance to erodent penetration generated by
surface oxides during substrate erosion, to accelerated oxidation through erosive chipping of the oxide.
These responses are broadly characterised as oxidation-affected-erosion and erosion-affected-oxidation
respectively.
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9.2.1 Oxidation-Affected-Erosion
Based on the founding work of Hogmark et al [7], the oxidation-affected-erosion regime, by definition,
occurs when the scale is of sufficient thickness to influence the extent of impact damage but the overall
response remains dominated by substrate erosion, Figure 9.3. Mass loss occurs primarily through substrate
removal, with the oxide scale impacting on both the mechanism and efficiency of degradation. The erodent
impacts the surface with sufficient energy to penetrate the surface scale and underlying substrate. Substrate
mass loss occurs by the same mechanisms as in pure erosion. The influence of the scale layer on this
mechanism is critically dependent upon the ductile or brittle erosive response of the scale. This is dictated
primarily by the mechanical properties of the scale and substrate at the test temperature, scale composition
and scale thickness [6, 15, 28, 60, 62].

Erodent

Thin, adherent, protective scale
layer. Remains adherent to the
deformed substrate.

Scale formation forms a surface composite over
the depth of deformation of erosion, influencing
the extent of substrate deformation.

Figure 9.3 Representative impact illustrating an oxidation-affected-erosion impact. Reproduced from [7].
Where the scale is thin and ductile, it may plastically deform with the substrate during particle impact,
without cracking or flaking. The adherent scale layer forms a sandwich composite with the substrate over
the thickness of deformation, thereby altering the effective surface material mechanical properties and
potentially inhibiting the extent of erodent penetration [3, 6, 28, 60], Figure 9.3. Such a response has been
postulated by Zhou and Bahadur [62] to account for the reduced erosion rate of stainless steels when eroded
at high temperature in air, relative to results generated under a nitrogen atmosphere.

Adherent scales that are thicker or more brittle, break up under impact as a result of cracking or deformation
of the substrate [6, 11, 12, 17, 28, 60]. Mass loss may occur through localised spallation of fractured oxide
chips and by the ductile erosion mechanisms of the substrate, whereby composite chips of deformed
substrate material with retained scale layers are produced [11]. Alternatively a composite layer may form on
the surface, made up of oxide fragments that have been forged and embedded into the surface [11], erodent
fragments broken off within the oxide and substrate [6, 11, 15, 17, 28], extruded and deformed substrate
material [15, 17] and the rapidly reforming oxide scale, Figure 9.4.
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Localised erosion induced
scale spallation.

Composite surface layer comprised
of the scale layer, retained erodent
fragments and scale segments forged
into the surface.

Erodent

Erodent impact zone, generating
scale and substrate deformation.
Retained erodent fragments.

Substrate

Scale segments forged into the
substrate.

Figure 9.4 Development of a composite layer during oxidation-affected-erosion. Image reproduced from
Hogmark [7].
This composite layer may significantly impact on the response [15], potentially influencing the oxidation
mechanism and growth kinetics of the scale, as well as the erosion response through the variation in
mechanical properties of the composite [3, 6, 28, 63].

With extended exposure, scale removal and

reformation may lead to preferential consumption of scale forming elements in alloys, not only influencing
the composition of the scale, and hence its rate of formation and mechanical properties, but also altering the
composition of the substrate and hence its mechanical properties and erosion response. The formation of
such a composite layer is proposed to accelerate the erosive loss of material relative to that without oxidation
[15]. Such a mechanism has been experimentally verified by Kang et al [17] in the erosion of Ni, whereby
the erosion rate in air was substantially greater than that in a nitrogen atmosphere at 800ºC. Metallographic
examination highlighted the composite structure above, in the air treated sample.

These authors also

highlighted an additional substrate loss mechanism based on localised melting [17]. The erodent particle
penetrates through the scale layer and into the substrate. The rapid localised plastic deformation of the
substrate leads to extrusion of the material between the erodent and the scale layer, as well as high localised
temperatures. This combination of factors liquefies the extruded substrate material, which is ejected out of
the surface.

Mathematical modelling by Stephenson et al [2, 3, 60], based on mechanical property relationships and
hertzian fracture behaviour with a spherical indenter, has broadly defined the boundaries of this regime based
on the scale layer thickness, z, and the hertzian contact radius, a [2, 3, 60], Equation 9.1:

z/a < 0.1 substrate erosion
< z/a <0.23 oxidation affected erosion
z/a > 0.23 erosion affected oxidation

Equation 9.1
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This model is based solely on oxide erosion, with no substrate erosion assumed until the “substrate erosion”
regime above, where almost all erosion occurs in this material.

Sundararajan et al [6, 28] proposed a similar set of boundary conditions, but based on the extent of erosion
penetration and plastically deformed zone, relative to the scale thickness, Equation 9.2:

z/LM < 0.1 substrate erosion
0.1LM < z < 2LO Oxidation affected erosion
z > 2LO Erosion affected oxidation

Equation 9.2

Where z = scale thickness
LM = depth of the plastically deformed zone in the substrate
LO = depth of the plastically deformed zone in the oxide scale

9.2.2 Erosion-Affected-Oxidation
As a definition, material degradation in this regime occurs through erosion of the oxide scale alone, with no
deformation of the substrate.

Material consumption occurs through the accelerated rate of oxidation

resulting from scale thinning. Rishel et al [15] have broadly characterised this regime into three subsections
that incorporate the basis of all mechanisms proposed in the literature, Figure 9.5.

Figure 9.5 Schematic differentiating the various erosion-oxidation regimes, subdividing the erosionaffected-oxidation regime into three principle categories. Reproduced from Rishel [15].
Type I Erosion-Affected-Oxidation: In this, the most commonly postulated [3, 6, 7, 11, 15, 17, 28, 60, 63]
regime, erosion impacts are of insufficient energy to penetrate the scale layer to the substrate, Figure 9.5.
Surface erosion of the scale occurs through either brittle or ductile mechanisms depending on the erosion
conditions [3, 7, 11, 60, 63]. The localised reduction in scale thickness reduces the diffusion barrier for
transport of scale forming elements from the substrate, leading to accelerated oxide growth in these regions,
Figure 9.6. Parabolic oxidation is generally assumed to occur in these models/proposals.
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Figure 9.6 Schematic
illustration of low erodent flux
based Type I erosion-affectedoxidation whereby localised
thinning of the scale leads to
accelerated localised oxide
growth.

Localised
oxide erosion

Scale
Substrate

Reduction in the thickness of the
localised oxide diffusion barrier results
in rapid oxide growth in these regions.

Diffusion of scale
elements to repair the
thinned surface scale.

Under more aggressive erosion conditions, erosion reduces the scale thickness over the entire surface. As
the scale thins, the oxidation rate increases. Scale reduction continues until the rate of erosive scale loss is
balanced by the rate of oxidation mass gain. At this point a steady state oxide thickness is maintained,
however, the rate of substrate consumption remains very high. Essentially the erosive thinning of the scale
prevents a protective barrier of sufficient thickness that would generate lower mass gains, holding the sample
in a continuous state of rapid transient oxidation, Figure 9.7.

Steady state scale thickness
whereby scale thickness loss
by erosion is matched by scale
growth by oxidation.

Localised erosive chipping of the surface scale
generating a homogeneous reduction in oxide
thickness across the surface
Scale thickness reduction
by erosion.
Scale thickness growth
by oxidation.

Substrate

While a steady state scale
thickness is maintained the
substrate continues to be
consumed at a rapid rate.

Figure 9.7 Schematic illustration showing the processes during high erodent flux based type I erosionaffected-oxidation. The rate of erosive scale thinning is matched by the rate of oxide growth by oxidation,
leading to accelerated substrate oxidative consumption.
The implicit assumption in this model, as highlighted by Kang et al [17] and Rishel [15], is that the erosion
process does not impact on the oxidation mechanism. Mass gain occurs only through a diffusion controlled
process through a protective scale layer. As such the erosion process must not introduce any defects, such as
through cracks, into the scale, which would potentially accelerate the oxide growth rate.

Type II Erosion-Affected-Oxidation: Several works have noted the development of scale layers under
erosive conditions that are substantially thicker than those developed under the same conditions without
erosion [15, 62], Figure 9.5. Richel [15] and Kang [17] have proposed that the erosive stream modifies the
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scale and potentially influences the oxidation mechanism. Erosive impact is considered to generate and
maintain rapid diffusion paths such as cracks and/or the formation of extensive dislocation networks. With
extended exposure a shift in scale composition and growth rate is possible through selective oxidation.
Consumption of oxide forming elements, such as Al and Cr, through scale formation and erosion, reduces
their concentration in the alloy below the level at which they can maintain a continuous protective oxide
layer. Less protective, more rapidly forming oxides can therefore develop, generating thicker, but less
protective scale layers.

Type III Erosion-Affected-Oxidation: This subsection encompasses a variety of mechanisms based on
erosion-induced spallation of the scale. Under oxidation alone, scale spallation as a result of stress build-up
is typically generated as a function of growth stresses and temperature changes [15], scale flaking occurring
at a critical layer thickness [7]. For materials prone to spallation during oxidation, Hogmark et al [7] note
that the addition of an erosive component may either inhibit or enhance such a response. Where the scale
remains adherent below the critical thickness, erosion may reduce the tendency for spallation by maintaining
the scale layer below the critical thickness. Alternatively, erosive impact may induce further stresses in the
scale layer, reducing the critical thickness for spallation and thereby accelerating the oxidative attack.

More commonly erosion induced spallation of otherwise protective scales has been considered [2, 3, 6, 7, 11,
15, 28, 60, 63], Figure 9.8.

Critical Scale Thickness –
Scale separation occurs down
to the substrate with each
impact.

Erodent
Scale
chipping

Scale
Substrate

Chip dimensions similar to cross
section of erodent at impact.

Figure 9.8 Schematic illustration showing the processes during type III erosion-affected-oxidation. Each
impact event removes the scale down to the substrate-scale interface. The scale thickness is typically of the
same order of magnitude as the depth of indentation, while the cross-sectional area of the oxide chip is of a
similar size to the cross-section of the impacting erodent particle.
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Three regions of interest are differentiated, based essentially on the scale thickness. Erosion of thin scales
does not induce spallation, erosion presumably occurring through brittle or ductile mechanisms, or even
oxidation affected erosion. Spallation is not observed until the scale reaches a critical thickness [2, 3, 6, 15,
28, 60]. For scales at or slightly above this value, separation of the scale down to the substrate occurs with
each impact.

Experimentally Rishel et al [15] and Hogmark et al [7] have observed that the lateral

dimensions of spalled scales are similar to those of the impacting particle, while the depth of penetration is
similar to the instantaneous scale thickness. Loss of scale-substrate adhesion has been postulated to result
from a variety of mechanisms, including failure from stresses at the interface induced by shock waves from
the particles impact [15, 63], the shearing action generated by displacement of the oxide or underlying
substrate during impact [63], as well as the interface being a preferential zone for crack propagation during
impact [2, 4, 5, 51].

As the scale continues to thicken it reaches a second critical thickness [11], whereby all of the erodent impact
energy is dissipated within the scale layer. Spallation no longer occurs, with erosion of the oxide surface
occurring in a manner akin to a brittle oxide sample. Erosion-oxidation in this case occurs by a mechanism
akin to type I erosion-affected-oxidation.

9.3 Effect of Process Variables on Erosion-Oxidation
Mechanistically, the influence of the key time-independent variables at ambient temperature (velocity,
impact angle, particle size etc) also applies during erosion oxidation. The introduction of an oxidation
component to the degradation mechanism introduces a time dependence to the response, increasing the
significance of the temperature and particle flux through their effect on scale growth.

9.3.1 Temperature
The primary effect of temperature in erosion-oxidation is in relation to the rate of oxidation, in addition to its
effect on mechanical properties as discussed in Chapter 7. Stack et al [27] have correlated the effect of
temperature on the erosive mass loss for a series of materials in terms of the erosion-oxidation regimes
described previously. They noted a consistent trend in response across a range of alloys tested under low
velocity impacts as a function of temperature. At low temperatures, low mass loss rates occurred. These
increased with temperature, rapidly rising to a peak mass loss rate over a limited temperature range, before
rapidly decreasing again with increasing temperature. The peak in response occurred at higher temperatures,
with more aggressive erosion conditions and greater oxidation resistance of the alloy [27]. They accounted
for this behaviour in the following manner assuming parabolic oxidation kinetics, Figure 9.9 [1, 61].
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Figure 9.9 Transitions through the
erosion-oxidation regimes as a function
of increasing temperature, based on the
work of Stack et al [1]. Reproduced
from Stack et al [1].

At low temperatures the oxidation rate is negligible, erosive mass loss occurring primarily from the substrate
alone (erosion dominated regime). With increasing temperature the oxidation rate rapidly increases, enabling
the scale to grow to greater thickness between erodent impacts (oxidation affected erosion).

Further

temperature increases led to a transition to oxide based erosion (erosion affected oxidation) where the scale
was assumed to be removed to the substrate with each impact, possibly with some substrate material. Such
behaviour was termed “erosion-oxidation-dominated” by these authors. A critical point is reached with
increasing temperature whereby all of the impact energy is contained within the scale layer without
spallation to the substrate. This represents the peak in mass loss and the transition to an oxidation dominated
regime, Figure 9.9. Mass loss occurs by localised chipping of the scale. However, this is countered by the
increased oxidation rate, reducing the observed mass loss. The authors subdivide this region into “oxidationdominated 1” and “oxidation-dominated 2”. The first region encompasses the transition from peak mass loss
to the point of mass gain. The second region accounts for the period over which only mass gain occurs,
although, as highlighted in Figure 9.9, the metal recession rate due to oxidation increases in this regime.

9.3.2 Particle Flux
At ambient temperature the amount of erodent impacting per time period (erodent flux) has a negligible
effect on the erosion mechanism in that it is the total mass of erodent applied per test that is significant, not
the rate at which it is applied. It only becomes of practical significance in testing where the flux is so high
that particles rebounding off the surface interfere with the incoming erodent stream and effectively shield the
substrate [10]. At elevated temperatures, however, this variable is critical in that it determines the time
between impacts at one location and, therefore, the period over which oxide growth can repair the impact
damage [6, 12, 63]. As a result of this dependence the erosion-oxidation response for a given set of erosion
conditions and temperature will tend to shift from the oxidation-dominated regime through to the erosiondominated regime with increasing erodent flux.
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Within the regimes dominated by oxide erosion Sethi and Wright [6, 12, 14, 63] have highlighted the critical
dependence of the rate of substrate recession on the erodent flux based on parabolic oxidation kinetics,
Figure 9.10.

Figure 9.10 Effect of changing erodent flux on the
erosion-oxidation rate. Reproduced from the work
of Sethi and Wright [12, 14].
High

Medium
Low

At low flux rates the scale rapidly re-grows and assumes protective oxidation kinetics between each impact.
As the flux increases, however, the scale is removed while still undergoing rapid oxidation. As such the
kinetics of scale growth are maintained in the rapid “transient oxidation” state, leading to extensive rates of
substrate consumption. Such behaviour has been experimentally observed by Link et al [22] in regard to
erosion-oxidation of Ni, Ni20Cr and Ni30Cr alloys. The increased Cr content would be expected to generate
more protective oxide scales and reduce the rate of substrate degradation. However, under their trial
conditions at 700ºC and 800ºC (0.4 g/min of 20 µm Al2O3 at 75 m/s and 125 m/s) all samples showed
comparable magnitudes of mass loss. The authors suggested that the inability of Cr to inhibit erosionoxidation was caused by the high erodent flux which prevented the slow forming Cr2O3 scale from becoming
established and, therefore, maintaining all three alloys in an essentially transient state where only Ni oxides
could form.
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9.4 Erosion of Oxide Scales
From a practical viewpoint, mitigation of erosion-oxidation degradation requires the formation of a slow
growing, adhesive oxide scale that is sufficiently ductile at temperature to undergo deformation by impact
without extensive cracking or spallation [4, 5]. The ability of scales to deform in this manner is dictated by a
complex interaction between the mechanical properties of the substrate and oxide at temperature, the scale
thickness, the nature of the scale-substrate interface, the scale morphology and the erosion conditions [2, 4,
5, 11, 51].

As noted in Chapter 7, metal and alloy substrates exhibit greater degrees of ductility under impact at high
temperatures. The temperature at which this transition occurs is defined as the ductile-to-brittle transition
temperature (DBTT). Below this, the substrate hardness and strength remains almost constant [4, 5, 51, 64],
with minimal plastic deformation under erosion. Above this temperature more of the impact energy during
erosion is accommodated through ductile deformation of the substrate, resulting in material displacement and
the formation of mounds and platelets of displaced material. In a similar manner, work at the School of
Industrial Science, Cranfield [51], on the variation in resonant frequency as a function of oxide growth, has
shown that chromium oxide plasticity increases significantly above 800ºC [64]. Oxide plasticity has also
been observed under erosion conditions by Stephenson et al [2, 4, 51] over a similar temperature range and
by Ives at 975ºC [65] for chromium oxide, for Ni oxides by Kang et al [17] and Hancock et al [29] at 800ºC
and 900ºC respectively, as well as by Wang et al [66] and Ninham et al [67] on Fe alloys and steels at 600ºC.
The interaction between the scale and substrate under erosion and the resulting deformation, is then, defined
largely by the temperature and the effective modulus of the sandwich composite (substrate plus oxide layer),
the latter dictated primarily by the scale thickness [2, 3, 60]. This complex inter-relationship has been
extensively investigated by Stephenson et al [2-5, 51, 60, 68] for high temperature Ni base alloys under
conditions similar to those of marine turbine engines, which are prone to erosion by large carbon and salt
particles (700-950ºC, 90º impact angle, 250 m/s gas velocity of 300 µm sea salt and carbon particles). At
700ºC, 0.1 µm scales had a negligible effect on the erosion response, the impact craters exhibiting limited
ductile deformation of the substrate and scale. 1 µm scales exhibited a brittle response at this temperature,
the oxide forming radial and ring cracks around each impact zone. The scale did, however, remain adherent
to the substrate which underwent limited deformation. Scales greater than 5 µm failed in a brittle manner,
the oxide cracking and spalling at the scale-substrate interface. The entire impact load was absorbed by the
scale layer, with no deformation of the substrate. At 850ºC the enhanced plasticity of the oxide and substrate
led to scales up to 1 µm thick deforming in a ductile manner with the substrate. No cracking or fracture
occurred in this oxide. Scales of 5-10 µm exhibited brittle erosion features, fracture and spallation occurring
to the scale-substrate interface. In spite of the increased plasticity of both phases, impact damage was
retained within the scale alone. At 950ºC, scales up to 3 µm thick exhibited ductile behaviour without
fracture, while brittle behaviour was only observed at thicknesses in excess of 10 µm. Based on these single
impact studies the authors generated Figure 9.11, illustrating the ductile to brittle transition in chromia scale
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response for the alloy IN738C under fixed erosion conditions as a function of temperature. The dashed lines
illustrate the oxidation response as a function of time at the specified temperature.

Figure 9.11 Transition in the ductile to brittle erosion impact response of the chromia scales formed on
IN738C from the work of Stephenson et al [68]. The dashed lines superimposed on the graph reflect the
scale thickness as a function of time at each temperature. Reproduced from [68].
A similar transition plot was generated by the same authors for aluminised samples under the same
conditions [5]. The same shape of brittle to ductile response was observed but the transition occurred at
significantly lower scale thicknesses, reflecting the more brittle nature of Al2O3 relative to Cr2O3 at a given
temperature [5]. The results of Wang et al [66] on the erosion of steels up to 650ºC also appear to follow a
similar generalised response.

These results were all obtained under fixed erosion conditions, but mechanistically the scale response is
expected to vary with the severity of erosion. Such variation has been modelled by Nicholls and Stephenson
[2, 3], taking into account the effective surface modulus generated by a sandwich composite scale-substrate
layer, temperature effects and the impact of velocity on the deformation response. A schematic plot, Figure
9.12, based on these calculations defines four regimes of oxide and substrate deformation [2]:
i.

Deformation of the scale layer but without significant oxide fracture. Elastic deformation of the
substrate without plastic deformation

ii.

Plastic deformation of the substrate (elastic-plastic deformation) without scale fracture

iii.

Fracturing of the scale layer without plastic deformation of the substrate

iv.

Fracturing of the scale layer combined with gross substrate plastic deformation (elastic-plastic
deformation)
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Impact Velocity

Elastic Plastic
No Oxide Fracture

Elastic Plastic
Oxide Fracture
VCRIT Plastic
Elastic
No Oxide Fracture

Elastic
Oxide Fracture
VCRIT Fracture

Effective Surface Modulus
(oxide thickness)

Figure 9.12 Variation in the modes of scale/substrate erosion damage as a function of the erosion
conditions (particle velocity) and the scale thickness. Reproduced from Stephenson et al [2].
A determining factor in the oxide response is the nature of the scale-substrate interface. The significance of
this interface appears dependent primarily on the manner in which the impact load can be distributed across
it. This in turn is largely dependent upon the ductility of the underlying substrate. When this is limited, the
impact load is concentrated within the scale, leading to a loss of scale adhesion through rapid crack
propagation at the oxide-substrate interface [4]. Where the substrate ductility is capable of absorbing some
of the impact load, the interface is not such an evident weakness, with the scale response more a function of
the ability of the oxide to undergo deformation. The ability of the near surface zone of material to deform in
this manner has been noted in several cases to be effected by oxidation time. During investigations on
erosion-oxidation studies of chromia scales on the Ni based alloy MarM002 and 310SS, Stephenson et al [4]
and Maasberg et al [23] noted the formation of hard Al2O3 and SiO2 subscales respectively beneath the upper
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chromia layer. Both authors highlighted that such oxides reduced the ability of load to be transferred to the
substrate [4] and deteriorated the bond between the scale and the substrate [23], resulting in a reduction in
erosion resistance. At the other extreme Chang et al [21] highlighted the selective oxidation of Al in
CoCrAlY and Ni20Al alloys, resulting in the formation of an Al denuded zone. Depending on the makeup
of the alloy, such a zone may lead to a band of softer material in the near surface zone that may potentially
allow greater substrate surface ductility.

9.5 Erosion-Oxidation of Thermal Spray Coatings
A large body of work has been presented regarding the erosion-oxidation performance of a range of thermal
spray coating compositions and deposition techniques, under a variety of erosion conditions, Table A5.1
(Appendix 5). It is evident from the particulate erodent and moderate temperature and velocities used, that
the majority of trials have focused on erosion-oxidation conditions experienced with fluidised bed
equipment. Few trials have addressed erosion-oxidation of thermal spray coatings under high temperature,
high velocity conditions, outside of the works of Walsh [46, 49, 69-71], Sielski and Sahoo [72], and
Tabakoff [47, 48, 54].

The majority of works have centred on testing on a comparative basis, assessing the erosion-oxidation rate as
a function of deposition technique, coating composition and key erosion variables. While several studies
exhibited metallographic analysis of eroded specimens [36, 37, 40, 66, 73-80], little has been presented in
terms of a microstructural focus on erosion and oxidation mechanisms with regard to thermal spray coatings.

Laboratory scale testing has typically been conducted under severe erosion conditions that make it difficult
to assess the impact of oxidation directly. This situation is largely related to the application of fluidised bed
erosion and the high flux rate of erodent particles encountered in such applications. In addition, it is very
difficult to assess the impact of industrially relevant, slow growing scales such as Cr2O3 and Al2O3, due to
the difficulties of controlling accurate and consistent low erodent fluxes, as well as the time scale over which
such erosion-oxidation interactions occur [15, 17, 22]. As such, most studies have reported on erosion of the
base material with few observing the physical effect of oxide scales [80, 81]. A notable exception to this has
been the work of Uusitalo et al [73] in the characteristics of the effect of chlorine compounds on the erosionoxidation of various thermal spray coatings.

In addition, few of the studies have investigated the

significance of very high velocity impact conditions on the mechanism of erosion-oxidation, Table A5.1
(Appendix 5).

Carbide based coatings have been extensively investigated, but little has been presented regarding their
ability to operate at elevated temperatures.

While Wang and Verstak [80] have highlighted the poor

oxidation performance of TiC under erosion-oxidation conditions and Uusitalo et al [73] have highlighted
the rapid oxidation of Cr3C2 based coatings in the presence of chlorine at elevated temperature, work has yet
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to be presented regarding the mechanism of degradation of such coatings under erosion-oxidation conditions.
Related to this is the short period over which most erosion-oxidation trials have been run, typically ranging
from several hours up to 24 hours. The notable exception is the work of Wlodek [56], with samples in this
work exposed for periods of up to 120 hours. Some account of the effect of long-term exposure has also
been considered by Walsh et al [69-71] by testing heat-treated coatings. The works of both groups, however,
were focused on comparative assessment of different coating compositions, with little microstructural
analysis presented. There are no studies (to this authors knowledge) incorporating mechanisms of erosionoxidation of industrially relevant thermal spray coatings under periods of extended exposure.

9.6 Experimental Procedure
The principle aim of this section of work was to characterise the mechanism of erosion-oxidation of Cr3C2NiCr coatings as a function of coating microstructure. To achieve this, two sets of experiments were
performed to:
i.

Assess the effect of oxide thickness on the response of the oxide to erodent impact, and the
extent of substrate deformation, Table 9.2. The results of this work would therefore define the
regime of erosion-oxidation for each impact event.

ii.

Assess the effect of continual scale removal and surface deformation on the oxidation response
of the coating phases with long-term exposure, Table 9.3 and Table 9.4.

The topographical response of the scale to erodent impact was investigated using single impact studies on
preoxidised specimens, Table 9.2. Prealloyed powder based Aerospray HVAF and blended powder based
Microjet HVOF samples, in the as-sprayed and heat treated (30 days heat-treatment) condition, were
ground and polished to 3 µm and cleaned/dried with ethanol. Specimens from each sample set were
preoxidised at 700ºC or 800ºC for 12, 24, and 48 hours. After each time period a sample was removed and
eroded at the preoxidation temperature for 1 second under the single impact erosion conditions of Chapter 7.
Following erosion, the samples were cooled under argon in a desiccator. Platinum coating was applied to
each sample surface prior to analysis by SEM.

Table 9.2 Summary of trials conditions for the erosion response of preformed scales.
Sample

Sample Description

Preoxidation
Temperature
(ºC)

Preoxidation Time
(Hours)

Erosion Conditions

Aerospray HVAF

As-Sprayed

700, 800

12, 24, 48

700ºC, 800ºC for 1s

Heat Treated 30 days

700, 800

12, 24, 48

700ºC, 800ºC for 1s

As-Sprayed

700, 800

12, 24, 48

700ºC, 800ºC for 1s

Heat Treated 30 days

700, 800

12, 24, 48

700ºC, 800ºC for 1s

Blended Powder
based Microjet
HVOF
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The effect of continual oxide removal on the oxidation response of the coating was assessed using a repeated
oxidation-polishing regime, Table 9.3, and an oxidation-erosion regime, Table 9.4. Given the complexity of
the eroded surfaces in Chapter 7, a simplified simulation of erosion-oxidation using mild surface polishing to
only remove the surface scale was developed. The results of this work simulated the theoretical erosionoxidation mechanisms in the literature for mild, scale only erosion during erosion affected oxidation, and
acted as a basis for comparison with the more aggressive erosion based trials. Trials were carried out at
700ºC, 800ºC and 900ºC for as-sprayed coating-only prealloyed powder based Aerospray HVAF
specimens, and at 900ºC for as-sprayed coating-only prealloyed powder based Microjet HVOF specimens.
The samples were approximately 15 mm x 7 mm, the thickness dependent on the deposition technique as
described in Chapter 6. All samples were ground and polished to 3 µm surface finish prior to testing.
Oxidation was carried out in a box furnace for a period of 48 hours after which the samples were removed
and allowed to air cool to room temperature. The surface scale on both sides was removed by a very light
grind with 9 µm grit for the 800ºC and 900ºC samples, and 3 µm grit for the 700ºC samples. This process
was carried out manually for a period of <5 seconds under low applied loads in order to minimise removal of
the substrate. The samples were cleaned in ethanol and placed back in the furnace for a further 48 hours.
This process was repeated for 60 days. Characterisation of the samples was carried out by locked couple
XRD on the sample surface and by BSE SEM analysis of the polished sample cross sections.

Repeated oxidation-erosion trials were carried out in a similar manner on as-sprayed and heat treated (30 day
heat treatment) prealloyed powder based Aerospray HVAF and blended powder based Microjet HVOF
coatings on 15 mm x 15 mm x 3 mm 253MA substrates. All samples were ground and polished to 3 µm and
cleaned in ethanol. Preoxidation was carried out in a box furnace at 900ºC for 48 hours. Each sample was
removed and quickly eroded for 1 second at 800ºC under the single impact erosion conditions of Chapter 7.
Following testing, each sample was rapidly returned to the furnace. The 900ºC oxidation temperature was
selected in order to accelerate the rate of component oxidation between erosion events. This process was
repeated every 48 hours. As-sprayed samples of each coating type were removed after 20 and 40 days, with
all of the remaining samples removed after 60 days of treatment. In order to characterise the effect of
oxidation alone, an additional set of the same range of specimens was oxidised at 900ºC, with samples
removed after 20, 40 and 60 days of exposure. All of the samples were sectioned using a diamond blade and
copper plated prior to mounting under vacuum. Grinding and polishing was carried out to 3 µm. The
sample cross sections were analysed by BSE SEM.
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Table 9.3 Summary of trial conditions for the Oxidation-Polish experiments.
Oxidised and Polished Trials
Temperature
(ºC)

Sample Description

Oxidation Time
Between
Treatments
(hours)

Scale Disruption

Trial Duration
(days)

700

As-sprayed
prealloyed powder
based HVAF coating

48

Cool to room
temperature.
Polished using 3µm
grit. Returned to
furnace.

60

800

As-sprayed
prealloyed powder
based HVAF coating

48

Cool to room
temperature.
Polished using 9µm
grit. Returned to
furnace.

60

900

As-sprayed
prealloyed powder
based HVAF and
Microjet HVOF
coatings

48

Cool to room
temperature.
Polished using 9µm
grit. Returned to
furnace.

60

Table 9.4 Summary of trial conditions for the Oxidation-Erosion experiments.
Oxidised and Eroded Trials
Sample Description

Oxidation Exposure

As-sprayed prealloyed powder
based HVAF coating
30 day heat treated prealloyed
powder based HVAF coating
As-sprayed blended powder based
Microjet HVOF coating

48 hours at 900ºC in still air

30 day heat treated blended powder
based Microjet HVOF coating

Erosion Exposure

Erodent 20-25µm Al2O3
Velocity 235m/s
Particle Flux 5g/hr
Duration 1s
Temperature 800ºC
Samples eroded for 1s and
then returned to furnace

Sample
Removed
(days)
20, 40, 60
60
20, 40, 60
60

Oxidised and Eroded Trials – Oxidised Only Samples
Sample Description

Oxidation Exposure

Erosion Exposure

As-sprayed prealloyed powder
based HVAF coating
30 day heat treated prealloyed
powder based HVAF coating
As-sprayed blended powder based
Microjet HVOF coating
30 day heat treated blended powder
based Microjet HVOF coating
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Sample
Removed
(days)
20, 40, 60

900ºC in still air for the
duration of the trial

60
20, 40, 60
60
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9.7 Erosion of Cr3C2-NiCr Oxide Scales
9.7.1 Introduction
The aim of this section of work was to assess the erosive impact response of surface scales formed on Cr3C2NiCr coatings with various phase morphologies. Oxidation times were selected to simulate the impact
response of scales that developed over 12 hours, 24 hours and 48 hours of exposure, to simulate the duration
between particle impacts on the same region of material in a turbine environment. In practice, these periods
are dictated by the particle flux and distribution density of the erodent within a particular service application.
The use of coatings from both blended and prealloyed powders enabled the response of the different oxide
phase morphologies, generated by the variation in coating phase distribution, to be contrasted. Erosion of assprayed coatings highlighted the response of the scale developed with initial exposure, while the heat treated
samples were selected to simulate the response after extended in-service exposure at elevated temperature.
Analysis of erosion impact degradation of the oxide scales enabled the mechanism of erosion-oxidation to be
identified from the literature for each impact event as a function of oxide composition and morphology at
each exposure period. Characterisation of these responses is the first step in developing an understanding of
the cumulative effect of the microstructural mechanisms of erosion-oxidation of Cr3C2-NiCr thermal spray
coatings under turbine erosion conditions. In this chapter representative images of the sample responses are
included, but the observations, and the conclusions drawn from them, are based on a detailed examination of
a large number of images for each specimen

9.7.2 Single Impact Analysis at 700ºC – Prealloyed Powder Based HVAF1
Coatings
Scale layers up to 0.2 µm, formed after 24 hours oxidation, had a negligible effect on coating erosion
deformation, Figure 9.13. The impact scars resembled those in the erosion-only studies in Chapter 8. Within
the impact and plastically deformed zone the thin oxide exhibited ductile deformation characteristics,
undergoing plastic deformation, as well as smearing under compression, without brittle fracture, cracking or
spallation. Around the indent periphery the scale remained largely adherent to the flakes of laterally loaded
and displaced material. Isolated regions of localised scale loss occurred over large individual carbide grains
that had undergone impact and displacement, spallation induced by concentration of the impact load at the
scale-carbide interface due to the high carbide hardness.
Oxidation for 48 hours generated a thin, flat, continuous scale of approximately 0.5 µm that was of sufficient
thickness to reduce the extent of substrate deformation under these erosion conditions, Figure 9.14. Low
energy erosion impacts removed the top layer of oxide grains to expose a dense continuous scale layer. Mild
erosion impacts generated indentation and limited plastic deformation features within this layer indicative of
limited scale ductility. High energy impacts penetrated the scale to the coating-oxide interface or deeper into
the coating itself, resulting in brittle scale erosion. Brittle cracking was evident in the oxide at the sides of

1

Coating nomenclature as defined in Table 4.4 in Chapter 4
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Figure 9.13 Single impacts at 700ºC on the assprayed Aerospray HVAF coatings preoxidised at
700ºC for 24 hours.
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Figure 9.14 Single impacts at 700ºC on the assprayed Aerospray HVAF coatings preoxidised at
700ºC for 48 hours.
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the indent and radiated out away from the impact zone. Localised brittle chipping around the indent
periphery was commonly observed, while plastic deformation of the scale was rarely evident. Extensive chip
formation occurred where the erodent penetrated the scale to a significant depth. The high lateral loading
and wedging action of the erodent elevated the scale through interfacial cracking from the coating, leading to
chip formation and separation by scale fracture. The interfacial fracture surface between the scale and
coating exhibited a rough texture, suggesting fracture within the coating itself, as if the oxidised matrix phase
separated from the coating and remained adherent to the fragments of chipped oxide. Such features did not
appear to result from erosion as they were too fine relative to the other indents, and were not observed in the
700ºC erosion-only trials. Chip formation occurred over large regions incorporating both the carbide and
matrix phases, with no preferential attack or spallation occurring as a function of the coating phase
composition. This impact response broadly fits within the regime of Type III erosion affected oxidation,
where scale separation along the oxide-coating interface occurs through particle penetration and lateral
loading.

The carbide phase dominated the coating composition after 30 days of heat treatment, the resulting oxide
after 12 hours at 700ºC characterised by a very thin scale layer over the carbide grains, with isolated nodules
of thicker scale over the matrix. The carbide scale thickness was too thin to accurately assess from the
erosion images, but was expected to be thinner than that formed after the same duration of exposure on the
as-sprayed coatings. Under these erosion conditions the scale was too thin to have any evident effect on the
erosion deformation of the coating, the response characterised as “erosion dominated” in terms of the
literature models. The scale remained adherent to both coating phases up to the periphery of the indents in
the same manner as noted in the as-sprayed samples at this time.

With 24 hours oxidation the scale thickness approximated that of the as-sprayed coating and generally
exhibited the same response under erosion impact. Under compression the oxide generated a limited ductile
response, undergoing ductile smearing and platelet formation without brittle cracking. Extensive scale
chipping, greater than that noted on the as-sprayed coatings, occurred over regions of the carbide phase,
leaving smooth fracture surfaces indicative of brittle interphase crack propagation and fracture. Scale
separation was dependent upon the impact loading conditions, the greatest degradation occurring on the exit
side of the indent during impact at angles <90º, where the greatest lateral loading, as well as potential vertical
loading during erodent rebound, occurred in the oxide layer. On the entry side of the indent the scale was
primarily subjected to compressive loading and generally remained adherent up to the indent periphery. The
extensive development of the coating carbide phase, therefore, led to a mixed erosion-oxidation response
dictated by the substrate phase distribution, even within the oxide deformation generated by a single impact
event.

The matrix phase scale was too thin to inhibit erosion deformation, but underwent ductile

deformation and remained adherent, exhibiting an erosion-dominated erosion-oxidation response.

The

carbide scale was also too thin to inhibit deformation of the coating but underwent preferential spallation
upon impact, this behaviour a mixture of an erosion-dominated response of the carbide phase in the coating,
combined with localised Type III erosion-affected-oxidation in terms of the impact induced spallation of the
peripheral scale over the carbide phase surrounding the indent.
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Figure 9.15 Single impacts at 700ºC on the heat
treated Aerospray HVAF coating preoxidised at
700ºC for 12 hours.
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Figure 9.16 Single impacts at 700ºC on the heattreated Aerospray HVAF coatings preoxidised at
700ºC for 48 hours.

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings

After 48 hours the scale thickness approximated that of the as-sprayed coating. However, the impact
response mirrored that of the 12 and 24 hour heat treated samples, Figure 9.15, not the 48 hour oxidised assprayed coating. The greater scale thickness accentuated the size and frequency of the oxide chip formation
over the carbide phase in the coating, Figure 9.16. It was notable that the interfacial fracture surfaces over
mixed phase regions of the coating exhibited a porous appearance, rather than the dense continuous
morphology expected from the fracture cross sectional images of Chapter 6. Such small isolated features are
likely to be accounted for by pullout of phases from the coating during scale spallation and may point to
interfacial void formation during oxidation.

9.7.3 Single Impact Analysis at 700ºC – Blended Powder Based Coatings
The heterogeneous oxide scale characterised in Chapter 6 was well established after 12 hours oxidation at
700ºC. The bulbous growths were preferentially eroded from the surface. Low energy impacts generated
plastic deformation of such features, while high energy impacts penetrated through them, resulting in gross
plastic deformation and fracture from the surface, Figure 9.17.

The carbide phase scale reached a

comparable thickness to that formed on the heat treated HVAF coatings. Impact induced carbide scale
spallation readily occurred, generated by impacts that penetrated the scale but not the carbide, as well as in
instances where penetration of the neighbouring matrix phase laterally loaded the carbide phase scale.
Fracture occurred along the carbide-scale interface, the fracture surface having a very flat topography. The
thin background scale formed on the matrix based regions of the coating was too thin to inhibit erosion of the
substrate, the scale undergoing ductile deformation and remaining adherent up to the indent periphery on the
plastically deformed coating features. Carbide scale spallation from the thin splats of this phase in the mixed
phase regions of the coating was rarely observed, suggesting that the surrounding matrix phase may have
been able to accommodate some of the applied load through ductile deformation and thereby dissipate the
lateral loading of the carbide-oxide interface.

Erosion degradation by this mechanism occurred on scales with up to 48 hours of oxidation, Figure 9.18. By
this time the bulbous oxide features had developed to a sufficient concentration and thickness to significantly
impede erodent penetration of the coating. Erodent impact resulted in extensive fracture or spallation from
the surface.

The concentration of these features was high enough that they effectively shielded the

underlying, flatter scale, absorbing the bulk of the impact energy and minimising degradation of the coating.
As a result, carbide scale spallation was rarely observed, restricted to regions over larger single phase carbide
splats. In addition to the erosion dominated and Type III erosion affected oxidation regimes highlighted in
the previous coating, erosion of the bulbous scale growths in these samples falls within the Type I erosion
affected oxidation regime, further complicating the response of the oxide as a function of the substrate phase
from which it developed.
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Figure 9.17 Single impacts at 700ºC on the assprayed blended powder based HVOF coating
preoxidised at 700ºC for 12 hours.
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Figure 9.18 Single impacts at 700ºC on the assprayed blended powder based HVOF coatings
preoxidised at 700ºC for 48 hours.
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Figure 9.19 Single impacts at 700ºC on the heat
treated blended powder based HVOF coating
preoxidised at 700ºC for 12 hours.

Figure 9.20 Single impacts at 700ºC on the heattreated blended powder based HVOF coatings
preoxidised at 700ºC for 48 hours.
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Heat treatment increased the matrix phase Cr content, minimising bulbous oxide scale development and
resulting in a flatter scale morphology with up to 48 hours oxidation which exposed both the carbide and
matrix phase scales to erosive impact, Figure 9.19, Figure 9.20. The carbide scale formed on large carbide
splats underwent preferential spallation in the same manner as noted in the as-sprayed coatings with 12 hours
oxidation. The scale formed on the thin carbide splats in mixed phase regions was not as susceptible to
spallation. Impact in matrix dominated regions of the coating underwent ductile deformation, the scale
formed over such areas was too thin to show any evident influence on reducing the extent of deformation of
the coating, even after 48 hours. The impacted scale underwent ductile deformation, remaining adherent to
the plastically deformed substrate features.

9.7.4 Single Impact Analysis at 800ºC – Prealloyed Powder Based HVAF
Coating
The extent of scale development at each exposure period greatly exceeded that at 700ºC, but was offset by
the significant increase in oxide ductility. The scale impact response was similar to 48 hours oxidation, with
the scales of up to 1 µm not showing a definitive influence on mitigating the extent of coating deformation,
Figure 9.21. The scale deformed in a ductile manner, remaining adherent to the deformed coating features
with only minimal cracking and edge chipping. No extensive scale spallation with erosion impact was
observed. While the fracture images of the oxidised specimens in Chapter 6 highlighted the interfacial voids
over the carbide grains, such features were a lot smaller than the erosion features and they had no obvious
influence on the scale response. Under these erosion conditions the generalised scale response to erosion
was characterised as erosion dominated erosion-oxidation, the modelling work of [6, 28] suggesting the scale
may have impeded penetration after extended oxidation through the formation of thicker scales.

The increased ductility of the coating and oxide scale reduced the significance of carbide microstructural
development on the extent of scale spallation with heat treatment, Figure 9.22. The oxide response was
broadly the same as that noted on the as-sprayed coatings. While localised scale chipping around the indent
periphery occurred more extensively than the samples discussed above, carbide based scale spallation was
not as extensive as noted at 700ºC.
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Figure 9.21 Single impacts at 800ºC on the assprayed Aerospray HVAF coatings preoxidised at
800ºC for 48 hours.

Figure 9.22 Single impacts at 800ºC on the heattreated Aerospray HVAF coatings preoxidised at
800ºC for 48 hours.
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9.7.5 Single Impact Analysis at 800ºC – Blended Powder Based Coatings
While the elevated temperature generated a significant increase in the rate of development of all the oxide
features, the increased ductility of the oxide phase led to similar responses to impact across all the exposure
periods. The bulbous Ni based oxides were preferentially eroded, their high concentration meaning that they
were incorporated to some degree in most of the observed indents, Figure 9.23a. They exhibited a ductile
response during plastic deformation, undergoing severe indentation without brittle cracking or spallation, and
remained adherent to the substrate, even when erodent impacts penetrated through them and into the coating.
Brittle cracking was observed with increasing preoxidation time, but only in the largest nodules with the
largest grain sizes. Development of the flatter background scale to a thickness of 1-1.5 µm after 48 hours
had no evident impact on reducing the degree of substrate deformation, although any potential mitigating
effect was overshadowed by the heterogeneous impact response as a function of the impact conditions and
substrate phase distribution, Figure 9.23. The oxide remained continuous up to the edge of the indents
without cracking or spallation, and remained adherent to the ductile deformation features of the substrate
phases.

Oxide edge chipping increased with scale thickness but was very localised, occurring most

significantly in regions between neighbouring indents where the substrate was highly distorted. Carbide
scale spallation was very rarely observed and restricted to localised edge chipping in mixed phase regions
during impact. The bulbous Ni oxides are thought to influence the lack of carbide scale spallation in that few
areas of expansive carbide were observed in the impact zones, and where penetration for the carbide phase
did occur, it was typically associated in some way with deformation of a bulbous oxide.

In the heat treated specimens oxidised for up to 48 hours the matrix phase scale response mirrored that of the
flatter regions of the as-sprayed coating at this temperature, undergoing plastic deformation and compression
without extensive cracking or brittle fracture, Figure 9.24. The scale over the larger carbide regions was
prone to spallation in a similar manner as noted at 700ºC, however, the frequency of spallation events was
notably lower than at the lower temperature across all the exposure periods. The exposed fracture surface
was not smooth, as at 700ºC, but characterised by a fibrous morphology formed of long needle like grains
running parallel to the carbide-scale interface, Figure 9.24d. It is unknown if this morphology reflected
oxide features that remained attached to the carbide after fracture, or if they represent the surface of the
carbide itself that developed the fibrous morphology as a function of oxidation reactions.
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Figure 9.23 Single impacts at 800ºC on the assprayed blended powder based HVOF coatings
preoxidised at 800ºC for 48 hours.

Figure 9.24 Single impacts at 800ºC on the heattreated blended powder based HVOF coatings
preoxidised at 800ºC for 48 hours.
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9.7.6 Mechanisms of Scale Erosion as a Function of Oxide Morphology Under
Turbine Erosion Conditions
This work has shown that there are three generalised regimes of erosion-oxidation, ranging from erosion
dominated through to erosion affected oxidation, with regard to the individual impacts on the oxidised Cr3C2NiCr coatings, each occurring as a distinct function of the variation in oxide morphology resulting from the
phase distribution in the coating. Oxidation of the NiCr matrix phase generated two dominant oxide species
of contrasting morphologies – the bulbous NiO/NiCr2O4 oxide and the flatter, continuous Cr2O3 scale. The
Ni based oxides formed distinctly nodular scale features that protruded well above the surface, most notably
in the as-sprayed blended powder based coatings. The effect of such features on the erosion response was
dependent upon the duration of oxidation, in terms of the rate of growth and resulting size of such features,
and the compositional distribution of the substrate phase which determined their concentration on the
surface. These oxide growths were prone to preferential erosion, particularly following the short term
oxidation trials where they were readily swept from the surface. Under these erosion conditions and at the
elevated temperature of these trials, the impact response of the Ni oxides themselves were generally ductile
on features up to several microns in thickness, this result supporting the conclusions of [17, 29]. This was
reflected in the response of the thicker scales of this composition, which underwent extensive plastic
deformation without brittle fracture, remaining adherent to the coating even when penetrated by the erodent.
Brittle deformation features became more apparent as the scale features increased in size, particularly in
those of large crystal size, which may have indicated a transition in response with the development of
NiCr2O4 or occurred as a function of the variation in mechanical properties with the complex phase
distribution within these features that developed as the Cr2O3 phase developed beneath the NiO scale.

The development of such features on the as-sprayed blended powder based coating had a positive effect on
increasing the localised resistance to erodent penetration of the coating, so much so that, with extended
exposure, the localised single impact response was characterised as erosion-affected oxidation. After 48
hours oxidation, most impacts on this scale penetrated these bulbous scales prior to impacting the other,
thinner scale or the coating itself. As a result these features absorbed a significant amount of the erodent
impact energy during plastic deformation and therefore reduced the extent of impact degradation on the
features below. The effectiveness of such oxide features is dictated, however, by the matrix phase Cr
composition as a function of time. On the as-sprayed blended powder based coating, the advantageous
nature of these scale features is expected to be short lived, based on the oxidation mechanism outlined in
Chapter 6. While the Ni based oxides rapidly develop on the surface, the ability to grow is eventually cut off
by the formation of a continuous Cr2O3 subscale, XRD analysis indicating that this occurs on the as-sprayed
coating within 48 hours exposure. Once deformed, the Ni scales are incapable of self repair as there is no
longer any Ni diffusion from the substrate. Once fully removed they can, therefore, no longer regrow as long
as the Cr2O3 scale beneath is maintained.

Erosion of this scale is postulated to become significant with extended exposure to high temperature erosion,
primarily in the blended powder based coatings. While nodular Ni oxides developed in the heat treated

318

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings

prealloyed powder based coatings, they were a lot smaller than those formed on the as-sprayed blended
powder based coating due to the isolated pockets of the matrix phase in this coating. Although they impeded
erodent penetration over the localised area, such features were not large enough to contribute significantly to
the erosion response of the coating scale as a whole. While the heat treated blended powder based coating
showed negligible bulbous Ni oxide growth on account of the increased matrix phase Cr content, the
continued benefit of the Cr content relies on a continuous resupply of this element from the surrounding
phases. If the matrix splat should become isolated from the neighbouring carbide phase through internal
oxide penetration along the interphase boundary or internal oxidation of the carbide phase, the Cr supply
within the exposed splat would decrease as the Cr2O3 scale was consumed. Eventually the Cr concentration
would drop below that required to maintain a continuous Cr2O3 scale at which point the rapidly forming Ni
oxide features would once again begin to dominate the scale topography. In this instance, however, bulbous
oxide scale formation is expected to accelerate the erosion-oxidation degradation of the splat. While
mitigating the extent of erosion damage of this phase, the nodular nature of the oxide above the surface
means it may be preferentially impacted, accelerating the rate of oxide degradation and, therefore, increasing
the rate of oxidative consumption of this isolated splat as the oxidation characteristics tend increasingly
towards those of Ni alone. A similar mechanism is expected to occur in the prealloyed powder coatings, in
the event of pockets of matrix phase becoming isolated from the neighbouring coating phases, as observed in
the following sections. This scenario is critically dependent upon the balance of erosivitiy and corrosivity of
the exposure conditions, as to whether the matrix splat is simply eroded away before the scale layer can have
a significant effect, or alternatively whether the erosion conditions are such that extensive oxidation can
occur between the intermittent high energy impacts. The response of this scale alone highlights the critical
interdependence of the erosion conditions, the corrosive environment, the microstructure and compositional
distribution of the oxidising phase and the exposure temperature on dictating the mechanism and magnitude
of the scale impact response. This reinforces the fact that the erosion-oxidation response of these coatings
must be considered under conditions as close as possible to those in-service for accurate conclusion
regarding the erosion-oxidation resistance to be drawn.

On the wider matrix phase regions of the blended powder based coating and on the prealloyed powder based
HVAF coating, a continuous flat Cr2O3 scale predominated, the high temperature erosion response of which
largely mirrored that presented in the literature. Work by Stephenson et al [2-5, 51, 60, 68] has highlighted
the dependence of the scale impact response on the interrelationship between the combined mechanical
properties of the scale and substrate over the volume penetrated, as a function of temperature. They have
noted the tendency towards a brittle scale response at low temperatures and with thicker scales. The
significance of the substrate mechanical properties on this response is related to the manner in which the
substrate absorbs the impact energy. The ability of the scale to deform in a ductile manner is dependent
upon the ability of the substrate to undergo ductile deformation such that the impact energy may be
transmitted across the scale-substrate interface and absorbed through substrate deformation. If the scale is
ductile, but the erosion impact cannot be dissipated through substrate plastic deformation, the load is then
concentrated within the scale and at the scale-substrate interface, leading to interfacial cracking and scale
chipping. This ductile substrate dependence occurs until the scale is thick enough to exhibit a brittle
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response. Ductile substrate deformation in this instance may potentially accentuate scale breakdown in that
the brittle scale can no longer undergo the same extent of deformation as the substrate, resulting in fracture
and, potentially, scale spallation. The results of this work agreed with the generalised response of Cr2O3
erosion impact presented by Stephenson et al [2-5, 51, 60, 68], in spite of the marked variation in erodent
size and the potentially more aggressive localised impact conditions this generates. At 700ºC scales of up to
0.2 µm formed on the as-sprayed prealloyed powder based coating illustrated ductile deformation features,
due to their thin nature and ductility at this temperature. Scale deformation outside the impact zone was
limited, however, by the brittle response of the matrix which retained a flat surface while fracturing along the
carbide-matrix interfaces, thereby placing limited load on the scale itself. After 48 hours the scale grew to
0.5 µm, a thickness that appeared sufficient, under these conditions, to generate a brittle response of the scale
layer. The fact that this response was not observed on the heat treated samples is thought to relate to the
relationship between the mechanical properties of the scale and coating at this temperature, in the manner
highlighted by Stephenson et al above. In the as-sprayed condition the matrix phase exhibited a brittle
erosion response in the erosion-only trials at this temperature, implying this phase was harder and less ductile
than the matrix in the heat treated state. As a result this would have accentuated the loading within the scale
and at the scale-coating interface, contributing towards the brittle response. This effect would have been
accentuated by the thicker scale over the dominant matrix phase relative to the thinner carbide scale that
dominated the scale topography in the heat treated state. Contributing factors are the greater area of exposed
matrix phase scale in the as-sprayed coating relative to the heat treated state, the variation in oxidation
mechanism and overgrowth of the carbide phase by the rapid matrix phase scale development, and/or the
variation in scale adhesion between the matrix phase and the distributed carbide grains. At 800ºC the Cr2O3
scale exhibited a ductile impact response across all of the samples in the as-sprayed and heat treated states, in
spite of the increased scale thickness of approximately 1 µm. As highlighted in the works of Stephenson et
al [2-5, 51, 60, 68] this response occurred as a result of the increased scale ductility at the higher
temperature, as well as the improved ductility of the coating matrix phase evident in the erosion-only trials,
which enabled more of the impact energy to be dissipated through plastic deformation.

Of practical

significance is that these results indicate that, under these aggressive impact conditions, scales formed within
48 hours between impacts on the matrix phase, at 700ºC and 800ºC, exhibit ductile erosion characteristics
and remain adherent to the deformed coating phases. The exception is the brittle response of the as-sprayed
HVAF coating. However, this is expected to be a transient response that occurs only until the matrix phase
supersaturation in Cr decreases through oxidation or carbide development. The resistance of this scale to
erosive impact, combined with the ability to “heal” deformation features, suggests that under these
conditions, erosion-oxidation of the matrix phase is dictated more by the erosive component than the
corrosive component over this temperature range.

The response of carbide based scales under high temperature, high velocity impact conditions has not been
widely addressed. The main points in contrast to the matrix scale are that the scale formed more slowly on
the carbide phase and that the carbide phase itself retained a much higher hardness and lower ductility to
higher temperatures. In relation to the discussion above the high hardness of the carbide phase reduced the
extent of erosion impact load dissipation in this phase, concentrating the load within the scale layer and at the
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oxide-carbide interface. While the thin nature of the scale, combined with the high temperatures in this
work, may aid in generating ductile impact characterises in the scale, the concentration of the impact load at
the interface of these phases makes the scale prone to spallation. As a result, the carbide-scale interface is a
key weakness in this system during erosion over the temperature range considered, irrespective of the ductile
or brittle response of the oxide. At 700ºC the carbide phase developed only a thin scale which had a
negligible effect on mitigating erosion of the carbide phase within the coating. Increasing scale thickness out
to 48 hours had no evident effect on reducing the impact deformation of the coating, while at the same time it
reduced the scale ductility and accentuated scale spallation. At 800ºC the scale growth rate increased,
generating thicker scales over the time periods considered.

The higher temperature also significantly

increased the ductility of the scale, as well as that of the carbide phase, allowing more of the erodent impact
energy to be dissipated through plastic deformation of each phase which reduced the loading on the oxidecarbide interface. The reduced extent of carbide scale spallation at this temperature was also aided indirectly
by the increased ductility of the matrix phase. On a larger scale, erosion impact loading on the carbide phase
was dissipated to some extent by plastic deformation of the surrounding matrix phase, in effect reducing the
magnitude and rate of load applied to the scale and to the carbide-scale interface.

It is evident from these results that the carbide scale response is dependent upon the morphology and
magnitude of the carbide phase. While carbide scale spallation was observed on the extensive regions of this
phase in the heat treated, prealloyed powder based coating, as well as the blended powder based coating, the
carbide phase scale remained adherent over the isolated grains in the as-sprayed prealloyed powder based
coating and over the thin carbide splats in the blended powder based samples. The variation in response as a
function of carbide morphology is dictated, indirectly, by the mechanical properties and oxidation
mechanism of the matrix phase. Over the body of the carbide the Cr2O3 scale forms independently of the
surrounding phases. However, at the grain periphery the scale interacts with the thicker matrix scale of the
same composition. This interaction with the matrix scale of high adhesive strength may help “peg” the
carbide based scale, even if carbide-scale separation occurs. In addition, the matrix scale laterally develops
over the carbide, potentially strengthening the oxide and resisting fracture and spallation. Alternatively, the
improved response may be related to the greater ability of the ductile matrix to accommodate carbide grain
displacement during impact, through plastic deformation, and by doing so, reduce the loading on the carbide
phase scale. All of these mechanisms become more “efficient” in reducing the likelihood of scale spallation
as the size of the carbide phase decreases.

This mechanism also dictates that the response is also dependent upon the erosion conditions, most notably
the size of the erodent, and the size of the impact zone and peripheral zone of deformed material as a
function of erodent velocity, relative to the size of the carbide phase. In effect, the response of the carbide
phase oxide to erosion impact is determined by the same structure based mechanism proposed by Anand et al
[82] to account for the brittle or ductile response of cermets at ambient temperature. If the size of the
deformed zone is large relative to the carbide phase, coating deformation is determined by deformation of the
matrix phase, in which case the carbide has a greater likelihood of retaining its oxide layer. If the carbide
phase is large in relation to the impact dimensions, carbide scale spallation is more likely. Practically this
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microstructural based scale response has implications with regard to the susceptibility of the carbide phase to
erosion-oxidation in service. In the blended powder based coatings, carbide morphology variation occurred
during coating deposition, inducing the broadest range of carbide microstructural response. As minimal
carbide development occurred with heat treatment, the variation in carbide scale impact response evident in
the as-sprayed coating is expected to occur over its lifetime in-service. In the as-sprayed prealloyed powder
based coating the carbide phase occurred as isolated grains that retained their oxide layers during impact
deformation of the coating. With heat treatment the carbide microstructure developed into an extensive three
dimensional network and as a result the oxide scale formed on this phase became more susceptible to
spallation during impact. This variation in response therefore suggests that the prealloyed powder based
coating would become more susceptible to erosion-oxidation with extended in-service exposure, due to the
accentuated breakdown of the carbide scale with carbide microstructural development. More broadly, the
high temperature hardness and erosion resistance at elevated temperature of the carbide phase, combined
with the susceptibility of the carbide scale to impact induced spallation, suggests that the extent of erosionoxidation of this phase is dictated more by the corrosive component than the erosive component over this
temperature range. This is particularly highlighted by the oxidation mechanism of Cr3C2 which occurs by
consumption of the carbide phase at the oxide-carbide interface. Cracks and spallation of the scale cannot
undergo “self repair” in the same manner as the matrix phase, with such scale degradation effectively
generating avenues for oxygen diffusion into the carbide, accentuating the preferential attack of this phase
through internal oxidation.

The increase in the temperature of testing from 700ºC to 800ºC led to a greater rate of oxidation, and
therefore thicker oxide scales at each exposure period. More significantly, in regard to the oxidised Cr3C2NiCr system, it led to a marked increase in the ductility of the coating and the oxide. In general this led to a
transition in the regime of erosion-oxidation in all of the coatings towards the erosion-dominated regime
where the scale played a negligible role in influencing the extent of coating erosion deformation. By
increasing the ductility of the matrix phase the elevated temperature also had an additional indirect effect on
the extent of erosion-oxidation. At 700ºC the limited matrix phase ductility led to significant peripheral
damage in terms of cracking and material displacement around the impact zone which disrupted the scale on
the deformed features and provided avenues for oxygen ingress into the coating. At 800ºC, while the
impacts were deeper, the ductile deformation of the matrix limited the extent of brittle interphase fracture,
thereby limiting oxidation to those areas exposed on the surface of the indent, with less disruption of the
surrounding phase scales. This was particularly so in the as-sprayed prealloyed powder based HVAF
coating, but became less significant with heat treatment and the development of the carbide structure, as
indicated by the greater peripheral impact damage in the erosion only trials of the heat treated prealloyed
powder based coatings.

To this point, the extent of scale deformation due to single erodent impacts has been characterised in terms of
the erosion-oxidation regimes described in the literature. Generally the erodent has deformed the coating to
some extent, indicative of an erosion dominated or oxidation affected erosion event. In the literature such
classifications are typically made in regard to the steady state response of a material undergoing erosion-
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oxidation under relatively high erodent flux. The results of this work, however, were aimed at conditions of
very low flux, where the erosion impact damage may not be impacted by further erodent for a significant
period, over which time significant oxidation of the deformed features may occur. As a result, while each
impact event may be classified broadly as oxidation affected erosion, the cumulative effect of intermittent
erosion under turbine conditions over the entire coating surface may be more accurately characterised as
erosion affected oxidation, particularly at high temperature.

This conclusion is significant in that it

highlights the critical influence of the erosion conditions on dictating the erosion-oxidation mechanism. It
also indicates the dominance of the oxidative component on dictating the severity of erosion-oxidation under
turbine conditions, in spite of the extreme severity of each impact event, and thus highlights the potential
sensitivity of the carbide phase to preferential attack under such conditions.

323

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings

9.8 Erosion-Oxidation of Cr3C2-NiCr Thermal Spray
Coatings Under Turbine Conditions
9.8.1 Introduction
The aim of this final section of work was to simulate the erosion-oxidation of Cr3C2-NiCr thermal spray
coatings under turbine conditions of high temperature, high erodent impact velocity and low erodent flux in
order to analyse the mechanism of degradation. A preliminary trial was carried out under aggressive
erosion-oxidation conditions to accelerate the mechanism of degradation in order to identify the response of
each coating phase. In this trial coating-only samples of the prealloyed powder based HVAF coatings were
oxidised at 700ºC, 800ºC and 900ºC for 48 hours. They were then removed from the furnace and, once
cooled, lightly polished on each side to remove or thin the scale layer without removing the affected coating.
They were then returned to the furnaces and the cycle repeated every 48 hours, for a period of 60 days. The
same trial was carried out on a prealloyed powder based Microjet HVOF coating at 900ºC. In this manner
the continual removal of the oxide exposed the samples to a similar mechanism of oxidative attack as would
be expected under intermittent erosion conditions. More generally this set of trials also simulated erosionoxidation degradation under conditions of mild erosion alone where only the surface scale is removed by
erosive impact, generating results applicable to degradation under fluidised bed combustor conditions.

Simulation of turbine erosion-oxidation conditions was carried out on prealloyed powder based HVAF
coatings and blended powder based coatings in the as-sprayed and heat treated condition. The coatings were
oxidised at 900ºC for 48 hours to accelerate the rate of oxide development and then eroded for 1 second
under the conditions used in the single impact erosion trials. This process of oxidation-erosion was repeated
every 48 hours for 60 days. The intermittent, short period erosion of the samples was selected to simulate
the low erodent flux experienced within a turbine environment, where extensive periods between impact in
the same location occur. Analysis of these samples was contrasted with that of the oxidised-polished
samples to see if the same microstructural degradation features developed and to determine the mechanism
of erosion-oxidation under these conditions.
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9.8.2 Accelerated Erosion-Oxidation Through Repeated Scale Thinning
BSE analysis of the coating cross-sections after 60 days exposure indicated that the same mechanism of
erosion-oxidation was operative in both coating samples across the temperature range considered. Repeated
scale thinning in the oxidising environment led to the formation of a stratified surface structure comprised of
a dense, continuous surface scale, over a band of mixed internal oxide and matrix phase material, below
which was the Cr3C2-NiCr coating structure, Figure 9.25 and Figure 9.26. The coating itself appeared
homogeneous up to the base of the internally oxidised layer, with no evident reduction in the size or
concentration of the carbide grains, and no variation in the contrast of the matrix phase. Formation of the
internal oxide zone occurred through preferential oxidation of the Cr3C2 phase to form Cr2O3. All of the
carbide grains exposed to the surface were totally consumed by oxidation.

Below the surface, the

morphology of the internal oxide appeared dependent upon the carbide microstructure. Larger carbide grains
were apparent near the surface, surrounded by a peripheral layer of oxide which suggested oxygen diffusion
into the coating occurred along the carbide-matrix interface.

Smaller grains and thin spidery carbide

agglomerates were fully oxidised. The extensive three dimensional development of these carbides, with
extended high temperature exposure, formed while the carbide phase was still undergoing the initial stages of
nucleation and growth as fine precipitates and agglomerates. Alternatively these fine oxide features may
represent regions of lamellar porosity formed by the collapse of the porosity within the powder particles
upon deposition. Preferential attack of the carbide phase alone was highlighted by the presence of bright
pockets of matrix phase material within the internally oxidised layer up to the base of the surface scale.
Carbide grains within pools of matrix phase material were consumed by oxidation, but oxide growth did not
progress through the matrix phase itself. The BSE contrast of the isolated patches of this phase within the
internally oxidised zone appeared distinctly brighter than the bulk matrix phase within the body of the
coating, indicative of a reduction in the Cr concentration towards a higher atomic mass Ni dominated alloy.
This compositional refinement suggests that the Cr in such regions is consumed by oxidation, with Cr
resupply from the bulk or neighbouring carbide phases inhibited by oxide development.

Dark microstructural features were evident within the internal oxide and attributed to porosity. The rough
periphery of such features suggested that they were formed by fracture and pullout during metallographic
preparation, as against void formation as a result of carbide oxidation. This hypothesis is supported by the
results of Appendix 3 where the heavily oxidised Cr3C2 powder at 900ºC formed a thick scale without
evident porosity or void formation.
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Figure 9.25 BSE cross sectional images of the coating-only prealloyed powder based Aerospray HVAF
samples oxidised-polished for 60 days at 900ºC.
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Chromium oxide
Matrix phase pockets
encapsulated within
the internal oxide.

Internal Oxidation Zone –
All of the carbide grains are
fully oxidised or at least
encapsulated in oxide.
Isolated pockets of matrix
remain.

Carbide grains encapsulated
within the advancing
internal oxide scale.

Below the internally oxidised
zone the composite layer is
unaffected by oxidation,
reflecting the microstructural
development generated by
heat treatment.

Preferential oxygen
diffusion appeared to occur
along the carbide-matrix
interface.
Chromium carbide

Figure 9.26 Schematic highlighting the primary features of internal oxide penetration of the Cr3C2-NiCr
prealloyed powder based composite during cyclic disruption of the protective scale layer at high
temperature.

327

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings

In the HVAF coatings the magnitude of internal oxidation was dependent upon the exposure temperature,
Figure 9.27. At 700ºC attack was limited primarily to the top layer of exposed carbide grains. Progression
of the internal oxide occurred as spidery fingers related to preferential paths of oxygen ingress based on the
carbide morphology and regions thought to be collapsed porosity, Figure A5.1 (Appendix 5). Internal attack
was also favoured out from splat boundaries that intersected the surface. The depth of internal oxidation was
<5 µm, typically in the range 2-3 µm. The greater rate of oxidation at 800ºC was reflected in the greater
depth of oxide penetration, reaching depths of 10 µm, Figure 9.27. This increased depth may have resulted
from the more rapid rate of the three dimensional carbide structure development and, therefore, the greater
potential for oxidation to progress into the coating through this phase network. In addition, the elevated
temperature may have favoured the more rapid rate of some of the reaction steps in the decarburisation
mechanism of carbide oxidation. Below the internally oxidised zone the carbide structure resembled that of
the bulk coating, indicating that carbide development in this region did not appear to be influenced by
internal oxidation. The pockets of matrix phase within the internally oxidised zone were more evident than
at 700ºC due to the greater depth of oxidation. Those at the surface formed nodular oxide features that
protruded above the surrounding oxide, suggesting the formation of Ni oxide phases and supporting the
observation of the reduced Cr content of these isolated matrix pockets.

Testing at 900ºC generated a similar depth of internal oxidation as at 800ºC, the primary variation being the
much higher density of the oxide in the 5-6 µm near surface region, the general oxide within the coating was
generally denser than the spidery morphology at 800ºC. The reduced concentration of the matrix phase in
the outer zone suggests that the isolated pockets were consumed by the greater rate of oxidation at this
temperature.

The prealloyed powder based Microjet HVOF coating treated at 900ºC generated a similar depth of internal
oxidation as noted in the HVAF coating at this temperature, ranging up to 10-12 µm, Figure 9.28 and Figure
A5.3 (Appendix 5). The main variation in response was in the density of the internal oxide in the near
surface zone and more spidery morphology of the oxide, both features resembling the HVAF samples treated
at 800ºC. This variation was attributed to the higher Cr content in the matrix of this coating as a result of the
more extensive degree of carbide dissolution during coating deposition. This enabled the patches of matrix
phase to maintain a protective Cr2O3 scale over longer periods of time within the internally oxidised zone,
thereby preventing oxidative consumption. This effect may have been contributed to by the lower assprayed carbide content, and the potentially slower rate of carbide nucleation and development due to the
competing process of Cr consumption by oxide formation as well as carbide growth. The more limited
carbide structure would then provide reduced avenues for internal carbide oxidation.

However, this

mechanism is thought to play a very minor role, if contributing at all, given that the most extensive carbide
development in the heat treated trials of Chapter 5 occurred within the first 48 hours, in which these samples
were still undergoing oxidation alone.
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Figure 9.27 BSE cross sectional images of the coating-only prealloyed powder based Aerospray HVAF
samples oxidised-polished for 60 days at 700ºC (top) and 800ºC (bottom).

Figure 9.28 BSE cross sectional images of the coating-only prealloyed powder based Microjet HVOF
samples oxidised-polished for 60 days at 900ºC.
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The locked couple XRD analysis of the composition of the oxidised-polished samples reflected the
observations of the BSE analysis, Figure 9.29. At 700ºC the spectrum of the HVAF coating was dominated
by the matrix phase peaks. Cr3C2 was the only carbide phase detected, at low level, due to oxidative
consumption by Cr2O3. No evidence of NiO was observed, but very low intensity peaks indicative of the
presence of NiCr2O4 were noted. At 800ºC the relative intensity of the carbide phase spectrum to that of the
matrix and Cr2O3 phases was significantly lower than at 700ºC. Indicative features of the NiO phase peaks
were noted, with the presence of NiCr2O4 more definitive than at the lower temperature. At 900ºC the
intensity of the Cr2O3 spectrum equalled that of the matrix phase, the relative intensity of the carbide
spectrum to these peaks further reduced relative to that at 800ºC. Evidence of Ni oxide formation was not
definitive. The Microjet HVOF spectrum at this temperature reflected the same general features as noted on
the HVAF coating, with the presence of Ni oxide phases being more definitive, particularly NiCr2O4.
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Figure 9.29 XRD spectra of the Aerospray HVAF sample after oxidation-polishing exposure for 60 days at
700ºC, 800ºC and 900ºC, combined with the results of the Microjet HVOF coating after exposure at 900ºC.
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9.8.3 Erosion-Oxidation of Cr3C2-NiCr Coatings
The surface topography in the cross-sectional BSE images of the prealloyed powder based HVAF coatings
was very irregular, indicating that a significant number of erodent impacts occurred in the analysis regions
and suggesting that potential mass loss occurred by erosion, Figure 9.30. A continuous scale layer of
variable thickness formed on the eroded surface, below which the same stratified internally oxidised
structure as highlighted in the previous analysis, had formed. Internal attack was accentuated along grain
boundaries that intersected the surface and in regions thought to contain significant porosity. Erodent
impacts, evident as “V” shaped depressions in the surface, accentuated internal oxidation, with fingers of
internal oxide penetrating into the coating from such sites. The exposed surface area from such indentations
also formed thick surface scales. The morphology of the internally oxidised carbide phase showed the same
general features as noted in the oxidised-polished samples. All of the carbide grains exposed to the surface
were consumed by oxidation. In regions of mild internal attack the oxidation front only consumed the top
layer of carbide grains. Attack was particularly blunted when the carbide grains occurred above an extensive
matrix region.

More invasive attack occurred to an average depth of 6 µm, ranging up to 10 µm.

Preferential oxygen diffusion appeared to occur along the carbide-matrix interface as noted above, based on
the appearance of carbide grains surrounded by peripheral oxide scales within the internally oxidised band of
material.

With extended exposure out to 60 days the surface roughness increased, indicative of the greater extent of
erosion with continued treatment. However, the magnitude of internal attack remained similar to that after
20 days of treatment, averaging 5-7 µm and ranging up to 10 µm, Figures A5.16-A5.17. Assuming that
erosive mass loss occurred to some degree between assessment periods, this result suggests that the internal
oxidation front progressed ahead of the erosive front by a fixed depth, dictated by the rate of oxygen
diffusion at this temperature and the frequency and severity of erosion. The fact such invasive oxidation was
induced by erosive attack and not simply by elevated temperature oxidation alone, was highlighted by
comparing the results of this sample with an equivalent coating exposed to the same temperature and
oxidising environment, without erosion, Figure 9.30. These latter samples formed a thin, continuous and
adherent scale layer over both coating phases. No significant internal oxidation occurred, with carbide grains
evident up to the base of the surface scale. Where internal oxidation was observed it was associated with
splat boundaries or regions of coating porosity. There was no evidence of peripheral oxygen penetration
along the interphase regions between the matrix and carbide phases.

Heat treatment for 30 days at 900ºC prior to testing had no evident effect on the response of the coating to
erosion-oxidation or oxidation alone, Figure 9.31. Erosion induced internal oxidation occurred to a similar
depth as was noted in the as-sprayed samples, and formed a similar morphology. The spidery nature of the
internal oxide, as noted in the previous samples, could not have formed from oxidation of thin sponge-like
carbide agglomerates, suggesting that regions of collapsed porosity from the starting powder were an
additional route for oxygen diffusion through the coating.

332

Chapter 9 – Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings
Erosion-Oxidation

Oxidation Only

Figure 9.30 BSE cross-sectional images of the assprayed prealloyed powder based Aerospray HVAF
coating only samples exposed to cyclic erosionoxidation for 20 days.

Erosion-Oxidation

Oxidation Only

Figure 9.31 BSE cross-sectional images of the heat
treated prealloyed powder based Aerospray HVAF
coating only samples exposed to cyclic erosionoxidation for 60 days.
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The same mechanism of erosion-oxidation occurred on the blended powder based coatings, Figure 9.32.
Internal oxidation penetrated the coating from the continuous surface scale, reaching depths of 10-12 µm.
Oxygen ingress into the coating was again accentuated around erodent indentations as evidenced by the
extensive oxide features progressing from these impact sites. Within the coating, oxygen diffusion appeared
to occur most significantly along the splat boundaries. Carbide splats exposed to the surface were totally
consumed by oxidation, forming thick, dense oxide features. Below the surface the internal oxide formed
features of spidery morphology, suggesting preferential oxidation of the thin carbide splats in the mixed
phase regions. Once internal oxidation penetrated into a region of a carbide splat, it gradually progressed
along the splat by consumption of the carbide, advancing the internal oxidation front and effectively isolating
those splats above it from the bulk of the coating. Larger carbide splats were retained closer to the surface,
surrounded by peripheral scale layers and under going oxidative consumption at a slower rate than the
thinner carbide splats. Below the internally oxidised layer the coating microstructure mirrored that of the
bulk coating, with no evident formation of a carbide-free band of material.

The effect of erosive impact on inducing such internal oxidation was highlighted by contrasting these images
with those of the samples oxidised alone, Figure 9.32. A thick oxide scale of variable thickness formed on
the surface, the variation resulting from the different oxide phases noted in Chapter 6. Oxide penetration of
the coating occurred as thin oxide stringers along the splat boundaries. While some surface carbides had
undergone greater extents of oxidation relative to the surrounding phases, in the main the carbide splats were
noted to remain continuous and free of internal oxidation up to the base of the surface scale.

Extended exposure out to 60 days had no evident effect on the morphology or magnitude of internal attack,
in the same manner as the prealloyed powder based coating, Figures A5.18-A5.19. Similarly the response of
the heat treated sample mirrored that of the as-sprayed specimens after 60 days, with the elevated matrix Cr
concentration and sintered splat boundaries having no definitive effect on the coating response to erosionoxidation under these conditions, Figure 9.33.
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Figure 9.32 BSE cross-sectional images of the assprayed blended powder based HVOF coating only
samples exposed to cyclic erosion-oxidation for 20
days.

Figure 9.33 BSE cross-sectional images of the heat
treated blended powder based HVOF coating only
samples exposed to cyclic erosion-oxidation for 60
days.
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9.8.4 Mechanism of Erosion-Oxidation of Cr3C2-NiCr Thermal Spray Coatings
Under Turbine Conditions
The same general internal degradation mechanism occurred in the Cr3C2-NiCr coatings exposed to both the
mild and aggressive erosion conditions. This similarity implies that this response is not dictated by the
magnitude of erosion itself but more so by the repeated disruption of the scale layer during elevated
temperature exposure. As a result this generic response typifies that occurring in a broad range of wearoxidation systems and thus the understanding of the following mechanism has wide ranging implications
beyond the erosion-oxidation scenarios addressed in this work.

During exposure of Cr3C2-NiCr coatings to elevated temperature, oxidation of both phases occurs. Elevated
temperature wear leads to disruption of this scale layer. The response of each phase to oxide breakdown is
dictated by the oxidation mechanism. Disruption of the matrix phase scale by cracking, chipping or total
spallation is rapidly repaired by diffusion of Cr from the matrix. Cracks within the scale are repaired by Cr
diffusion through the scale and internal Cr2O3 formation, while exposure of the matrix itself leads to the
formation of a protective Cr2O3 oxide layer out from the surface. While the Cr concentration remains high
enough, the development of the Cr2O3 scale leads to minimal oxidative consumption of the matrix phase.

Disruption of the carbide phase scale also occurs by cracking, but is more susceptible to spallation under
wear due to the high hardness of the carbide at high temperature. The mechanism of carbide oxidation,
discussed in detail in Appendix 3, means that the Cr2O3 oxide formed on this phase is incapable of “selfrepair”. Instead, disruption of the scale layer results in rapid diffusion paths for oxygen to the carbide
surface, leading to further oxidative consumption of this phase. Between wear “events”, oxidation leads to
the formation of protective scale layers over both phases. During subsequent wear induced scale disruption,
the matrix phase only has to repair the localised damage to the scale. In contrast, disruption of the thick
carbide scale effectively negates the protection of the previously formed oxide and allows oxidative attack of
the carbide in the localised areas of scale disruption. In this way oxidation preferentially occurs on the
carbide phase and progressively penetrates into the coating through consumption of this carbide phase itself.

The protective nature of the Cr2O3 scale implied by the mass gain kinetics for the oxidised coating and
oxidised Cr3C2 powder (Appendix 3) indicate that internal oxidation should be limited to the carbide grains
exposed to the surface and to those areas exposed by wear induced deformation of the coating itself.
However, the depth of internal oxidation observed in this section of work indicates that the erosion-oxidation
mechanism of Cr3C2-NiCr composites is very complex and cannot be considered as a simple extension of
those mechanisms derived from Cr based alloys on the basis that the same Cr2O3 scale is involved.
Similar responses have been encountered in the oxidation of Co-TaC [83] and NiAl- Cr3C2 [84, 85]
composites during oxidation at elevated temperature. In the Co-TaC composite considered by Smeggil [83]
the carbide fibres were oriented perpendicular to the surface. Exposure at 600-800ºC led to preferential
oxidation of the matrix phase, with the carbide fibres extending from the bulk into the oxide layer. At 850-
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900ºC the carbide fibres remained resistant to oxidation, but internal oxidation of the matrix was noted to
occur along the matrix-carbide phase interface, prompting the author to suggest that this phase boundary
acted as a short circuit diffusion path for oxygen into the alloy. Similarly, Stott et al [84] noted preferential
Al2O3 formation along the alloy-carbide interface in NiAl- Cr3C2 composites oxidised at 1100ºC. Oxidation
of the Cr3C2 phase was also noted in this study, Figure 9.26, the authors indicating that the significant depth
of Cr2O3 growth through consumption of the carbide phase was unlikely to occur through slow diffusion
through the scale. This effect was also postulated to result from oxygen diffusion along the alloy-carbide,
and subsequently alloy-oxide, interface. However, Cr3C2 oxidation only occurred in instances where the
alloy was low in Al, given that Al2O3 formed in preference to Cr2O3. More recently Castello et al [85] has
questioned this mechanism, observing internal Al2O3 formation independently of the carbide phase in the
same composite as used by Stott et al [84], at 1200ºC. At this temperature most of the carbide fibres
dissolved into the matrix, with only the largest remaining. These were noted to undergo oxidation to depths
of 10-20 µm. The internal carbide attack occurred to a uniform depth over the cross section of the carbide
fibres, without the preferential interfacial oxidation expected should oxygen diffuse preferentially along this
interface.

The results of the current work showed carbide grains encapsulated within an internal oxide phase. While
oxidation continued to consume the carbide grains, it did not inhibit further internal oxidation of the carbide
below this point, Figure 9.26. Such features support the mechanism of Stott et al [84], that the carbidematrix interface acts as a short circuit diffusion path for oxygen ingress into the coating. However, in itself
this mechanism does not fully account for why the carbide phase itself is consumed by oxidation even after a
peripheral oxide layer has formed around the carbide-matrix interface. Mechanistically, several additional
complicating factors arise in considering the physical steps of this process. Initially a protective scale forms
over both phases in the coating. Oxygen diffuses through this layer to the carbide-matrix interface, Figure
9.34. At this point it is unlikely that oxygen diffuses directly down the interface, given the high reactivity of
Cr in the matrix. As noted in the work of Stott et al [84] an oxide film develops on the surface of the matrix
phase down this interface. Oxygen diffusion then occurs between this internal matrix scale and the carbide
phase. Diffusion in this manner allows internal penetration of oxygen and subsequent lateral diffusion to the
carbide, allowing further oxidation to occur. However, once a complete scale layer has been formed, or the
surface carbide grain consumed by oxidation, such short circuit paths are sealed. Furthermore the large pool
of oxide formed, combined with the surface scale, should act as a barrier to further oxygen ingress. It is
evident from the extensive depth of internal oxidation in the current work that this does not occur. A further
complicating factor, and one not addressed in the literature works, is the removal of CO from the carbideoxide interface, as discussed in Appendix 3, and the variation in the reaction rate of Cr3C2 as a function of
temperature and the low oxygen partial pressures expected at such depths in the coating. As will be
discussed in greater detail below, the depth of internal oxidation in these trials is postulated to be dictated by
the balance of erosive and corrosive mechanisms of degradation. The variability in the extent of internal
attack means that, while this generalised mechanism of response is operative over a wide range of situations,
the magnitude of degradation must be considered under conditions as close as possible to those which occur
in-service.
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Cr2O3 scale

NiCr matrix

Oxygen diffuses through the
external scale to the matrix-carbide
interface.

Cr atoms within the matrix phase diffuse to the matrixcarbide interface and readily form a thin protective
interfacial scale layer that is postulated to limit further
internal matrix oxidation

Cr3C2 grain

Oxygen diffusion along the Cr2O3-matrix interface allows oxygen
penetration into the carbide, resulting in internal oxidation and
eventual consumption of this phase.

Interfacial Cr2O3 scale formed on the exterior of the
matrix phase. This limits oxygen diffusion to the Cr2O3carbide interface.

Figure 9.34 Schematic highlighting the proposed mechanism of oxygen penetration into the coating to
account for the extensive internal carbide attack during cyclic disruption of the protective surface scale.
The susceptibility of the Cr3C2 phase to internal oxidation influences the long-term stability of the matrix
phase scale during oxidative wear. The high initial matrix phase Cr content enables a protective Cr2O3 scale
to be maintained over the surface and near surface pockets of this phase while the carbide oxidation front
progresses into the composite. This has two primary effects. Consumption of the carbide phase prevents the
carbide from acting as a reservoir for Cr through dissolution, as was noted to occur in the heat treated
blended powder based coatings. In addition, internal carbide oxidation undercuts the pockets of near surface
matrix phase, sealing them off from the bulk matrix material below. This prevents Cr diffusion from the Cr
rich matrix phase within the bulk of the coating. In turn this prevents the formation of Cr concentration
profiles from the bulk to the surface to replace the Cr consumed by oxidation, and means that the carbide
grains in the bulk of the coating do not undergo selective dissolution. As a result a homogeneous carbide
microstructure is maintained up to the base of the internally oxidised zone, as is evident in Figure 9.25 and
Figure 9.26. Effectively then, the oxidation resistance of the matrix phase pockets is dependent upon the Cr
content of this phase at the time of exposure to oxidation. Once sealed from the bulk coating the oxidation of
such matrix material follows the mechanism outlined for low Cr content NiCr alloys, with Ni oxides
increasingly dominating the scale over such features, a conclusion supported by the Ni oxide peaks in the
XRD spectra of Figure 9.29. Continual scale disruption eventually leads to oxidative consumption of such
isolated pockets as evident in the near surface region of Figure 9.25. This generalised mechanism suggests
that in the current erosion-oxidation work that more aggressive erosion conditions would generate greater
degrees of surface deformation and cracking, leading to greater depths of internal attack. However, in
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contrasting the results of the simulated “mild” erosion conditions of the oxidised-polished specimens, where
no substrate deformation occurred, with those of the oxidised-eroded specimens, the opposite trend occurs.
The oxidised-polished trials were designed to simulate erosion affected oxidation as defined by Stephenson
et al [2, 3, 60], whereby only the oxide layer is removed by erosion. Such erosion conditions tend towards
those within fluidised bed combustors as well as conditions of more generalised elevated temperature
oxidation-wear. Significant internal oxidation occurred to depths in excess of that noted in the erosionoxidation trials, with the magnitude of internal oxidation increasing with increasing temperature. Under
these conditions the depth of internal oxidation is postulated to occur as a function of the Cr3C2 oxidation
mechanism over this temperature range. Initially the matrix phase plays a prominent role in the overall
oxidation resistance of the composite, forming a protective scale over both itself and the carbide grains.
Such a response was evident in the oxidation trials, even following prior heat treatment. Scale development
in this manner accounts for the thin surface scale and negligible internal oxidation that occurred on the
samples exposed for 60 days in Figure 9.30-Figure 9.33. With repeated removal and re-growth of the
surface Cr2O3 scale the matrix phase Cr content gradually decreases with time, reaching the point where it
can no longer influence the scale development over the carbide grains. As a result, carbide scale formation
occurs as a function of the carbide oxidation mechanism alone. As discussed in detail in Appendix 3, Cr3C2
oxidises according to a complex stepwise decarburisation mechanism. The mass gain data of oxidised Cr3C2
powder in this work tended towards parabolic kinetics, implying the formation of a protective scale layer.
However, the thickness of the oxide scale formed on this powder exposed at 900ºC for 48 hours in air
approached 5µm, a thickness in excess of the scale formed on the coatings exposed at 900ºC for 60 days in
Figure 9.30-Figure 9.33. This result suggests that the Cr2O3 scale formed on the carbide phase is not as
effective as the Cr2O3 scale formed on Cr alloys in acting as a diffusion barrier to oxygen. As discussed in
detail in Appendix 3, the stepwise reactions of Cr3C2 oxidation generate gaseous CO. Cross sections of the
oxidised Cr3C2 powder showed dense, adherent scales free of interfacial voids, cracking or porosity.
Therefore, the CO formed at the oxide-carbide interface must diffuse through the scale in order to prevent
interfacial void formation. This presumably occurs through micro-cracks and/or oxide grain boundaries in
the same manner by which carburisation of oxidised components occurs [86, 87]. The microstructure of the
Cr2O3 scale that enables significant CO removal during scale formation is postulated to allow significant
counter-current oxygen diffusion to the carbide surface. As a result the Cr2O3 scale formed on the carbide is
not as resistant to oxygen penetration as the matrix based scale and therefore requires a greater thickness to
achieve the same protective nature as the alloy based oxide. The similarity in the depth of internal oxidation
after 60 days of the oxidised-polished samples to the scale layer formed on the oxidised powder alone after
48 hours at 900ºC suggests that the scale has reached a steady state thickness after extended exposure. This
depth is also dependent upon the exposure temperature. The marked variation in the depth of attack in the
700ºC and 800ºC oxidised-polished samples reflected the variation in oxidation rate of the carbides noted in
the oxidised coating analysis. This suggests that over the range 700ºC to 800ºC the rate limiting step in the
stepwise decarburisation reaction of Cr3C2 oxidation becomes more favourable, allowing the Cr2O3 phase to
develop quicker. On the basis of these results, the effect of erosive thinning of the surface scale was to
reduce the matrix phase Cr content below the point where it could dominate the overall composite oxidation
resistance, allowing the carbide phase to oxidise independently. This mechanism highlights the complex
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interaction of the oxidising phases in the composite and indicated that under such conditions of oxidativewear that the longevity of the coating in-service is dictated by the variation in the oxidation kinetics of the
Cr3C2 phase as a function of temperature.

The oxidised-eroded trials simulated degradation under turbine conditions of high temperature, high velocity
erodent impact and low erodent flux. While the same generalised mechanism of internal oxidation occurred
as outlined above, the depth of attack was less than in the oxidised-polished trials. In addition a consistent
depth of internal oxidation was maintained over the 20-60 days of exposure. This variation in response
arises due to the increased dominance of erosion in this oxidation affected erosion regime.

Initially the composite oxidises to form a protective scale. Erodent impact indents the surface, generating
peripheral cracking out and down into the coating. While the severity of each impact is extensive, the
infrequent nature of erosion means that it has a less significant effect on the extent and mechanism of
composite oxidation than in the oxidised-polished samples where the scale was fully removed with each
polishing treatment. In the current work, composite material exposed by erodent indentation and material
displacement oxidises in the same manner as observed on the heat treated coatings in Chapter 6. Disruption
of matrix material oxidised before impact, readily undergoes self repair of the scale layer. The fact that the
entire matrix scale is not removed during each impact event means that the matrix phase retains a high Cr
content for extended periods of time. The carbide phase scale often undergoes spallation during erosion,
leading to preferential internal oxidation of this phase during each impact event. With repeated impacts and
scale disruption, significant internal oxidation of the carbide phase occurs. Internal oxidation is enhanced by
erosion induced brittle crack propagation down into the coating. This too occurs preferentially in the carbide
phase due to the way in which the carbide grains tend to crack under impact, or are exposed by preferential
cracking along the carbide-matrix interface.

In contrast the matrix phase tends to undergo plastic

deformation which, combined with the high oxidation resistance of this phase, does not lead to significant
oxidative attack of this material. Through these processes an internal oxidation front progresses into the
composite ahead of the topographical damage generated by erosion. While this internally oxidised layer is
thin, it has a negligible effect on the extent or mechanism of erosion damage. However, as this zone of
oxidised material thickens it transforms the manner in which the coating responds to erodent impact. The
oxide phase exhibits brittle erosion characteristics. Brittle crack propagation into the coating occurs more
readily, accentuating the development of the internally oxidised zone.

More significantly this layer

accelerates the rate of erosive mass loss of the coating. Up to this point mass loss occurred by the
mechanisms highlighted in Chapter 8, typically requiring multiple impacts to remove flake or platelet
features through low cycle fatigue mechanisms. The development of the brittle internal oxide layer enables
brittle erosion mass loss mechanisms to occur, whereby brittle chipping and cracking may remove material
with fewer impacts, leading to greater rates of mass loss of the coating. As the surface material is removed
through brittle erosion the layer beneath becomes more extensively oxidised, particularly the carbide phase
and therefore susceptible to the same erosion mechanisms. Below this, brittle cracking enables oxidation to
penetrate into the next layer of material below the eroded zone. In this manner the composite structure of the
extensively oxidised internal band of material, topped by the heavily eroded surface layer, maintains a
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consistent thickness while progressing down through the coating. The depth of this layer is determined by
the oxidation rate as a function of temperature, the severity of erosion and the duration between impacts.

On the basis of this mechanism, mass loss under simulated turbine erosion-oxidation conditions is dominated
by erosion, but is accentuated by the transition to a brittle impact response brought about by the internal
oxidation of the carbide phase. This is a potentially more aggressive form of oxidation affected erosion than
presented in the literature as oxidation enhances the erosive degradation of the coating itself, rather than
inhibiting the extent of substrate deformation through the formation of an external scale layer.

9.8.5 Implications for the Industrial Application of Cr3C2-NiCr Coatings
Under Turbine Conditions.

Through the characterisation of the response of Cr3C2-NiCr thermal spray coatings to heat treatment,
oxidation, erosion and erosion-oxidation, it has been possible to broadly define the mechanisms of the
coating erosion-oxidation response as a function of the severity of erosion, over the temperature range 700800ºC.

In assessing this laboratory based work a number of generalised trends and implications for the industrial
application of these coatings under turbine conditions have become evident. Of most significance is the
transition in the response of the Cr3C2-NiCr coatings between 700ºC and 800ºC, particularly with regard to
oxidation and erosion. At 700ºC the coatings exhibited brittle erosion characteristics with many similarities
to the deformation features observed at ambient temperature. These were apparent even in the heat treated
specimens where the response of the matrix phase was no longer dominated by the high degree of
supersaturation. In contrast, the 800ºC trials showed a ductile response, primarily in the matrix phase but
also in the carbide phase to some extent. This was evident in both the as-sprayed and heat treated specimens,
but was of particular significance in regard to the as-sprayed samples in light of the brittle response of the
supersaturated matrix phase at the lower temperature. While the magnitude of ductile deformation decreased
with increasing carbide development, impact deformation remained largely plastic in nature rather than
exhibiting brittle erosion features. Such results point to a brittle-to-ductile transition within this temperature
range for Cr3C2-NiCr coatings exposed under these simulated turbine conditions.

The rate of oxidation of the Cr3C2-NiCr coatings was also noted to rapidly increase over the range 700800ºC. Given the dominance of the matrix phase in the formation of the composite scale during the
oxidation trials, this response may be attributed to the increased rate of NiCr oxidation as a function of
temperature. However, this response does not account for the marked transition in the extent of carbide
internal oxidation in the oxidised and polished trials over this temperature range. Oxidation of NiCr alloys
has been shown to follow a smooth trend in increasing oxidation rate over this temperature range [88, 89],
while the mechanism of oxide formation does not imply any marked transitions in response. Cr3C2 oxidises
via a more complex stepwise decarburisation mechanism, as outlined in Appendix 3. The greater rate of
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carbide oxidation over this temperature range suggests that the rate limiting step in this mechanism becomes
more favourable with the increase in temperature, allowing Cr2O3 formation to occur more quickly. This
conclusion is supported by the results of Korablev et al [90] who noted that the oxidation of Cr7C3 to Cr23C6
was favoured in the range 830-980ºC. This result implies a practical upper operating limit in the application
of Cr3C2-NiCr coatings in order to prevent internal oxidation of the carbide phase. As is evident by
contrasting the results of the oxidation and oxidation-polishing trials, however, the situation is not merely
this simple given the complex interrelationship of the oxidation of the matrix and carbide phases which is
dependent upon the mechanism and magnitude of scale disruption in-service. It is therefore critical to assess
the response of these coatings under conditions as close as possible to those in service prior to their industrial
application if their longevity is to be determined with sufficient accuracy.

A further transition in response over this temperature range relates to the rate of carbide and compositional
development as a function of heat treatment. Heat treatment was carried out at 900ºC in this work. While
taking slightly longer to develop, coatings applied in service at 800ºC would tend towards the
microstructures observed in this work within the early stages of exposure. However, calculations based on
the rate of element diffusion indicate that at 700ºC such microstructures are unlikely to be achieved over the
bulk of the lifetime of the coating, if at all. Literature works indicate a reduction in the extent of matrix
phase supersaturation at a treatment temperature of 600ºC [91], implying some degree of carbide
development. However, it is unlikely that this develops beyond fine carbide precipitates. Practically this
means that the response of Cr3C2-NiCr coatings at service temperatures up to 700ºC will tend toward those
exhibited by the “as-sprayed” coatings in the 700ºC trials of this work. As a result the coating response at
low temperatures is dependent upon the as-sprayed state of the coating, particularly in regard to the extent of
in-flight carbide dissolution, carbon loss and oxidation, as well as the intersplat adhesive strength resulting
from the variation in particle deformation upon impact. The selection of powder morphology and deposition
technique is critical for coatings applied for use in such conditions. Above 800ºC, rapid matrix phase
reconstitution, carbide development and intersplat sintering means that the response of the coatings tends
more towards that of the heat treated samples in this work, following an initial induction period. The extent
of carbide dissolution becomes less significant in the prealloyed powder based coatings since the
microstructures tend to the same carbide morphology with extended high temperature exposure. Care must
still be taken in minimising in-flight degradation, however, especially in regard to minimising the magnitude
of carbon loss and the formation of oxide stringers.

In light of these trends, the generalised regimes of response of Cr3C2-NiCr thermal spray coatings under
erosion-oxidation conditions will be discussed as a function of the severity of erosion.
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Oxidation Only Up to 700ºC
The oxidation response of Cr3C2-NiCr thermal spray coatings at this temperature is dictated by the
magnitude and mechanism of in-flight phase degradation as a function of the starting powder morphology.
Agglomerated/sintered powders undergo carbide dissolution during spraying, reducing the carbide
concentration and leading to the matrix phase becoming supersaturated in Cr and C. The elevated Cr
concentration dominates the oxidation response, suppressing Ni oxide development as the matrix phase
oxidation mechanism tends to that of pure Cr. Cr2O3 is the only oxide to grow, forming a thin continuous
scale layer over this phase. Under optimised HVOF/HVAF deposition conditions minimal in-flight carbide
oxidation occurs in powders of this morphology, with Cr3C2 retained as the dominant carbide phase. In this
temperature range the carbide shows slow oxidation kinetics, forming a thin Cr2O3 scale. However, carbide
oxidation is rapidly overshadowed by the rapid lateral growth of the Cr2O3 over the carbides from the Cr rich
matrix phase. Overall the coating oxidation response is dictated by the oxidation characteristics of the matrix
phase, forming a thin, flat and continuous Cr2O3 scale over both phases. This mechanism is accentuated in
higher flame temperature HVOF techniques, which generate the greatest degree of carbide dissolution,
increasing the matrix phase Cr supersaturation while reducing the carbide content and, therefore, the exposed
carbide surface area.

The single phase powder particles in the blended powder do not interact in-flight, with phase degradation a
function of the oxidation mechanism of the composition of each particle. The Ni20Cr particles oxidise
according to the mechanism of bulk NiCr alloys. The Cr content is lower than in the supersaturated
prealloyed powder based matrix, leading to a slower rate of Cr2O3 development. This enables rapid Ni oxide
growth to occur. The morphology of this phase ranges from large bulbous features through to thin scales of
large grain size. Ni oxide development occurs over the matrix alone, with lateral scale development over the
carbide grains not occurring until a continuous Cr2O3 sub-layer has formed. The slow lateral development of
the matrix Cr2O3 scale, combined with the extensive surface areas of the single phase carbide splats, means
that the carbide phase is exposed to oxidation for a greater time than in the prealloyed powder based coating.
Hence the carbide oxidation characteristics play a greater role in the overall coating oxidation response.
Extensive oxidation of this phase occurs in-flight such that the composition is dominated by Cr7C3. Over this
temperature range this degradation phase exhibited slow oxidation characteristics in this work and formed a
thin Cr2O3 scale. With extended exposure the matrix phase scale develops laterally and begins to dominate
the overall coating oxidation mechanism, but at a slower rate than in the previous coating due to the lower
matrix Cr content and the coarser carbide morphology.
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Erosion Affected Oxidation Up to 700ºC
Mild erosion conditions lead to erosion of the scale alone, without substrate deformation, in this regime.
Consumption of the coating occurs through accelerated oxidation, conditions simulated by the oxidisedpolished trials. The erosion resistance of the substrate is of limited significance, with the coating response
therefore dictated by the scale morphology and growth rate formed on the coating microstructure as a
function of the starting powder morphology.

Erosion occurs evenly over the flat scale formed on the agglomerated/sintered powder based coating. The
small isolated nature of the carbide grains in the as-sprayed microstructure means the scale over this phase is
not prone to preferential attack. Continual scale thinning maintains the coating in a continual state of
transient oxidation. The matrix Cr content remains high enough to maintain a protective Cr2O3 scale, even
with the gradual reduction in supersaturation with extended exposure at this temperature. Depending on the
erosion conditions some degree of carbide oxidation occurs, leading to internal oxidation of this phase.
However, the low oxidation rate of this phase limits internal attack to those carbides exposed to the surface.
Oxide penetration is further limited by the isolated nature of the carbides in the coating and the slow
diffusion rate of oxygen along the carbide-matrix phase interface at this temperature. The minimal oxidative
consumption of the carbides means that the near surface matrix phase material is not undercut, enabling Cr to
be continually supplied by diffusion from the matrix within the bulk, or by internal carbide dissolution within
the splat. In general, the response of this coating in this temperature range is determined by the carbide
oxidation resistance and the ability of the matrix phase to maintain a high Cr content sufficient to form a
protective Cr2O3 scale with extended exposure.

While not exposed to the oxidation-polishing trials, the results of this work indicate that the blended powder
based coatings are prone to greater oxidative consumption than the coatings above under these conditions.
The bulbous Ni oxides formed with initial exposure are prone to preferential erosion. The Cr2O3 subscale is
flatter and more protective, but grows more slowly. Disruption of this scale therefore allows the Ni oxides to
play a significant role in the erosion-oxidation mechanism. Long-term this situation is compounded by the
lack of possible Cr replenishment as the slow rate of intersplat sintering at this temperature prevents
significant Cr diffusion from neighbouring carbide or matrix splats. The lower Cr content and greater
susceptibility of the scale features increases the rate of oxidative consumption of the matrix phase relative to
the prealloyed powder based coating at this temperature. The slow matrix scale development over the
carbides means this phase undergoes extended periods of oxidation. The thin scales formed are prone to
erosion induced spallation, accentuating the extent of oxidation of this Cr7C3 dominated phase. Hence, the
extent of internal carbide oxidation is potentially more severe than in the prealloyed powder based coating.

Overall, the relatively slow rate of oxidation of the coating phases in this temperature range limits oxidative
degradation to the near surface material alone, without the development of a significant internally oxidised
zone. The thin nature of the scales formed at this temperature mean that practically this response is limited
to very mild erosion conditions where the depth of erodent penetration is similar to the scale thickness.
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Oxidation Affected Erosion Up to 700ºC
With increasing severity of each erosion impact the erodent penetrates through the scale and into the
substrate, such behaviour typifying the response of Cr3C2-NiCr coatings under turbine erosion conditions at
this temperature. Mass loss is increasingly dictated by the erosion response of the coating, which again is
dependent upon the coating microstructure generated as a function of the starting powder morphology.

Beneath the scale layer, erosion deformation of the agglomerated/sintered powder based coating at this
temperature occurs in a brittle manner. The carbide morphology remains largely as discrete carbide grains,
incorporated within an extensive matrix phase that slowly undergoes a reduction in Cr supersaturation.
Impact generates relative movement of the carbide grains to each other. Such displacement occurs through
brittle interphase fracture with the matrix. Brittle extrusion and fracture of the matrix phase occurs near the
impact zone. More extensively, the limited intersplat sintering generated at this temperature makes this
coating prone to splat based erosion mechanism.

The heterogeneous scale morphology of the blended powder based coatings leads to a more complex
response than described above. The Ni oxides develop to a sufficient size to inhibit erosion deformation of
the coating, while their bulbous nature also makes them prone to preferential erosion. Questions remain as to
whether such features are capable of reforming with extended exposure after a Cr2O3 subscale has developed.
At the opposite extreme the carbide phase scale is prone to erosion induced spallation, either by direct impact
or by lateral loading from nearby impacts. Erosion penetration of the coating generates a broad spectrum of
erosion responses as a function of the phase distribution in the impact zone. The ductility of the matrix
phase increases with temperature up to 700ºC, greatly exceeding that of the prealloyed powder based coating
due to the variation in composition and reduced confinement from the carbide phase. The carbide phase
exhibits a brittle impact response at this temperature. Splat based mechanisms of mass loss are also
prominent due to the slow rate of intersplat sintering.

Erosion deformation in both coatings greatly exceeds that of oxidative degradation. At this temperature the
oxidation rate of the coating phase is slow, such that only thin surface scales develop on the physically
deformed surface features and along the cracks into the coating, between impact events. Minimal internal
oxidation of the carbide phase occurs. Subsequent erosion impacts readily penetrate these surface scales
such that the generalised coating response tends towards that of the erosion-only trials, with degradation
dominated by the mechanisms of bulk erosive mass loss of the coating.
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Oxidation Only Above 800ºC
With initial exposure the oxidation of Cr3C2-NiCr coatings occurs by the same mechanism as at the lower
temperature, only at a significantly greater rate. The extensive phase and compositional developments
induced by extended high temperature exposure, however, lead to a transition in the long-term oxidation
response. In the agglomerated/sintered powder based coating, carbide nucleation and growth reduces the
matrix phase Cr concentration while at the same time increasing the concentration of the carbide phase
exposed at the surface. The mechanism of matrix oxidation tends towards that of Ni-(20-30)%Cr alloys. Ni
oxides develop on this phase initially while a continuous Cr2O3 subscale forms beneath. The slower
oxidation rate means this scale does not dominate the carbide phase in the manner noted at lower
temperatures, placing a greater significance on the mechanism of carbide oxidation. Under isothermal
oxidation conditions the Cr3C2 carbide phase forms a thin adherent scale of Cr2O3 that prevents significant
internal oxidation. While the matrix phase scale may potentially play a role in oxide development over the
carbide with extended exposure, in general, both phases oxidise independently. The scale morphology in
this instance is characterised by an extensive thin, flat background scale on the carbides, through which
nodular mounds of matrix based scale form.
Sintering of the blended powder based splats leads to carbide dissolution into the matrix phase, increasing
the Cr concentration. Ni oxide development is minimised on the matrix splats which form a thin Cr2O3
dominated scale with long term exposure. In spite of the variation in the carbide composition to Cr7C3, this
phase exhibits comparable oxidation behaviour to the carbide of the prealloyed powder based coating. The
higher matrix phase Cr concentration, combined with the elevated temperature, enables the matrix phase
scale to play a more significant role in oxide formation over the carbides than in the lower temperature trials.
The scale morphology developed as a result of this mechanism is a lot flatter and more homogeneous than
that formed at 700ºC on the as-sprayed coating.

Essentially, heat treatment transforms the compositions of the matrix phase in the coatings from both
powders towards comparable levels of Cr. The generalised oxidation mechanism becomes increasingly
similar, with the scale morphology dictated by the phase distributions within the coating.

Erosion Affected Oxidation Above 800ºC
The similarity in the oxidation mechanism and oxide topography of the prealloyed and blended powder
based coatings with extended exposure, means that their response to erosion affected oxidation differs
primarily as a function of the carbide morphology. Following an initial complex induction period where
both coatings reach a steady state composition and microstructure the mechanism of response to repeated
scale thinning follows that outlined in the section above. The Cr content of the matrix phase is sufficient to
maintain a Cr2O3 scale over this phase, but cannot overgrow the carbide phase between the periods of scale
disruption. The oxidation rate of the carbide phase at this temperature greatly exceeds that at 700ºC,
resulting in extensive internal oxidative consumption of this phase. This is accentuated by rapid oxygen
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diffusion along the carbide-matrix phase boundary into the coating. In this way the extent of internal attack
is related to the carbide morphology.

The agglomerated/sintered powder based coating forms an extensive three dimensional carbide morphology
of agglomerated carbide grains. The fine size of the grains and large interphase surface area enables internal
oxidation to penetrate deep into the coating. In turn, carbide consumption undercuts the near surface pockets
of matrix phase, preventing Cr replenishment and leading to accelerated oxidative consumption of this
material. In this way a deep banded structure forms with the internal oxidation band progressing into the
coating ahead of a slower erosion degradation front.

The blended powder has a coarser carbide morphology, the larger size of the carbide splats reducing the
carbide interphase surface area and extending the period of oxidative consumption. Internal oxidation of
each splat does not occur due to their single phase composition, with internal oxygen penetration occurring
primarily along splat boundaries. The large size of the matrix phase splats means that they are not undercut
in the same way as the isolated pockets of this phase in the prealloyed powder, potentially extending the
period prior to oxidative consumption.

Internal oxidation, therefore, occurs as a function of splat

morphology in this coating. Limited attack occurs in regions of large single phase material, while rapid
ingress occurs in complex mixed phase regions with high intersplat surface area.

The contrast in carbide morphology indicates that the prealloyed powder based coating forms a thin, but
dense band of internal oxide within the near surface zone. The blended powder based coating, in contrast,
forms a coarser pattern of internal oxide with larger, more isolated pools of oxidised carbide splats, below
which fingers of intersplat oxide penetrate deeper into the coating. The effectiveness of each microstructure
in mitigating erosion affected oxidation under these conditions requires further experimental assessment.
Further to this, a greater understanding of the variation in erosion mechanism with the formation of an
internally oxidised zone is required.

While generating a transition towards a classical brittle erosion

response, the transition in composition from the coating out to the scale generated by internal oxidation may
have potential advantages with respect to the retention of the scale under thermal cycling conditions. Overall
the response of the coatings in this regime is determined by the development of the carbide microstructure
with long-term elevated temperature exposure and the oxidation rate of this phase at this temperature.

Oxidation Affected Erosion Above 800ºC
At this temperature the rate of scale development is greater than at 700ºC, but the impact of this on the
erosion response is countered by the increased ductility of the scale and the variation in scale morphology
with heat treatment induced phase development.

After extended high temperature exposure the

agglomerated/sintered powder based coating surface morphology is dominated by the carbide phase, with
small islands of oxidised matrix phase. The thin nature of the carbide scale combined with the increased
ductility of this phase, reduces the effectiveness of this layer as a physical barrier to erodent penetration.
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Similarly, the elevated Cr content of the heat treated blended powder based coating minimises the extent of
bulbous Ni oxide development, leading to the formation of thinner Cr2O3 based scales.

The increased ductility of the substrate phases allows greater depths of erodent penetration.

In the

agglomerated/sintered powder based coating, this results in multiple carbide grains being cleaved within
each impact. Deformation occurs primarily through the lateral development of the agglomerated carbides,
forming flakes and mounds of mixed phase material by virtue of interphase cracking and matrix phase
deformation. The ductility of the matrix phase prevents widespread crack propagation away from the impact
zone in the manner observed at 700ºC.

The blended powder based coating exhibits a broader range of impact responses than the prealloyed powder
based coating, but the increased ductility of the matrix phase and toughness of the carbide phase reduces the
extent of brittle erosion deformation. The significance of splat boundary crack propagation is reduced at this
temperature on account of the greater ductility of the matrix phase, which dissipates the impact energy
through plastic deformation, as well as intersplat sintering. Overall the erosion rate of this coating at this
temperature tends towards that of the prealloyed powder based coatings since the depth of erodent
penetration means a similar concentration of the carbide phase is incorporated within each erodent impact.
The magnitude of erosion indentation therefore tends to reduce the effect of the variation in the size of the
carbide features under the conditions simulated in this work.

The lack of brittle cracking into the coating limits oxidative attack between impacts to the material exposed
at the surface and by near impact cracking resulting from carbide displacement. Under turbine conditions,
the low erodent flux allows significant oxidative attack of the coating between impacts. Deformation of the
carbide scale leads to preferential internal oxidation of this phase. With continual exposure this leads to the
formation of an internally oxidised band of material, which is expected to exhibit a brittle erosion response
once the internal oxide dominates the near surface composition. While enhancing the mechanism of erosive
mass loss at 90º, the brittle response also generates cracking down into the coating, exposing subsurface
material to oxidation.

In this way a banded structure develops, whereby the internal oxidation front

progresses into the coating ahead of the erosive front at the surface. The depth of this band is determined by
the severity of the erosion conditions and the flux of erodent. The significance of the variation in coating
microstructures between the prealloyed and blended powder based coatings on this response is dependent
upon the specific erosion conditions. Overall the response of Cr3C2-NiCr coatings in this erosion affected
oxidation regime is dictated by the rate of carbide oxidation, the erosion response of the coating at this
temperature and the impact of internal oxidation on the mechanism of erosion deformation.
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9.9 Summary
In this chapter the erosion-corrosion response of Cr3C2-NiCr thermal spray coatings under conditions of high
erodent velocity, high temperature and low erodent flux was investigated. The literature presented in relation
to the theoretical mechanisms and experimental observations of erosion-affected-oxidisation and oxidationaffected-erosion were reviewed. Trials investigating the erosion response of preformed Cr2O3 scales at
700ºC and 800ºC were presented and discussed in relation to the literature. Simulation of the in-service
erosion-corrosion response of these coatings was carried out by thinning the oxide scales formed on oxidised
samples at 700-900ºC, every 48 hours either by polishing or erosion. This process was repeated for 60 days.
The results were correlated with the conclusions drawn from the previous heat treatment, oxidation and
erosion trials to formulate a generalised erosion-corrosion mechanism for Cr3C2-NiCr coatings under
simulated turbine conditions. The key points stemming from this work are discussed below.

Erosion-oxidation is a generalised wear phenomenon where the combined effect of each degradation
mechanism generates more extensive mass loss than the sum of each mechanism acting independently. Four
regimes have been highlighted to classify the response under these conditions: erosion dominated, oxidation
affected erosion, erosion affected oxidation, and oxidation dominated. Temperature and erodent particle flux
play a critical role in dictating the erosion-oxidation mechanism due to their effect on the oxidation rate and
substrate mechanical properties, and the duration between impacts over which the scale can develop.

The response of the coating oxide scales to erosive impact was dictated by their thickness and morphology as
a function of the oxidation mechanisms. On the as-sprayed prealloyed powder HVAF coating, scales formed
with up to 24 hours oxidation had no effect on mitigating erosion deformation of the substrate at 700ºC.
However, scales formed after 48 hours oxidation significantly limited erodent penetration of the substrate.
This response was a result of the high Cr content of the supersaturated matrix phase which enabled the
matrix based Cr2O3 scale to rapidly form a continuous layer over both coating phases that was sufficient to
inhibit erodent penetration. With heat treatment the carbide concentration increased, while the matrix phase
Cr content decreased. The coating phases oxidised independently to form large regions of carbide scale,
through which thicker, isolated patches of matrix phase oxide penetrated. The scale formed with up to 48
hours oxidation did not inhibit erodent penetration of the coating. The high hardness of the carbide made the
scale over this phase prone to impact induced spallation, a process which was accentuated with increasing
scale thickness.

At 700ºC the blended powder coating formed a heterogeneous scale topography ranging from the thin
carbide scale through to the bulbous Ni oxides. With up to 24 hours exposure this scale morphology was not
thick enough to significantly inhibit erodent deformation of the coating. The thin carbide scale was prone to
impact induced spallation over the large carbide regions. With 48 hours oxidation the bulbous matrix phase
scale dominated the coating scale topography, shielding the thin carbide scale from impact. The thickness of
such features limited erodent penetration of the coating. Heat treatment increased the matrix phase Cr
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content, minimising bulbous Ni oxide growth. The thinner scale formed was insufficient to inhibit erosion
deformation of the coating with up to 48 hours preoxidation.

At 800ºC the ductility of the prealloyed powder based coating and its oxide phases increased, such that the
scales formed with up to 48 hours oxidation did little to mitigate impact deformation of the coating. Carbide
scale spallation occurred on the heat treated coatings at this temperature due to the high hardness and
extensive morphology of the carbide phase. The response of the as-sprayed and heat treated blended powder
based coating mirrored those at 700ºC. While the rate of scale development increased with temperature, the
effectiveness of the thicker scales was offset by the increased scale ductility, such that the scales did not
significantly reduce the extent of substrate deformation.

The erosion response of the carbide scale in all the coatings was dictated by the carbide morphology relative
to the size of the impact zone. Small, isolated carbide grains can move relative to each other during impact.
This reduces the stress on the carbide scale and limits scale spallation. Large carbide splats or regions of
extensive agglomerated carbide grains cannot move so freely during impact, thereby concentrating more
impact energy in this phase. The high hardness of the carbide minimises dissipation of this energy within the
carbide, concentrating it within the oxide and at the carbide-oxide interface, which in turn results in scale
spallation.

The erosion-oxidation mechanism of Cr3C2-NiCr coatings is dictated by the carbide morphology and
oxidation resistance as a function of temperature. Repeated disruption of the coating scale by wear or
erosion leads to internal oxidation of the carbide phase. The extent of attack is temperature dependent. Up
to 700ºC the carbide phase exhibits good oxidation resistance, leading to minimal internal attack of this
phase. The slow oxidation rate means that, under turbine conditions, the coating response is erosion
dominated erosion-oxidation. The slow rate of carbide and matrix phase compositional and microstructural
refinement at this temperature generates an erosion response similar to the as-sprayed coatings at this
temperature. Above 800º rapid internal oxidation of the carbide occurs under conditions of repeated scale
disruption. The depth of attack is accentuated with extended exposure through the development of the three
dimensional microstructure. The coating forms a banded structure of an internally oxidised surface zone,
below which the coating microstructure tends to that seen in the heat treated specimens. The extensive
nature of the internal oxide generates a brittle erosion response under turbine erosion conditions, accelerating
the erosive mass loss of this material as well as generating avenues for oxygen ingress into the coating. This
oxidation affected erosion mechanism is more aggressive than those presented in the literature as oxidation
enhances erosion of the coating itself, rather than inhibiting the extent of coating deformation through the
formation of an external scale layer.
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Chapter 10
Conclusions and Recommendations

10.1 Heat Treatment of Cr3C2-NiCr Thermal Spray
Coatings
The effect of heat treatment at 900ºC on the prealloyed powder based coatings was dependent upon the
extent of in-flight dissolution. In the HVAF1 coating with minimal carbide dissolution, the dissolved carbide
elements did not diffuse far from the carbide grains. With heat treatment, carbide precipitation occurred
primarily on the retained carbide grains. Extended exposure led to growth and spheroidisation of the grains
by Ostwald ripening, with coalescence of neighbouring grains leading to widespread bridging and the
formation of an extensive carbide structure. The structure reached steady state after 30 days of treatment.

In the HVOF coating which underwent extensive in-flight phase degradation, carbide development with heat
treatment was dictated by the magnitude of carbide dissolution within each splat. In the core of the largest
splats, where minimal carbide dissolution occurred, carbide development mirrored the mechanism above.
Towards the splat periphery where carbide dissolution was more extensive, heat treatment caused
precipitation of the carbide phase in the matrix phase, forming sponge-like agglomerates of fine carbide
grains. At the splat periphery, where dissolution was the greatest, the precipitated carbides formed long, thin
plate-like morphologies, distorted by the flow lines of the solidifying material. Extended exposure led to
coarsening of the fine agglomerates and break-up of the plate-like features. Ostwald ripening led to grain
growth and spheriodisation in the same manner as noted in the HVAF coatings. In spite of the variation in
the extent of in-flight carbide dissolution, retained carbide content and splat morphology, both the HVAF
and HVOF coatings in this work tended towards the same steady state microstructure.

These mechanisms of carbide development are based on diffusion and therefore the rate of growth is
temperature dependent. Cr and C diffusivities indicate that it may take 20-300 times as long at 700ºC and 413.5 times as long at 800ºC for the microstructures observed in this work to form at these lower
temperatures. As a result, the mechanical properties and behaviour of coatings that undergo significant inflight carbide dissolution can vary over the lifetime of the coating. In contrast a more consistent response
would be expected from coatings with minimal carbide dissolution.

1

Coating nomenclature as defined in Table 4.4 in Chapter 4
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Heat treatment of the blended powder based coatings led to intersplat sintering. Diffusion of the carbide
elements into the matrix takes place, leading to the growth of carbide features into this phase and an increase
in the matrix Cr concentration.

Heat treatment does not led to preferential formation of Cr7C3 from Cr3C2 within the splats. Cr7C3 detected
in the heat treated coatings reflects recrystalisation of amorphous Cr7C3 formed by oxidation of Cr3C2 inflight, particularly in the blended powder coating.

Carbide dissolution and subsequent reprecipitation with heat treatment led to the formation of a third phase
postulated to be graphite, formed by the greater degree of matrix phase Cr alloying following heat treatment.

The as-sprayed prealloyed powder based HVOF Cr3C2-NiCr coatings were harder than the HVAF coating.
This outcome contradicted the results in the literature for the microstructural hardening mechanism for
cermet materials and results postulated for other Cr3C2-NiCr coatings. Short term heat treatment led to
softening of these coatings due to the reduction in matrix strengthening from supersaturation and rapid
solidification. Long-term hardness recovery occurred with extended heat treatment as the carbide phase
microstructure developed into an extensive three dimensional structure.

Heat treatment in air generated harder coatings due to the formation in interpslat oxides.

The hardness of the blended powder coating continued to increase with extended heat treatment. Increased
hardness with short term heat treatment resulted from internal oxidation and intersplat sintering. The
mechanisms leading to increased hardness with long term exposure have yet to be determined.
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10.2 High Temperature Isothermal Oxidation of Cr3C2NiCr Thermal Spray Coatings
Cr3C2 oxidises by a stepwise decarburisation mechanism to form Cr2O3. Cr atoms are not free to move
within the carbide structure and so oxidation takes place by oxygen diffusion through the scale to the
carbide-oxide interface.

In this way oxide development occurs into the carbide, leading to oxidative

consumption. The mass gain results of this process tend towards parabolic kinetics over the temperature
range 600-850ºC.

Oxidation of the as-sprayed and prealloyed powder coatings was dictated by the matrix phase Cr content.
With initial exposure the coating phases oxidised independently. The high matrix phase Cr concentration
generated by in-flight carbide dissolution generates rapid Cr2O3 development that grows laterally over the
neighbouring carbide grains, dominating scale development. At high temperatures the rapid Cr2O3 growth
generates stresses within the scale layer, leading to scale separation over the carbide grains and the formation
of interfacial voids. With increasing carbide dissolution in-flight, the matrix phase Cr content increases and
the oxidation mechanism and kinetics of scale development tend to that of pure Cr, forming thicker scales
and greater growth stresses.

In the as-sprayed blended powder based coating the single phase splats oxidised independently. The carbide
oxidised to form a thin Cr2O3 scale, while the matrix oxidised in the same manner as bulk NiCr alloys.
Rapid NiO formation occurred initially, below which a continuous Cr2O3 scale slowly developed. The
morphology of the NiO oxide was determined by the exposed matrix surface area, forming bulbous growths
over the thin splats, and thinner, larger grained scales over the larger areas of this phase. Once sealed off
from the coating by the Cr2O3 layer, NiO growth stopped, with this phase undergoing a solid state reaction
with Cr2O3 to form a NiCr2O4. Once established over the matrix phase the Cr2O3 scale slowly developed
laterally over the carbide grains.

Heat treatment of the prealloyed powder based coatings reduced the matrix Cr concentration while
increasing the carbide content. On initial exposure both phases oxidised independently. Matrix oxidation
occurred by the same mechanism as highlighted for the blended powder. Development of the matrix based
scale over the carbides occurred with extended exposure, but this did not dominate the scale layer in the
same manner as observed in the as-sprayed coatings. No interfacial voids formed with 48 hours oxidation at
temperatures up to 800ºC.

Heat treatment of the blended powder increased the matrix Cr content.

This suppressed NiO oxide

development and allowed the Cr2O3 scale to form more rapidly. As a result, the scale topography was
thinner and considerably flatter than in the as-sprayed state.
Heat treatment did not affect the mechanism of carbide oxidation in either coating.
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Kinetically all of the as-sprayed coatings exhibited a reproducible trend of decreasing net mass gain with
increasing temperature. The kinetic response exhibited an initial period of rapid mass gain that underwent a
sharp transition to a markedly lower rate of mass gain. The period of initial rapid mass gain was dictated by
the thermal spray coating splat structure, the mechanism of which also accounts for the temperature effect on
the net mass gain. At 700ºC the oxidation rate of the coatings is at its slowest over the temperature range
considered. Oxygen diffuses in to the coating, primarily along the splat boundaries and oxidises the splat
surfaces. The low oxidation rate means only thin scales form. Eventually these scales grow in thickness and
seal off the avenues of oxygen ingress, but not before oxygen has penetrated deep into the coating. At the
higher temperature the oxidation rate is faster and the short circuit diffusion paths for oxygen into the coating
are sealed off significantly faster. As a result, the exposed splat surface area is a lot smaller than that at the
lower temperature, thereby accounting for the lower magnitude of net mass gain. Once the short circuit
diffusion paths are sealed off, the rate of mass gain rapidly decreases. After this time, mass gain is
determined by the oxidation characteristics of the phases exposed on the surface alone, which dictates the
long-term role of oxidative mass gain.

The blended powder coatings showed lower net mass gains than the prealloyed powder coatings. The
mechanism for this response has yet to be determined.
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10.3 Erosion of Cr3C2-NiCr Thermal Spray Coatings
The as-sprayed prealloyed powder based HVAF coating exhibited a brittle impact response at ambient
temperature.

Deformation was characterised by brittle interphase cracking along the carbide-matrix

boundary and brittle extrusion of the matrix phase, with limited plastic deformation. Carbide dissolution in
the prealloyed powder based Microjet HVOF coating led to embrittlement of the matrix phase, which
underwent brittle cracking in addition to the mechanisms of deformation in the HVAF coating. The splat
boundaries were a preferential path for crack propagation in the HVOF coating.

Heat treatment increased the carbide concentration and the matrix phase ductility, generating comparable
HVAF and HVOF erosion responses at ambient temperature. The improved matrix ductility toughened the
carbide-matrix interface and limited brittle cracking away from the impact zone. Carbide development
limited relative carbide motion, increasing the impact deformation of this phase while accentuating gross
flake debris formation. Sintering of the splats improved the intersplat adhesion, generating an overall
coating impact response dictated by the carbide and matrix microstructures.

The as-sprayed blended powder coating exhibited a heterogeneous impact response as the coating
microstructure was of a larger size than the indentations. The broad range of responses varied from ductile
erosion of the matrix to brittle erosion of the carbide splats. Impact deformation was accentuated by the poor
intersplat adhesion, with the splat boundaries acting as preferential paths for crack propagation away from
the impact zone. Heat treatment led to sintering of the splats and a reduction in the significance of the splat
based mass loss mechanisms, but had a negligible effect on the carbide or matrix erosion responses.

The as-sprayed prealloyed powder coatings generated comparable erosion rates under the conditions of this
work at ambient temperature. The blended powder coating was considerably less erosion resistant. Heat
treatment improved the erosion resistance of all the coatings, but the variation between 2/5 day and 30 days
of treatment had no effect on the magnitude of the erosion rate. As the heat treatment periods were based on
the softest and hardest states of the heat treated coatings, these results indicate that microhardness is a poor
indicator of relative erosion resistance.

The erosion response of all the coatings was dictated by splat structure based erosion mechanisms, in spite of
the observations of the single impact trials. This result correlates with literature results that point towards the
increasing significance of splat based erosion mass loss mechanisms with increasing severity of erosion
conditions.

At 700ºC the as-sprayed prealloyed powder HVAF coating exhibited a brittle erosion response within the
impact zone. Outside this zone the increased matrix ductility toughened the carbide-matrix interface and
prevented brittle crack propagation away from the indentation. Heat treatment increased the matrix phase
ductility further, but deformation of this phase was restricted by the extensive carbide phase development.
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The carbide structure distributed the impact load and restricted impact deformation to areas close to the
indentation. The carbide phase was subject to more extensive erosion deformation than in the as-sprayed
state as such features were not as free to move under impact.

The matrix ductility of the prealloyed powder coatings at 800ºC was significantly greater than at 700ºC.
Matrix phase embrittlement caused by supersaturation was mitigated by the elevated temperature. As a
result the primary effect of carbide dissolution was the reduction in carbide concentration.
deformation was dictated by ductile displacement of the matrix phase.

Erosion

The carbide phase toughness

increased at this temperature but these features still exhibited brittle erosion characteristics. The greater
extent of carbide dissolution in the Microjet HVOF coating notably reduced the ductility of the matrix phase
relative to the HVAF coating. However the ductility of this phase still exceeded that at 700ºC. The response
of these coatings with temperature suggests a transition from brittle to ductile behaviour over the temperature
range 700-800ºC under these erosion conditions.

Heat treatment increased the ductility of the matrix phase, but this was constrained by the carbide
microstructure development, reducing the overall ductility of the coating impact response.

The as-sprayed blended powder generated a similar impact response at 700ºC and 800ºC. The matrix phase
ductility increased with temperature. The toughness of the carbide increased, but this phase still exhibited a
brittle response under the single impact erosion conditions of this work. The increased matrix ductility
reduced the significance of the splat boundaries as preferential paths for crack propagation. Heat treatment
increased the intersplat adhesion through sintering, but this was not readily evident in the single impact trials
due to the reduction in the significance of the splat boundaries with increased matrix ductility.

Quantitatively the steady state erosion rate at 700ºC was comparable across all of the coatings in both the assprayed and heat treated states under these erosion conditions. Heat treatment had no effect on improving
the erosion resistance, although there was notably less scatter in the results of the replicated heat treated
specimen trials. At 800ºC the results were again of comparable magnitudes across all the coatings. Heat
treatment had a negative effect on the response of the prealloyed powder based coatings but no definitive
effect on the erosion resistance of the blended powder based coatings. Of the prealloyed powder based
coatings the Microjet HVOF samples were distinctly more erosion resistant than the HVAF coatings under
these conditions.

These results point to the reduction in significance of the coating splat structure on dictating the magnitude
of erosion, in favour of a more microstructural based response. This is reflected in the poorer performance
of the heat treated prealloyed powder based coatings where, in spite of the improved intersplat adhesion, the
development of the carbide microstructure restricted the ability of the matrix to deform in a ductile manner,
leading to more extensive cracking and hence more extensive mass loss. This conclusion is reinforced by the
similarity in response of the as-sprayed and heat treated blended powder based coatings which showed
negligible microstructural variation.
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In a similar manner to the ambient temperature trials, the results of the elevated temperature erosion trials
highlighted the conclusion that the coating microhardness is a poor indicator of erosion resistance of Cr3C2NiCr coatings under these trials conditions.
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10.4 Erosion-Oxidation of Cr3C2-NiCr Thermal Spray
Coatings
Under the erosion conditions of this work at 700ºC, erodent fluxes resulting in impacts in the same location
within 24 hours generate an erosion dominated erosion-oxidation response, as the scale formed over this
period is too thin to mitigate coating deformation on as-sprayed prealloyed powder and blended powder
coatings. Lower flux rates that result in impacts after periods in excess of 48 hours in the same location,
generate an erosion affected oxidation response as the impact deformation is contained within the scale layer
alone. The erosion resistance of these scales is expected to be short lived, however, once the supersaturated
Cr content decreases in the prealloyed powder coatings, and when a continuous Cr2O3 scale develops in the
blended powder coating.

The variation in scale development following heat treatment led to the formation of thinner scales. These
had no significant effect on mitigating coating deformation with erodent fluxes sufficient to generate
repeated impacts on the same location over 48 hours duration, in coatings from both powders. Carbide
development in the prealloyed powder based coatings, and the increased Cr concentration in the blended
powders resulted in less protective scale topographies over the carbide grains, making the carbide scale more
susceptible to spallation. This trend was accentuated with increasing scale thickness.

At 800ºC the increased ductility of the as-sprayed coatings and the surface oxide scales meant that the oxide
layers offered minimal protection to erodent impact under erodent fluxes generating impacts in the same
zone over periods of up to 48 hours. The variations in scale morphology arising from the heat treatment
induced microstructural and compositional development in both coatings, did not generate more erosion
resistant scales under the erosion conditions used. The ductility of all phases at this temperature led to
similar impact responses to those of the as-sprayed samples.

The same generalised mechanism of erosion-oxidation of Cr3C2-NiCr coatings occurred under conditions of
varying degrees of scale disruption at elevated temperature. The response of each phase to such disruption
was dictated by the oxidation mechanism of the material. The matrix phase rapidly undergoes self repair to
form a new protective Cr2O3 scale on the surface. The carbide scale is incapable of self-repair. Repeated
scale disruption leads to continual internal oxidation of this phase. The severity of attack is dictated by the
oxidation resistance of the carbide phase as a function of temperature. Up to 700ºC the carbide exhibits slow
oxidation kinetics, with minimal internal oxidation of this phase occurring. Above 800ºC rapid internal
oxidation of this phase occurs to a significant depth into the coating.

Under turbine erosion conditions of high temperature, high velocity erodent impact and low erodent flux, the
coatings of this work exhibited an oxidation affected erosion response. High intensity, but infrequent,
erodent impacts plastically deform the coating surface and repeatedly disrupt the scale layer. The matrix
phase scale reforms, while the carbide phase becomes internally oxidised. Beneath the surface, the high
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temperature leads to rapid carbide development into an extensive three dimensional microstructure.
Repeated disruption of the scale layer eventually leads to oxidative consumption of this phase to a depth of
several microns, forming a banded structure of oxidised material above the heat treated coating. While this
layer is thin it does not significantly impact upon the ductile erosion mechanism of the coating. However, as
this internal oxide layer thickens it gradually transforms the erosion mechanism towards a brittle response.
This accentuates coating mass loss under the high impact angle conditions, while also generating brittle
cracking, which allows oxygen to penetrate into the coating. The self sustaining banded layer gradually
progresses through the coating.

This oxidation affected erosion mechanism is postulated to be more

aggressive than those presented in the literature, as in this case oxidation enhances erosion of the coating
itself, rather than inhibiting the extent of deformation though the formation of an external scale layer.
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10.5 Summary of the Erosion-Oxidation Response of Cr3C2NiCr Coatings as a Function of the Severity of Erosion
The results of this work have highlighted three generalised trends that characterise the response of Cr3C2NiCr coatings as a function of temperature:


Under the erosion conditions of this work the coatings exhibit a brittle response below 700ºC and a
ductile response above 800ºC.



The oxidation rate of coatings is low at 700ºC, while it is significantly greater above 800ºC,
especially for the carbide phase.



Heat treatment induced developments in the coating are temperature dependent. As a result, such
changes are expected to occur very slowly during in-service exposure at 700ºC such that the coating
response would tend towards that of the as-sprayed coatings in this work. In contrast, at 800ºC such
changes occur more quickly, such that the in-service coating response tends more to that of the heat
treated coatings in this work with extended exposure.

In drawing together these trends with the results of each section of this work the generalised response of
Cr3C2-NiCr coatings to erosion oxidation at elevated temperatures can be postulated.

Oxidation Only up to 700ºC – Oxidation is dominated by the high Cr content of the matrix in prealloyed
powder based coatings. The oxidation mechanism tends to that of pure Cr. In blended powders the coating
phases oxidise independently according to the mechanism of bulk materials for each phase.

Erosion Affected Oxidation up to 700ºC – Under conditions of mild surface erosion where only the scale is
removed, consumption of the coating occurs through accelerated oxidation. The oxidation resistance of both
coating phases is sufficient such that only the top layer of material is affected, with only those carbide grains
exposed to the surface slowly undergoing oxidative consumption.

Oxidation Affected Erosion up to 700ºC – The slow oxidation rate at this temperature means that the thin
scales formed have a negligible effect in mitigating erosion of the coating under turbine conditions. The
slow rate of microstructural development within the coating means that the erosion impact response tends to
that of the as-sprayed coatings at 700ºC in this work, exhibiting brittle erosion behaviour. Negligible internal
oxidation occurs and mass loss occurs primarily by erosion.

Oxidation Only above 800ºC – Initially the oxidation response is dictated by the as-sprayed coating
composition, but as the microstructure develops with extended in-service exposure at elevated temperature,
the oxidation mechanism of each coating tends to that of the heat treated samples in this work. In both the

360

Chapter 10 - Conclusions

prealloyed and blended powder coatings the coating phases oxidise independently initially, with the matrix
phase Cr2O3 scale slowly developing over the carbide scale with extended exposure.

Erosion Affected Oxidation above 800ºC – Under conditions of repeated scale-only erosion the coating
response tends towards that of the oxidised-polished samples in this work. The matrix phase rapidly repairs
the damaged scale layer and maintains a protective Cr2O3 oxide layer for extended periods. The poorer
oxidation resistance of the carbide phase at this temperature leads to extensive internal oxidation of this
phase.

Oxidation Affected Erosion above 800ºC – Initially the coating and scale undergo ductile erosion
mechanisms. With repeated scale disruption the carbide phase becomes internally oxidised, forming a
banded structure within the coating of an internally oxidised layer above the bulk heat treated microstructure.
This layer generates a brittle response to impact, accentuating erosive mass loss while also generating cracks
and avenues for oxygen ingress into the coating below. In this way the internal oxidation front progresses
into the coating ahead of the erosive front acting on the surface.
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10.6 Recommendations for Erosion Resistant Gas Turbine
Coatings

10.6.1 Powder Type
Based on the results of this work, coatings sprayed from prealloyed powders gave superior erosion
resistance. As highlighted in Chapter 8 this was largely due to the single phase splat composition and lower
inter-splat adhesive strength of the blended powder based coatings, which enabled splat based erosion
mechanisms to dominate.

In addition the carbide microstructure of coatings from the prealloyed powder was more wear resistant due to
the carbides being smaller than the erosion impact features (Chapter 8).

Coatings based on the prealloyed powder were also significantly harder than those based on the blended
powder (Chapter 4).

10.6.2 Spray Method
Because the erosion resistance of the coating is determined largely by the carbide concentration and
morphology, the optimum deposition technique is one that retains the attributes of the powder carbide
content/morphology as much as possible. Based on the mechanism of Chapter 4, the optimum deposition
technique is one which supplies sufficient heating of the particles to partially melt the matrix phase, without
excessive heating and subsequent dissolution of the carbide into the matrix. From the results of this work the
HVAF technique generated the least carbide degradation and generated the most erosion resistant coating
under most conditions. Practically, however, a balance must be made between achieving the optimum
coating microstructure and the economics of the spray process. While the HVAF technique generated the
best coating microstructure, the deposition efficiency was lower than those of the HVOF techniques and
hence would be more expensive.

10.6.3 Optimum Coating Microstructure for Erosion Resistance
Two primary factors need to be considered here – the physical splat based coating microstructure and the
compositional based microstructure within each splat.

Physical splat based microstructure – High intersplat cohesion is required to reduce the dominance of splat
based erosion mechanisms.

This requires sufficient splat deformation upon impact to generate good

mechanical interlocking of the particles. As discussed above, single phase splats in these coatings are also
not favoured since they generated lower intersplat adhesion and accentuated splat based erosion mechanisms.
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Composition based microstructure – Based on the results of Chapter 8, the carbide grains within each splat
should be smaller than the size of the erodent. In addition, the carbide concentration should be as high as
possible.

Carbide dissolution reduces the carbide concentration, reducing the wear resistance of the coating. At lower
temperatures the dissolved carbide elements make the matrix phase prone to brittle erosion.

At high

temperature the supersaturated matrix phase becomes ductile and susceptible to ductile erosion mechanisms.
This occurs to a greater extent than in coatings of lower in-flight carbide degradation due to the lower
carbide concentration.

While the carbide microstructure in coatings with high degrees of in-flight carbide dissolution will gradually
develop to reach the same steady state as coatings with minimal degradation, the time over which this occurs
if temperature dependent. Unless the coating is exposed to very high operating temperatures (800-900ºC) the
coating microstructure will always be less erosion resistant than that with minimal carbide degradation
(Chapter 5).

The optimum coating composition is also temperature dependent as highlighted in Chapter 9. If the coating
service temperature is <700ºC, the response is dictated by the high temperature erosion resistance of the
coating. As the oxidation resistance of Cr3C2 is adequate to prevent significant internal oxidative attack, the
microstructure could be optimised for erosion resistance. In this instance the carbide content could be
increased above 75%. Minimising phase degradation during deposition would then be more critical, since
the super-saturated matrix phase exhibited brittle erosion mechanisms at this temperature.

If possible a preheat treatment step would be beneficial to increasing the erosion resistance of the carbide
structure, as long as it did not degrade the mechanical properties of the underlying substrate material.

Above 800ºC the coating oxidation response was most critical in determining the erosion-oxidation
resistance. While the carbide content is still critical for maintaining erosion resistance, this phase is prone to
internal oxidation. Emphasis should therefore be on increasing the oxidation resistance of the matrix. This
would be most effectively by increasing the matrix phase Cr concentration. The use of a more oxidation
resistant matrix phase composition, such as MCrAlY, that are based on oxides other than Cr2O3 would
prevent the supply of matrix based Cr to the carbide scale (Chapter 6) and therefore may make the carbide
grains more prone to selective internal oxidation.
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1.1 Statistical Design of Experiment Methods
1.1.1 Introduction
Central to the requirements of this project was the ability to produce HVAF1 and HVOF coatings of a high
standard comparable to those employed in industry. The lack of significant process development regarding
HVAF spraying meant that little was known about the appropriate spray parameter settings required to
generate the desired coating quality. Statistical methods of analysis have been successfully employed in the
optimisation of plasma and HVAF coatings for a variety of compositions. The extensive work on spray
simulation, modelling and design published in the literature has accentuated this success, particularly through
the use of Taguchi methods, by helping to define not only the key process variables but also the levels over
which they are significant. Because of the lack of prior knowledge regarding the most influential variables
and variable interactions in this work the Taguchi method was unsuitable [1, 2], with the sequential response
surface method favoured instead.

The response surface method optimises a process by sequentially analysing the variation in response over a
region of process parameter settings until the variation is minimised and an optimum condition is defined.
The method has been outlined by Box et al [1] and Bisgaard [2] in the following four steps, Figure A1.1.
The elliptical circles in Figure A1.1 define an initially unknown contoured surface response as a function of
two variables (x and y axes), although this method may be applied where multiple variables have an effect.
Initially a range of process variables are defined, each at a high and low setting (two levels).

The

significance of each effect and the effect of interactions between the variables is defined by testing all
combinations of the process variables in a factorial design [1]. Analysis of the results from this design,
according to the methods outlined in the following sections, highlights the significant process variables and
variable interactions, as well as the trend in variable settings that optimise the measured response. Figure
A1.1 illustrates the case where the interaction between x and y process variables is the only significant
influence on the response. Based on the result of the two level factorial design a simple linear model is
applied to determine the direction in which the variables should be trailed to improve the measured response.
An additional set of trials is conducted along this line of “steepest ascent” [1, 2], until the magnitude of the
measured response peaks or plateaus. At this point another two level factorial analysis is conducted,
centrered around the maxima, to assess the direction of further increases. If further trends are highlighted,
this process is repeated until the maximum is located or the responses do not vary significantly, an indicator
that the optimum response is being approached [2]. At this point additional “star point” and centre point
trials are used to investigate the localised variation in response around the maximum. This response data is
pooled and used to generate a polynomial equation that describes the response surface. Utilising this model,
peaks, ridges and sharp transition in the response may be highlighted, indicating an optimum setting,
combinations of variables that achieve a consistent response, as well as an understanding of the stability of
response with variation in the process settings [1, 2]. For an in depth assessment and application of response

1

Coating nomenclature as defined in Table 4.4 in Chapter 4
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surface methods and statistical analysis of factorial designs interested readers are referred to the text by Box,
Hunter and Hunter [1].

A

B

C

D

Figure A1.1 Schematic illustration generated by Bisgaard [2] to represent the progressive method of
optimisation using the Response Surface Method. The two axes represent two process variables that impact
on the magnitude of a measured response, represented by the contour lines, the variation of which is initially
unknown.

1.1.2 Factorial Design of Experiment and Analysis
Introduction
In the general form of factorial design a number of variables (V1, V2, …Vk) are selected for analysis, each at
a number of levels (lV1,1,…lVk,Nk). The total number of trials generated by this design is then the product of
the number of levels of each variable [1], Equation A1.1.

Number of Trials = lV1,l * lV2,N2 * …lVk,Nk

Equation A1.1
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Where l = the level of a variable
V = a process variable
Nx = the number of levels of variable x
In this way each level of each variable is tested over all combinations of the levels of the other variables. In
this investigation the number of levels of each variable was limited to two. The primary benefit of this
design is that relatively few trials have to be run. Although in-depth information about the behaviour of the
measured response cannot be generated, sufficient data are assessed to determine major trends in the
measured response and hence indicate more favourable areas of investigation [1].

The Design Matrix and Calculation of Effects
To determine the level of each variable to be used in each trial a design matrix such as that displayed in
Table A1.1 is used. The +1/-1 coding designation refers to the high and low level settings of each variable
respectively. Where qualitative variables are assessed, to which a high and low level have no meaning, the
designation is arbitrary as long as it is consistently maintained. Although designated by trial number 1-8, all
trials were conducted in a random order.

Table A1.1 Illustrative design matrix outlining the level of each variable for all the trials.
Trial Number

Variable A

Variable B

Variable C

Measured Response

1

-1

-1

-1

R1

2

+1

-1

-1

R2

3

-1

+1

-1

R3

4

+1

+1

-1

R4

5

-1

-1

+1

R5

6

+1

-1

+1

R6

7

-1

+1

+1

R7

8

+1

+1

+1

R8

From this response data it is possible to determine the influence of the effect of each variable. In this
instance the “effect” is a measure of the average change in the measured response in moving from the high to
the low setting of a variable, irrespective of the levels of the other variables. Where only one response
variable is concerned, these are referred to as main effects. For each variable the magnitude of this effect is
calculated by multiplying the +1/-1 designation of that variable in each trial by the measured response for
that trial. This product is then summed over all of the trials and divided by 2n-1, where n is the total number
of process variables. This divisor is required as in effect the average response is being calculated over 2n-1
high and low settings, Equation A1.2 and Table A1.2.

Main Effect of Var A
= ((-1)*R1+(+1)*R2))+((-1)*R3+(+1)*R4)+((-1)*R5+(+1)*R6)+((-1)*R7+(+1)*R8))
4
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= -R1 + R2 – R3 + R4 – R5 + R6 – R7 + R8
4

In addition variable interaction effects between more than one variable can also be calculated. Where one
variable is seen to have a significantly greater effect at a particular setting of another variable or variables,
they are said to “interact” [1]. The variation in the measured response in this case is not simply the added
effect of the change in the process variables independently. With regard to two factor interactions it can be
shown that the calculated effect is simply the difference between the average effect of the first variable at the
high setting of the second variable, and the average effect of the first variable at the low setting of the
second. By convention half of this calculated difference is deemed the interaction effect (Equation A1.3 and
Table A1.2).

Var A x Var B Interaction Effect:
= ½ [((-1)*R3+(+1)*R4)+((-1)*R7+(+1)*R8)] – [((-1)*R1+(+1)*R2)+((-1)*R5+(+1)*R6)]


2

2

= ½ [Average Effect of Var A at the High Setting of Var B]


Equation A1.3

- [Average Effect of Var A at the Low Setting of Var B]

This is simplified down to Equation A1.4:

Var A x Var B Interaction Effect
= ¼ [(-1)*(-1)*R1+(+1)*(-1)*R2+(-1)*(+1)*R3+(+1)*(+1)*R4+(-1)*(-1)*R5+(+1)*
(-1)*R6+(-1)*(+1)*R7+(+1)*(+1)*R8]

Equation A1.4

In a similar manner three factor interaction effects can be calculated by multiplying the measured response of
each trial by the product of the +1/-1 designation of the variables concerned. The product is then summed
over all of the trials and divided by 2n-1, as only half of the measured effect is attributed to the interaction
(Equation A1.5 and Table A1.2)

Var A x Var B x Var C Interaction Effect
= ¼ [(-1)*(-1)*(-1)*R1+(+1)*(-1)*(-1)*R2+(-1)*(+1)*(-1)*R3+(+1)*(+1)*(-1)*R4+(1)*(-1)*(+1)*R5+(+1)*(-1)*(+1)*R6+(-1)*(+1)*(+1)*R7+(+1)*(+1)*(+1)*R8]

Equation A1.5

Where interaction effects are seen to be significant, no comment can be made about the influence of the
individual variable effects that make up the interaction effect, even if they are more statistically significant.
Table A1.2 illustrates the net +1/-1 designation for each variable and variable interaction for each trial.
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Table A1.2 +1/-1 designation for each of the variable and variable interaction effects for each trial.
Trial
Number

Var A

Var B

Var C

Var AxB

Var AxC

Var BxC

Var AxBxC

Response

1

-1

-1

-1

+1

+1

+1

-1

R1

2

+1

-1

-1

-1

-1

+1

+1

R2

3

-1

+1

-1

-1

+1

-1

+1

R3

4

+1

+1

-1

+1

-1

-1

-1

R4

5

-1

-1

+1

+1

-1

-1

+1

R5

6

+1

-1

+1

-1

+1

-1

-1

R6

7

-1

+1

+1

-1

-1

+1

-1

R7

8

+1

+1

+1

+1

+1

+1

+1

R8

Analysis of Results – Normal Probability Plot
In this analysis no replicate trials were run, and so it was not possible to determine accurately an estimate of
the error of each calculated effect, and hence its overall significance. Instead their significance is determined
by a method proposed by Daniel [1] utilising normal probability plots (Figure A1.2). In such a plot the y
axis is adjusted so that the percentage probability of a value less than that on the x axis appears as a straight
line [1]. The calculated effects are treated as though being a set of random normally distributed points. As
there are seven effects, the lowest effect is taken to represent the first 1/7 th of the cumulative distribution
[1]. It is plotted at a value of 7.1 % on the y axis. Similarly the next highest calculated effect represents the
next 1/7 th of the cumulative distribution and is plotted at 21.4 %. If the calculated effects did conform to
being simply random normally distributed points they would plot as a straight line. Those points that lie
away from this line cannot simply be explained as occurring by chance and are hence deemed to be
significant [1]. The statistical level of this significance of these calculated effects is determined by an
analysis of variance.

Figure A1.2 Illustrative normal probability plot. The straight line represents random normally distributed
random points. Those points that lie away from this line are deemed to have a significant effect.
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Analysis of Results – Analysis of Variance
Once the significant effects have been highlighted from the normal probability plot their statistical
significance is determined from an analysis of variance. This is used to test the hypothesis that the average
effect of the variables at each setting is the same. For a main variable effect, two average effects are
compared for the high and low settings, while for two factor interaction four average effects for all
combinations of the levels of the two variables are compared. The process in general has been described by
Box et al [1] as:

“Essentially this analysis determines whether the discrepancies between the treatment averages are greater
then could reasonably be expected from the variation that occurs within the treatment classification.”

Explanation of the analysis of variance will be described by way of illustration, assuming that variable A was
found to be significant (Table A1.3).

Table A1.3 Results of variable A.
High Level Setting

Low Level Setting

R2

R1

R4

R3

R6

R5

R8

R7

Average Effect

R+

R-

Number of Trials

4

4

Within Treatment Variation [1]

To generate an estimate of the variation within the treatments, each of the treatment variances are pooled [1],
Equation A1.6-A1.8.
Sample Variance, sk2 = Sk =
νk

sum of squares of treatment k
degree of freedom of treatment k

Equation A1.6

Where the degree of freedom of treatment k = number for trials, n, -1 [1].
Sum of squares, Sk = Σ (RZ-Rk)2

Equation A1.7

Where RZ = the measured response of a response in treatment k
R = the mean value of the responses for treatment k
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In this investigation
s+2 = (R2-R+)2+(R4-R+)2+(R6-R+)2+(R8-R+)2
(4-1)

Equation A1.8

s-2 is calculated in the same manner using the results of the low setting.

The pooled estimate of within treatment variance, sR, Equation A1.9, or the within treatment mean square, is
then
sR2 = ν1*s12 + ν2*s22 + + νksk2
ν1 + ν 2 + + ν k

Equation A1.9

In this investigation the within treatment mean square is then, Equation A1.10
sR2 = 3*s+2 + 3*s-2
(3+3)

Equation A1.10

Between Treatment Variation [1]

The between treatment variation essentially measures the variation of the different treatment means about
the overall grand average taken over all trials. In general this equates to the between treatment mean square,
sT, being equal to Equation A1.11:
sT2 = Σk nt(Rk-R)2
k-1

Equation A1.11

Where R = the grand average taken over all treatments
Rk = The average of treatment k
nt = the number of trials in treatment k

In this investigation this equates to Equation 1.12:
sT2 = 4*(R+-R)2 + 4*(R--R)2
(2-1)

Equation A1.12

Where in this investigation R is defined by Equation A1.13

R = R+ + R 2
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If there is significant variation between the different treatment means, then the between treatment mean
square value will reflect this in an enlarged sT2 value. In contrast the within treatment mean square, sR, will
not be influenced by the variation between the different treatment means. The ratio of these mean square
values, sT2/sR2, is compared to the F distribution with νT and νR degrees of freedom. By comparing the mean
square ratio with tabulated F values calculated for various levels of probability it is possible to determine the
percentage probability that the various treatment means are the same, i.e. that there is no difference between
the means.

This analysis is typically laid out in an analysis of variance table, such as that shown in Table A1.4.

Table A1.4 Analysis of variance table illustrating the various values that require calculation [1].
Source of Variation
Between Treatment
Within Treatment
Total about the
Grand Average

Sum of Squares

Degrees of Freedom

Mean Square

Ratio

ST

νT

sT2

sT2/sR2

SR

νR

sR2

SD = ST + SR

νD = νT + νR
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1.2 Optimisation of the Aerospray HVAF Deposition
Conditions
1.2.1 Parameter Specification and Coating Characterisation
As illustrated schematically in Chapter 2 and in Figure A1.3, the Aerospray 150 HVAF gun consists of a
combustion chamber to which nozzles of variable length are connected. Combustion air flows counter
currently along the outside of the nozzle and combustion chamber, both cooling these components and
stabilising the combustion characteristics [3]. The preheated air is mixed with kerosene at the back of the
combustion chamber and ignited by a spark plug. Ignition is aided by a 10 second flow of oxygen. Powder
is fed via carrier gas to injection ports at the entrance of the nozzle, downstream of the combustion chamber.

Nozzle

Spark plug

Powder feed point
downstream of the
combustion chamber

Kerosene feed
Chamber pressure
measurement
Combustion and
cooling air

Figure A1.3 Illustration of the Aerospray 150 HVAF gun highlighting the principle operating features.
Complex gas flow control has been minimised by design in this system, with variation in flame
characteristics controlled through the combustion chamber pressure. The air inlet pressure was fixed and the
fuel flowrate adjusted until combustion achieved. A combustion pressure of 40-45 psi (275-310 kPa) was
maintained across all trials, generating relatively fixed combustion jet characteristics. The typical operating
parameters are presented in Table A1.5.
Table A1.5 Aerospray 150 HVAF operating characteristics.
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Air Consumption

3.3 m3/min (120 scfm)

Fuel

Kerosene

Fuel Consumption

23 Lph (6 gph)

Nozzle Lengths

150 mm and 200 mm (6” and 8”) in this investigation

Powder Feeder

Browning Thermal Spray Systems Mark XV

Powder Feeder Screw

¼” diameter 8 pitch feed screw

Carrier Gas

Nitrogen

Robotic Control

Motoman 6 axis robot
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Optimisation was carried out by varying the traverse speed, powder feedrate and spray distance. Preliminary
trials investigated the variation in nozzle length, however, negligible deposition occurred when using a
150mm nozzle and so all remaining trials were conducted with a 200mm nozzle.

All other process

parameters remained constant. The magnitude of the variable and fixed parameters are presented in Table
A1.6.
Table A1.6 Aerospray HVAF Process variable settings.

Variable Parameters
Traverse Speed

138 mm/s - 400 mm/s

Powder Feedrate

100 rpm (0.7kg/hr) - 450 rpm (3.15kg/hr)

Spray Distance

127 mm - 330 mm

Fixed Parameters
Chamber Pressure

275-310 kPa (40-45 psi)

Nozzle Length

200 mm

Carrier Gas

Nitrogen

Carrier Gas Pressure

290 kPa

Carrier Gas Flowrate

870 Lph (approx)

Oxygen Pressure

827 kPa for 10 seconds at ignition

Substrates of 3mm thick 304 stainless steel plate were degreased and grit blasted with 36 grit aluminium
oxide at a pressure of 2 bar, prior to spraying. A 1.6mm hole was drilled in the 3mm section to a depth of
half the substrate height for a K type thermocouple to be inserted to facilitate measurement of the sample
temperature. The substrates were weighed before and after spraying in order to calculate the deposit
efficiency. This was calculated based on the powder feedrate, raster pattern of spraying over the substrate
and the traverse speed. Stellite JK7184 75wt%Cr3C2-25wt%Ni20Cr powder (nominal composition 20%Ni,
9%C, 1% trace elements, remained Cr) of nominal size distribution –53/+10µm was used in all the HVAF
optimisation trials. SEM analysis indicated that the particles were spherical, Figure A1.4, and in most cases
fully dense, although a small proportion were noted to contain large internal cavities.

Figure A1.4 Topographical (left) and cross sectional (right) images of the Stellite JK7184 75Cr3C225Ni20Cr powder.
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Coatings were characterised in terms of microhardness, porosity and XRD phase analysis (Philips PW1729
with Co source) according to the procedures in Chapter 3.

1.2.2 Preliminary Factorial Experiment
The preliminary factorial trials were carried out at settings of 200mm/s and 400mm/s traverse speed, 100rpm
(0.7kg/hr) and 300rpm (2.1kg/hr) powder feedrate, and 230mm and 330mm spray distance. The factorial
design matrix and trial number designations are presented in Table A1.7. The trials were conducted in
random order.

Table A1.7 Parameter settings for the initial factorial design trials.
Trial Number

Spray Distance
(mm)

Traverse Speed
(mm/sec)

Powder Feedrate
(rpm)

1

230

(-1)

200

(-1)

100 (0.7 kg/hr)

(-1)

2

330

(+1)

200

(-1)

100

(-1)

3

230

(-1)

400

(+1)

100

(-1)

4

330

(+1)

400

(+1)

100

(-1)

5

230

(-1)

200

(-1)

300 (2.1 kg/hr)

(+1)

6

330

(+1)

200

(-1)

300

(+1)

7

230

(-1)

400

(+1)

300

(+1)

8

330

(+1)

400

(+1)

300

(+1)

The coating responses for each trial of Table A17 are presented in Table A1.8. The significance of each
process variable and variable interaction was statistically assessed using the method described above.
Briefly, the design matrix was used to calculate the effect of the variation in the process variables on the
coating response. The effect of each spray variable alone, irrespective of the setting of the other variables,
was determined by comparing the difference between the average coating response at the high and low
settings of the spray variable. This was calculated by multiplying the +1/-1 designation for the high and low
setting for the process variable by the measured value of the coating response for that trial, and then
summing these values over all trials. This sum was divided by 23-1. Variable interaction effects were
calculated in essentially the same manner except that the +1/-1 designation of the variables involved in the
interaction of each trial were first multiplied together before again multiplying by the measured coating
response value. These values were added and the total divided by 23-1. Because only one run was performed
for each trial in the design matrix no estimate of error could be made. To assess the significance of the
variables and interactions, their calculated effects were plotted on a normal probability plot using a statistical
analysis package [4]. Those points lying away from a line representing normally distributed random points
are deemed to have a significant effect. The statistical level of this significance was determined using a f
distribution in an analysis of variance (ANOVA).
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Table A1.8 Results of the initial factorial coating responses for the initial factorial experiments (The
numbers in brackets refer to the standard deviation for that measurement).
Trial Number

Deposit Efficiency
(%)

Vickers
Microhardness
(VHN300)

Porosity
(%)

Average Substrate
Temperature
(OC)

1

28

926 (152)

7 (1.4)

415

2

19

837 (97)

9 (3.2)

353

3

29

857 (160)

14 (4.6)

464

4

21

837 (168)

16 (2.5)

311

5

25

968 (104)

3 (0.6)

449

6

21

858 (114)

5 (2.4)

316

7

28

941 (125)

4 (1.6)

427

8

21

878 (107)

5 (1.3)

345
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Deposit Efficiency: The calculated deposit efficiencies ranged from 19-29%, Table A1.8. Over the range of
variables trialed only the spray distance had an effect on the response based on the normal probability plot,
being statistically significant at the 0.01 level of probability. The main effects plot, Figure A1.5, indicated
that greater deposition rates occurred at shorter spray distances.

Figure A1.5 Main effects plot for
the calculated deposit efficiency for
trials 1-8.

Vickers Microhardness: The coatings ranged in hardness from 837-938 VHN300, Table A1.8. During
testing a number of samples exhibited cracking around the hardness indents, indicative of low inter-splat
hardness and resulting in low hardness values. In a similar manner to the deposit efficiency, the spray
distance was the only significant process variable over the range trialed, being statically significant at the
0.05 level of probability. Harder coatings were generated at shorter spray distances, Figure A1.6.

Figure A1.6 Main effects plot for
the measured Vickers
microhardness (VHN300g) for
trials 1-8.

Porosity: The measured porosity values ranged from 3 to 16%, Table A1.8. The larger values are thought to
reflect the low inter-splat bond strength highlighted in the microhardness analysis, in this instance
accentuating the apparent coating porosity through pullouts of weakly bonded material during grinding and
polishing. The traverse speed, powder feedrate and traverse speed-powder feedrate interaction effects were
all highlighted in the normal probability plot for this response. As the ANOVA analysis indicated that the
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interaction effect was statistically significant at the 0.01 level of probability, the influence of each variable
alone was not considered [1]. Analysis of the interaction results, Figure A1.7, indicated a reduction in
porosity with increasing powder feedrate and decreasing traverse speed.

16

Figure A1.7 Interaction effects
plot for the influence of the
traverse speed and powder
feedrate on the measured
porosity values.

15
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8

Porosity (%) 8
4
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4

4
2
0

300

200

Traverse Speed (mm/sec)

400

100

Powder
Feedrate
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Substrate Temperature Profiles: The average steady state substrate temperature changed from 311ºC to
464ºC across the range of conditions, Table A1.8. The spray distance had the most significant impact on the
substrate temperature, shorter distances resulting in distinctly higher values across all combinations of the
other variables. At each distance further variation was apparent but no consistent trends were observed as a
function of traverse speed or powder feedrate variation, Figure A1.8. The oscillations within each trial
represent the temperature variation in the transition of the torch from the top to the bottom of the sample.

600

Substrate Temperature (ºC)

500

400

300

Trial 1
Trial 2
Trial 3
Trial 4
Trial 5
Trial 6
Trial 7
Trial 8

200

100

0
0

50

100

150

200

Time (seconds)

Figure A1.8 Substrate temperature profiles for the preliminary factorial experiments.
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1.2.3 Trend Analysis
Experimental Design
The increased deposit efficiency and coating microhardness at the shorter of the distances trialed indicated
possible improvements in response in moving to shorter spray distances. Three trials at distance of 127mm,
178mm and 280mm (5”, 7” and 11”) were trialed to investigate this trend. The limitation of 127mm was
specified due to the excessive degree of substrate heating expected at this distance. Specification of the
traverse speed and powder feedrate settings were based on the main effects plots in Figure A1.5 and Figure
A1.6. These variables had opposite effects on the response variables, and so the values midway between
those used in the initial trials were used, Table A1.7, even though these process variable settings had no
statistically significant effect on the coating responses.

A least squares fit to the porosity data was used to generate a simple linear two parameter model to assess the
trend as a function of the powder feedrate and traverse speed, Equation A1.14.
y(porosity) = 10 + 0.017 * TS − 0.0363 * PFR

Equation A1.14

Based on this model, porosity is minimised by decreasing the traverse speed by 0.5 units (one unit being the
magnitude of the 0-1 setting in the initial trial) for every increase in one unit of powder feedrate when
moving from the central point of the initial factorial design. Trials 9-12 in Table A1.9 were defined
according to this trend, using a fixed spray distance of 230mm.

The coatings were assessed in the same manner as the initial trials, however, fracture of the thermocouple
prevented substrate temperature measurements.

Table A1.9 Parameter settings for the trend analysis trials.
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Trial Number

Spray Distance
(mm)

Traverse Speed
(mm/sec)

Powder Feedrate
(rpm)

9

230

300

200

10

230

225

350

11

230

200

400

12

230

175

450

13

280

300

300

14

178

300

300

15

127

300

300
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Trend Analysis – Results
The results of the trend analysis trials are presented in Table A1.10.

Table A1.10 Measured coating responses of the trend analysis trials.
Trial Number

Deposit Efficiency
(%)

Vickers Microhardness
(VHN300)

Porosity
(%)

9

24

930 (123)

9 (2.0)

10

20

886 (125)

5 (1.1)

11

17

926 (137)

4 (1.4)

12

17

844 (163)

3 (1.0)

13

18

840 (87)

9 (2.0)

14

28

1001 (82)

5 (1.8)

15

31

959 (187)

4 (1.2)

Spray Distance Analysis: The reduction in spray distance led to notable improvements in all of the
measured responses, Table A1.10 and Figure A1.9.

Vickers Microhardness (VHN300g)

Deposit Efficiency (%)

35
30
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15
10
5
0
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1000
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960
940
920
900
880
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840
820
100
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200

250

300

350

Spray Distance (mm)

Spray Distance (mm)

10

Porosity (%)

9
8
7
6
5
4
3
2
1
0
100

150

200

250

300

350

Spray Distance (mm)

Figure A1.9 Variation in the deposit efficiency, microhardness and porosity values as a function of spray
distance, combining the trend analysis trial results with the preliminary trial data.
The deposit efficiency increased significantly up to 230mm, with the minor increases at shorter distances
suggesting the trial points were approaching the maximum value. While more scattered, the microhardness
results increased significantly, approaching values of 960-1000 VHN300 as the spray distance was reduced to
127-178mm. Although the spray distance was not found to have a statically significant effect on this
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variable at shorter distances it is notable from Table A1.10 that the spread in porosity results was also
narrowed considerably relative to that apparent in the initial trial data.

Traverse Speed x Powder Feedrate Interaction Analysis: The measured coating porosity corresponded
generally to the trend predicted by Equation A1.14, Figure A1.10. Difficulties were experienced at the
higher powder feedrates where surging of the powder was evident in the flame. This caused problems with
both spraying and powder feeding, with consistent feedrates limited to a maximum setting of 300-350 rpm.
The deposit efficiency remained consistent over the region of the initial trials, Figure A1.10, but decreased in
the trend analysis trials at higher powder feedrates and lower traverse speeds. The deposit efficiency
calculations were complicated in this region by the inconsistent feedrates, which could not be taken into
account. The microhardness response showed no definitive trends over the range of these variables, Figure
A1.10.
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Figure A1.10 Variation in the deposit efficiency, microhardness and porosity values as a function of the
powder feedrate-traverse speed interaction, combining the trend analysis trial results with the preliminary
trial data.
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1.2.4 Response Surface Analysis
Experimental Design
Based on the results of the trend analysis a design matrix incorporating a two level 23 full factorial with four
star points and three centre point trials was developed [1] to enable a response surface to be developed in the
region of optimum settings, Table A1.11 and Figure A1.11. This was hampered somewhat by the lack of
any maxima in the coating response variables over the range of process variables trialed, and the practical
limitations of the powder feedrate and spray distance. Whilst increasing improvements in coating quality
occurred with decreasing spray distance, a practical limit of 150mm was selected for this set of trials based
on the extensive sample heating apparent at the shorter distances.
Table A1.11 Process variable settings for the response surface analysis trials at 150mm spray distance.
Trial Points

Traverse Speed (mm/sec)

Powder Feedrate (rpm)

Factorial Points

150

250

150

350

200

250

200

350

175

300

175

300

175

300

175

225

138

300

175

375

213

300

Centre Points

Star Points

Response Surface Analysis Results
A second degree polynomial [1] of the form of Equation A1.15 was fitted to the measured coating response
data to model the response surface, using a computer package [5]

y = ax1 + bx2 + cx1 + dx2 + ex1 x2 + f
2

2

Equation A1.15

Where x1 and x2 refer to the traverse speed and powder feedrate respectively
a-f are coefficients

Deposit Efficiency: The deposit efficiency ranged from 18-27%, most results being above 23%, Table
A1.12. The localised variation in response amongst the generally similar results prevented a definitive
response surface from being fitted. The generally similar results suggest that, over the range of variables
tested, the traverse speed x powder feedrate had a negligible impact on the deposit efficiency, a conclusion
confirmed through analysis of the factorial point results.
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Table A1.12 Calculated deposit efficiencies for the surface response trials.
Traverse Speed
(mm/s)

Powder Feedrate (rpm)
225

250

350

375

18

138
27

150
175

300

24

25
21

26

200

24
23

25

213

Vickers Microhardness: The microhardness values ranged from 871-957 VHN300, Table A1.13. The
response surface based on the results of Table A1.13 highlighted a ridge type response – the hardest coatings
generated at powder feedrates close to 300 rpm and at low traverse speed, Figure A1.11. The influence of
the traverse speed was highlighted through statistical analysis of the factorial points as being significant at
the 0.25 level of probability.

Table A1.13 Measured Vickers microhardness results for the response surface trials.
Traverse Speed
(mm/s)

Powder Feedrate (rpm)
225

250

924 (171)

150

200
213

386

350

375

957 (107)

138

175

300

903 (91)

943 (162)
927 (130)

894 (115)

871 (150)
879 (81)

913 (148)

Microhardness

960
950
940
930
920
910
900
890
880
870
140
150
160
170
180
190
Traverse Speed
200
210
220

200

275
225 250

350
300 325

960
950
940
930
920
910
900
890
880
870

Microhardness
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Powder Feedrate

Figure A1.11 3D fit of an equation of the form of Equation A1.15 to the response surface trials of the
microhardness results.
Porosity: Porosity ranged from 2.5-6.5% and was again influenced significantly by pullout generated
through preparation. The variation in response generated a poor fit of the response surface, although analysis
of the results in Table A1.14 suggests a similar beneficial trend of 300 rpm powder feedrate and low traverse
speeds that was noted in the microhardness results.

Table A1.14 Measured porosity values for the response surface trials.
Traverse Speed
(mm/s)

Powder Feedrate (rpm)
225

250

4.6 (0.8)

150

200
213

350

375

2.5 (0.6)

138

175

300

5.4 (1.3)

3.0 (0.7)
4.7 (1.1)

4.6 (1.0)

6.5 (2.4)
5.5 (1.9)

5.9 (1.7)
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Substrate Temperature Profiles: The substrate temperatures spanned the range 537-572ºC, with almost all
results in the range 550-570ºC, Figure A1.12. There were no obvious trends in response as a function of
spray parameters.
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Figure A1.12 Summary of the average substrate temperatures from the response surface trials as a function
of traverse speed and powder feedrate.

1.2.5 XRD Analysis Summary
Despite the extensive range over which the process variables were varied in the preliminary, trend analysis
and response surface trials, the XRD spectra were very similar, Figure A1.13.
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Figure A1.13 XRD spectra of the Stellite JK 7184 powder and the representative spectrum of HVAF
optimisation trial 3.
The powder spectrum was dominated by NiCr and Cr3C2. The peaks occur at higher d-spacings relative to
the standard ICPDS Ni reference spectra (Refer to Chapter 3) due to Cr alloying. The broad nature of these
peaks reflects the further localised expansion of the lattice due to carbide dissolution generated during the
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plasma densification step of powder manufacture. Cr3C2 was the only carbide phase definitively detected.
No definitive peaks of Cr7C3 were identified and although features indicative of the presence of this phase,
such as lower d-spacing broadening of the primary Cr3C2 peak, were observed, these were of the same order
as the background noise superimposed on the spectrum peaks. No indications of the compounds Cr2O3, NiO
or Cr2C were observed.

Spraying lead to a reduction in intensity and broadening of the NiCr spectra peaks, indicative of both carbide
dissolution and the formation of amorphous or very fine crystal structure upon rapid cooling. The carbide
spectra also reduced in intensity after deposition. Cr3C2 remained the dominant carbide phase with no
obvious peaks attributable to Cr7C3 alone. The low intensity of the Cr3C2 phase and the low concentration
expected of the Cr7C3 phase meant that the spectra of the latter was likely to be overshadowed by
background noise. This was confirmed through deconvolution of the combined primary Cr3C2 peak and
secondary Cr7C3 peak (Cr3C2 peak at 2θ = 44.4-53º). The overall extent of carbide degradation was
evaluated by comparing the normalised carbide peak area to that of the powder, Figure A1.14.

Ratio fo the Normailsed Secondary Cr3C 2 Peak Area to
that in the JK7184 Powder
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Figure A1.14 Ratio of the normalised secondary Cr3C2 peak at 2θ=47.07º in the coating to that in the JK
7184 powder for all of the HVAF optimisation trials.
In all instances the carbide ratio decreased, indicative of a reduction in the crystalline carbide content.
Statistical analysis of the results of the preliminary trials highlighted the influence of the powder feedrate,
which was significant at the 0.05 level of probability. As illustrated in Figure A1.15, higher powder
feedrates up to 300-350 rpm lead to higher carbide coating to powder ratios, indicative of lower degrees of
carbide degradation.
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Figure A1.15 Variation in the
normalised secondary Cr3C2 peak
area ratio to powder, over the
range of powder feedrates
investigated in the trend analysis.
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This result is thought to reflect the lower degree of heating per particle as the powder feedrate is increased,
leading to lower degrees of carbide dissolution and potentially less carbon loss in-flight. In light of this, the
sharp reduction in results at higher powder feedrate settings result from the surging powder supply, the low
amounts of powder fed between pulses resulting in relatively extensive degrees of particle heating and
carbide degradation.

Overall, however, the results were all very similar across a wide range of trial

conditions.

1.2.6 Optimised Settings
Based on this work, the spray parameters presented in Table A1.15 were used in all subsequent spraying of
HVAF samples.

All other process parameters remained fixed at the settings used throughout the

optimisation process, except for the powder. In the application chapters HVAF coatings were sprayed using
an agglomerated/sintered WOKA 2075-NiCr powder of the same composition as the Stellite JK7184
powder, with a particle size distribution of –45/+5µm.
Table A1.15 Optimised Aerospray HVAF process variable settings.
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Process Parameter

Setting

Traverse Speed

150mm/s

Powder Feedrate

300 rpm (35g/min)

Spray Distance

150mm
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1.2.7 Discussion of Aerospray 150 HVAF Optimisation
The coating formation process in high velocity thermal spraying, and in particular HVAF spaying, is a strong
function of the particle velocity and temperature at impact. The variation in coating response due to changes
in spray parameters is essentially a measure of the degree to which these factors have been optimised.

The deposit efficiency largely reflects the percentage of powder particles that reach conditions within a
specific temperature and velocity envelope required for deposition. The low values recorded suggest that
only certain size fractions of the powder are within this envelope, the percentage of deposited powder
increasing at shorter spray distances. At large spray distances it is thought that only the larger particles are
capable of adhering. Small particles are known to follow the velocity and temperature profiles of the gas jet,
rapidly heating up and accelerating as they leave the nozzle. Mixing with air, however, leads to rapid
cooling and deceleration, to the point where the small particles may have cooled and slowed below the
conditions necessary for adhesion. Larger particles accelerate and heat up more slowly, reaching their peak
velocity and temperature further downs stream and therefore being more likely to adhere at longer spray
distances. This relationship between the particle temperature and velocity, and the attributes of the flame is
thought of be more critical than in other HVOF systems due to the lower flame temperature generated with
kerosene, the cooling of the flame by the high nitrogen flow as part of the combustion air stream and the
injection of the powder down stream of the combustion chamber, all of which reduce the extent of particle
heating and hence shrink the axial location over which the particles achieve conditions suitable for
deposition. At shorter distances the average particle velocity and temperature at impact is thought to
increase, putting a greater fraction of particles into conditions where they can adhere. In addition the
substrate temperature increases markedly at shorter distance. This, combined with the higher average
particle temperature and the contribution from impact heating resulting from the high velocity, expands the
range temperature and velocity conditions over which particles can form part of the coating.

In this

technique therefore, higher substrate temperatures may not have such a negative effect as commonly thought
in HVOF spraying.

The XRD analysis indicated no detectable levels of Cr2O3, suggesting minimal

oxidation, unlike when molten particles are deposited in HVOF spraying (Refer to Chapter 2). Hence, higher
substrate temperatures may aid in increasing the deposit efficiency, and, through its influence on
accentuating particle deformation, may also aid in improving splat cohesion and reducing porosity [6].

Given the significance of the particle temperature and velocity on the deposit efficient it is surprising that,
under the fixed combustion conditions used, that the powder feedrate was not significant in the initial trial
analysis. Lower feedrates would generate higher average particle temperatures and velocities and thereby be
expected to increase the deposit efficiency. This only became evident in the traverse speed x powder
feedrate trend analysis at high powder feedrates, where the quantity of powder is thought to have “swamped”
the sample and significantly reduced the average particle temperature.

The coating microhardness is dictated by both the phase composition and the degree of inter-splat adhesion.
Phase induced hardness variation had a minimal effect in this work given the lack of definitive Cr2O3
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formation, the high carbide retention and lack of significant formation of lower carbon content carbides.
Hence, the microhardness in these coatings is thought to be determined primarily by the splat cohesion. The
significance of spray distance on the coating hardness had been widely reported in optimisation trials for
various techniques and material [7-12]. Shorter spray distances, in addition to other variables, which
increase the extent of particle deformation at impact, have generally been postulated to increase the
microhardness through improving the extent of splat cohesion. In low velocity systems splat bonding
appears to be highly dependent on the particle temperature, with molten droplets readily deforming and
flowing over the surface irregularities and interlocking with other splats upon solidification to generate high
inter-splat cohesion. The lack of widespread melting in high velocity, low temperature techniques such as
HVAF and some HVOF systems, suggests that adhesion occurs by a slightly different, as yet undefined,
mechanism. Analysis of the as-sprayed surface of HVAF coatings in this work, Figure A1.16 suggests that
only in the smaller particles did the matrix become molten, with the binder in most particles appearing to
only reach a softened state at impact. The angular, blocky nature of the carbides is indicative of the fact that
the particles did not reach a sufficient temperature to induce rapid carbide dissolution or carbide melting. In
addition the splats did not have the characteristic flat disc or “splash” splat appearance typical of impact of
molten droplets. The lack of a temperature based mechanism of inter-splat adhesion suggests that intersplat
bonding in this coating is very velocity dependent. Spreading of the splats presumably occurs in this
instance as a function of the high impact velocity, more so that the fluid nature of the droplet. This
mechanism has been termed “plastic impact” in the classification of hypervelocity impact by Browning [13].
While the build up of a “splat” structure still occurs, the mechanism by which strong inter-splat adhesion
develops appears to differ from that of the high temperature deposition technique. A similar conclusion has
been presented by Kreye [14] for JP-5000 HVOF Ni alloy coatings. The similarity of the XRD spectra of
the powder and coating in their work indicated that only a small fraction of the material melted, the high
inter-splat bonding, therefore, proposed to occur by a solid state process.

In this work the surface

topography showed a number of features indicative of surface erosion by fine particles of insufficient size to
significantly indent the surface. The surface was smoother than the HVOF coating with a lot of the exposed
carbides grit blasted from the surface, as evident by the “cup” features of the matrix phase. In addition, some
regions of flattened matrix displayed erosive platelet formation, while other areas exhibited fracture features
where loosely adhered material appeared to have been eroded away. These features suggest that the surface
is subjected to a peening action by incoming particles that are not of a sufficient condition to adhere.
Considering that the deposit efficiency measured in Chapter 4 was well below 50%, and assuming that all
particles in the critical velocity/temperature envelope adhere, this means that a significant proportion of the
high velocity incoming powder particles impact the coating and bounce away. This “peening” action
appears to remove any loosely adhered material, while at the same time is likely to physically deform the
deposited material.

The splats may be effectively forged over and into each other, the resulting

microstructure expected to have high inter-splat adhesion.

In this manner the dependence of the

microhardness on spray distance is thought to occur in the same manner as noted for the deposit efficiency.
In particular the higher velocities thought to occur at the shorter distance investigated, combined with the
higher average particle temperatures and substrate temperature, generate favourable conditions for particle
deformation and increase the extent of splat cohesion in the coating.
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Figure A1.16 Topographical images of the HVAF coating in the as-sprayed condition (Note these coatings
were sprayed with the WOKA 2075-NiCr powder, not the JK7184 powder).
Given this dependence on particle conditions at impact it is also surprising that the powder feedrate was not
more dominant in dictating the microhardness response. The influence of the powder feedrate on this
variable, however, is complicated by the contrasting influence of the shot peening effect generated by the
hard particles, which reportedly impacts on the microhardness through generation of residual stresses.
Residual stresses are generated by three principle mechanisms, namely shot peening, coefficient of thermal
expansion mismatch and quenching stresses [15]. The first two mechanisms are reportedly significant in
generating compressive stresses in HVOF Cr3C2-NiCr coatings [15], and contribute to an increase in
microhardness [16]. While the stress state of the coatings in this work was not quantified, the visible convex
curvature of the coated plates was indicative of high compressive stresses. In contrast to the argument
regarding splat deformation that favours higher particle temperatures and velocities at low powder feedrates,
the influence of shot peening would be maximised at high powder feedrates, in conjunction with low traverse
speeds. This would generate the greatest number of particle impacts on the surface, irrespective of whether
they adhered or not. The ridge type response of the microhardness in the response surface analysis trials as a
function of traverse speed and powder feedrate may indicate a compromise between these competing effects.
The maximum hardness occurred at a powder feedrate of 300 rpm with minimal further increases in hardness
occurring at slower traverse speeds. These settings appear to optimise the degree of particle heating to
generate sufficient particle deformation whilst also incorporating a high degree of shot peening.
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The variation in porosity was expected to follow a similar process variable dependence as the coating
microhardness, as essentially the same mechanisms that account for high splat cohesion result in low coating
porosity [6, 7]. The strong interaction effect indicated that the densest coatings were generated at low
traverse speeds and high powder feedrates. This combination suggests that porosity in this case was not so
dependent on the temperature and velocity of individual particles at impact, but more so on the total mass of
material that impacted the surface per pass, irrespective of whether it adhered to the surface or not. It is
postulated that this dependence may be generated by a forging type process that effectively acts as an in-line
quality assurance process in the following manner. During spraying the particles impact and deform on the
surface. They are subsequently subjected to a barrage of other hard particles that essentially shot peen the
surface, without adhering to it. If the splat adhesion is not of sufficient strength, the loosely bound material
is essentially eroded off the surface. If the adhesion is high, then the deposited material becomes forged into
the surface, essentially beaten into any surface irregularities. Both mechanisms reduce the porosity while
also improving the inter-splat adhesion. This process is evident in Figure A1.16 where carbide grains that
projected from the surface of the deformed splat have been eroded from the surface. The observed impact of
the spray distance is thought to improve the efficiency of this mechanism, both in terms of the higher
potential particle velocity and the higher particle and substrate temperatures, which would enable greater
deformation of the deposited material.
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1.3 Statistical Optimisation of GMA Microjet HVOF
Deposition
1.3.1 Parameter Specification and Coating Characterisation
The GMA Microjet HVOF gun is a small version of the more traditional HVOF systems. Illustrated
schematically in Chapter 2 and Figure A1.17, the gun consists of a small combustion chamber into which
propane and oxygen are fed and combusted at pressures above atmospheric. Compressed air is utilised for
cooling. Powder is fed via a carrier gas into the back of the combustion chamber where it mixes with the
combustion gases. This mixture expands supersonically out the front of the gun through a nozzle, as
evidenced by the visible shock diamonds in Figure A1.17. Ignition is generated manually using a spark
generator to ignite the process gases as they exit the gun under reduced flow conditions.

Air cooling
shield

Powder Supply
Nozzle

Air Supply
Oxygen

Propane

Figure A1.17 Schematic of the GMA Microjet HVOF gun highlighting the principle operating features.
While the fuel and oxygen flows may be adjusted, it was found that, because of the small combustion
chamber, once either variable was set, the magnitude of the other flow was dictated by a narrow range over
which combustion could be maintained. For this reason the fuel and oxygen flows were fixed at the
recommended operating values specified by the supplier. Optimisation was carried out by varying the spray
distance, traverse speed and powder feedrate around generalised parameters used regularly by Holster
Engineering Ltd. All other variables remained fixed at the settings of Table A1.16.
Table A1.16 Microjet HVOF operating characteristics.
Fixed Parameters
Oxygen Pressure

7 bar

Propane Pressure

5 bar

Nozzle Length

32mm with 38mm Air cap

Carrier Gas

Nitrogen

Variable Parameters

Traverse Speed (mm/s)

Low Setting (-1)

High Setting (+1)

300

700
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Powder Feedrate (rpm)

100 (0.7kg/hr)

200 (1.4kg/hr)

Spray Distance (mm)

125

178

3

A 2 full factorial design of experiment the same as that in the preliminary HVAF trials was used to specify
the magnitude of each process variable in the eight trials, Table A1.17 The trials were conducted in random
order.
Table A1.17 Microjet HVOF optimisation process parameters settings.
Trial Number

Spray Distance
(mm)

Traverse Speed
(mm/s)

Powder Feedrate
(rpm)

1

125

300

100

2

178

300

100

3

125

700

100

4

178

700

100

5

125

300

200

6

178

300

200

7

125

700

200

8

178

700

200

Samples were prepared in the same manner as that used in HVAF trials, including the accommodation of a
thermocouple during spraying. A powder of the same 75wt%Cr3C2-25wt%NiCr composition was used
(WOKA 2075-NiCr) but this was produced by agglomeration and sintering alone, without plasma
densification, and had a particle size range of –45/+5µm. SEM analysis indicated that the powder had a
spherical morphology but a greater degree of porosity relative to the Stellite JK7184 powder, Figure A1.18.

Figure A1.18 Topographical (left) and cross sectional (right) images of the WOKA 2075-NiCr 75Cr3C225Ni20Cr powder.
The coatings were characterised in the same manner as that used for then HVAF optimisation trials, and
were statistically analysed in the manner outlined in Appendix 1.
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Factorial Experiment Results
The calculated despite efficiency, microhardness and porosity values for the Microjet HVOF factorial
experiments are presented in Table A1.18Table .
Table A1.18 Measured coating responses of the optimisation trials.
Trial Number

Deposit Efficiency
(%)

Vickers Microhardness
(VHN300g)

Porosity
(%)

1

33.2

1044 (128)

5.0 (1.5)

2

31.8

991 (156)

6.4 (1.1)

3

37.4

1058 (104)

5.6 (1.0)

4

35.3

992 (84)

5.0 (0.9)

5

26.6

1058 (112)

6.5 (1.4)

6

24.2

1001 (82)

7.5 (1.5)

7

30.4

1030 (89)

7.0 (1.5)

8

27.7

1007 (75)

8.0 (2.1)

Deposit Efficiency: The calculated deposit efficiencies ranged from 24 to 37%. Statistically only the
powder feedrate had an effect on this response, being significant at the 0.01 level of probability. As
illustrated in Figure A1.19, the greatest deposit efficiencies occurred at the lowest powder feedrate. In this
instance the small combustion chamber and small nature of the gas jet means that the amount of energy
imparted to the particles is less than that of the larger systems. SEM analysis of the as-sprayed surface,
Figure A1.19, and the thin elongated nature of the splats made visible by the variable phase contrast in the
BSE cross sectional images, Figure A1.20, suggest that the splats were molten at impact. Splat cohesion in
this case appears dependent upon particle spreading in the liquid phase and is hence more temperature
dependent than the HVAF mechanism of coating build-up. At high powder feedrates the system may
become “swamped” with powder, the particles not receiving sufficient degrees of heating or acceleration to
adhere to the surface, thereby decreasing the deposit efficiency.

Figure A1.19 Main effects plot
Deposit Efficiency (%)

for

the

efficiency

calculated

deposit

for

HVOF

the

optimisation trials.
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Figure A1.20 Images of the as-sprayed surface of the Microjet HVOF coating showing the molten nature
of the powder particles at impact (top), and the resulting cross sectional microstructure with the thin,
elongated splat structure (bottom).
Vickers Microhardness: Microhardness values ranged from 991-1058 VHN300, Table A1.18Table , the
measured values within each coating noted to be lower as hardness testing was stepped away from the
coating/substrate interface.

The spray distance had the most statistically significant effect on the

microhardness, being significant at the 0.001 level of probability, Figure A1.21. Harder coatings were
generated at shorter spray distances. While the significance of the spray distance in this case may arise for
similar reasons to those proposed in the HVAF analysis, the fact that the deposit efficiency was not also
dependent on this variable suggests an alternative mechanism may be operative. Unlike the HVAF coating,
oxide stringers were evident. The high hardness of this phase, combined with the greater likelihood of oxide
formation at shorter distances by the mechanisms outlined in Chapter 2, may account for this variation.
However, the oxide content was very low relative to other higher temperature techniques and it is unknown
whether the oxide concentration observed could have such a definitive effect. The relative variation in the
mechanisms of hardness generation in HVOF and HVAF coatings is discussed in more detail in the
subsequent sections.
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Porosity:

Figure A1.21 Main effects plot
for the microhardness (VHM300g)
for the HVOF optimisation trials.

The measured coating porosity values ranged from 5-8%, the morphology of the cavities

suggesting that a significant proportion of these values may be attributed to splat pullout during
metallographic preparation. Statistically the powder feedrate had the most significant effect on the measured
coating porosity, Figure A1.22, being statistically significant at the 0.01 level of probability. This process
variable dependence is believed to occur due to the same mechanism as that outlined for the deposit
efficiency.

Porosity (%)

Figure A1.22 Main effects plot
for the coating porosity for the
HVOF optimisation trials.

Temperature Profiles: As was noted in the HVAF trials, shorter spray distances generated the highest
average steady state substrate temperatures, Figure A1.23. At each distance, clear distinctions were evident
based on the powder feedrate, with high powder flows generating lower substrate temperatures. As such the
result reflects the conclusion drawn in terms of the deposit efficiency and porosity variation with powder
feedrate. In addition, at fixed spray distance and powder feedrates, higher average temperatures were
generated with faster traverse speed. This is related to the small footprint of the jet on the sample. Slower
traverse speeds allow longer periods of time for heat to be dissipated away from the region where the
temperature was measured, thereby reducing the average temperature recorded.
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Figure A1.23 Temperature profiles of the Microjet HVOF optimisation trials.
XRD Analysis: In a similar manner to the HVAF XRD analysis, the spectra of the Microjet HVOF coatings
were very similar in spite of the variation in process parameters, Figure A1.24.
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Figure A1.24 XRD spectra of the WOKA 2075-NiCr powder and the representative spectrum of HVOF
optimisation trial 4.
The powder spectra consisted primarily of NiCr and Cr3C2 peaks, Figure A1.24. The lack of a plasma
densification step in the powder production process was reflected in the narrower and more defined nature of
the matrix phase spectra relative to that in the previous trial powder.
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HVOF spraying generated the same general trends in response as noted in the HVAF trials. The intensity of
the matrix spectra decreased, both primarily peaks exhibiting higher d-spacing amorphous “humps” as a
result of carbide dissolution and rapid solidification of the molten matrix phase. The Cr3C2 spectrum was
decreased in intensity, the features indicative of Cr7C3 formation more prominent than in the HVAF spectra.
However definitive Cr7C3 detection was complicated by the noise in the spectrum, indicating this phase only
formed to a limited extent. Similarly, while oxide stringers were observed in the optical cross section
images, the concentration of Cr2O3 was not sufficient to be detected by XRD analysis. No definitive peaks
were found to indicate the formation of Cr23C6, Cr3C or NiO.

Analysis of the extent of carbide degradation, based on the secondary Cr3C2 peak area, was conducted in a
similar manner as in the HVAF trial, Figure A1.25. While these results are not directly comparable with
those of the HVAF due to the change in powder, it is evident that significant amount of carbide degradation
occurs. Statistical analysis highlighted the influence of the spray distance and traverse speed x powder
feedrate interaction. Figure A1.25 indicates that higher carbide ratios were produced in coatings sprayed at
higher powder feedrates, with the effect of the traverse speed less distinct. This result correlates with the
results discussed for the deposit efficiency and porosity, in this case from the opposite viewpoint whereby
the lower degree of heating per particle at higher powder feedrates limits the extent of matrix melting and
subsequent carbide degradation.

Figure A1.25 Ratio of the secondary Cr3C2
peak area of the coatings to the powder as a
function of the powder feedrate and traverse
speed.
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Shorter spray distances generated the greatest degrees of carbide degradation, Figure A1.26. Based on the
mechanism of in-flight degradation discussed in Chapter 2, this is unexpected. While the extent of substrate
heating would be higher at the shorter distance, suggesting post deposition effects, carbide degradation was
thought to be an in-flight degradation mechanism that essentially ceased upon deposition and solidification.
In this instance this effect may be generated by the degree of heating relative to the particle size distribution.
Smaller particles are rapidly heated in the flame and are therefore more prone to undergoing the greatest
degrees of carbide degradation. At short spray distances they reach conditions suitable for adhesion and
hence carry high degrees of carbide degradation into the coating. At larger spray distances these smaller
particles are likely to cool and decelerate, dropping out of the envelope of deposition parameters. The
coating in this case is formed more by larger particles which, by virtue of their size, take longer to heat up
and hence are less likely to undergo the same extents of internal carbide dissolution. As such, coatings
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formed from these particles maintain greater amounts of carbide. Further quantitative trials of the particle
temperature as a function of the size distribution are required for this technique to more accurately define the

Ratio of Seconadry Cr 3C 2 peak in the
coating relative to the Powder

mechanism of carbide degradation in relation to spray parameters.

Figure A1.26 Ratio of the secondary Cr3C2
peak in the coatings to the powder as a
function of spray distance.
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Optimised Spray Parameter Settings
Based on the results of these preliminary trials the following spray parameter settings were used for
subsequent sample spraying, Table A1.19. The remaining variables were fixed at the levels used in the
preliminary trials.
Table A1.19 Optimised Microjet HVOF operating parameters.
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Process Parameter

Setting

Traverse Speed

500 mm/s

Powder Feedrate

100 rpm (700g/hr)

Spray Distance

125mm (5”)
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Appendix 2
Heat Treatment of
Cr3C2-NiCr Coatings

A2.1

Coating Microstructural Development With Heat Treatment in Air at 900ºC.

A2.2

Calculation of the Maximum Concentration of Free Carbon Within the Cr3C2-NiCr Coatings

Following Heat Treatment at 900ºC.
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2.1 Coating Microstructural Development With Heat
Treatment in Air at 900ºC.
As-Sprayed

2 Days

5 Days

10 Days

20 Days

30 Days

40 Days

60 Days

Figure A2.1 BSE images of the Aerospray HVAF coatings heat treated in air at 900ºC for 2, 5, 10, 20, 30,
40, and 60 days.
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As-Sprayed

2 Days

5 Days

10 Days

20 Days

30 Days
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60 Days

Figure A2.2 BSE images of the Microjet HVOF coatings heat treated in air at 900ºC for 2, 5, 10, 20, 30,
40, and 60 days.
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2.2 Calculation of the Maximum Concentration of Free
Carbon Within the Cr3C2-NiCr Coatings Following Heat
Treatment at 900ºC.
For a 75wt% Cr3C2-25wt%Ni20Cr cemented carbide starting composition:
1kg of material

⇒ 250g Ni20Cr →

200g Ni
50g Cr

The maximum solubility of Cr in Ni at 900ºC is 38wt%. Therefore in 200g of Ni the maximum Cr in solution
is:
200g Ni
= 322.6g NiCr alloy ⇒ 122.6g Cr
(1 - 0.38)
As 50g is already dissolved in the starting alloy, the maximum additional Cr from dissolved Cr3C2 is
122.6 − 50 = 72.6g Cr

In 750g Cr3C2 (180g/mol) there are the following number of mols of Cr and C
750g Cr3 C 2 *

mol Cr3C 2
12.5 mols Cr
= 4.167 mols Cr3C 2 ⇒
180g/mol
8.33 mols C

The number of mols of Cr removed from the dissolved phase, assuming sufficient amounts of Cr3C2
dissolve:
72.6g
= 1.4 mols Cr
52g/mol Cr
Mols of Cr left in supersaturation:
12.5 − 1.4 = 11.1 mols of Cr

Assuming this remaining Cr forms only Cr3C2, as indicated in the XRD analysis, then at a molar ratio of
1.5:1, this amount of Cr requires 7.4 mols of carbon. Therefore, the amount of C left in the structure is:
8.33 − 7.4 = 0.93 mols of C

0.93 mols C * 12g/mol C =
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3.1 Oxidation of Cr3C2 - Review of Literature Mechanisms
and Kinetics
The oxidation of Cr3C2 has been widely described as the direct reaction with oxygen to form Cr2O3, Equation
A3.1 [1-5].

2Cr3 C 2 +

13
O 2 (g) → 3Cr2 O 3 + 4CO(g)
2

Equation A3.1

While this reaction summarises the initial and final reaction products, work by Korablev et al [3] suggests a
more complex stepwise decarburisation mechanism in the formation of Cr2O3. Differential thermal analysis
(DTA) of the oxidation of Cr3C2 powder up to 1500ºC was characterised by three exothermal peaks. Based
on XRD analysis after each peak, the first response at 630ºC was attributed to Cr7C3 formation by Equation
A3.2.

14
6
Cr3 C 2 + O 2 → Cr7 C 3 + 2CO
5
5

Equation A3.2

Cr2O3 was also observed on these samples as small nuclei, attributed to the rapid oxidation at “defective”
sites on the surface of the Cr3C2 particles. While not detected in large concentrations, it is notable that Cr2O3
can not have been insignificant in that TGA analysis indicated a slight mass gain of the specimen, in spite of
the mass loss due to decarburisation implied in Equation A3..

The second phase of oxidation, occurring between 830-980ºC, resulted in Cr23C6 formation by oxidation of
the Cr7C3 phase, Equation A3.3.

46
14
Cr7 C 3 + O 2 → Cr 23 C 6 + 2CO
27
27

Equation A3.3

The sample mass increased during this exposure period, with the particles fully covered by a Cr2O3 scale.
Continued exposure lead to a constant rate of mass gain up to 1060ºC, where catastrophic oxidation occurred
to form Cr2O3, with minor amounts of retained Cr23C6. This last step incorporated the final decarburisation
stage of Cr23C6 to Cr and the subsequent rapid formation of Cr2O3. While the authors indicate that in the
range 980-1200ºC all of the carbide phases may react directly with oxygen to form Cr2O3, they note that the
transition in carbon and oxygen concentrations of the reaction of Cr23C6 to Cr2O3 correlates well with the
observed thermal effects and thus they favour the following reaction sequence in the oxidation of Cr3C2,
Equation A3.4.
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2 → Cr C 
2 → Cr C 
2 → [Cr
2
Cr3C 2 
7 3
23 6
MET ] → Cr2 O 3
+O

+O

+O

+O

Equation A3.4

Similar trials by Loubiere et al [6] on Cr3C2 powders of various morphologies (needles (70µm x 10µm), rods
(70µm x 20µm), polyhedral (30µm) and spheres (7µm)) using differential scanning calorimetry (DSC)
highlighted four exothermal effects at 358ºC, 423ºC, 515ºC and 555-577ºC. The exothermic effects were
attributed to the same sequence of reactions proposed by Korablev et al, the third and fourth peaks attributed
to the formation of Cr metal and Cr2O3 respectively.

However, XRD and TEM analysis of samples

quenched after every peak only indicated the presence of Cr3C2 and Cr2O3, with no Cr7C3 or Cr23C6 phases
detected in any of the trials. The lack of such phases was explained by their thermodynamic instability under
the experimental conditions where they were thought to have oxidised straight away, a conclusion that may
aid in explaining the commonly referenced direct oxidation mechanism. It is notable that in the above work
Cr2O3 was observed to initiate at 205-300ºC across the range of powders and was detected at every stage of
analysis, indicating that oxidation had gone to completion over a significant area of the samples.

The oxidation response of Cr3C2 appears to be very dependent upon the particle size, morphology and
number of “defects” in the structure. In the work of Loubiere et al [6] Cr2O3 formation occurred at lower
temperatures in the spherical powder, relative to the other morphologies, on account of the polycrystalline
nature of this material that allowed rapid internal oxygen diffusion along the short circuit grain boundaries
relative to the external oxidation thought to occur on the other powder morphologies. This variability in
oxidation characteristics appears particularly marked in regard to the Cr3C2 particle size, where the
temperature of initial oxidation has been reported to range from 280ºC for 0.3µm particles [7] up to 800ºC
for 63µm particles [4], a trend to which the results of Berger [8] and Clark [9] broadly correlate. The high
reactivity of the ultra-fine particles in the work of Krut-skii et al [7] was attributed to the small size and
imperfect crystal structure. Variation in the oxidation characteristics have also been reported as a function of
impurities in the Cr3C2 powder in the work of Komratov [4].
The kinetics of Cr3C2 oxidation have not been widely addressed, with few studies correlating the complex
mechanisms discussed above with the observed variation in mass with oxidation. Trials by Komratov [4] up
to 1000ºC noted slight mass losses after 3 hours at 600ºC and 700ºC for unpurified and purified Cr3C2
powders respectively which were attributed to burn out of free carbon left from powder production. The
mass gain kinetics at higher temperatures showed regions indicative of a parabolic oxidation response. Paik
et al [5] noted a variation in mass gain kinetics as a function of oxygen partial pressure when oxidising Cr3C2
at 900-1300ºC. At oxygen partial pressures below 8x10-2Pa, linear mass gains due to Cr2O3 formation were
observed at all temperatures. At higher oxygen pressures, decreasing extents of mass gain occurred up to
1000ºC, beyond which increasing degrees of mass loss with time were recorded with increasing temperature.
This response was attributed to a variation in oxidation mechanism. At low oxygen partial pressures, CO,
formed by Cr2O3 development, was postulated to build up at the oxide-carbide interface. If the equilibrium
pressure of this interfacial gas exceeds that outside the scale, cracking of the oxide layer may occur, exposing
the underlying carbide to successive periods of oxidation. At higher oxygen pressures the 900ºC trial
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showed mass gain kinetics indicative of parabolic oxidation, suggesting a protective Cr2O3 scale formed.
The transition to lower net mass gains and eventually net mass losses was attributed to the further oxidation
of Cr2O3 to CrO3 at higher temperatures. This conclusion was justified experimentally by XRD and SEM
analysis, which showed a stable Cr2O3 scale at 900ºC, that disappeared to only isolated patches on samples
exposed at 1300º. Similar results were reported by Fu and Wu [1, 2] in the oxidation of Al2O3-Cr3C2
composites at 1000ºC. Small mass gains were noted for exposure periods up to 50 hours, beyond which net
mass losses were observed. They also accounted for this behaviour in terms of volatile CrO3 formation,
noting that while Cr2O3 formation generates a net mass gain of 48g/mol Cr3C2, the formation and loss of
CrO3 generates a net mass loss of 300g/mol Cr3C2. As Cr2O3 formation must occur prior to CrO3, this
explains the initial period of mass gain.

3.2 Cr3C2 Oxidation – Experimental Trials
3.2.1 Experimental Procedure
While the oxidation response of Ni-20Cr alloys has been widely addressed, the oxidation response of Cr3C2
remains a debated issue.

Because of the high concentration of this phase in these coatings, several

exploratory trials were conducted over the range 700-900ºC, the range most applicable to the high
temperature application of Cr3C2-NiCr thermal spray coatings. In this section the oxidation characteristics of
the WOKA Chromium Carbide powder, used in the blended Cr3C2-NiCr powder, was characterised by hot
stage XRD and TGA. Hot stage XRD analysis was conducted within an Anton Paar HTK1200 high
temperature oven camera attached to the Bruker D8 Advance instrument. Samples were heated at 0.5ºC/s to
600ºC in air and held at temperature for 24 hours. Higher temperatures were trailed, but expansion of the
powder sample led to spectra of very low intensity. Scans were initiated automatically as soon as the sample
reached the target temperature. Locked couple scans were conducted over the range 2θ = 25-65º. Glancing
angle analysis was conducted over the range 2θ = 31-52º to observe the changes in the main peaks of Cr3C2,
Cr7C3 and Cr23C6. TGA was conducted using powder samples of 0.03-0.05g, which were transferred to a
small alumina crucible and accurately weighed prior to isothermal analysis at 600-850ºC. The mass change
kinetics were assessed over 24 hours. BSE analysis was conducted on the cross section of powder exposed
at 900ºC for 48 hours in order to assess the carbide-scale interface morphology.

3.2.2 Compositional Development – Hot Stage XRD
Analysis of the locked couple XRD spectra showed that all of the peaks had shifted to higher d-spacings, the
extent of the shift dependent upon the relationship between the reflecting planes and the thermal expansion
of the crystal structure. The cell dimensions of the standard reference spectra were manually adjusted using
the instrument software until all of the peaks were accounted for. Preferential orientation of some secondary
compound peaks was evident, possibly due to shape orientation during crushing. The scans were dominated
by Cr3C2 and to a lesser extent Cr7C3. Cr2O3 was detected but the intensity of the peaks in this spectrum
were very low, even after 24 hours. The graphite phase peak at 2θ = 25.75-26.3º was very high in the initial
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scan, but rapidly decreased in intensity soon after. The phase transitions were quantified by comparing the
raw peak areas of the prominent peaks of each phase as a function of time, Table A3.1.
Table A3.1 2θ ranges for each compound peak in the peak area analysis (Bruker D8 Advance Instrument,
Cu source).
Compound Peak

2θ Range

Cr3C2 Primary Peak

38.46-38.78

Cr7C3 Secondary Peak (i)

38.75-39.1

Cr7C3 Secondary Peak (ii)

42.15-42.55

Cr2O3 Primary Peak

33-33.8

Graphite

25.75-26.3

Figure A3.1 shows that the graphite peak decreased to the background intensity after the third scan. The
Cr2O3 phase grew slowly over the first five hours, but the rate of peak area increase slowed with continued
exposure out to 24 hours. The carbide phase composition response was mixed. The primary Cr3C2 phase
peak maintained a constant area out to 9 hours, before rapidly dropping to a lower steady state value after 11
hours. The response of the secondary Cr7C3 (i) and (ii) relative intensity peaks were more complex.

Variation in the graphite peak intensity as a
function of exposure time at 600ºC during the
locked couple XRD scans

Scan 1

12

Primary Cr3C2

Scan 2

Secondary Cr7C3 (30%)
10

Secondary Cr7C3 (50%)
Primary Cr2O3

Raw Peak Area

8

Scan 3
Graphite

6

4

2

0
0

5

10

15

20

Time (hours)

Figure A3.1 Raw peak area results from the locked couple hot stage scan of the WOKA Chromium Carbide
powder at 600ºC as a function if exposure time.

In order to better assess the surface reaction products, glancing angle hot stage XRD was conducted over the
2θ range 31-52º to quantify the variation in Cr3C2 and Cr7C3 variation, Figure A3.2. The initial scan in this
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analysis reflected the locked couple results, with Cr3C2 the dominant phase followed by lower concentrations
of Cr7C3. Cr2O3 was detected but this secondary peak was of a low concentration. Two hours exposure led
to a sharp reduction in the primary Cr3C2 peak area, coinciding with a rapid increase in the secondary
Cr7C3(ii) peak, Figure A3.3. A similar sharp increase occurred in the secondary Cr7C3(i) peak after four
hours. The primary Cr7C3 peak showed negligible variation in area over the period of analysis.

Scan 1
Scan 6
Scan 12

Cr7C3 50% Relative
Intensity Peak

Cr3C2 Primary Peak
Cr7C3 30% Relative
Intensity Peak

Cr2O3
Cr3C2

38

39

Cr3C2

40

41

43

42

Figure A3.2 Multiple scans from the oxidation of the WOKA Chromium Carbide powder at 600ºC depicting
the rapid initial reduction in Cr3C2 and rise in Cr7C3 peaks.

14
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0
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20
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Figure A3.3 Raw peak area results from the glancing angle hot stage scan of the WOKA Chromium
Carbide powder at 600ºC as a function of exposure time.
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Figure A3.3 illustrates the variation in raw peak area of the most prominent peaks. While the area under
each peak is indicative of the concentration of that phase, the fact that the reference plane for diffraction is
constantly changing with 2θ angle, means that the peak areas of each compound can not be directly
compared quantitatively. The Cr2O3 peak area was very low but slowly increased over the period of
exposure. More significantly, the Cr3C2 primary peak dropped significantly over the initial exposure period,
maintaining a relatively steady state concentration out to 24 hours. The secondary Cr7C3(ii) peak on the
lower d-spacing side of the primary Cr3C2 peak showed a large increase in area over the initial exposure
time. Beyond this time the peak area showed a slight increase in magnitude. The secondary Cr7C3(i) peak
remained constant out to four hours of treatment but rose rapidly beyond this time to a large peak area value
after 10 hours of treatment. While complicated by preferential orientation, these peak area variations suggest
that the oxidation of Cr3C2 at 600ºC initially proceeds by a decarburisation stage to Cr7C3. No Cr23C6 was
detected in any of the scans, suggesting that a direct transition from Cr7C3 to Cr2O3, which may occur only at
“defective” sites on the surface, as proposed by Korablev [3], or that the Cr23C6 phase expected to occur by
the decarburisation mechanism of Equation A3.4 occurs as a thin layer at the carbide periphery prior to
Cr2O3 formation.

3.2.3 Mass Gain Kinetics
Samples of approximately 0.05g of the WOKA Chromium Carbide powder were oxidised using
thermogravimetric analysis (TGA) for 24 hours. Attempts at quantifying the exposed surface area of the
powder using Nitrogen Absorption BET Surface Area Analysis proved inconsistent at the low surface areas
involved. As a result, the raw sample mass data is presented to illustrate the general trends in response.

At 600ºC the sample mass showed a slight increase before rapidly dropping, with a maximum mass loss
occurring after 3-4 hours, Figure A3.4. This rapid reduction in sample mass correlates with the burning out
of graphite from the sample highlighted in the XRD analysis. Contributing to this initial mass loss is the
transformation of Cr3C2 to Cr7C3 during the initial stages of oxidation. Beyond this time the mass slowly
increased, the kinetics of mass gain tending towards a parabolic response as evident by the straight section of
the data plotted as a function of (mass gain)2 according to Figure A3.4. The data was shifted above zero
prior to squaring to make the parabolic kinetic response easier to interpret. Mass gain in this sample can
only occur by Cr2O3 formation.
At 700ºC the period and magnitude of mass loss was significantly reduced relative to that at 600ºC for a
comparable amount of starting powder, Figure A3.5. Mass loss was arrested by the formation of Cr2O3
within the first hour of exposure, with the long-term response tending towards parabolic behaviour. While
the compositional variation was not assessed in this sample, it would appear that the elevated temperature
accelerated the rate of graphite oxidation as well as the formation of Cr2O3.
Oxidation at 850ºC occurred so rapidly that the sample exhibited a continuous mass gain out to 24 hours,
Figure A3.6. Analysis of the (mass gain)2 versus time showed a curved response with the trend gradually
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dropping away from the linear trend indicative of parabolic oxidation kinetics. This reduction in the rate of
mass gain predicted by parabolic kinetics is thought to result from sintering of the Cr2O3 phase around the
powder particle with extended exposure, as was evidenced by the formation of a dark green “plug” of
material after testing relative to the free flowing grey powder in the initial state. Sintering significantly
reduced the exposed surface area [10], resulting in mass gain kinetics slower than those predicted by
parabolic kinetics for a given sample mass.
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Figure A3.4 Mass gain and
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Figure A3.6 Mass gain and
(Mass Gain)2 as a function of
time for the WOKA Chromium
Carbide powder exposed at
850ºC for 24 hours.
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3.2.4 Cr3C2 Oxidation – Oxidation Mechanism
The results of the hot stage XRD analysis of this work support the hypothesis proposed by Korablev et al [3]
and Loubiere et al [6] that stepwise decarburisation of Cr3C2 occurs prior to Cr2O3 formation. The presence
of Cr7C3 and its development during exposure would not be seen if Cr3C2 was directly oxidised to Cr2O3.
This conclusion is supported thermodynamically in that, at equilibrium, Cr3C2 exposed to oxygen fully
oxidizes to Cr2O3, while Cr3C2 in an oxygen free environment remains very stable at this temperature with
minimal Cr7C3 formation predicted to occur, Figure A3.7. Hence the formation of Cr7C3 cannot be attributed
simply to an equilibrium based transformation of Cr3C2 to this phase at temperature.

Figure A3.7 Thermodynamic equilibrium compositions on the basis of a starting composition of 1kmol of
Cr3C2, at 500-1000ºC under a pressure of 10 bar. Composition calculated using [11].

While the two Cr7C3 peaks showed some variation in the initial time and duration of formation, the increase
in the secondary Cr7C3 (ii) in the XRD analysis peak correlated most significantly with the reduction in
intensity of the primary Cr3C2 peak. On the basis of these results, Cr7C3 formation occurred rapidly within
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the first 2 hours of treatment and remained at a fixed concentration beyond this time, presumably as a
peripheral band around the outside of the particles. The fact that Cr3C2 was still detected and did not
decrease in concentration after the two hour exposure period suggests that Cr7C3 formation did not penetrate
deeply into the core of the particle at this temperature. The lack of Cr23C6 peaks in the XRD analysis
suggests that this phase forms only a thin surface layer above the Cr7C3 phase and/or rapidly reacts to form
Cr2O3. The lack of extensive development of this phase is supported by the results of Korablev et al [3] and
Loubiere et al [6], which indicated that Cr7C3 formation occurred at lower temperatures than that attributed
to Cr23C6. Assuming the decarburisation mechanism occurs, some Cr23C6 must have formed, as Cr2O3 was
detected from the earliest stages of exposure. While it may be possible for Cr7C3 to oxidise directly to Cr2O3,
a conclusion that cannot be discounted on the basis of this work, such a mechanism does not correlate with
the results of Korablev et al [3] and Loubiere et al [6] with regard to their DTA and DSC analysis.

The rapid development of Cr2O3 was also observed in the works of [3] and attributed to accelerated oxidation
at “defective” sites on the surface. Presumably a similar mechanism is operative here, whereby features on
the carbide surface favour the accelerated formation of Cr2O3 without the prior development of a Cr23C6
layer. It is significant, however, that the longterm oxidation kinetics exhibited protective scale formation,
which would suggest the formation of a widespread continuous scale.

Kinetically, the large mass loss associated with loss of graphite pre-existing in the carbide powder obscures
the initial stages of mass loss predicted by this stepwise decarburisation mechanism. In any case this is
likely to be complicated by the formation of Cr2O3, as observed in all kinetic trials, even if the starting
powder is pure Cr3C2. From a practical viewpoint these results confirm that over the range of elevated
temperatures where Cr3C2-NiCr coatings are applied, the kinetics of Cr3C2 oxidation tend towards a parabolic
response, after a complicated initial transient period. The fact that a mass gain is observed means that Cr2O3
formation must occur, while the parabolic behaviour suggests that widespread oxide formation occurs in
order to form a continuous, protective diffusion barrier. At 700ºC the mass gain kinetics begin to dominate
at an earlier time, implying a greater rate of graphite burnout. The greater rate and overall magnitude of
mass gain implies rapid Cr2O3 growth and therefore that the decarburisation steps of the mechanism above
also occur rapidly. As such, the peripheral bands of Cr7C3 and Cr23C6 most likely develop to a reduced
extent and form thinner bands closer to the scale-carbide periphery as the temperature is increased. At 850ºC
mass gain was observed from the initial period of exposure. Given the mass loss induced by graphite
oxidation that presumably occurs to some extent in this sample, the extremely rapid rate of Cr2O3
development suggests that the decarburisation reactions occur as essentially surface processes at this
temperature.

The implied surface based decarburisation response does, however, introduce several

complicating factors in terms of the physical oxidation mechanism, especially in regard to the growth and
integrity of the scale layer. Several of these factors may impact on the mass gain response and its variation
from parabolic behaviour with extended exposure, as discussed below.
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Figure A3.8 Schematic representation of the mechanisms of the oxidation of Cr3C2 to Cr2O3

Assuming that the decarburisation based mechanism of Cr3C2 oxidation occurs, the results of this work and
those in the literature suggest that the physical mechanism of oxidation occurs in the following manner.
With initial exposure two processes occur on the surface of the Cr3C2 particle, Figure A3.8. Oxygen reacts
with Cr3C2 to produce Cr7C3 and CO. Given the fact that a peripheral band of Cr7C3 must form to be
detected by XRD, extended oxidation requires that oxygen diffuse through the Cr7C3 layer to react with the
underlying Cr3C2 phase.

Presumably this occurs most readily along grain boundaries, with slower

penetration through the interior of the carbide grains.

The gaseous CO phase resulting from carbide

oxidation presumably exits the solid carbide phase by diffusing along the paths of oxygen ingress. Whilst
the Cr3C2 phase is only undergoing decarburisation, any CO that diffuses to the surface escapes into the gas
phase. At the same time as decarburisation occurs, isolated “defective” [3] sites across the surface undergo
rapid oxidation, either by acceleration of the above multistage process or possibly by direct oxidation, on
account of as-yet unidentified compositional or microstructural irregularities. The significance of these two
processes is temperature dependent. At low temperatures Cr2O3 formation occurs at a slow rate, suggesting
that decarburisation reactions may be favoured, Figure A3.9. As such, relatively significant bands of Cr7C3,
and potentially Cr23C6 at higher temperatures, may be formed, as implied somewhat by the detection of these
decarburisation products in this work and that of Korablev [3], particularly with extended exposure. At
higher temperatures Cr2O3 development occurs more rapidly, either through acceleration of the stepwise
decarburisation process or by accentuating the oxide growth from surface irregularities. As such, the period
of time of decarburisation becomes increasingly limited prior to the formation of a continuous Cr2O3 scale.
The bands of decarburisation phases therefore, move closer and closer to the scale-carbide interface,
becoming essentially interfacial phases between Cr2O3 and Cr3C2 at high temperature. In this way such
phases, while a critical part of Cr3C2 oxidation, may be difficult to detect following treatment at elevated
temperatures.
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Cr3C2 Oxidation
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46/27 Cr7C3 + O2 ⇒ 14/27 Cr23C6 + 2CO
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All reactions occur over a very thin interfacial zone
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reaction products difficult to detect.
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60

Figure A3.9 Schematic illustration of the oxidation mechanism of Cr3C2 grains at low (top) and high
(bottom) temperatures.
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With completion of a continuous Cr2O3 layer, the mechanism of continued oxidation becomes more
complex, Figure A3.9. In Cr alloys, Cr atoms diffuse from the alloy out through the oxide layer to react at
the gas-oxide interface. As such the scale layer grows out from the surface. Oxidation of Cr3C2 must occur
in the reverse manner as the Cr atoms are locked into the crystal structure and are not free to diffuse out of
the material. Oxygen must diffuse through the oxide layer and react with the carbide compounds at the
scale-carbide interface, resulting in the scale progressing down into the particle as it consumes the carbide
phase. To sustain continued Cr2O3 formation, sufficient oxygen must diffuse through the scale layer to
sustain the decarburisation steps required to generate Cr metal. Some oxygen may react at the oxide-carbide
interface, but additional oxygen must also diffuse through the outer decarburised phases to sustain the
decarburisation front progressing into the carbide particle, even if this is reduced to an essentially interfacial
reaction.

The extent to whether oxidation or decarburisation reactions predominate is expected to be

temperature dependent. At each step CO is produced. CO formation and transport within the carbide is
expected to take place in the same manner as with the initial decarburisation process, presumably occurring
primarily along grain boundaries.

Alternatively the loss of carbon and reconstitution of the localised

composition may alter the carbide structure in a way that it becomes porous or in some other way enables
CO diffusion. Such microstructural based implications of decarburisation have yet to be widely addressed.

The interaction of CO, formed within the decarburising carbide phase or at the carbide-scale interface, with
the surrounding oxide scale is also complex. Webb et al [12] have broadly characterised the influence of
carbon on the oxidation of alloys and carbides, highlighting several scenarios based on whether preferential
reaction of the metal or carbon occurs, Table A3.. Based on the chemical mechanism outlined above,
preferential carbon oxidation occurs in this system. In this instance the work of Webb would suggest that
CO accumulates at the scale-carbide interface and causes ballooning of the scale or at least separation from
the carbide. SEM analysis of the cross section of Cr3C2 particle exposed to 900ºC for 48 hours largely
discounts this mechanism, Figure A3.10.
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Table A3.2 Oxidation characteristics of metal-carbon systems based on preferential carbon or metal
oxidation. Based on the discussion presented by Webb et al [12].
Preferential Carbon Oxidation
Carbon oxidises to CO/CO2 possibly leading to
ballooning and rupture of the scale. Oxygen diffuses
through the cracked oxide to form another continuous
scale layer and the process is repeated.

Scenario A
Consumption of carbon at the scale-alloy interface forms
a concentration gradient leading to diffusion of carbon to
the surface. Preferential carbon oxidation occurs and the
carbon content of the alloy drops.
Scenario B
Carbon diffusion is limited, such as in stoichiometric
carbides. Both phases react at the surface with no
preferential carbon loss.

Preferential Metal Oxidation
The metal preferentially oxidises to form a
continuous scale layer, trapping carbon within the
alloy or at the alloy-scale interface.

Scenario A
Carbon generated at the alloy-scale interface diffuses
back into the alloy to form carbon rich phases
Scenario B
Back diffusion may be restricted by carbon saturation of
the alloy phase. This leads to the build up of graphite at
the scale-alloy interface. In some circumstances this may
oxidise leading to bursting of the scale after extended
periods.
Scenario C
Carbon may diffuse through the scale if the oxide has
sufficient carbon solubility.

Figure A3.10 Polished cross-sectional SEM image of the WOKA Chromium Carbide powder oxidised at
900ºC for 48 hours.

Thick oxide scales developed, implying significant consumption of the carbide phase and hence, by
implication, production of a significant amount of CO. During the initial stages of oxidation where the scale
was non-protective, CO may have diffused directly into the gas phase. The mass gain kinetics at 850ºC,
however, indicate that parabolic kinetics occurred very early, indicative of the rapid development of a
continuous protective Cr2O3 layer. As such, a large proportion of the CO formed must have interacted with
the scale in some manner. The scale-carbide interface showed no signs of void formation or ballooning of
the oxide, implying that the CO was not trapped at this interface. This would imply that CO diffuses out of
the Cr2O3 scale. The scale layer itself appeared dense, without porosity or evident cracking. Furthermore,
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these features were largely discounted by the parabolic protective nature of the scale.

As such, CO

presumably diffuses out of the scale along the same short circuit diffusion paths that enable oxygen ingress,
most likely grain boundaries or microcracks [13]. Similar features (no interfacial voids and protective scale
kinetics) were observed by Durham et al [14] in the oxidation of carbide containing Fe based alloys. In
contrasting their results with those from carburising experiments, they suggest that carbon loss from the
oxidising alloy occurs through diffusion of CO molecules through submicroscopic defects in the scale. CO
and CO2 penetration through Cr2O3 scales to generate internal carbide formation under carburising conditions
has been discussed by Birks and Meier [13] and Kofstad [10]. While the direction of movement is the
opposite to that in this case, the same diffusional transport mechanism may occur in both instances.
Carburisation, however, is induced only under very low oxygen concentration conditions. The implications
of counter current oxygen and CO diffusion in this system and the potential formation of CO2 within the
scale may lead to further complications in this mechanism. Similarly it is unknown whether such diffusional
based mechanisms of CO release from the carbide-scale interface could account for the volume of CO
expected to be produced, or what effect this would have on the oxidation mechanism itself, in terms of
disrupting oxygen diffusion to the carbide, and the oxidation kinetics.

A greater understanding of the long-term carbide oxidation mechanism, especially in terms of CO
removal/diffusion, is required, especially in regard to the rate of scale development and its adhesion to the
scale itself. Such issues are of critical importance in that they impact significantly on the physical response
of the scale under erosion conditions, especially the potential weakening of the scale adhesion by formation
of interfacial phases, and also the mechanism and rate by which the scale can be repaired.
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3.3 Isothermal Oxidation at 700ºC – Prealloyed Powder
Based Coatings
10 minutes

10 minutes

2 hours

2 hours

48 hours

48 hours

Figure A3.11 Topographical SEM images of the assprayed Microjet HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 700ºC.
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Figure A3.12 Topographical SEM images of the assprayed Jet Kote HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 700ºC
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10 minutes

2 hours

48 hours

Figure A3.13 Topographical SEM images of the assprayed JP-5000 HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 700ºC.
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Microjet HVOF

Jet Kote HVOF

JP-5000 HVOF

Figure A3.14 Summary SEM images of the fracture surfaces of the HVOF coatings oxidised at 700ºC for 48
hours – Microjet HVOF (top), Jet Kote (middle) and JP-5000 (bottom) coatings.
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Figure A3.15 Glancing angle XRD spectra of the Microjet HVOF as-sprayed coatings oxidised at 700ºC
for 10 minutes, 2 hours and 48 hours, combined with the 48 hour Jet Kote and JP-5000 oxidised
specimens.
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3.4 Isothermal Oxidation at 850ºC – Prealloyed Powder
Based Coatings
10 minutes

10 minutes

2 hours

2 hours

48 hours

48 hours

Figure A3.16 Topographical SEM images of the assprayed Microjet HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 850ºC.
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Figure A3.17 Topographical SEM images of the assprayed Jet Kote HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 850ºC.
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10 minutes

2 hours

48 hours

Figure A3.18 Topographical SEM images of the assprayed JP-5000 HVOF coating after 10 minute
(top), 2 hour (middle) and 48 hour (bottom) exposure
at 850ºC.
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Microjet HVOF

Jet Kote HVOF

JP-5000 HVOF

Figure A3.19 Summary SEM images of the fracture surfaces of the HVOF coatings oxidised at 850ºC for 48
hours – Microjet HVOF (top), Jet Kote (middle) and JP-5000 (bottom) coatings.
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Figure A3.20 Glancing angle XRD spectra of the Aerospray HVAF as-sprayed coatings oxidised at 850ºC
for 10 minutes, 2 hours and 48 hours.
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Figure A3.21 Glancing angle XRD spectra of the Microjet HVOF as-sprayed coatings oxidised at 850ºC
for 10 minutes, 2 hours and 48 hours, combined with the 48 hour Jet Kote and JP-5000 oxidised
specimens.
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Figure A3.22 Glancing angle XRD spectra of the Blended Powder based HVOF as-sprayed coatings
oxidised at 850ºC for 10 minutes, 2 hours and 48 hours.
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3.5 Isothermal Oxidation at 700ºC and 850ºC – Heat
Treated Coatings
10 minutes

10 minutes

2 hours

2 hours

48 hours

48 hours

Figure A3.23 Topographical SEM images of the
Aerospray HVAF coatings heat treated for 30 days,
after 10 minute (top), 2 hour (middle) and 48 hour
(bottom) exposure at 700ºC.

Figure A3.24 Topographical SEM images of the
Aerospray HVAF coatings heat treated for 30 days,
after 10 minute (top), 2 hour (middle) and 48 hour
(bottom) exposure at 850ºC.
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Figure A3.25 Fracture surfaces of the Aerospray HVAF coatings heat treated for 30 days after 48 hours
oxidation at 700ºC.

Figure A3.26 Fracture surfaces of the Aerospray HVAF coatings heat treated for 30 days after 48 hours
oxidation at 850ºC.
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Figure A3.27 XRD spectra of the prealloyed powder based Microjet HVOF coating samples heat treated
for 5 days after oxidation at 700ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat
treated specimen spectrum after 48 hours exposure.
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Figure A3.28 XRD spectra of the Aerospray HVAF coating samples heat treated for 2 days after
oxidation at 850ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat treated specimen
spectrum after 48 hours exposure.
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Figure A3.29 XRD spectra of the prealloyed powder based Microjet HVOF coating samples heat treated
for 5 days after oxidation at 850ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat
treated specimen spectrum after 48 hours exposure.
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10 minutes

10 minutes

2 hours

2 hours

48 hours

48 hours

Figure A3.30 Topographical SEM images of the
Figure A3.31 Topographical SEM images of the
blended powder based HVOF coatings heat treated blended powder based HVOF coatings heat treated
for 30 days, after 10 minute (top), 2 hour (middle) and for 30 days, after 10 minute (top), 2 hour (middle) and
48 hour (bottom) exposure at 700ºC.
48 hour (bottom) exposure at 850ºC.
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Figure A3.32 Fracture surfaces of the blended powder based HVOF coatings heat treated for 30 days after
48 hours oxidation at 700ºC.

Figure A3.33 Fracture surfaces of the blended powder based HVOF coatings heat treated for 30 days after
48 hours oxidation at 850ºC.
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Figure A3.34 XRD spectra of the blended powder based HVOF coating samples heat treated for 5 days
after oxidation at 850ºC for 10 minutes, 2 hours and 48 hours, combined with the 30 day heat treated
specimen spectrum after 48 hours exposure.
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4.1 Summary of Erosion Literature
Table A4.1 Erosion Test Conditions of Investigations involving Two Phase Materials.
Ref

[1]

Material

Cu-Al2O3
Cu-WC(W2C)

[2]
[3]

Ni- Al2O3

Hard Phase
Concentration

Hard Phase
Particle Size

Erodent Size and
Composition

(µm)

(µm)

20,30,40,50 vol% 45-53, 106-150,
Angular SiO2
212-250
30µm, 180-300µm
15,30,45 vol%
0-45 vol%
0-39 vol%

12
0.1

Angular Al2O3

Mild Steels

0-12 Vol%

1.5-2

Angular SiO2

Stellite, Haynes,
Tristelle Alloys

10-21 vol%

1-15

Cast Iron

23 vol%

-

WC-Co cermets

63-89 vol%

1-10

WC-Co cermets

75-95 wt%
(56-88 vol%)

2,5

Erodent
Velocity*
(m/s)

Impact Angle
(º)

63,72,108

30, 90

35, 108
40

90

60

30, 60, 90

40
340

45

355-425µm
75-200µm

[4]

SiC 100µm
Coal Ash 150µm
(primarily SiO2 and
Al2O3)

[5]

WC-Co cermets

63-95 vol%

1, 1.4-2, 2.8-3.7

[6, 7]

WC-Co cermets

70-95 wt%

2.3

SiC 30, 50, 100µm

40

15, 30, 45, 60,
90

[8]

Binderless carbides

99-99.75 wt%

0.6, 2, 5

SiC 30, 50, 100µm

70

30, 50, 70, 90

WC-Co cermets

6, 25 wt%

1, 2, 7

WC-Co

85, 92 wt%

2-2.7

Angular SiC
Rounded SiO2

31, 61, 80

30, 45, 60, 75,
90

TiC-FeCrSi
TiC-NiMo

40, 60, 80 wt%

Cr3C2-Ni

70, 85 wt%

[11]

WC-Co

85-94 wt%

0.3, 0.8, 1.2, 4

SiO2 500µm

6.4
water slurry

75

[12]

FeAl-TiB2
FeAl-WC
FeAl-TiC

40, 80 vol%

-

Al2O3 50µm

40

75

WC-Co

90 vol%

0.55-1.5

WC-Co

94 wt%
(90 vol%)

0.57, 1.1, 3.25

Al2O3 63-405µm

35-93

20-90

[9, 10]

[13]

Fused SiO2
1-60µm

133
hydraulic oil
at 165ºC
(average = 10µm)

20, 90

100-300µm
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[14]

WC-Co

85, 92, 94,96 wt%

1.5-10.6

SiO2 400-630µm

75-330

[15]

Al-Si

5, 12, 20 wt% Si

0.8, 1.3, 1.7, 40

Angular Al2O3
40µm

38-77

10-90

[13]

WC-Co

88.7-95.5 wt%

0.9-5.1

Al2O3 30µm

20-100

90

[16]

WC-Co

50, 80, 85, 90, 94
wt%

0.47-0.63
1.10-1.84
2.23, 3.25

Al2O3
63, 143, 270, 405µm

35-93

30, 90

[17]

WC-Co

80, 85, 92, 94 wt%

SiO2 100-200µm

507

30, 60, 90

* All tested in air at room temperature unless otherwise stated.
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Table A4.2 Summary of thermal spray coatings utilised in erosion research, along with the erosion test
conditions from which erosion mechanisms were determined.
Ref

Deposition Technique

Coating Composition Erodent Composition
and Size

Velocity*
(m/s)

Impact Angle
(º)

[18]

APS, VPS

Tungsten

Al2O3
160, 260, 1500µm

50-180

30-90

[19]

APS, VPS

Al2O3

SiO2
200µm

50

90

[20]

APS, VPS, HVOF

WC-12wt%Co
WC-17wt%Co

Al2O3
50µm

115

90

[21]

HVOF

WC-17wt%Co
Cr3C2-25wt%NiCr

Ash from a fluidised
bed combustor

30, 60

30, 90

Bed ash 300-400µm

[22]

[23]

Arc Spray

FeCrSiB

Flame Spray

Cr2O3-6SiO2-4Al2O3

APS

Al2O3

APS

Al2O3
Al2O3-TiO2
Cr2O3

Fly ash 100-160µm

Al2O3
260µm

90

50µm

110
40

SiC

70

45, 90

75, 200, 600µm

[24]

Arc Spray

316L
440-C
Duocor#
95-MXC#
(# Composite wires)

SiO2, Al2O3
50µm

84

20, 90

[25]

Detonation Gun

WC-Co-Cr

SiO2

16.5-28
(slurry)

30, 45, 60, 75,
90

3.5 (slurry)
45

22.5, 45, 90

60-235µm
Rokide A (Flame Spray)
Rokide C (Flame Spray)
Arc Spray
Flame Spray

Al2O3
Cr2O3
Fe-Cr
Nylon 11

Al2O3 260µm
SiO2 240, 550µm

[27]

HVOF

WC-12Co

SiO2 125µm

20-140 (slurry)

90

[28]

APS

Yttria Stabilised Zirconia

Al2O3 25µm

33-250

15, 30, 90

[29]

HVOF

WC-12Co
WC-10Co-4Cr

Al2O3 50µm

84

90

[30]

Plasma

Y2O3-ZrO2

SiO2 60-100µm

30

30, 90

[31]

HVOF

Cr3C2-NiCr

Al2O3 160µm

-

20, 90

[26]

SiC 625µm

* All trials conducted in air unless otherwise stated.
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Table A4.3 Investigations of the erosion performance of as-sprayed cermet thermal spray coatings.
Ref

Deposition
Technique

Coating Composition

Powder Type and Size
Range

Erodent Size and
Velocity*

Impact Angle
(º)

[32]

Flame Spray

WC-Ni-13%CrBSi
9, 19, 34vol% WC

-

Al2O3 50-600µm
1-5m/s

90

[33]

Flame Spray

WC-Ni-13%CrBSi
9, 19, 34vol% WC

-

Al2O3
200-600µm
1-5m/s

90

[34]

Eutalloy RW
Thermal Spray
technique

WC-NiCrBSi
0, 9, 19, 34 vol% WC

Mixed Blend

Al2O3
200-600µm
4m/s

90

[35]

HVOF

FeCrAlY-Cr3C2
0, 30, 60, 70, 80, 85, 90, 95
vol% Cr3C2

Mixed Blend

Al2O3
450µm
40m/s

30, 90

[36]

HVOF

Cr3C2-NiCr
1-100% Cr3C2

-

SiO2 and Bed Ash

30, 90

158, 421, 742µm
30, 60 m/s
300ºC

[37]

HVOF

WC-CoCr
NbC-CoCr
TiC-CoCr
0-100% Carbide

-

SiO2
160, 742µm
20, 30 m/s

30, 90

[38]

VPS

Al-Al2O3
0-100 vol% Al2O3

-

SiO2 200µm
50 m/s

20, 90

[39]

APS, LPPS

Cr3C2-CoCrNiW
80-85vol% Cr3C2
Cr3C2-FeCrAlY
60, 80, 85, 90 vol% Cr3C2
Cr3C2-NiCrMo
60, 80 vol% Cr3C2

Mixed Blend

FeCr2O4

-

D-Gun,
Super D-Gun,
Plasma

65 Cr3C2-35 NiCr (80/20)
80 Cr7C3-20 NiCr
89 Cr3C2-11 IN718
85 Cr3C2-15 FeCrAlY

Mixed Blend

[41]

HVOF

WC-12Co, WC-17Co
WC-10Co-4Cr
WC-10Ni
WC-20Cr-6Ni
Cr3C2-25NiCr

Agglomerated/
Sintered

Al2O3
50µm
84 m/s

20, 90

[20]

APS, VPS,
HVOF

WC-12Co
WC-17Co

-

Al2O3 50µm
115 m/s

90

[42]

HVOF, D-Gun

WC-CoCr

Agglomerated/
Sintered

SiO2 250µm
23 m/s

90

[40]

4µm
316 m/s
538ºC

FeCr2O4
4µm
228-304 m/s
550ºC

15, 30, 50, 70,
90
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[43]

[44]

HVOF

APS, D-Gun,
HVOF,
Shrouded Plasma

Cr3C2-25(Ni20Cr)

Mixed Blend 5-45µm

Bed Ash

Agglom/Sint 5-45µm

150-600µm
60 m/s
300ºC

Cr3C2-25(Ni44Cr2Si)

Mixed Blend 5-80µm
Composite16-45µm

Cr3C2-25NiCrMoNb
Cr23C6-30NiCr

Mixed Blend 5-45µm

Cr3C2-25NiCr

Mixed Blend
5-45µm, 22-45µm
Agglomerated/Sintered

Cr3C2-15NiCr

30, 90

Composite 16-45µm
-

-

Al2O3

45

22.5-45µm
[45]

[31]

HVOF,
High Energy
Plasma

Cr3C2-25wt% (Ni20Cr)

HVOF

Cr3C2-25NiCr

Mixed Blend
Sintered/Crushed
5-45µm
Blended
-325 mesh/+5µm
Fused/Crushed
-325 mesh/+10µm
Agglomerated/Sintered

15-53µm
Al2O3
160µm

20, 90

Al2O3
27µm
120 m/s

30, 90

SiO2/Fly Ash
20µm
100m/s
300ºC

45

SiO2
100-600µm
80m/s

30, 90

SiO2

45, 90

-325 mesh/+15µm
-325 mesh/+22µm
[46]

D-Gun

80 Cr3C2-20 (Ni20Cr)

Mixed Blend
-44µm
-20µm

[47]

D-Gun, HVOF

Cr3C2-25NiCr

Agglomerated/Sintered
10-44µm, 15-30µm,
10-20µm
10-53µm, 20-53µm,
15-44µm, 20-44µm

[48]

Plasma,
D-Gun, HVOF

Cr3C2-25NiCr

[49]

Plasma,
D-Gun, HVOF

WC-Co
Cr3C2-NiCr

[50]

HVOF

WC-10Co-4Cr

[27]

HVOF

WC-12Co

Agglomerated/Sintered
10-45µm

70µm
20, 30m/s
15-45µm

Al2O3
50µm
84 m/s

30, 90

SiO2

0-90

125µm
20-140m/s
Slurry in water
[29]

HVOF

WC-12Co

WC-10Co-4Cr

Sintered/Crushed
Cast/Crushed
17µm average
Cast/Crushed

Al2O3

90

50µm
84 m/s

32µm average
*Trials tested in air at ambient temperature unless otherwise specified.
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Table A4.4 Investigations relating the impact of post-spray heat-treatment on the erosion performance of
cermet thermal spray coatings.
Ref

Deposition
Technique

Coating Composition

Heat Treatment
Temperature &
Time

Erosion Conditions

Heat Treatment
Improvement?

[51, 52]

Plasma

85 Cr3C2-15 FeCrAlY
Mixed Blend
80 Cr3C2-20(Ni20Cr)
Mixed Blend
85 Cr3C2-15 IN718
Mixed Blend

550ºC
72 hours in air

FeCr2O4

Yes

-30µm, -60µm,
-120µm,

Yes

D-Gun
Super D-Gun

-200µm
Yes
550ºC, 305 m/s
20º, 90º

[53]

Plasma

Cr3C2-25(Ni20Cr)
Mixed Blend

560ºC
70 hours in air

Al2O3
500-1600µm
25º, 90º
Air supply 5 bar

Yes

[39]

Plasma

Cr3C2-15 FeCrAlY
Mixed Blend
Cr3C2-40 FeCrAlY
Mixed Blend

538ºC
500 hours in steam

FeCr2O4
4µm
538ºC, 317 m/s

Yes

[45]

HVOF
High Energy
Plasma (HEP)

75 Cr3C2-25 NiCr
Mixed Blend

525ºC
72 hours in air

Al2O3
15-53µm
45º
Air supply 70 psi

HVOF Negative
HEP
Yes

75 Cr3C2-25 (Ni20Cr)
Sintered/Crushed

HVOF
HEP

85 Cr3C2-15 FeCrAlY
Mixed Blend
[31]

HVOF
Plasma

Cr3C2-15 (Ni20Cr)
Mixed Blend
Cr3C2-25 (Ni20Cr)
Fused/Crushed
Agglomerated/Sintered

HVOF Negligible
HEP
Yes

538ºC
72 hours

Al2O3
100-200µm
20º, 90º

Yes
Yes

HVOF
20º Yes
90º Negative
Plasma
20º, 90º Yes
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4.2 The High Temperature Erosion Apparatus
4.2.1 Introduction
The principle focus of this investigation was centered on the high temperature erosion response of Cr3C2NiCr thermal spray coatings under turbine conditions. To investigate the response of these coatings under
such conditions an erosion rig was custom designed and built to simulate as close as possible the high
temperature, high velocity impact of small particles (< 50µm). Essentially the rig is designed around a
central nozzle through which erodent particles, entrained in a compressed air stream, are accelerated by
virtue of the applied gas pressure drop across the length of the nozzle. The dimensions of the nozzle fit
within the broad specifications outlined in the ASTM Standard ASTM G76-95 (1995) – Standard Practice
for Conducting Erosion Tests by Solid Particle Impingement Using Gas Jets [54]. Sample temperatures of
800ºC can be achieved, at which the particle impact velocity can be varied up to 235m/s. The specimens are
mounted within a rotating holder which enables impact angles of 15-90ºC to be investigated. Erodent
particles were fed via an auger based thermal spray powder feeder which meters consistent powder feedrates
as low as 5g/hr.

4.2.2 Process Description
A schematic of the erosion rig is illustrated in Figure A4.1 along with the annotated images in Figure A4.2.
Filtered, compressed air at 5 bar was fed from the laboratory supply through a filter-regulator. In order to
maintain the air supply as consistent as possible, this was backed up by a 15cfm air compressor connected in
line with a large damping tank to smooth out the cyclic air supply variations. This air stream passed through
a filter-regulator, set at a pressure slightly below that of the main laboratory air supply so that it would only
be required to operate to top up the primary supply. In the event that the primary air supply was shut down,
a one way valve was installed to prevent the backup compressor discharging air back though the primary sir
supply system.

The combined air stream was then passed through a solenoid operated safety valve

connected to a lever on the specimen chamber door. In order to open the specimen chamber this lever had to
be engaged which automatically shut off the air supply to prevent the operator being exposed to the hot gas
stream coming from the nozzle. Once the specimen chamber door is back in position and the lever set in the
correct orientation, the air supply can be opened from a reset switch. Once reset the air passes through a
3µm filter and the primary control valve before entering the rig. The primary control valve was used to
adjust the pressure within the mixing chamber at the top of the nozzle and therefore determine the pressure
drop across the nozzle.
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Filter/
Regulator
3 bar
5 bar
laboratory
air supply

One way
valve

Damping Tank reservoir
to smooth out the cyclic
air supply from the
compressor

Filter/
Regulator
3 bar

Backup 15cfm
compressor

On/Off
Valve

3µm Filter

Safety shut off valve –
Operated by a lever on the
front of the specimen
chamber

Primary Control
Valve

To packed
bed scrubber

Primary Furnace
3kW

Recuperator

Powder fed
from the
Mark XV
Powder
Feeder

T

P

Powder Mixing
Chamber
Alumina Ceramic Nozzle
5mm ID
630mm long

Nozzle Furnace
2kW

P

Primary Furnace
2kW

1590º

Specimen

T

Specimen
shield
Powder
Collection

Figure A4.1 Schematic of the high temperature erosion apparatus.
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Air Supply

5
1

Powder in Carrier
gas

2

Gas flow path
follows the route 15

Primary Furnace

Recuperator

3
Powder Mixer
Spent gas from
Specimen Chamber to
Recuperator

Nozzle Furnace

4

Powder in carrier gas from
powder feeder

Powder mixing chamber
Pressure gauges to measure
pressure drop across the
nozzle

Recuperator

Spent gas scrubber
Nozzle Furnace
Primary Furnace

Specimen Test Chamber

Spent erodent containment

Nozzle
Specimen holder
15-90º impact angle
Exit for hot gas to
Recuperator

Specimen temperature thermocouple

Figure A4.2 Images highlighting the top piping layout (top), general layout of the key components (middle),
and the specimen chamber (bottom) of the high temperature erosion apparatus.
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The erosion rig itself consisted of three units: a recuperator to preheat the incoming air stream using the
heated exhaust gas, a primary furnace and the combined nozzle furnace/specimen chamber. Where possible
these were constructed from the high temperature grade stainless steel Sandvik 253MA (nominal
composition Fe, 21Cr, 11Ni, 1.75Si, 0.8Mn, 0.17N, 0.08 with minor additions of P, S, and Ce). Some pipe
sections, fasteners and couplings were constructed from 316 stainless steel where they were not available in
253MA. Swagelok couplings were used on all piping connections in order to create a sealed system such
that corrosive gas mixtures could be added to the accelerating gas stream. To prevent leaks from larger
vessels, particularly the recuperator and specimen chamber, high temperature gaskets were cut from
Carbolane blanket, formed from alumina-silicate fibres. Heating of the primary furnace, nozzle furnace
and specimen chamber were achieved using spirally wound electrically heated elements of Kanthal wire,
wrapped around a central, threaded alumina tube. The electrical connections passed out the top of the two
vertical furnaces and the back of the specimen chamber where they were controlled by standard
programmable furnace controllers.

The supply air first entered the recuperator and passed though 6 vertically oriented heat transfer tubes
connected alternatively at the top and bottom in a hexagonal arrangement. The air was heated by the exhaust
gas fed from the specimen chamber. The preheated air passed through a similar heaxagonally oriented series
of heat transfer tubes within the primary furnace where the greatest degree of heating was achieved. The hot
air stream passed through a similar, but shorter heat transfer arrangement within the nozzle furnace before
exiting into the powder mixing chamber. Powder was fed into this chamber via an air carrier stream from a
Mark XV powder feeder. This powder feeder consisted of a pressurized reservoir in which the powder was
stored. This was vibrated in a customised fashion in order to continually stir the erodent and prevent size
classification of the powder. An auger was rotated in the base of the reservoir which metered consistent
amounts of powder into a cyclone mixing chamber where the particles where well mixed and entrained in the
carrier gas stream fed to the erosion rig. A custom built auger was constructed from 316 stainless steel with
a metric M6 thread in order to reduce the flowrate of erodent. Further reductions in powder flow were
achieved through adjustments to the auger driving gear arrangement to reduce the rotational speed.

The hot air and powder streams were combined within the mixing chamber. The pressure at this point was
measured by a standard dial gauge connected by a length of tubing so as to not get overheated. This pressure
was controlled by the primary control valve and used, in combination with the measured temperature, to
calculate the theoretical particle velocity on the erodent exiting the nozzle.

The erodent stream was

accelerated down the ceramic nozzle due to the pressure drop created by the essentially atmospheric pressure
within the specimen chamber. The nozzle itself was a 630mm long sintered alumina tube with a 5mm
internal diameter. A ceramic nozzle was selected over a metallic material to maintain a consistent internal
diameter and degree of surface roughness over an extended period of time, as well as to eliminate corrosion
problems and the possibility of oxide scales impacting onto the erosion test samples. The variation in
thermal expansion coefficients between the ceramic and supporting stainless steel material was overcome
with an elongated supporting section as illustrated in Figure A4.3. This enabled the rig components to
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expand vertically while still maintaining a seal between the metallic support components and the ceramic
nozzle.

The erodent stream exited the nozzle into

Combined erodent
and accelerating gas
stream

the specimen chamber and impacted onto
the sample.

While the sample support

mechanisms could be altered to generate
impact angles of 15-90º, only 90º testing
was used in this work. In this setting the

Expansion length
that allowed the
rig to expand
while maintaining
a seal on the
ceramic nozzle

samples were 25mm from the end of the
nozzle. The samples were typically 15mm
x 15mm, with a coating on 3mm 253MA
stainless steel substrates.

These were

supported in a larger carrier which slid into

Alumina Ceramic
Nozzle
630mm long
5mmID

the main sample holder attached within the
specimen chamber. During commissioning
of the rig, thermocouples were placed
within a pilot hole in the side of
representative samples in order to calibrate
the furnace settings to achieve the desired
specimen temperatures. In order to ensure
consistent air stream temperatures and
erodent flowrates, a shielding device was
installed to protect the specimen during the

5mmID

initial stages of operation until the rig Figure A4.3 Schematic illustration of the expansion fitting
incorporated within the ceramic nozzle support to enable
reached steady state. Typically, samples thermal expansion of the rig while maintaining a seal on the
were installed beneath the shield and the rig nozzle.
run for a period of 5 minutes. The shield was then rotated in order to expose the sample, from which point
the erosion exposure time was recorded. At the completion of the exposure period the sample was covered
again and the system shut down to enable rapid sample removal.

After impacting on the sample the spent erodent was collected within the reservoir below the specimen
chamber. The hot gas stream was then fed down into the bottom of the recuperator unit. The hot gases flows
upwards over the hexagonally oriented heat transfer pipes through which the cool supply air was passed to
cool the spent gas stream and preheat the incoming stream. From the recuperator the exhaust gases were
feed to a scrubber, incorporating a packed bed of ceramic rings over which water was passed to further cool
the gas stream.
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4.2.3 Erodent Velocity Calculations.

The particle velocity predictions in this work were
based on the model of Ninham and Hutchings

High Pressure
Reservoir
1
Erodent particle
feed point

[55]. Schematically these authors considered the
simplified system illustrated in Figure A4.4.

The nozzle, of known length, is divided up into a
series of “cells” over which the variation in the
gas pressure, density, velocity and particle
velocity are calculated, in increments down the
length of the nozzle.
behaviour

is

Essentially the gas flow

calculated

initially,

Low Pressure
Reservoir
2

assuming

isothermal flow within each cell, and that the Figure A4.4 Schematic diagram of the erosion
apparatus assumed by the model of Ninham and
particle feedrate is low enough that it does not
Hutchings [55]2].
influence the gas flow dynamics. The behaviour
of the particles within this calculated gas flow is then calculated.

The fundamental gas flow equation used is Equation A4.1:

P12 - P2 2 =

2G 2 * P1 * (2C F * L/D + ln(P1/P2 ))

ρ

Equation A4.1

Where P1 and P2 = the reservoir pressures of Figure A4.4
G = mass flowrate per unit area
CF = skin friction coefficient
L = length of tube
D = inside tube diameter
ρ = density

Input data determine the flowrate, G, by Equation A4.2:
G = ρ *u

Equation A4.2

Where u = gas velocity
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The skin friction coefficient is calculated using Equation A4.3, which is applicable under these experimental
conditions as discussed by the model authors.

-1

C F = 0.079 * Re 4

Equation A4.3

The Reynolds number, Re, is calculated from Equation A4.4:

Re =

ρ *u *D
µ

Equation A4.4

Where µ = gas viscosity

Using this equation, for a given set of input conditions, the pressure P2 can be calculated for any length of the
tube, or, as applied in this case, to the length of each cell. An iterative application of the formulae to each
cell along the length of the nozzle builds up the variation in the gas flow characteristics.

The particle velocity is calculated in relation to this gas flow in the following manner. In each cell the input
conditions of the gas, velocity, density and pressure are known from the previous calculations. For cells,
apart from the first cell, the inlet particle velocity in also known. To initiate the calculations an initial guess
of the particle velocity is required, the magnitude of which is discussed at length by the authors in [55].
Across the cell the variation in particle speed is calculated using Equation A4.5 which models the drag force
on a spherical particle in an air flow.

F=

C d * DG(I) * ∆V 2 * π * d 2
8

Equation A4.5

Where DG(I) = Density of the gas at the inlet to the cell
∆V = relative gas/particle velocity
Cd = drag force factor, assumed to be 0.44
d = particle diameter

The inlet particle velocity and length of the cell determine the time of flight of the particle within the cell.
The particle diameter and density are used to calculate the particle mass, which, when combined with the
time of flight and the drag force, enable the particle velocity at the exit to the cell to be calculated. This
value becomes the inlet condition for the following cell, which allows an iterative calculation of the particle
velocity along the length of the tube. The iterative nature of solution of the equations was solved using
Microsoft EXCEL. Initial trials of this approach were correlated with the presented results in the initial work
of [55]. Figure A4.5 presents the calculated particle velocity as a function of the trials parameters in this
work at 700ºC and 800ºC.

452

Appendix 4 – High Temperature Erosion Apparatus
255
250

800º

Particle Velocity (m/s)

245
240

700º

235
230
225
220
215
210
70

80

90

100

110

120

130

140

150

160

170

180

190

200

Pressure Setting(Gauge)

Figure A4.5 Calculated particle velocities at the exit of the nozzle at 700ºC and 800ºC as a function of the
pressure drop across the nozzle. Based on the model on Ninham and Hutchings [55].

For the specifics of the implementation of this model, interested readers are referred to the original work by
Ninham and Hutchings [55].

Figure A4.6 The experimental results of Stevenson and Hutchings contrasting the measured velocity of 125150µm silica particles by the double disc technique and a photodiode based technique with that predicted by
the mathematical model of Ninham and Hutchings [55] used in this work. Reproduced from [56].

The accuracy of this model has been called into question in the work of Stevenson and Hutchings [56], who
compared the predicted results with experimental measurements made using the double disk method of Ruff
and Ives [57] and an opto-electronic method. Over the velocity range of 20-100m/s for 125-150µm silica
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erodent, the model was noted to predict higher velocities than were recorded by the experimental methods,
Figure A4.6.

Consideration was given to the use of the double disc method of velocity measurement in this work to
calibrate the mathematical model. This device consists of two circular plates spaced at a fixed distance apart
and oriented perpendicular to the erodent gas stream, with the erosion nozzle near the outer periphery of the
discs, Figure A4.7.

The top plate has a slot cut into it.
Initially the discs are held stationary
and this slot is located directly below
the nozzle where the erosive stream
erodes a scar on the bottom plate. The
discs, connected to a central drive shaft,
are then rotated at a high velocity. The
erodent particles pass through the slit in
the top plate and eventually impact on
the bottom plate. However, in the time
taken for the particles to travel the
distance between the plats, the discs
have rotated, meaning that the erosion
scar produced is displaced from that
were Figure A4.7 Schematic of the double disc method of erodent
particle velocity measurement, highlighting the critical variables
stationary. By knowing the dimensions of rotational speed, diameter, inter-disc spacing and angle
of the discs, their separation distance between the stationary impact scar and that generated during
operation. Reproduced from [58]5].
and their rotation speed, the distance
generated

when

the

discs

between the erosions cars can be used to calculate the particle velocity. Practically, the constraints generated
by having the heating elements of the specimen chamber as close as possible to the specimen, restricted the
size of the double disc device, meaning that excessively high rotational speeds were required in order to
measure the particle velocities predicted by the model. More complex velocity measurement devices, such
as high speed photography and laser Doppler velocimetry [56] were unavailable. As such, the predicted
valves based on the model were used as qualitative estimates and considered sufficient for the scope of this
work.
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5.1 Summary of Erosion-Oxidation Literature
Table A5.1 Summary of erosion –oxidation studies related to thermal spray coatings in the literature.
Ref

Deposition
Technique

Coating Composition

Erodent
Composition,
Size and Flux

Temperature
(ºC) and
Exposure
Time

Velocity
(m/s)

Impact
Angle
(º)

[1]

HVOF

75Cr3C2/TiC-25NiCrMoAl
75 Cr3C2-25NiCr
WC-17Co

Fluidised Bed
Ash,
Fly Ash

300ºC, 450ºC

30,60

30, 90

20

30, 90

97

25, 90

30, 60

30, 90

4, 14

30, 90

20-80

15-90

Wire Arc

5 hr

FeCrBSi
75g/hr

[2]

Hypersonic
Spray
Plasma

[3]

[4]

[6]

WC-12Co, WC-18Co
FeCrAlMo
NiCrAlCo

Thermal
Spray

WC-CrNiCo

Arc Spray

Stainless Steel – Various
grades
Ni based alloy +
Borides/Carbides (cored wire)
Steels containing amorphous
phases (cored wires)
Steels containing carbides
(cored wires)

HVOF

75 Cr3C2-25NiCr

Flame Spray

90Cr2O3-6SiO2-4Al2O3
80 Cr2O3-12 SiO2-2 Al2O34MgO
FeCrSiB

Arc Spray

[5]

420SS
WC-12Co

Plasma

Ni
WC-NiCrCo

Plasma

NiCrBSiFe
NiCrBSiFe-35WC

HVOF

Wire Arc

Cr3C2/TiC-25NiCrMo
Cr3C2-NiCrSi
WC-17Co

SiO2 250µm,
Fluidised Bed
Ash (SiO2 + CaO
based)

Iron Ore
32-300µm

456

25ºC, 315ºC
5 minutes

-5

4.4*10 kg/s

Fluidised Bed
Ash

300ºC, 450ºC
5hr

75g/hr

Fly Ash
1200g/hr (500ºC)
1800g/hr (800ºC)

500ºC, 800ºC

Fluidised Bed
Combustor Bed
Ash
295, 420µm

300-750ºC

FeCrBSiMn
90 Cr2O3-6SiO2-4Al2O3

5hr

75g/hr

75g/hr
Flame Spray

450ºC

24hr

5hr
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[7]

[8]

D-Gun

83(W,Ti)C-Ni
80Cr7C3-NiCr

Super
D-Gun

86WC-CoCr
85Cr7C3-15IN718

Flame Spray

WC-NiCrBSi

FeCr2O4

550ºC

305

15-30

25-600ºC

1-6

90

4, 14

30, 90

3.9-4.6

30, 90

28

0-90

30

30, 90

20-80

15-90

4

90

-120µm

Al2O3 150µm
Fluidised bed

20hr
[9]

Flame Spray
Plasma

NiCrAlTi

Fly Ash (SiO2 +
Al2O3 based)

500ºC, 800ºC
24hr

1200, 1800 g/hr
[10]

[11]

[12]

[13]

[14]

Plasma

Arc Spray

Ni50Cr
NiCrAlMoFe
Fe-27.5Cr
NiFeCrSi
FeCrBSiMn
FeCrNiBMoCuSiMn
FeCrCMnSi

HVOF

FeAlCr
Ni-50Cr, Ni-55Cr
NiCrMoFeNb
CrC-WCo
Cr3C2-NiCr

Spray/Fuse

NiCrSiBFe

Plasma

TiC-NiCo

HVOF

75 Cr3C2-NiCr
Cr3C2
NiCrSi
NiCrMo
NiB
WC-17Co

Fly Ash

600ºC, 800ºC

1200-1400 g/hr

9hr

SiO2
50-500µm

850ºC (gas)
550ºC (sample)

1.4 kg/hr

5hr

Fly Ash

450ºC

75g/hr

5hr

Wire Arc

NiCrMoFe
Al
FeCrBSi
NiCrTi

Flame Spray

90Cr2O3-6SiO2-4Al2O3

HVOF

70NiAl-30Al2O3
75Cr3C2/TiC-NiCrMoAl
75Cr3C2-NiCr

Fluidised Bed
Ash 421µm

25-800ºC

Fly Ash 148µm

5hr

Arc Spray

FeCrBSi

75g/hr

Eutalloy RW
Thermal
Spray

WC-NiCrBSi

Al2O3
200, 600µm
Fluidised Bed

550ºC
20hr
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[15]

[16]

[17]

FeCr2O4

550ºC

228, 304

15-90

WC-CoCr
NbC-CoCr
TiC-CoCr

SiO2
160, 742µm
75g/hr

300ºC, 450ºC

20, 30

30, 90

Cr3C2-NiCr

Fluidised Bed
Ash 421µm,

300ºC

30, 60

30, 90

Fly Ash 158µm,
SiO2 742µm

5hr

400ºC

24

40

538ºC

150

30, 90

60

30, 90

D Gun

65 Cr3C2-Ni20Cr
80Cr7C3-Ni20Cr

Super
D Gun

89 Cr3C2-IN718

Plasma

85 Cr3C2-FeCrAlY

HVOF

HVOF

5hr

75g/hr
[18]

[19]

[20]

[21]

[22]
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Plasma

SiO2

WC-NiCr, WC-Ni
Cr3C2-NiCr
FeCrAl
FeCrNiMnC
NiCr

0.21kg/m2/s
(50g/test)

D Gun

Cr3C2

Chromite 74µm

Plasma

WC-Co
NiCrBC

5g/min
(25g/test)

HVOF

75 Cr3C2-NiCrSi
75 Cr3C2-Ni20Cr
75 Cr3C2-NiCrMoNb
70Cr23C6-NiCr

Fluidised Bed
Ash

300ºC

421µm
75g/hr

5hr

GatorGard

85 Cr3C2-CoNiCrAlY
75 Cr3C2-Ni20Cr

Runway sand
700µm

538ºC

305

15-90

HVOF

90 Cr3C2-Ni20Cr

400g/min

Plasma

Cr3C2-CoNiCrAlW
Cr3C2-CoNiCrAlY
Cr3C2-FeCrAlY
Cr3C2-NiCrMo

FeCr2O4
4µm

538ºC

317

-

63-106µm

up to 120hr
25ppm
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5.2 Erosion-Corrosion Through Repeated Scale Thinning

Figure A5.1 BSE cross sectional images of the coating-only Aerospray HVAF samples oxidised-polished
for 60 days at 700ºC.
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Figure A5.2 BSE cross sectional images of the coating-only Aerospray HVAF samples oxidised-polished
for 60 days at 800ºC.
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Figure A5.3 BSE cross sectional images of the coating-only prealloyed powder based Microjet HVOF
samples oxidised-polished for 60 days at 900ºC.
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5.3 Erosion-Corrosion ofCr3C2-NiCr Coatings
Erosion-Corrosion

Oxidation Only

Figure A5.4 BSE cross-sectional images of the assprayed prealloyed powder based Aerospray HVAF
coating only samples exposed to cyclic erosionoxidation for 40 days.
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Erosion-Corrosion

Oxidation Only

Figure A5.5 BSE cross-sectional images of the assprayed prealloyed powder based Aerospray HVAF
coating only samples exposed to cyclic erosionoxidation for 60 days
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Erosion-Corrosion

Oxidation Only

Figure A5.6 BSE cross-sectional images of the assprayed blended powder based HVOF coating only
samples exposed to cyclic erosion-oxidation for 40
days.

Erosion-Corrosion

Oxidation Only

Figure A5.7 BSE cross-sectional images of the assprayed blended powder based HVOF coating only
samples exposed to cyclic erosion-oxidation for 60
days.
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